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STRUCTURAL CHANGES IN Pt-Ag ALLOYS OCCURRING DURING SPARK DISCHARGES* 
A.A. LEVCHENKO, V.A. MITYUSHOV, A.P. ADAKHOVSKII and L.S. PALATNIK 
Khar’kov Polytechnic Institute, Khar’kov State University 
(Received 15 July 1959) 


It has been established that the following changes occur under the action of spark discharges in 
silver-platinum alloys: the surface layer is enriched in platinum as a result of selective evaporatic x 
of silver; solid solutions supersaturated with platinum and unsaturated with silver are formed; the 


ordering effect is observed. 


Alloys of the platinum-silver system are widely 
used for the manufacture of electrical contacts. The 
state diagram of this system is presented in refer- 
ences [1, 2]. According to these references, there 
are two series of solid solutions in the platinum- 
silver system; the a-solid solution of platinum in 
silver and the 6-solid solution of silver in platinum. 
After prolonged annealing, superstructures are form- 
ed corresponding to the compositions: PtAgs, PtAg 
and Pt,Ag. 

It is well known that under the action of spark 
discharges conditions are created in the surface 
layers of electrodes for the formation of various non- 
equilibrium states [3, 4]. These states, naturally, 
are not reflected in the equilibrium diagrams of the 
alloys and, as a rule, cannot be obtained by the or- 
dinary methods of heat treatment. 

The object of the present work was the X-ray in- 
vestigation of structural changes in the surfaces 
layers of platinum-silver alloys subjected to the 
action of spark discharges. 


SPECIMENS AND METHOD OF INVESTIGATION 


The investigation was carried out on 11 cast alloys 
of platinum-silver embracing the concentration range 
10-90% by weight Ag‘. Metallographic investigations 
showed that in the initial state all the alloys have 
the dendritic structure characteristic of cast speci- 
mens. Typical microstructures are presented in Fig. 
1. Considerable porosity was observed in alloys with 
60-40% Ag. 

In Fig. 2 a graph is given of the dependence of the 
hardness of the alloys on their composition. The 


* Fiz. metal. metalloved., 9, Nc. 1, 3-9, 1960. 
t In the text which follows, the concentrations are given 
as weight percentages throughout. 


FIG. 1. Microstructures of alloys of the platinum-silver 
system: 
a — 80% silver; 
b — 50% silver. 
Electrolytic etching; x 100. 


20 40 GO 80 100 


FIG. 2. Vickers hardness curves of platinum-silver 
alloys at a load of 10 kg. 


hardness minimum at 60% Ag is apparently due to 
the increased porosity of the castings. 

For the investigation of the action of spark dis- 
charges on the structure of the alloys, pairs of cy- 
lindrical specimens were manufactured: one of dia- 
meter d = 10 mm and height A = 5 mm and the other 
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TABLE 1. Routines of sparking specimens 


Routine | Voltage Current 
No. V A wate 


Inductance 


Distance Time of 
Capacity between | sparking 
electrodes, sec 


mm 


TABLE 2. Lattice parameters of a- and 5-solid solutions of different concentrations 
and in different states 


aesolid solution 


d-solid solution 


Concentration 
of silver in Initial After After Initial After ‘Alser 
initial alloy mate spark ing annealing state sparking annealing 


% 


20 4.0300 3.9465 4.0148 
25 4.0390 3.9485 4.0148 
30 4.0300 3.9515 4.0148 
40 4.0360 3, 9602 4.0148 
50 4.0300 


3.9158 

3.9345 3.9219 3.9164 
3,9345 3.9219 3.9231 
3,9345 3.9219 3.9231 
3.9345 $,92!9 3.9231 
3.9345 3.9219 3.9231 
3.9345 3.9219 3.9231 


3.9345 3.9219 3.9231 


of dimensions d = 5 mm, h = 15 mn, rounded off to 
a hemisphere. The sparking of the specimens was 
carried out on an IG-2 generator according to the 
routines presented in Table 1. 

To establish the character of the structural chan- 
ges in the alloys under various sparking routines, 
Debye crystallograms were taken in Fe-radiation. 
The determination of the lattice parameters of the 
phases formed was carried out from Sachs crystallo- 
grams taken in Cr-radiation. As a rule, the central 
portion of the sparking spot was X-rayed. 


X-RAY STRUCTURAL ANALYSIS DATA 


X-ray investigation of the specimens in the initial 
condition enabled the following structure to be es- 
tablished. In the region of 10-60% silver concentra- 
tions, the alloys are a heterogeneous mixture of two 
solid solutions, a and 6. The alloys containing over 
70% of silver are single-phase, consisting solely of 


a-solid solution. Some radiographs of the alloys in- 
vestigated are presented in Fig. 3, and numerical 
data on the lattice parameters are assembled in 
Table 2 and presented in Fig. 4. 

Analysis of the radiographic and metallographic 
data shows that in the initial state the phase com- 
position of the alloys investigated is in good agree- 
ment with the diagram presented by Khansen [1]: 
the alloys consist solely of a- and 5-solid solutions. 
The superstructures marked on the Pt-Ag equilibrium 
diagram were not observed in the initial specimens 
as they arise only after prolonged annealing, and 
the specimens used by us were cast. 

Radiographs of the specimens subjected to spark- 
ing indicate considerable structural changes in 
them. 

In silver-rich, single-phase alloys (90-70% Ag), 

a reduction occurs in the crystal lattice parameter 
of the a-solid solution, which indicates a change 


in the platinum concentration of the a-solid solution. 


VOI 


2 
1 220 1.6 0) 0.01 25 
2 220 1.6 0 0.01 120 
i 3 220 3.0 0 0.02 120 
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4.0300 9 4,0148 
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superstructure > 


FIG. 3. a — 6. Radiographs of platinum-silver alloys: 

a — 75% Ag, initial state, a -phase; 

b — 75% Ag, treatment as routine 3 Table 1. a+ 5-phases; 
superstructure lines are present. 


FIG. 3. c —d. The same, as on Fig. 3a — b. 

c — 25% Ag, initial condition, a + 0-phases; 

d — 25% Ag, treatment as routine 2, a + d-phases with 
altered parameters and ratio of line intensities. 
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FIG. 4. Lattice parameters of a” and 5-solid solutions of 
different concentration and in different states: 

1 — a-phase, initial state; 

2 — a-phase, annealing (after sparking) for 4 kr at 600°; 

3 — alteration of lattice parameter of solid solutions 
calculated from Vegard’s rule; 

4 — a-phase, sparking as routine 3; 

5 — d-phase, initial state, 

6 — 6-phase after annealing; 

7 — d-phase, sparking as routine 3. 


On the radiographs of alloys with 70-80% of silver, 


lines of a body-centred cubic lattice with a para- 


meter less than that of the a-solid solution are clear- 


ly visible. They are more intense for the alloy with 
70% Ag and decrease in intensity with increased Pt 
content of the alloy. These lines belong, evidently, 
to the 5-solid solution (Fig. 3 (b)). Moreover, on 
radiographs of the alloys with 90-70% Ag, lines ap- 
pear with mixed indexes Fig. 3 (b)). These lines 
are most intense on radiographs of alloys with 75% 
Ag and less intense for alloys both with greater 
(80-90% and with smaller (70%) silver content. There 
is every ground for supposing that they belong to an 
ordered solid solution with the composition PtAg. 

In two-phase alloys (containing over 30% of 
platinum) an increase of platinum concentration is 
observed in both the a- and the 5-solid solutions. 
After sparking, the platinum concentration in the 
a-solid solution increases monotonically for both 
single-phase and two-phase alloys (Figs. 4, 5, 
Table 2). 

An alloy which, in the initial state, containing 
90% platinum and which had a two-phase structure 
gives a radiograph containing only 5-phases after 
sparking. 

The more severe the sparking routine, the more 
significant the changes described in the structure 
of the alloys. A quantitative evaluation of the chan- 
ges which took place in the alloys after sparking 
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Yo Ptin a=phase and S-phase 
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YoPt 6 in original specimens 


FIG. 5. Percentage content in a-and 5-solid solutions of 
platinum-silver alloys: 
1 — a-phase, initial state; 
2 — a-phase, sparking as routine 3; 
3 — d-phase, initial state; 
4 — 5-phase, sparking as routine 3. 


was carried out by us for sparking routine No. 3. 
The change of silver (or platinum) concentration in 
the a- and d-solid solutions was calculated as an 
approximation of Vegard’s rule. As is noticeable, 
a-solid solutions in a state of pronounced disequi- 
librium are formed as a result of treatment in the 
alloys with an initial platinum content less than 
90%. The greatest solubility of platinum in a-solid 
solution is ~ 80%, whereas for equilibrium alloys 
it does not exceed ~ 45% of platinum at the peri- 
tectic temperature. 

In spite of the large oversaturation with platinum 
of the non-equilibrium a-solid solutions formed, 
they are very stable at room temperature. On Sachs 
crystallograms taken 5 months after the specimens 
had been treated, no change in the parameters of 
the metastable phases was apparent. 

On the other hand, annealing of the alloys in 
vacuo at 600° for 4 hr returns them to the equilibri- 
um state (the composition of the phases formed on 
annealing corresponds to the equilibrium diagram 
according to Khansen for a temperature of 600°: the 
a-phase contains ~ 41% platinum, the 5-phase 
~ 95.5% platinum). 

It is interesting to note that, in the initial two- 
component alloy, the 5-solid solution after spark 
treatment contains more platinum than before the 
treatment: before treatment 88%, after treatment 
96%. Annealing of the alloys somewhat lowere the 
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content of platinum in the 5-solid solution — to 
95.5%. In former single-phase alloys with 70-80% 
of silver, the 5-solid solution formed after sparking 
contains ~ 12% of silver. Annealing returns these 
alloys to the single-phase state. In alloys with 
20-30% of silver, the quantitative relationship of 
the a- and 6-phases is considerably altered after 
sparking, in the direction of increasing the quantity 
of the a-phase (cf. the intensities of the lines after 
treatment on Fig. 3 (d)). 


DISCUSSION OF RESULTS 


The results obtained (the appearance of the 
5-phase in the alloys containing 70-80% Ag, the 
considerable supersaturation of the a-solid solution 
with platinum) may be explained as the effect of 
selective evaporation in the alloys under the influ- 
ence of the spark discharges. 

Having estimated the ratio of the intensities of 
the lines of the a- and 5-phases on the radiographs 
of the sparked alloys with 80-20% Ag, and knowing 
the Ag and Pt content of the solid solutions (Fig. 5), 
it is possible to determine the change of chemical 
composition in the sparking zone. The results of the 
calculations (see Fig. 6) show that the concentration 
of silver is considerably reduced in all the alloys. 
Alloys with 80-70% silver are converted into alloys 
with 56-42% silver respectively. It is obvious that 
the appearance of the 5-phase in such sparked al- 
loys is completely in accordance with established 
rules. Thus, in the process of operation of contacts 
made of Pt-Ag alloys, silver impoverishment occurs 
in the surface layer. The contacts are gradually 
enriched in platinum. The silver content may be 
increased again by annealing the alloys, due to the 
intake of silver atoms from the core of the contact. 

The appearance of strongly supersaturated solu- 
tions of platinum in silver (the supersaturation 
amounts to ~ 20%) is explained by the fact that in 
the sparking process there occurs a short-time heat- 
ing of microscopic volumes of the alloys to very 
high temperatures, at which the solubility of platin- 
um in silver is higher. 

During the subsequent, extremely rapid cooling 
(“point” hardening [3] ), which is not attainable by 
the ordinary methods of heat treatment of metals, 
the non-equilibrium concentrations are fixed in the 
a-phase. 

The absence of constant platinum concentration 
in the a-phase for the sparked alloys may be explain- 
ed by the different temperature conditions of the 
course of the phase transformations in them. 

The concentration of silver in the 5-solid solution 
also decreases after spark treatment. This effect 


S 


% Ag after sparking 


G0 60 
Pt 


FIG. 6. Change of chemical cémposition of platinum- 
silver alloys in the sparking zone. Experimental 
curve | lies above the diagonal straight line 2, which 
corresponds to constant composition, which indicates 
the decrease of silver concentration in the alloys. 


should be attributed to the fact that, at sufficiently 
high temperatures, the solubility of silver in the 
6-solid solution does not increase but decreases 
with rise of temperature. 

As can be seen from the experimental part of the 
work, a superstructure is observed in specimens 
with an initial silver content of 70-80% (which cor- 
responds to 42-56% of silver after sparking). The 
appearance of the superstructure is caused by the 
fact that the temperature in sections adjacent to the 
zone affected by the spark reaches the Curie point, 
due to repeated heating. As a result of the action 
of multiple heat shocks in the adjacent sections, 
diffusion processes easily arise in microscopically 
small volumes. Due to the small dimensions of the 
sections, with ordering the superstructure lines 
with small indexes show themselves most clearly; 
lines with large indexes are very faint and almost 
imperceptible on the radiographs. 


CONCLUSIONS 


1. An X-ray investigation was carried out on al- 
loys of the platinum-silver system (the concentra- 
tion being varied in steps of 5-10%) subjected to 
the action of spark discharges. 

2. In all the alloys investigated, the effect of 
selective silver ¢vaporation was manifested, as a 
result of which the surface layer of the contact is 
noticeably impoverished in silver — its concentra- 
tion in the alloy decreases by 10-35%. 

3. It was established that, as a result of point 
hardening occurring during the spark treatment, 
metastable states are formed in the platinum-silver 
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system: supersaturated a-solid solutions (with with tempering of the a-solid solution in regions 
maximum platinum content ~ 80%) and unsaturated adjacent to sections directly in way of the spark. 
5-solid solutions (4% of silver instead of 4.5%). 

4. The ordering effect was displayed in alloys 
with 70-80% silver. The ordering was associated Translated by R.D.M. Hegarty 
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ON THE THEORY OF WEAK FERROMAGNETISM IN RARE EARTH ORTHOFERRITES * 
YE.A. TUROV and V.YE. HAYSH 
Institute of Metals, U.S.S.R. Academy of Sciences 
(Received 11 November 1959) 


A theoretical investigation of the properties of orthorhombic magnetic crystals with the structure 
of rare earth orthoferrites has been made. With the help of the phenomenological Hamiltonian, written 
on the basis of symmetry considerations, conditions for the realization of weak ferromagnetic states 
in these crystals have been established. Magnetization curves with reference to the three principal 
axes of the crystal, the spin wave spectrum and the temperature dependence of spontaneous magnet- 
ization intensity M, in the weak ferromagnetic states have been calculated. The possibility of an 


increase in M, with temperature rise is suggested. 


1. After Dzyaloshanskii [1] showed that the weak ferromagnetism observed in some antiferromag- 
netic compounds is not associated with some non-linearity of the crystal (impurities and suchlike), 
but is an innate property of ideal antiferromagnetic properties of a definite symmetry, interest in this 
new class of magnetics increased considerably. 


FIG. 1. Disposition of ions of iron and helical axes of symmetry cs (2=<«, y, z) in unit cell of 
rare earth orthoferrite. 


Bozorth and others [2, 3] again investigated weak ferromagnetism in the rare earth orthoferrites 
MeFeOy, where the metal Me runs through the whole series of elements from samarium (Z = 62) to 
lutetium (Z = 71) inclusive'. In all these compounds there was observed a spontaneous magnetic 
moment of the order of 0.01 -0.1 of a Bohr magneton per molecule, directed along the orthorhombic 
axis c (Fig. 1), with the exception of SmF'eO,, in which the weak ferromagnetic moment is directed 


* Fiz. metal. metalloved., 9, No. 1, 10-18, 1960. 
t Nd, Pr, La and Y may also be taken as Me, and iron may be replaced by vanadium or chromium [6, 7]. 
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along the a axis. Some orthoferrites in the temperature region below 20°K pass into the ferromagnetic 
state: their magnetic moment increases by an order of magnitude. Sometimes such a transition may be 


regarded as the emergence of a new, weak ferromagnetic state with a large value of the spontaneous 
? 


magnetic moment. 
Magnetic and neutronographic investigations [4] show that low-temperature growth of spontaneous 


magnetization intensity in orthoferrites is associated with ordering of the magnetic moments of rare 
earth ions. Above the critical temperature of ordering of the latter, only ions of iron F'e*? from an 
ordered structure. This structure in the first approximation is antiferromagnetic but, as was shown in 
reference [3] on the basis of considerations developed by Dzyaloshinskii, the symmetry of the crystal 
lattice of orthoferrites permits the destruction of the strict antiparallelism of the spins. Inasmuch as 
such destruction is the result of a disturbing action of the internal magnetic fields of the crystal on 
a considerably stronger exchange field, the forthcoming resultant magnetization intensity will be 
small in magnitude in comparison with its nominal value at full parallelism of the magnetic moments 


of all the iron ions. 
Thus, according to Bozorth the nature of the weak ferromagnetism of orthoferrites is the same as 


in a-F'e,0, or in MnCO,. Nevertheless, it is of interest to carry out a theoretical calculation of the 
concrete properties of these magnetics, proceeding from the circumstance that, in contrast to all the 
weak ferromagnetics examined up till now, the orthoferrites do not belong to monoaxial crystals. This, 
as we shall see below, can lead to substantial peculiarities of the magnetization curves, the spin 
wave spectra, the temperature dependence of the weak spontaneous magnetic moment etc. 

2. The crystal lattice of orthoferrites is a distorted perovskite structure and is described by the 
orthorhombic space group 235. The unit cell contains [5] four trivalent iron ions with the co-ordin- 
ates (%4,0.0); (%,0,%); (0, %, 0); (0, %, %), four trivalent rare earth ions with co-ordinates: 


| ] 


and twelve oxygen ions having the co-ordinates: 


22);( 


The values of x;, y; and z; (i = 1, 2, 3), generally speaking, are different for different orthoferrites. 
The productive elements of symmetry are (not counting translations to the period of the lattice): 


three, mutually perpendicular, helical axes of the second order 


respectively, parallel to the axes of the crystal a, b and c, and the inversion / (0, 0, 0). The sign ~ 
denotes that the turn is accompanied by transference for half a period along the corresponding axis. 
The disposition of the other iron ions and the helical axes of symmetry in the elementary nucleus 
is shown in Fig. 1. 

Following Bozorth, we shall suppose that only iron ions form an ordered magnetic structure, 
and that these are responsible for weak ferromagnetism*. If, moreover, we confine ourselves to the 


* Naturally, in the case of orthoferrites with magnetic rare earth ions, the ordinary paramagnetism of the latter 
(continued on the next page) 
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examination of the case when magnetic ordering does not lead to alteration of the elementary nucleus, 
then, as is easy to see, the following three types of antiferromagnetic ordering of spins 


—- 


S1, So, Sz3andS4 


in the elementary nucleus are possible: 


Structure of type G: s,lls, H 43 
44 

Structure of type A: Sy Sy 2) 43 (1) 
Structure of type C: So; m 
64: 


If the processes of transition between these structures are neglected, then for each of them the ex- 
amination may be carried out separately. From neutronographic data [4] it is well known that, for 
example, in HoFeO, a type G structure is realized. Our calculations below will relate to this struct- 
ure, as a rule. 

Taking conditions (1) into consideration, all the spins for each of the structures examined may 
be united into two sub-lattices. In particular, for a type G structure the spins $, and $, may be re- 
ferred to one magnetic sub-lattice, and the spins $, and S, to the other. Passing to the description 
of the magnetic state of these sub-lattices in the language of the continuous medium [8], we shall 
introduce the local intensities of magnetization 


M,(r)andM> (r). 
The Hamiltonian of the system may be presented in the form of a resolution with respect to 


M, (r) andM2(r), 


of an invariant in relation to all the operations of symmetry of the crystal, that is, in the given case, 
with respect to 


Cy, Cy, C2, and J, 


For this it is necessary to know how M, and M, are transformed in all these operations and, in parti- 
cular, what transposition of the indices 1 and 2 is made by each operation (that is, in other words, 

whether each of these transformations does or does not transpose in places the sub-lattices 1 and 2). 
The Table of such transpositions for all three structures is given below’. 


* (continued from previous page ) 
will be superimposed on the weak ferromagnetism. In the pure form, our results will be applicable, for example, 


LuFeO;, LaFeO, and YFeOs, where only the iron is magnetic. 
t Remembering that (1,2) denotes transposition in places of the indexes ] and 2, and (1), (2) denoted the reten- 


tion of these indexes (identical transposition). 
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Structure G Structure A Structure C 


(1, 2 (1), (2) 
Cy (1), (2) (1, 2) (1, 2) 


a ws (1), (2) (1, 2) 
(i), (2) (1), (2) 


Using this table, for example, for structure G, we have: 


Ci M, Mes, CM, IM, = and etc. 


A knowledge of the transformation properties of M, and M, now enables us to write down the in- 
variant energy density. Introducing for convenience the new variables 


2M, 2Mo 


=> 
we have, with an accuracy up to the quadratic terms with reference to m, for structure G: 


(3) 
1 Om, Om, dl, ol 
— +— By— — + — mh. 

or, ar, Or, 


Here we have taken the usual assumptions of the phenomenological theory of spin waves: 


which in expressions (2) assume the form: 


— 
m? + [? = | and(m-/) =0. 


The signs before “e terms with d, and d, are chosen so that d, and d, may be considered positive. 
The terms with derivatives from 


Ma (6, Te. 


describing the change of exchange energy caused by the heterogeneities 
M,(r) and M,(r), 


are written in the general form for brevity as the concrete form of the tensors B 5 and Cy 5 is un- 
important for our purposes. The last term in (3) is the energy density of the magnetic in the external 
field H = h/2Mo; A is the parameter of exchange interaction; a; and b; are magnetic isotropy cons- 
tants; d, and d, are Dzyaloshinskii’s parameters, responsible for weak ferromagnetism. 

We shall first of all find the conditions for the realization of equilibrium weak ferromagnetic 
states. For this we shall put h = 0 and disregard the terms with heterogeneities (in equilibrium, the 
intensities of magnetization must be homogeneous). Then the energy of the “basic state” when 
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h = O can be rewritten in the form: 


a a 9 h 
m? m; + (1 -— m?) cos*2 + 


(4) 
(1 — m?) cos?) + dm, cos 6 —dgm, sin 9 cos 9, 


where @ and ¢ are the polar and the azimuth angles of the vector 1. Here it is also considered, that in 
a state of weak ferromagnetism m? < 1. 
Minimizing H, with reference to m, 6 and @, we find three solutions: 


I. cos8=0, sing =0, my=m,=0, m, = + 
a, 


II. sin6 =0, my=m,=0, m, = + ——!—__; 
A+a,—)b, 


III. cos8@=0, cose = 0, m,=my,=m,=0. 


Thus, for a type G structure, two weak ferromagnetic states are possible 
(when | a, m| C and when i| m| a) 


and one purely antiferromagnetic state (when 1 | b)*. The first solution corresponds to the experiment- 
al results for the majority of orthoferrites. From the requirement that this very solution should corres- 
pond to the least energy, we find the conditions of its realization: 


b,— 


In view of the fact that usually d, and d, are much less than A, these conditions can be written ap- 
proximately in the much simpler form: 


b3 — > Vand b, < 0. (5) 


We note that the sign + in solutions / and //] reveal the possibility in principle of the appearance 
of a domain structure in the weak ferromagnetic states. 

3. We shall now present the results of calculating the magnetization curves of an orthoferrite 
along its principal axes when T = 0°K for the case when state / is the initial one. In so doing, we 
shall proceed from the full Hamiltonian (3), omitting only its terms containing B,5 and Cyp. 

A. Magnetization along the e axis, h = hz. The resulting intensity of magneti zation m is directed 
along the field & and connected with it by the following relationship: 


h (A — 61) m V1 — mt —d, (1 — 2m") 


* An analogous examination may also be carried out for A and C structures. The results are obtained from 
the solutions presented above by a simple, cyclic permugation (x, y, z). The table of directions of m in 
relation to the type of ordering and on the directions of/ is presented in Bozorth [3]. 
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FIG. 2. Schematic magnetization curves of orthoferrite at T= 0K for three main directions in the crystal: 


a — magnetization along the ¢ axis; 
b — magnetization along the B axis; 
c — magnetization along the a axis. The magnitude of the field h — at which saturation is reach- 
ed is determined by the energy of exchange interaction: hy ~ A. The magnitude of the 
threshold field h, near which the sharp change of direction of the axis of antiferromagnet- 
ism takes place (from a to c) when h || a, is approximately equal to hs ~ VA A (bs — },). 


when m <1 (which occurs when h < A) instead of (6) we have 


d,+h 


m= 
A+a,— by 


(7) 


The magnetization curve for this case is schematically presented in Fig. 2 (a). In practice satura- 


tion is reached in fields hp ~A. 
B. Magnetization along the 6 axis, h = hy . The intensity of magnetization along the field is 


expressed by the simple formula 
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which coincides with the corresponding formula for an ordinary antiferromagnetic and is practically 
“insensitive” to the existence of weak ferromagnetism. The other components of m are, respective- 
ly, equal to: 


when h = A — b, saturation begins (Fig. 2 (b)). 

C. Magnetization along the a axis, h = h,. Here the field is directed along the axis of antiferro- 
magnetism /. In ordinary antiferromagnetics, in which weak ferromagnetism is absent, the magnetic 
susceptibility in this case is equal to zero up to some threshold field Ho, at which the axis of anti- 
ferromagnetism suddenly changes to a position perpendicular to the external field*. In broad out- 
line an analogous picture is preserved in the present case also. The intensity of magnetization of 
an orthoferrite in the direction of the a axis is very small up to fields ho, whose magnitude is ap- 


proximately equal to 


V A(6,—6,) when < 0 or VA — when bs 0. If b; 0, 


then at fieldsh ~ hoa rapid turning of J occurs into a position parallel to the ¢ ¢ axis and of m into 
a position parallel to the a axis. When b, > 0i in fields h ~ ho the direction of 1 becomes near to the 
6 axis, but m also will be directed along the a axis. We shall not write out the corresponding cum- 
bersome formulae for arbitrary fields, but shall only present an approximate expression for the in- 
tensity of magnetization m, in the direction of the field when h Kh, 


(9) 
Supposing, for instance,ds, b; — 6, ~ 10 oersted, A~ 10° oersted, we have for the susceptibility 
X — 10°*, that is, in fact, a very small quantity. The full magnetization curve (for the case b, < 0) 
is presented on Fig. 2 (c). 

It can be seen from the results presented how sharply anisotropic is the character of weak 
ferromangetism in orthorhombic crystals. In fact it is manifested only in one (“easy”) direction, and 
behaves in many respects similarly to the ordinary antiferromagnetic along the other two axes of 
the crystals. It is characteristic, that to turn the spontaneous magnetic moment from the easy 
direction (¢) into the other possible direction (@) a field is required of the order of the mean geo- 
metrical magnitude from the exchange field and the magnetic anisotropy field which amounts to in 
the given case, apparently, to 10° oersted'. In this the orthoferrites differ from monoaxial weak 
ferromagnetics of the type of MnCO, and others, as in the latter anisotropy in the base plane is 
almost completely absent. 

To our regret, at the present time it is not possible to compare the theoretical conclusions 
with experiment, as there is as yet very little experimental data on the investigation of the aniso- 
tropy of magnetization of monocrystalline orthoferrites in the region where weak ferromagnetism 
exists, and they do not always agree with each other. However, the theoretical conclusion concern- 
ing the stability of the spontaneous moment in relation to its turning by the external field is 


* In order of magnitude 


where Hy is the field of the exchange forces and Hy is the field of the magnetic anisotropy forces [8]. 

t At these fields the sharpe of the spontaneous magnetic moment in the overall intensity of magnetizetion 
becomes very small in comparison with the intensity of magnetization of the antiferromagnetic caused by 
the field. 
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confirmed, for example, in the experiments of Gilleo [10] on a monocrystal of GdF'eQ, in which 
no noticeable rotation of M? was displayed in fields up to 12,000 oersted in magnitude. 

4. Knowing the basic state of the system (that is, the direction and magnitude of the vectors 
m and? in equilibrium conditions), it is possible to calculated the energy spectrum of small 
vibrations Am and Al near this state (the spin wave spectrum). The standard calculation [8] on the 
basis of the Hamiltonian (3), for example, for a field directed along the ¢ axis (so that m and h are 
parallel in equilibrium), gives the following approximate expression for the energies of two branches 


of spin waves (when 4 < A): 


= A + 2 (da — dy) (dg +h) +h + (10) 


E-= {\b,!A +5 (ds + (11) 


2k 9: 


Here lop (a, 8 = x, y, z) are exchange parameters which are some combination of the parameters 


A, and Ca; k is the wave vector. 
If we put & =0 in (10) and (11), we shall find the resonant frequencies w,; = E.,/h (h is Plancks’s 


constant, divided by 27). The first of these frequencies may be excited by a igh-frequency magnetic 
field perpendicular to the constant field, and the second during parallel disposition of these fields 
[11]. It is characteristic that, in contrast to monoaxial weak ferromagnetics [9, 12], here both branches 


of the spin waves have energy slits £;. of the order of 


eV HEH, 


and, consequently, magnetic resonance for these frequencies, evidently, should be observed, not in 
the centimetre wave region, but at considerably shorter waves (A < 0.1 em)*. 

We shall discuss, finally, the temperature dependence of the spontaneous magnetic moment. 
The latter is determined from the relationships: 


Myf) Q=H, ++T Vin(l—e (12) 


ki 


Firstly, it is clear that if the width of the smallest of the energy slits E,, is such that in the temper- 
ature range being examined X T <E.,, then M, in the limits of this range will not depend on temper- 
ature'. This was the behaviour observed in a wide temperature range for a number of orthoferrites 

[2]. In the opposite case, when X T > E.,, the spontaneous intensity of magnetization M, (7) must 
vary with temperature according to a “7? law” similarly to monoaxial weak ferromagnetics [9, 12]. 
However, in orthoferrites, due to the existense of two possible directions of weak ferromagnetism 
(which leads to the appearance of Dzyaloshinskii’s two parameters d, and d;,) there is one peculiar- 
ity which is noticeable from the explicit expression M = M, (T). From (12) in conjunction with 

(10) and (11) under the condition X T > Ein (j = 1, 2) we obtain 


* This remark relates only to resonance on the magnetic moments of Fe ions. Paramagnetic resonance may, 
of course, be observed also in the centimetre band on rare earth ions. 
t More accurately speaking, the temperature addition to M, will disappear according to an exponential 


law as T > O. 
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M,(T) — d,) 974, 


(13) 


where a is a constant [12]. The peculiarity of orthorhombic crystals mentioned is that when d,> 2d, 
the spontaneous magnetization intensity must not diminish, as is usual, with increase of tempera- 
ture, but, on the contrary, must increase. The physical nature of this phenomenon is that during 
vibrations of m and | corresponding to the first branch of the spin waves (10) non-zero components 
of m, andl, arise. During this process the spins begin to be acted on, besides the internal 
field Hy ~ | 1, |, also by the field Hq, ~ which increases the magnitude of m and, con- 
sequently, the mean projection of m in the direction of the external field #. When d, > 2d,, this 
effect becomes predominant, and this leads to the growth of M, (7) when the temperature rises. It 
is obvious that at sufficiently high temperatures M, will eels begin to fall off (as at the Curie 
point M, ="0), so that a maximum must be observed on the M, (7) curve. 

Among the experimental data there are examples of such an anomalous temperature course of 
M, in weak ferromagnetics, for example, in ErFeQ, or YbF'eO;. However, these anomalies may be 
due to other causes also: in particular, to a shift in the natural axis of antiferromagnetism with a 
corresponding change in the constants of anisotropy. Here the spontaneous moment may even dis- 
appeer completely if the 6 axis becomes the new axis of antiferromagnetism (for a type G structure, 
or the corresponding other axes for type A and type C structures). Undoubtedly, further experimental 
investigations of the temperature dependence of M, in a wide temperature range for orthoferrites and 
weak ferromagnetic crystals isomorphic with them are of considerable theoretical interest. 

In conclusion, the authors express their deep gratitute to S.V. Vonsovskii for his valuable 
advice and discussion of the results. 


Translated by R.D.M. Hegarty 
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DETERMINATION OF THE NUMBER OF INDEPENDENT PARAMETERS OF SHORT-RANGE 
ORDER IN MULTICOMPONENT SOLID SOLUTIONS * 


A.N. MEN’ 


Sverdlovsk Agricultural Institute 


When investigating the temperature and concentra- 
tion dependence of correlation parameters ¢ in differ- 
ent co-ordination spheres for a binary solid solution 
by the methods of the statistical theory of ordering, 
the problem has to be solved for an arbitrary extreme, 
as the parameters ¢ are not independent ({1], §. 18). 
In the case of n-component solid solutions with a 
complex lattice, the number of independent paramet- 
ers of short-range order has to be determined in each 
special case [2]. 

In the present note an attempt is made to construct 
a general scheme for calculating the number of in- 
dependent parameters of short-range order o in any 
co-ordination sphere for n-component solid solutions 
with a complex lattice, allowing for the dependence 
of o on the distribution of the atoms with respect to 
the sub-lattices. 

We shail examine an n-component solid solution, 
containing A sub-lattices'. We shall denote by NY 
the number of points in the sub-lattice v(v = 1,2... 
Ad); N; — the number of atoms of sort i (i = 1,2... n); 
N¥ — the number of atoms of sort i in points of the 
type (of the sub-lattice) v; Z,,,(/) — the number of 
points of type v lying in the /-th co-ordination 
sphere of a point of type nw; (3], § . 2); Q,,{l) — 
the number of pairs of points of type py, which are 
neighbours of the /-th order*t; (1) — the number 
of pairs composed of atoms of sort i of sub-lattice y 
and atoms of sort j located in points of type v which 
are neighbours of the /-th order. A pair of points 
uv, which are neighbours of the /-th order, may be 
expressed in the form of a chain (ya,q;...a);v), con- 
taining / links, connecting / + 1 points such that 
point a, is a neighbours of the first order of point p, 
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t The determination of the number of sub-lattices and the 
division into co-ordination spheres in multicomponent 
solid solutions with a complex structure is discussed 
in detail in reference [3]. 

tt We shall say that two points are neighbours of the /-th 
order if one of them lies in the /-th co-ordination sphere 


of the other. 


(Received 17 April 1959) 


point a, is a neighbour of the first order of point 
a, etc., and point v will be a neighbour of the first 
order of point a). For the representation of each 
pair (a,a,4,), which are neighbours of the /-th order, 
in the form of a chain (a,q,...a;a) ,,) and the loca- 
tion of all the different chains, we shall construct 
the matrix C; (the problem will be reduced to the 
finding of all the arrangements with conditions [4] ) 


= 
(1) 
where 
(2) 
B= v= 1, 2...2); 
in which 
0 if a point of type « cannot have as a 
ine neighbour of the lst order a point of type 
y= 


v; if a point of type u can have as a 
' neighbour of the 1st order a point of typev. 
If we take 


where Q),, (a)* determines the number of chains, 
containing / + 1 points, in which, as the first point 
will belong to sub-lattice a,, the second (being a 
neighbour of the lst order to the first point) will 
belong to sub-lattice a, etc., the component elements 
of matrix C; will give all the possible chains for 
which a, and a; 4, are neighbouring points of the 


* For simplicity, we shall introduce the following 
symbols: 


i 


Multicomponent solid solutions 


lth order. Let there be D{) of them. We shall de- 
note by D£{) the full number of Q) 4:(a), for which 
are fulfilled the conditions 


if 


= O41, = ..., = 


Such Q) ,, (a) will be called inverse. Two chains 


41 (a) and Q; (8) will be called structurally 
non-equivalent if they fulfill the condition 


(5) 


(4) = (8). (6) 


It is now easy to find the number D§!) of structural- 
ly non-equivalent chains contained in the matrix C, 
taking into account the identity 


= 


(1) (1) 
l D D 
1 2 


+ Di) =— (Di) + Df. 


As an atom of sort i may be located in each point, 
it is necessary to form all the possible 


( : (i, = |, 


(the number of chains for which in a, point there is 
located an atom of sort & (k = 1,2... 1 + 1)) and out 
of them leave only the structurally non-equivalent. 
From a given Q,,, (a) it is possible to form nit 
expressions of 


Qi+1 


If Qar...a 44 is reversible, then 


The number of structurally non-equivalent 


(2), 


connected with an arrangement of n sorts of atoms 
in / + 1 places will be equal to 


= — (nit! $n), (9) 


It is now easy to find the full number M, of structur- 
ally non-equivalent expressions 


— pi) 4 
pw ath + nr 


(10) 


4 


If we consider that expressions 
Qu 


are linked to D{1)n by the connecting equations 


I-1 1-2 

Te f 


i-1 1—2 


SELAH 


tel By t=] 8, Bk—1...Bipy 


where n, (ng ) is the number of points lying in the 
lst co-ordination sphere of points 


(8-1), (DS) 


a, 


denotes the summation for all points which are 
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neighbours of the lst order to the given point 


(1), 


is the product for all neighbouring points of the lst 
order to the point a,_ , (8, _ ,), except the given 

a, (8,). If all the na, (ng ) are equal among them- 
selves, system (11) ‘will be simplified 


1-1 


n 


t=] 
(12) 
= Zyy (1) NY. 


By constructing the matrix for system (11) from the 
coefficients for unknown 


Qi+1 (3) 


and a its rank R;, it is possible to find the 
number NV"? of linearly independent expressions 


Qi+1(2) 
= M,—R;,. (13) 


If we consider that the rank of the matrix for the 
system 


+ im FL + 


DESMA Ms, 


t=] iy a, t=! t=] a, 


- 


t=1 By 


(14) 


i—2 


+ 


is equal to M,, and the rank of the matrix obtained 


from the system (11) after putting (1®) in the left- 
hand side of (11) is equal to 


(1 1 
D‘ pf ) 


~ 


DY 


([5] formula (11)), then it is easy to find R;, using 
Sylvester’s inequality ([6], §. 6 formula (43)) for 
the rank of the product 


Substituting (10) and (15) in (13) we obtain 
NO nit! 4 DY 


— (2n—1) — 
] 


As each of the linearly independent 


is linked in a well-defined manner with the corres- 
ponding parameter of near order 


of), (k=l, 2. [7] 


formula (16) determines the number of linearly in- 
dependent parameters of short-range for an n-com- 
ponent solid solution with account of neighbours 
of the J-th order. 

As an example, we shall examine an n-component 
solid solution with two sub-lattices, where the 
points of one sub-lattice have as neighbours of the 
lst order only the points of the other sub-lattice. 
Then the matrixes ¢ and @ (2) will assume the 
form: 


I=1 ny, 
t=] 
(16) 
9 
- 


Multicomponent solid solutions 


MY) an 29 — 3 ([5], 
formula (14) ), 


= Q,), (0,3) 


From (1) and (4) we obtain 


“r= (Qn (0,8) = (19) 


21... 21 2) (/ = 2b — 2) 
b—1 


ai, Qiz 12... 12) 26 — 1). 


93 492 39 ({3], 


formula (3.16) ). 


I avail myself of this opportunity to express my 
gratitute to A.N. Orlov for his interest in the work 
and his discussion of the results. 


Whence 


Di) =2, Dy’ =2, =2, DY’ =0 


(1 = 26 — 2) 
2 
DY) =2, Dy =0, Dj =2, =6 


(1 = 26 — 1). 
Substituting (20) in (16) we obtain 


n2o-! 


+n’ —2n + 1, (21) 


When n = 2 we obtain the formulae for determining 
the number of independent parameters of short-range 
order for a binary alloy with a body-centred lattice 


3. (24) 


From (24) and (23) it is easy to obtain 


NO) and 


Translated by R.D.M. Hegarty 
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THE DYNAMIC EFFECT OF INDUCED THERMAL E.M.F. IN COPPER, 
ALUMINIUM AND MILD STEEL * 


N.F. KUNIN and L.I. AFANAS’YEVA 
Chelyabinsk Institute for the Mechanization and Electrification of Agriculture 


in copper, mild steel and aluminium. 


(Received 9 May 1959) 


Measurements have been made of the residual induced e.m.f. after static and dynamic deformation 


The magnitudes of the dynamic coefficients of the thermal e.m.f. decrease with the degree of de- 


INTRODUCTION 


As is well known, to produce plastic deformation 
of a given magnitude, the higher the speed of de- 
formation, the greater the necessary stress. The dif- 
ference of stresses is especially noticeable if we 
compare static and dynamic deformations. Dynamic 
coefficients, characterizing the increase of dynamic 
stresses against static, have been measured for a 
number of metals. If the deformation is carried out 
at room temperature, these coefficients for pure 
metals are larger the lower the melting point of the 
metal [1-4]. 

The dynamic effect of the stresses is easily ex- 
plained qualitatively from the point of view that the 
state of the deformed metal, both in and after the 
deformation process, depends not only on the degree 
of deformation but also on the speed and temperature 
of deformation. The energy spectrum of the lattice 
distortions of a deformed metal differs for different 
deformation conditions [5]. 

The thermal e.m.f. induced by the deformation 
arises as an immediate consequence of the change 
of state of the metal as a result of the deformation. 
Hence it is natural to expect that in the case of 
dynamic deformation there should be observed a 
dynamic effect of the thermal e.m.f. induced by the 
deformation. This effect should be, that for a given 
degree of deformation the induced thermal e.m.f. 
should be greater with dynamic deformation than with 
static. The effect should take place both in the 
process of deformation and after its accomplishment. 

In fact, Kunin and Karelin observed in copper the 
existence of a dynamic effect for the residual in- 


duced thermal e.m.f. [6]. 
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formation and increase with lowering of the melting point of the metal. 


In the present work measurements were made of 
the dynamic effect of the induced thermal e.m.f. for 
copper, mild steel and aluminium. 


MEASUREMENT PROCEDURE 


The specimens were lengths of wire about 1.5 mm 
in diameter. They were carefully annealed before 
testing and freed from oxides by pickling in nitric 
acid. 

For the measurements of thermal e.m.f. the spe- 
cimen was put through three rubber tubes J, 2, 3 
(Fig. 1) through which passed water of the desired 
temperature. The section ab was subjected to de- 
formation. In measuring the thermal e.m.f., in order 
to produce a temperature gradient hot water or steam 
was passed through tube 2 and water at room tem- 
perature through tubes / and 3. The ends of the 
specimen were connected to a mirror galvanometer 
with a resistance of 415 © and a sensitivity of 
0.08 nV per mm of scale. Annealed wires, made of 
the same material as the specimens, were used for 
the leads. The static deformation was produced by 
a hydraulic press with a time lag under load of 
30 sec and the dynamic on copra by a falling weight. 
The degree of deformation ¢ was estimated from the 
relative reduction of the diameter d of the specimen 


dy 


The length of section ab of the deformed portion was 
36 mm. 


RESULTS OBTAINED AND DISCUSSION 


The results obtained for copper are shown on 
Fig. 2. Curve J] characterizes the dependence of 
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FIG. 1. Arrangement for measurement of induced thermal e.m.f. 


0.07 
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£2 00% 


FIG. 2. Curves of induced thermal e.m.f. of copper. 
1 — static deformation; 
2 — dynamic deformation. 


residual induced thermal e.m.f. on the degree of de- the degree of deformation. For technical iron the 
formation for static deformation, curve 2for dynamic. dynamic coefficient of the thermal e.m.f. was least, 
The dynamic effect of induced thermal e.m.f. is quite with a fairly pronounced dependence on the degree 


clearly expressed. The results for aluminium and of deformation. 
mild steel are presented on Figs. 3 and 4. Here also Thus, the dynamic effect of thermal e.m.f. is 
the dynamic effect of the induced thermal e.m.f. qualitatively quite analogous to the dynamic effect 


of stresses, where also its magnitude is observed 

The ratio & of the induced thermal e.m.f.s for to decrease with increased degree of deformation 
static and dynamic deformations will in what follows and to rise as the melting point of the metal falls 
be termed the dynamic coefficient of induced therm- [1]. 
al e.m.f. Its dependence on the degree of deformation 


is shown on Fig. 5. 

For all three metals the ceofficient & falls with 
increased degree of deformation. The greatest value 1. The existence of the dynamic effect of induced 
of this coefficient is for the easily-melted alumin- residual thermal e.m.f. has been confirmed for cop- 


ium, in which connexion the dependence on the per, mild steel and aluminium. 
degree of deformation is here particularly pronounc- 2. The dynamic coefficient of the induced residual 
ed. For copper the value of coefficient k is lower thermal e.m.f. in all the metals tested falls with an 


than for aluminium and is not much dependent on increase of the degree of deformation. 


appears quite clearly. 


CONCLUSIONS 
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FIG. 4. Induced thermal e.m.f. of mild steel: 
1 — static deformation; 
2 — dynamic deformation. 


FIG. 3. Induced thermal! e.m.f. of aluminium: 
1 — static deformation; 
2 — dynamic deformation. 
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FIG. 5. Dependence of dynamic coefficient of induced thermal e.m.f. on degree of deformation: 
1 — for aluminium; 2 — for copper; 3 — for mild steel. 


3. The lower the melting point of the metal, the thermal e.m.f. 


greater the dynamic effect of the residual induced Translated by R.D.M. Hegarty 
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X-RAY PHOTOGRAPHIC STUDY OF PHASE RECRYSTALLIZATION ON HEATING STEEL * 
A.K. VARSKAIA, N.A. KOMPANEITSEV, B.K. SOKOLOV and V.D. SADOVSKII 


Physics of Metals Institute of the Academy of Sciences of the USSR. Presented at the Sixth All-Union 
Scientific-Technical Conference on the Application of X-rays to the Study of Materials 24 June 1958 


The metallographic study of the process of phase 
recrystallization on heating alloyed structural steel 
(of type 40KhS, 35 KhGS, 37KhNZA, etc.) which in 
the initial state have a crystallographically ordered 
martensite or bainite structure shows that the aus- 
tenite structure which is formed above the critical 
point Ac, depends strongly on the rate of heating 

ai. 

If the steel was previously quenched from a high 
temperature the austenite grain obtained immediately 
above Ac, on slow heating (1- 2°/min through the 
critical temperature interval coincides in size and 
form with the initial large grain. 

A similar restoration of the initial grain is also 
observed on very rapid heating (100-200°/sec) of 
untempered steel. 

With intermediate rates of heating (20-100°/min) 

a complex of small austenite grains emerges in the 
volume of the initial large grain. The metallographic 
features (the aspect of the fracture, the macrostruct- 
ure) suggest the presence of a texture of these small 
grains in the volume of each large grain of the ini- 
tial structure. 

The object of the present work was to confirm, 
with the aid of X-ray structure analysis, the restor- 
ation of the grain on very slow and very rapid heat- 
ing and also the presence of a texture within the 
grain [3] with intermediate rates of heating. On this 
problem there exists only one X-ray work [4]. 

The photographs were taken in an axial camera 
with unfiltered iron radiation. The specimen was 
mounted in a special holder in such a way that the 
photographing of one and the same part, chosen 
beforehand, of the specimen in the initial state and 
after the given heat treatment. This method does 
not make it possible to work out the texture, but 
enables one to judge whether it is preserved or altered. 

Specimens of industrial 40khS, 35KhGS and 
37KhNZA steels previously quenched from 1300° 
served as the materials for the investigation. In 
parallel, the same steels were studied in the cast 
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state, on specimens from laboratory castings quench- 
ed immediately after solidification. 

In both cases the specimens had a sufficiently 
large grained structure which made it possible to 
select one or two grains from a microsection for 
photographing, and to repeat the photographing of 
the same portion after the respective heat treat- 
ment. 

When it was necessary (for slow heating) the heat 
treatment was effected in vacuo. 

The results of the study show that on slow heat- 
ing the complete restoration of the initial large 
grain occurs immediately above the critical point 
Acs; all textural maxima are reproduced in the X-ray 
photographs (Fig. la-b). When the heating exceeds 
Acs by 50-80°, new orientations appears besides the 
existing ones and some of the earlier orientations 
disappear. After heating to a still higher tempera- 
ture (1150°) continuous lines of even intensity are 
obtained on the X-ray photographs, which indicates 
the disappearance of the initial texture. This is 
apparently caused by the recrystallization of the 
austenite due to phase hardening [5]. 

Very rapid heating of untempered steel also 
causes the restoration (above Ac;,) of the initial 
grain with a slight redistribution of the orientation, 
which is expressed in the X-ray photographs in a 
change in the relative intensity of the spots (Fig. 
2a-b). If the temperature of heating is sufficiently 
high for austenite recrystallization to occur, the 
texture disappears. 

As has already been pointed out above, with in- 
termediate rates of heating restoration of the grain 
is not obtained. In this case, numerous austenite 
portions emerge and develop when the critical tem- 
perature interval is passed through, each of which ° 
subsequently (above Ac,) yields an independent 
austenite grain. It is very important to note that, as 
far as can be judged from metallographic data, these 
austenite portions emerge and develop on the basis 
of an austenite-ferrite structure, that is to say they 
are not simply austenite nucleus formations in the 
initial structure of ferrites and carbides. 
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Phase recrystallization 


FIG. 1. a — quenched after heating to 1300° (35KhGS steel); 
b — quenched after second slow heating at a rate of 


1°/min to 975°. 


FIG. 2. a — quenched from 1300° (40KhS steel); 
b — quenched after electric heating at a rate of 
100°/sec to a temperature above Ac;. 


FIG. 3. a — quenched from 1300° (35KhGS steel); 
b- yeaa after heating at an intermediate rate of 


0?/min to 880°. 


With increasing rate of heating the austenite por- The X-ray data show that this small grained 


austenite, which is obtained on heating at interme- 
diate rates, is also textured, but that its texture is 
different from that of the initial grain and has a low 


tions increase in numbers and the size of the austen- 
ite grain correspondingly decreases above the critic- 
al point 


a b ae 
A 
a b 
= 
a= 


Phase recrystallization 


degree of perfection; on the continuous lines new, photography that on very slow and very rapid heat- 
washed maxima can be seen (Fig. 3a-b). Exactly ing the texture of the secondary martensite repeats 
the same structure is also obtained with very rapid the texture of the primary and that the consequences 
heating of tempered specimens. of overheating the steel disappear finally only as a 
If the heating temperature reaches or exceeds result of austenite recrystallization due to phase 
1100°, the texture disappears, apparently because of hardening. With intermediate rates of heating an aus- 
austenite recrystallization due to phase hardening. tenite grain is obtained above Ac, which is usually 
This gives certain grounds for concluding that considerably smaller than the initial grain; but in 
the appearance of austenite portions with an orienta- _‘ this case, too, there exists a certain texture of the 


tion different from that of the initial grain when the austenite within the limits of the volumes which 
critical interval is passed through is not due to correspond to the initial large grain. 


austenite recrystallization. 
The work we have carried out confirms by X-ray Translated by B. Ruhemann 
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THERMOMAGNETIC NERNST-ETTINGHAUSEN EFFECTS IN MAGNETITE * 
A.A. SAMOKHVALOV and I.G. FAKIDOV 
Physics of Metals Institute of the Academy of Sciences of the U.S.S.R. 
(Received 12 March 1959) 


The longitudinal and transverse Nernst-Ettinghausen (N.-E) effects are studied in magnetite in 
the temperature region of 80-400°K which includes both the region of the ordinary ferro-magnetic state 
and that of the low temperature transformation. Information has been obtained on the regularities of 
these thermomagnetic effects in magnetite, a ferro-magnetic semiconductor. In the region of the low 
temperature transformation the effects show a sharp anomaly which testifies to a reorganization of 
the energy spectrum of the conductivity electrons in magnetite. 


We know from the kinetic theory of semiconducti- 
vity that the study of the longitudinal and transverse 
N.-E. effects provides information on the mobility 
of the current carriers and onthe mechanism of their 
scattering. In application to magnetite the conclus- 
ions of the kinetic theory can, unfortunately, not be 
considered as fully valid [4]. This fact raises con- 
siderable difficulties in the interpretation of the 
results of the measurements of the effects in mag- 
netite. As will be shown below, however, together 
with certain assumption the data on the thermomag- 
netic properties when compared with earlier obtain- 
ed results on the galvanomagnetic [1, 2] and thermo- 
electric [3] properties make it possible to obtain ad- 
ditional data on the energy spectrum of the conduct- 
ivity electrons and the low temperature transforma- 
tions in magnetite. These data can prove useful for 
the explanation of the mechanism of the electric 
conductivity of ferrites, a natural representative of 
which is magnetite. Besides, the study of the thermo- 
magnetic effects in magnetite are also of consider- 
able interest for the clarification of the regularities 
of these effects in ferromagnetics with electric con- 
ductivity of semiconductor type. The present re- 
search was made with this object in mind. 

The longitudinal and transverse N.-E. effects 
were measured in a magnetic field of up to 20, 400 
oersted and in the temperature region of 80-400°K, 
which includes both the region of the ordinary ferro- 
magnetic state of magnetite and that of its low tem- 
perature transformation. 


SPECIMENS, METHOD OF MEASUREMENT: 


The measurements were made on three specimens 


* Fiz. metal. metalloved., 9, No. 1, 31-35, 1960. 


cut from a natural single crystai of magnetite in the 
(111) plane. The specimens had the form of the 
dimensions 17.70 x 7.44 x 2.36 mm (specimen 1) and 
9.22 x 6.99 x 2.18 mm (specimen 2). For the measure- 
ment of the longitudinal effect the direction of the 
electrodynamic force to be measured coincided with 
the direction of the heat flow chosen in the (111) 
plane in the [110] direction. In this case the experi- 
mental arrangement and the position of the electro- 
des were the same as for the measurement of the 
temperature dependence of the thermoelectric force 
in paper [4]. For the measurement of the transverse 
effect the arrangement was changed a little because 
of the smallness of the effect to be measured, so 
that the largest possible temperature difference was 
obtained on the specimen (Fig. 1). The figure shows 
that the specimen 1 was placed between the upper 
copper block 2 with the heating furnace 3 and the 
copper rod 4 which was screwed into the upper part 
of the copper tube of the cryostat. The jnsulating 
part 5 of the arrangement had the shape of a tube 
with a slot for the specimen and was made from 
ebonite. This arrangement was placed in the upper 
part of the Dewar vessel 6 in the space between the 
poles of the electromagnet. The cryostat used has 
been described in detail in paper [4]. The tempera- 
ture of the specimen was measured with copper- 
constantan thermo couples soldered to the lateral 
edges of the specimen. The magnetic field coincid- 
ed in all cases with the crystallographic [111] of 
magnetite. 

The measurements were made with the usual 
method (see, for example, paper [5] ) using the com- 
pensation method with a KL-48 potentiometer and a 
GPZ-2 galvanometer. The part of the measurements 
where the effects were small was made with a photo- 
electric amplifier of the FEOU-18 type with a 
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FIG. 1. Schematic drawing of the arrangement for measur- 
ing the longitudinal and transverse N.-E. effects in 
magnetite. 
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FIG. 3. Dependence of the electrodynamic force of the 
transverse N.-E. effect in magnetite on the strength of 
the magnetic field at a temperature of 228°K. 


sensitivity of 4x 10° V/mm. 

For the measurement of the transverse effect the 
difference in the temperatures on the specimen were 
kept at 10-13° for the region of the transformation, 
and up to 30-60° for room temperature; for the meas- 
urement of the longitudinal effect the temperature 
difference was 4-10°. 

The course of the curve of the magnetization of 
magnetite in the region of the transformation depends 
strongly on the method of cooling the specimen, on 
whether it was cooled in the presence or absence 
of the magnetic field. The measurement of the ef- 
fects in the region of the transformation was always 


200250 300 400°K 


° 


350 


FIG. 2. Temperature dependence of the transverse N.-E. 
effect in a magnetic field of 
H = 20,400 oersted. 
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FIG. 4. Temperature dependence of the longitudinal 


N.-E. effect in magnetite for 
H = 20,400 oersted. 


made on heating the specimen from the temperature 
of liquid nitrogen, to which the specimen has pre- 
viously been cooled without a magnetic field, so 
that the conditions of the experiment should always 
be the same. 

To avoid spurious electrodynamic forces the ef- 
fects were measured with various directions of the 
magnetic field, the specimens were demagnetized 
before the measurements, and so on. 


RESULTS OF THE MEASUREMENTS 


Fig. 2 shows the temperature dependence of the 
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FIG. 5. Dependence of the longitudinal N.-E. effect in magnetite on the strength 
of the magnetic field at various temperatures. 


dimensionless value of the transverse effect measur- 
ed in a magnetic field of 20,000 oersted (specimen 
1). The figure shows that in the region of tempera- 
tures above the transformation the effect is nega- 
tive*. The size of the effect which at room temper- 
atures is (1.0 + 0.2) x 10° increases when the tem- 
perature is lowered in the region of the ordinary 
ferromagnetic state; when the region of the low tem- 
perature transformation is passed it decreases, and 
at a temperature of ~ 113°K passes through zero and 
in the region of positive values of the effect reaches 
a maximum (at 7 = 100°K) and then falls sharply. 
Thus, the negative effect in the region of the ordin- 
ary ferromagnetic state above the region of the low 
temperature transformation decreases when the tem- 
perature is raised. In the region of the transforma- 
tion the effect has a maximum. 

The transition of the effect through zero coincides 
with the temperature of the transformation determin- 
ed from electric and magnetic measurements. 

The dependence of the effect on the strength of 
the magnetic field (at 7 = 228°K and a temperature 
difference AT = 60°) is shown in Fig. 3. The aspect 
of the curve testifies that the N.-E. electrodynamic 
force, like the Hall effect in magnetite, is compos- 
ed of two parts proportional to the magnetization 
and the strength of the magnetic field respectively. 


* The sign of the effect was determined in the same way 
as in paper [5] and verified by comparing it with the 
sign of the N.-E. effect for antimony and bismuth. 


The temperature dependence of the effect of the 
change in the thermoelectric force in a transverse 
magnetic field, Aa/a, which is linked with the lon- 
gitudinal N.-E. effect by the relation (Aa/a) = Ejong 
N.-E. /a (see [5]), is shown in Fig. 4 (at H = 20,400 
oersted, for specimen 2). The figure shows that 
throughout the temperature region the effect has a 
negative sign, that is, it corresponds to a reduction 
in the thermoelectric force in a magnetic field. At 
room temperature the effect also has a negative sign. 
When the temperature is lowered, the effect increases 
At a temperature of 113°K the effect is reduced to 
zero; then, at 100°K it has a maximum. At TJ = 93°K 
the effect again has a minimum, and when the spe- 
cimen is cooled it begins to increase sharply. The 
temperature dependence of the effect has anomalies 
in the form of two minima and one maximum. 

The dependence of the effect on the strength of 
the magnetic field at temperatures above the region 
of the transformation (121°K), and at 89, 91.5 and 
105°K is shown in Fig. 5. The figure shows that 
the curves Aa/a (H) enter the region of the natural 
magnetization of magnetite at temperatures of 121 
and 105°K already at a field strength of 5000 oersted, 
while at the temperatures of 91.5 and 89°K a field 
of 20,400 oersted still corresponds only to the 
region of the technical magnetization of magnetite. 
This result may be connected with the sharp in- 
crease in the parameter of the magnetic anisotropy 
in the region of the transformation. 
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DISCUSSION OF THE RESULTS 


We know that there is not yet a satisfactory 
theory of the thermomagnetic effects in ferromagnet- 
ics. A complete and strict analysis of the data ob- 
tained is therefore not possible. 

The results of the measurements enable us, how- 
ever, to draw some general conclusions which con- 
firm those obtained previously [1-4] and also certain 
new ones. 

Previously, on the basis of measurements of the 
galvanomagnetic effects, of the Hall effect and the 
changes in the electric resistance in a magnetic 
field, an attempt was made to show that certain 
effective magnetic fields affect the conductivity 
electrons in magnetite [1, 6]. The data on the thermo- 
magnetic N.-E. effect obtained in the present paper 
enable us to suggest that the position is similar in 
the present case, too. Indeed, the dependence of 
the size of the transverse effect on the magnetic 
field strength testifies to a considerable ferromag- 
netic part of the effect. (In this case the parameter 
of the effective magnetic field, which is equal to 
20, is approximately twice as large as the corres- 
ponding parameter determined from the Hall effect). 

The effect Aa/a (H) increases in a complicated 
manner in the region of the tecunical magnetization, 
but in the reion of thy paraprocess is proportional 
to the strength of the external magnetic field [6]. 

In the region of the lo-v temperature transformation 
one can see a correlation between the transverse 
uneven and the iongitudinal even N.-E. effect. The 
passage of the transverse effect (at 113°) through 
zero corresponds to the zero value of the longitudin- 
al effect at the same temperature. The maxima of 
both effects also coincide*). 

The uneven nature of the transverse effect which 
is determined by the first power of the effective 
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* The minimum of the Aa/a effect at 93°K could not be 
compared with the results for the transverse effect since 
below 94°K this could not be measured. 
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magnetic field is responsible for the change in 
sign of the effect at ~ 113°K because the effective 
magnetic field changes sign. The sign of the longi- 
tudinal effect which depends on the square of the 
effective magnetic field remains negative, and the 
effect is zero only at ~ 113°K. 

From the effective magnetic field as found by ex- 
periment one can estimate the mobility of the cur- 
rent carriers in magnetite from the formulae of the 
kinetic theory of the transfer in semiconductors (see 
for example, paper [5]). The quantity thus obtained 
(order of units cm*/V.sec) and the temperature de- 
pendence of the mobility (in the region of the ordin- 
ary ferromagnetic state) coincide in order of magni- 
tude with the size of the Hall mobility [1, 2], al- 
though, as we know, the conclusions of the kinetic 
theory of semiconductors are very difficult to sus- 
tain for such low mobilities. 

Another deduction from our experiments is the con- 
clusion that the negative sign of the transverse 
N.-E. effect (in the region of the ordinary ferromag- 
netic state of magnetite) corresponds to the dis- 
persion of the current carriers over the optical oscil- 
lations of the lattice. This confirms the prevailing 
view concerning the predominantly ion nature of the 
interatomic bonds in magnetite. 

The sharp anomalies of the thermomagnetic ef- 
fects in the region of the low temperature transform- 
ation testify to a considerable reorganization of the 
energy spectrum of the conductivity electrons. The 
existence of an anomaly of the Aa/a effect at a 
temperature of 93°K confirms the previously made 
suggestion [3, 4] that certain additional effects 
linked with the low temperature transformation may 
occur in the considerable temperature interval of 
the order of 14 to 18°. 


Translated by B. Ruhemann 
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DEPENDENCE OF THE MAGNETIC SUSCEPTIBILITY OF BARIUM FERRITE ON 
THE TEMPERATURE * 
Ye.S. BOROVIK and Yu.A. MAMA... ‘I 
Kharkov A.M. Gor’ki State Univer aty 
(Received 16 June 1959) 


The susceptibility of BaO + 6Fe,0; is studied in the temperature interval from room temperature to 
550°C. New features were found in the temperature dependence of the susceptibility below the Curie 


point. Above the Curie point the results are in agreement with theory. 


Barium ferrite BaO -Fe,0;, a hard ferromagnetic 
material, is finding increasingly wide application. 
Interest in the study of its magnetic properties is 
therefore natural [1-4]. 

In the present paper the temperature dependence 
of the paramagnetic susceptibility of barium ferrite 
is studied above the Curie point and its susceptibi- 
lity in weak fields below the Curie point. 

In papers [1, 2] the dependence of the susceptibi- 
lity of barium ferrite on the temperature was measur- 
ed above the Curie point. But these measurements 
were made beginning from a temperature above 
550°C. In the present paper the temperature depend- 
ence of the susceptibility of barium ferrite is studied 
in the interval of from 550°C to the Curie tempera- 
ture. 

The study of the magnetic susceptibility below 
the Curie point in weak magnetic fields can yield a 
number of valuable data on the magnetic structure 
of materials. Such measurements have heen sucess- 
fully applied to the hard ferromagnetic materials of 
the alnico type by Mil’ner [5]. 


METHOD OF PREPARING THE SPECIMENS 
AND DESCRIPTION OF APPARATUS 


The specimens had the form of parallelepipeds 
of 60 mm length and 4 x 4 mm? cross-section. 

Tke method of obtaining the specimens was the 
usual one for barium ferrite [3]. BaCO, and Fe,0, 
powders were taken in the proportion of weights 
which corresponds to stoichiometric composition. 
The moistened powders were carefully mixed in a 
mortar for 3 hr. The mixture was then dried and an- 
nealed at a temperature of 1000°C for 5 hr. The 


* Fiz. metal. metalloved., 9, No. 1, 36-40, 1960. 


specimens were pressed from the annealed powder 
and sintered for 1 hr at 1200°C. 

The hysteresis loop of the specimen material 
when magnetized in a field of up to 6500 oersted is 
described by the following quantities: B, = 2100G, 
H., = 3100 oersted. 

The magnetization of the specimens was measur- 
ed by the ballistic method in a slight variation of 
the apparatus of Belov [6] (Fig. 1). 

The specimen was magnetized by the solenoid 3, 
the windings of which were cooled by the water 
jacket 2. The magnetization of the specimen was 
determined with the measuring coil 5 which had 
8000 windings. To exclude the effect of the flow of 
the magnetizing field the ballistic coil is connected 
in series to the compensation coil 1 so that the 
electrodynamic force of the induction in them is in 
opposite directions. The compensation coil has a 
somewhat larger number of windings and is placed 
at the end of the solenoid. By shifting the compen- 
sation coil one can get accurate compensation of 
the electrodynamic forces which originate in the 
coils when the field in the solenoid is changed in 
the absence of the specimen. 

Inside the measuring coil a furnace with bifilar 
winding 6 is placed, and inside it the specimen 7. 
To shield the measuring coil from the heat it is 
wound on a copper tube cooled from both sides by 
the water jackets 4. 

Above the Curie temperature the measurement 
of the susceptibility demanded maximum sensitivi- 
ty of the apparatus. This was achieved by careful 
selection of the parameters of the ballistic circuit. 

Since the dimensions, i.e. the volume, of the 
measuring coil are limited by the dimensions of the 
solenoid, the only parameter that can be changed 
is S,, the cross-section of the wire of which the 
measuring coil is made. 
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FIG. 1. Schematic drawing of the apparatus: 
1 — compensation coil; 


2 — water jacket; 


3 — solenoid; 


4 — water jackets; 
5 — measuring coil; 


6 — furnace; 
7 — specimen. 


The amount of electricity which flows through the 
galvanometer frame is determined by the formula 


CR, + Re 


where B, and B, are parameters depending on the 
dimensions of the coil and the specific resistance; 
S, is the cross-section of the wire; do the flow of 
the electromagnetic induction through one winding; 
N the number windings of the measuring coil; R, 
and R, the resistance of the galvanometer and coil 
respectively. 

The maximum sensitivity can be attained on con- 
dition that the size of S, is such that the value of 
Q is the maximum for the given volume of the mea- 
suring coil. 

Formula (1) does not take account of the amount 
of electromagnetic damping. If that is accounted 
for, maximum sensitivity moves to the side of smal- 
ler S,. 

This choice of parameters of the ballistic circuit 
made it possible to measure susceptibilities down 
to X =5 x 10°5 without disconnecting the circuit 


[7]. 


RESULTS OF MEASUREMENTS AND 
DISCUSSION 


As the result of the measurements at temperatures 
above the Curie point (450°C) the dependence 
1/X = f (T) was obtained which is shown in Fig. 2. 
Measurements were made every five degrees, hold- 
ing at the given temperature for about 10-15 min. 
For comparison, the figure includes data obtained 
in paper [2]. As can be seen from the figure, the 
points obtained in [2] and during the present work 
lie on one and the same curve. 
On the basis of the generalized hypothesis on 


the molecular field Neel [8] has developed the 
theory of the behaviour of ferrites above the Curie 
point. According to this theory, above the Curie 
point the ferrites have a susceptibility which 
changes according to the formula 


‘egal: (2) 


where 1/X,, S, and @ are parameters determined by 
Neel’s theory. 

The function given by formula (2) differs from the 
Curie-Weiss law by the last member which gives it 
not a linear, but a hyperbolic nature. 

The experimental curve if hyperbolic. The func- 
tion 1/X = f (T) corresponds to Neel’s theory 
almost to 6, = 469°C. 

Measurements below the Curie point were made at 
fields H ¢ 200 oersted; at room temperature in a 
field of 200 oersted the magnetization / of the spe- 
cimen is 7 gaus. The saturation magnetization of 
barium ferrite is /, = 380 gaus. Thus the magnetiz- 
ation in a field H = 200 oersted is small, and this 
field may be considered as small. Since the magnet- 
ization of the specimen is small, the corrections 
for the demagnetizing field are also small (the de- 
magnetization factor N/47 ~ 0.01). 

The results of the measurements of the magnetiz- 
ation below the Curie point are shown in Fig. 3. 
Usually, a rise in the initial susceptibility is ob- 
served in ferromagnetics when the Curie point is 
approached (Hopkinson effect). The particular 
feature of the function / = f (7) below the Curie 


point for barium ferrite is the absence of this effect. 


Measurements in smaller fields dawn to magnet- 
ization / = ] gaus at room temperature yield curves 


of the same nature. 
Let us examine the possible explanations for the 


absence of the Hopkinson effect. 
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FIG. 2. Susceptibility of barium ferrite as a function of the 
temperature above the Curie point: 
o — the authors’ data; 
x — data of paper [3]. 
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FIG. 3. Magnetization of barium ferrite as a function of the 
temperature in a field of 200 oersted. 


The rise in the initial susceptibility in the neigh- 
bourhood of the Curie point is explained as follows. 
When the Curie point is approached, the energy of 
the anisotropy decreases and becomes very small 
even quite far from the Curie temperature. The ratio 
of the saturation magnetization to the energy of the 
anisotropy, which determines the initial susceptibi- 
lity, reaches a maximum near the Curie point. In 
barium ferrite the energy of the anisotropy decreases 
more slowly than /, [2]. Therefore the ratio /, /K 


diminishes, and the Hopkinson effect is absent. 

In this connexion it should be recalled that the 
dependence of the coercive force H, on the temper- 
ature is also a little anomalous [2]. At 250°C it has 
a maximum and it then decreases very slowly. 

Barium ferrite is a hard ferromagnetic material. To 
discover the processes as a result of which its 
magnetization occurs in fields of up to 200 oersted 
measurements were made for reverse and complete 
initial susceptibility of the specimen (Fig. 4). 
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FIG. 4. Susceptibility of barium ferrite as a function of the 
field at room temperature: 

1 — absolute susceptibility; 

2 — reversible susceptibility. 


The absolute susceptibility remains almost const- gence between the experimental values of the ini- 
ant to H = 100 oersted and then increases a little. tial susceptibility and that calculated from formula 


The reverse initial susceptibility of the specimen (3), that the magnetization processes in barium fer- 
is constant to H = 100 oersted and then decreases rite are in the main rotation processes. Hence, the 
a little. regime which was adopted for the heat treatment 

If it is assumed that in weak fields the magnetiz- ensures in the main a single domain structure of 
ation occurs entirely as a result of rotation proces- the ferrite. 


ses, then the initial susceptibility [9] 


2 CONCLUSIONS 
Xo = aK (3) 1. By measurements above of the Curie point it 
has been shown that the formula for the paramagnet- 
Substituting the values for K and /, [2, 3] in ic susceptibility determined from Neel’s theory 
formula (3) we get the following: for barium ferrite remains valid almost to the para- 
magnetic Curie point. 
3Q)2 2. It has been shown that the Hopkinsoneffect is 
Xo = agx3x10 0.012. absent in the case of barium ferrite at a relative 
magnetization of less than 1% of /,, 
3. The initial susceptibility has been measured 
The value of X obtained in our work is 0.04. and is has been shown that the values obtained do 
Considering that expression (3) is an approxima- not contradict the proposition that barium ferrite 
tion, one may take it, in spite of a certain diver- has a single domain structure. 


Translated by B. Ruhemann 
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ANOMALIES IN THE MAGNETIC PROPERTIES OF Fe-Al ALLOYS AT HIGH TEMPERATURES * 
Sh. I. ZUSMAN 
Central Non-Ferrous Metal Research Institute 
(Received 6 July 1959) 


The magnetic properties of technically important 
iron-aluminium alloys containing 8 to 16% Al are 
strongly dependent on the conditions of the heat 
treatment. The physical processes which occur in 
these alloys in the course of the heat treatment 
have not been sufficiently studied. Of undoubted 
interest is the study of the regularities of the chan- 
ges in the magnetic properties of Fe-Al alloys at 
high temperatures, which is the object of the pre- 
sent work. 


METHOD OF MEASUREMENT 


Binary alloys Fe-Al containing 8.5, 9.5, 10.6; 
12.8 and 15.3% weight Al were studied. The main 
measurements were made with oscillograph method. 

Specimens in the shape of punched toroids of 
0.1 mm thickness were placed in a porcelain frame 
on which was wound the measurement coil consist- 
ing of wire in a heat resistant insulation. The spe- 
cimens were placed in a vacuum furnace which was 
heated under a given regime. The main magnetiza- 
tion curves and hysteresis loops were taken at fix- 
ed temperatures during the process of heating and 
cooling with a frequency of 50 c.p.s. 

The specimens were first subjected to homogeniz- 
ation annealing for 3 hr at 1100° in vacuo and sub- 
sequently quenched in water from 900°. 


RESULTS OF THE MEASUREMENTS 


In alloys containing 8.5, 9.5 and 10.6 % Al qua- 
litatively the same dependence of the magnetic pro- 
perties on the temperature was observed. 

Fig. 1 shows a series of oscillograms obtained 
on heating a specimen of the alloy with 10.6% Al 
to a temperature above the Curie point. The heat- 
ing was effected at a rate which ensured that the 
equilibrium values of the magnetic properties were 
attained. The figure shows that the hysteresis loop 
which is “normal” at room temperature assumes a 
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clearly “overextended” shape with low values of 

the residual induction at 300°. In weak fields the 
permeability decreases in amount and becomes cons- 
tant (independent of the field strength). These pecu- 
liarities, the constancy of the permeability in weak 
fields and the specific, overextended shape of the 
hysteresis loop in fields of medium strength, are, 

as we know, basic features of alloys of the Permin- 
var type [1]. In the presence of a magnetic field an 
increase occurs in the residual induction and the 
hysteresis loop gradually assumes the normal shape 
(the effect of thermomagnetic treatment). 

The time necessary for the destruction of the 
Perminvar features decreases sharply with the tem- 
perature, and above 500° becomes of the order of a 
few tenths of a second. For this reason we did not 
succeed in fixing the “overextended” shape above 
500° (the minimum of time required for the photo- 
graphic registration of the hysteresis loops was 
2-3 sec). The peculiar course of the basic magnetiz- 
ation curve (the basic curve continues beyond the 
limits of the hysteresis loop) shows, however, that 
the Perminvar properties are preserved in this alloy 
to at least 600° *, 

The oscillograms shown in Fig. 2 demonstrate the 
kinetics of the change in the shape of the hysteresis 
loop in the process of isothermal holding at 300°. 
The figure shows that holding in a magnetic field at 
this temperature for 1-2 hr leads to a considerable 
increase in the residual induction (the effect of 
thermomagnetit treatment); in the absence of a 
field the same holding causes a lowering of the 


* In Bennett’s paper [2] the temperature dependence of 
the magnetic properties of Fe-Al alloys of approximate- 
ly the same concentration as in the present paper is 
studied; the author did not, however, notice the 
Perminvar features of the alloys. This is probably due 
to the fact that in Bennett’s experiments the effect of 
the thermomagnetic treatment occurred during the pro- 
longed presence of the magnetic field at high tempera- 
tures. For this reason the use of the widespread ballis- 
tic and magnetometric methods is basically unsuitable 
for high temperature measurements of the magnetic 
properties of alloys with Perminvar features. 


500° 


initial permeability and the appearance of the 
“overextended” loop (Perminvar effect). 

When the specimens are cooled to room tempera- 
ture the “overextended” shape of the hysteresis loop 
is preserved; the loop proves, however, to be unst- 
able against magnetic influences and after the spe- 
cimen has been demagnetized in an alternating field 
with large amplitude the “overextended” shape dis- 
appears. This is illustrated in Fig. 3. 

Interesting anomalies of the magnetic properties 
are observed at high temperatures in the alloy with 
12.8% Al (23.2 at.%), the composition of which is 
close to the stoichiometric composition of Fe,Al. 

Fig. 4 shows the oscillograms of the hysteresis 
loops of specimens of this alloy obtained during 
the process of heating it to above the Curie point 
and subsequently cooling it; the heating and cool- 
ing were at a rate of 100°/hr. The figure shows that 
on heating above 400° a considerable increase in 
the coercive force takes place. When the tempera- 
ture is increased to above 450-500° the coercive 
force increases several times ten-fold so that the 
maximum strength of the magnetic field (10 oersted) 
proves insufficient to attain saturation. Simultane- 
ously with the increase in the coercive force the 
hysteresis loop assumes a weakly pronounced 
Perminvar shape*. (Above 500° hysteresis loops 


* Hysteresis loops of the Perminvar type were observed 
in this alloy at temperatures of the order of 550-570° 
(Curie point of the alloy 630°). 
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FIG. 1. Hysteresis loops of the alloy with 10.6% Al in the process of heating; 
H», = 2.5 oersted. 


were observed only in fields considerably stronger 
than 10 oersted, hence in Fig. 4 these loops are not 
given). 

Cooling in the presence of a magnetic field leads 
to the appearance of well pronounced rectangular 
hysteresis loops; cooling without a magnetic field 
causes loops of Perminvar type to appear. Both 
these effects show themselves more clearly at tem- 
peratures of the order of 450- 400° and disappear 
when the specimen is cooled to room temperature. 

The growth in the coercive force at high tempera- 
tures is also observed in the alloy with 15.3% Al 
(Fig. 5). 

Fig. 6 shows the magnetic properties of the al- 
loys studied after varying heat treatment, determin- 
ed at room temperature by the ballistic method. 


DISCUSSION OF THE RESULTS 


1. In this work it was found that Fe-Al alloys 
with Al contents of from 8 to 13% at high tempera- 
tures have properties which are characteristic for 
alloys of the Perminvar type. At room temperature 
“traces of Perminvar features” appear in the form 
of increased sensitivity of the alloys to the influ- 
ence of strong magnetic fields (see Fig. 3) and of 
anomalously low values of the residual induction 
(see Fig. 6). 

Hence, the Perminvar anomaly is not a peculiari- 
ty of Fe-Ni-Co alloys (the “Perminvar region” of 
that system) [1], but is a property of a wider class 
of ferromagnetic solid solutions. 
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FIG. 2. Kinetics of the change in the magnetic properties of the alloy with 10.6% Al in the process of 
isothermal holding at 300°; H,, = 2.5 oersted. 
a — annealing in a magnetic field of 2.5 oersted; 
b -- annealing without magnetic field. 
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FIG. 3. Effect of demagnetization on the shape of the hysteresis loops of the alloy with 10.6% Al; 
a — without preliminary demagnetization; 
b — after demagnetization with an alternating field. 
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FIG. 4. Hysteresis loops of the alloy with 12.8% Al in the process of heating 
and cooling; H,, = 10 oersted. 


tense, the higher the temperature. Similar regulari- 
ties were previously established by us in the study 
of the kinetics of the appearance of Perminvar and 
rectangular hysteresis loops in Ni-Fe alloys [3] 


2. A regular connexion is observed between the 
Perminvar effect and the effect of thermomagnetic 
treatment. Both these effects develop in one and 
the same temperature region and are the more in- 
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FIG. 5. Hysteresis loops of the alloy with 15.3% Al in the process of 
heating; H,, = 2.5 oersted. 
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FIG. 6. Magnetic properties of the Fe-Al alloys at room temperature 
after various forms of heat treatment. 


(and also in Fe-Ni-Co and F'e-Co alloys). superstructure is absent [4, 5]. From the results 


given it will be seen that the Perminvar effect and 
the effect of thermomagnetic treatment occur both in 
alloys which are not in the process of ordering 
(8.5 and 9.5% Al) and those which are in the process 
magnetic treatment. of ordering (10.6 and 12.8% Al). Hence, neither of 
3. In a number of papers the suggestion has been these effects is directly linked with ordering pro- 
made that the Perminvar effect and the effect of cesses*. 
thermomagnetic treatment are linked with ordering 4. The disappearance of the Perminvar effect and 
processes. of the effect of thermomagnetic treatment which is 
According to the phase diagram, the Fe-Al alloys observed in the alloy with 12.8% Al with a composi- 
with an Al content higher than 10% are at room tem- tion close to the stoichiometric when the specimen 
perature in the process of ordering with an Fe,Al 
structure; the critical point of the transformation 
is at about 550°. The peculiarity of these alloys is * The effect of ordering on the effect of thermomagnetic 
the extraordinarily rapid rate of their ordering pro- treatment has been studied in detail by Shur and Glazer 
cess. In alloys containing less than 10% Al the who have come to similar conclusions [6]. 


The special feature of the investigated F'e-Al 
alloys is the comparatively high speed of the proces- 
ses which are responsible for the development of 
Perminvar properties and for the effect of thermo- 
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is cooled to room temperature (see Fig. 4) is prob- 
ably caused by the formation of almost complete 
order in the distribution of the atoms over the lat- 
tice sites*. Apparently, in alloys which are in the 
process of ordering, the Perminvar effect and the 
effect of thermomagnetic treatment appear only in 
the transitional stages of ordering (short range order, 
temperature disordering), or at concentration dis- 
ordering. 

5. The link between the processes which cause the 
effect of thermomagnetic treatment and the appear 
ance of Perminvar properties in alloys shows that 
the two effects are of the same physical nature. 

According to the propositions of Shur the effect of 
thermomagnetic treatment is caused by the change 
in the structural state of the ferromagnetic due to 
the application of a magnetic field at high tempera- 
tures [7]. This idea has in subsequent years been 
developed into the theory of “directed ordering” 
worked out by Neel, Taniguchi and Yamamoto [8,9]. 

According to this theory, when an alloy is cooled 
below the Curie point the atoms of the various com- 
ponents are distributed anisotropically with respect 
to the direction of the vectors of spontaneous mag- 
netization. The “orientational superstructure” which 
originates in this way causes the uniaxial magnetic 
anisotropy to appear which is superimposed on the 
crystallographic anisotropy of the cubic type. 

The magnetic field applied at high temperatures 
orientates the magnetization of the domains in one 
preferential direction which thus becomes the axis 
of the superstructure of the specimen as a whole. 

Taniguchi has used the model of ferromagnetics 
regions with uniaxial anisotropy to explain the 
Perminvar effect [10]. 

The orientational superstructure is not directly 
connected with the superstructure of the ordinary 
type; these two stables are completely different in 
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ON THE TEMPERATURE DEPENDENCE OF THE CHANGES IN THE ELECTRIC RESISTANCE 
OF SINGLE CRYSTALS OF MAGNETITE IN A MAGNETIC FIELD AT LOW TEMPERATURES * 
T.D. ZOTOV 
Physics of Metals Institute of the Academy of Sciences of the U.S.S.R. 
(Received 15 August 1959) 


The temperature dependence of the electric resistance was studied in longitudinal and transverse 
magnetic fields at temperatures in the interval from 78 to 213°K. Two minima were observed in the cur- 
ves AR/R (T). The first minimum is in the region of the low temperature transformation (111.5°K), the 


second at a temperature of 95°K. 


INTRODUCTION 


The study of the temperature dependence of the 
changes in the electric resistance in a magnetic 
field in the region of the low temperature transforma- 
tion of magnetite has been treated in only a few 
papers. Khalileyev [1] has studied the changes in 
the electric resistance in that region of tempera- 
tures in relatively weak magnetic fields (9000 oers- 
ted) which are insufficient for the magnetic satura- 
tion of the specimen, and in a narrow temperature 
interval. 

The changes in the physical properties of magnet- 
ite [2-6] cooled below a temperature of 111°K are 


usually related to its low temperature transformation. 


According to Verweay and others [7] this transforma- 
tion is caused by the ordering of the two-and three- 
valency ions of iron in the octahedral positions of 
the magnetite lattice. If a single crystal of magnet- 
ite is cooled below the temperature of the trans- 
formation in the presence of a sufficiently strong 
magnetic field it changes its cubic symmetry for an 
orthorhombic one, and one of the edges of the origin- 
al cubic lattice, the one closest to the direction of 
the magnetic field, becomes the orthorhombic axis 
c. The lateral diagonals of the orginal cube which 
are perpendicular to the axis c become the orthor- 
hombic axes a and b. The orthorhombic axis c is the 
axis of easiest magnetization. If the single crystal 
is cooled in the absence of a magnetic field in the 
demagnetized state, in every 1/3 of the volume of 
the specimen the orthorhombic axis c will lie along 
the crystallographic axes [100], [010] and [001]. 

The present investigation deals with the study 
of the temperature dependence of the changes in the 


* Fiz. metal. metalloved., 9, No. 1, 48-52, 1960. 


electric resistance of single crystals of magnetite 
in a magnetic field which are given low temperature 
thermomagnetic treatment by cooling them to below 
the temperature of the low temperature transforma- 
tion in the presence of a magnetic field. The invest- 
igation was made in the temperature interval of 


from 78 to 213°K. 
1. METHOD OF MEASUREMENT 


The temperature dependence of the changes in 
the electric resistance in a magnetic field was mea- 
sured on natural single crystals of magnetite found 
in Kosoi Brod in the Urals. Measurement of the elec- 
tric resistance and chemical analysis showed that 
the magnetite single crystal investigated had a 
nearly stoichiometric composition. According to a 
spectral analysis the main impurity is 0.01 to 
0.3% titanium. Besides, traces of a few other ele- 
ments were found. The study of the diffusion scat- 
tering of X-rays from the plane (100) made at room 
temperature and at the temperature of ljquid nitro- 
gen showed the absence of any kind of static de- 
formations in the crystal lattice of the magnetite 
specimens. 

From a magnetite crystal of regular form two spe- 
cimens were cut in the form of rods with circular 
cross section of 1.33 mm diameter and length 7.0 
and 6.0 mm. The axis of the rods coincided with the 
crystallographic [100] direction. The potentiometer 
and lead wires of copper of 0.05 mm diameter were 
welded to the specimen by electric spark welding. 
A copper-constantan thermocouple served to mea- 
sure the temperature. Both the temperature and the 
electric resistance were measured potentiometric- 


ally. 
Before the measurement the specimen was cooled 
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FIG. 1. Temperature dependence of the relative change in the electric resistance in a longitudinal 
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magnetic field (unbroken line) and specific electric resistance (dotted line) of a magnetite speci- 


from room temperature to the temperature of liquid 
nitrogen in longitudinal (along the axis of the spe- 
cimen) and transverse (perpendicular to the axis of 
the specimen, along the crystallographic [010] axis) 
magnetic fields and in the absence of a magnetic 
field. The strength of the external magnetic field 
when the specimen was cooled was 10,000 oersted. 
Before the measurement the specimen was demagnet- 
ized. The changes in the electric resistance were 
measured during the slow heating of the specimen 
from the temperature of liquid nitrogen in a magnet- 
ic field of 20,000 oersted which is considerably 
stronger than the magnetic field required for the 
magnetic saturation of the specimen. The rate of 
heating the specimen was about 2°/hr. 


2. RESULTS OF THE MEASUREMENTS 


The unbroken line in Fig. 1 shows the temperature 
dependence of the relative change in the electric 
resistance in a longitudinal magnetic field for a 
specimen cooled below the temperature of the low 
temperature transformation in the absence of a mag- 
netic field. The dotted curve represents the temper- 
ature dependence of the specific resistance of the 
same specimen. Fig. 2 shows the temperature de- 
pendence of the relative change in the electric re- 
sistance in a longitudinal magnetic field for a spe- 


men cooled in the absence of a magnetic field. 


cimen cooled below the temperature of the trans- 
formation in the presence of a longitudinal magnetic 
field. As can be seen from Figs. 1 and 2, two min- 
ima are observed in the curves AR/R (7). The 

first minimum in the region of the low temperature 
transformation (111.5°K) lies where the curve of the 
specific resistance changes with a jump. The sec- 
ond minimum is at 95°K, that is in the region of tem- 
perature where there is a weak break in the curve of 
the specific electric resistance as a function of the 
temperature. The first minimum in the curve 
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is considerably deeper than that in the curve 
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while the second minimum is, on the contrary, deep- 
er in the curve 
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than in the curve 


Besides, the curves 
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FIG. 2. Temperature depenence of the relative change in the electric resistance in a longitudinal 
magnetic field of a magnetite specimen cooled in the presence of a longitudinal magnetic field. 
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FIG. 3. Temperature dependence of the relative change in the electric resistance in a transverse 
magnetic field of a magnetite specimen cooled in the presence of a transverse magnetic field. 
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pass twice through zero. Here one should note that 
in the region of 133°K the parameter of the magnetic 
crystallographic anisotropy also change sign. 
Figs. 3 and 4 show the temperature dependence 
of the relative change in the electric resistance in 
a transverse magnetic field for specimens which 
have undergone cooling below the temperature of 
the low temperature transformation in the absence 
and presence of the transverse magnetic field res- 
pectively. From the temperature course of curves 


in these figures it can be seen that as in the case 
of the curves AR/R (T) in a longitudinal field, two 
minima are observed at the same temperatures. True, 
the second minimum in the change of the electric 
resistance is less noticeable than is the case in 
the longitudinal effect, particularly in the case of 
the specimen which has been cooled in a transverse 
magnetic field. In the region of 143°K (see Fig. 3) 
the change in the electric resistance approaches 
zero and then decreases again when the tempera- 
ture is raised, 


3. DISCUSSION OF THE RESULTS 


It is known that in magnetite, ordering below the 
temperature of the low temperature phase transform- 
ation occurs not through the transition of the ions 
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FIG. 4. Temperature dependence of the relative change in the electric resistance 
in a transverse magnetic field of a magnetite specimen cooled in the absence of 
a magnetic field. 


explained by the fact that in the first case a prefer- 
ential dispersion of the conductivity electrons over 
the fluctuations of one kind occurs, and in the sec- 
ond case over fluctuations of another kind. It may 

be suggested that the theoretical prediction of two 
minima in the mobility in ferromagnetic semiconduct- 
ors near the Curie temperature caused by the dis- 
persion of the conductivity electrons over fluctua- 
tions of two types, fluctuations of the magnetiza- 
tion and fluctuations of the density of the substance, 
which was made in the paper by Krivoglaz and 
Rybak, can be qualitatively extended also over the 


from one position in the crystal structure into an- 
other, but through the redistribution of the eight 
3d-electrons over the 16 ions of trivalent iron in the 
elementary cell in such a manner that the electron 
density in the octahedral positions of the lattice is 
localized in a definite order (with a maximum in the 
Fe?+ positions and a minimum in the Fe** positions). 
In the region of the temperature of the low tempera- 
ture transformation of magnetite there apparently 
occur extremely great fluctuations in the degree of 
long range order similar to the fluctuations which 
according to the work of Krivoglaz and Rybak [8] 


should be observed near the Curie point in ferro- temperature region of the low temperature transform- 
magnetic semiconductors. Fluctuations in the elec- ation of magnetite. Besides, it is evident from the 
tron density, the magnetization and the density of temperature course of the curves AR/R (T) (see 
magnetite should be connected with the fluctuations Figs. 1-4) that in the temperature region of the low 
in the degree of long range order in this substance. temperature transformation and below this tempera- 

In our case the mobility of the conductivity elec- ture the size of the effect of the change in the elec- 
trons can in the main be determined by their disper- _ tric resistance in a magnetic field is sensitive to 
sion over these fluctuations. Dispersion over fluc- low temperature thermomagnetic treatment. 
tuations will have a strong effect both on the elec- It is further necessary to note that in the region 
tric properties of magnetite and on the change of its of _93-95°K a maximum is observed both in the tem- 
electric resistance in a magnetic field [9]. When the perature dependence of the relative electric resist- 
magnetic field is switched on the fluctuations de- ance of magnetite which has undergone low temper- 
crease and, hence, the mobility of the electrons in- ature thermomagnetic treatment in longitudinal and 
creases. This causes the reduction in the electric transverse magnetic fields [10, 11] and in the tem- 
resistance. Thus an anomalous change in the resist- _ perature dependence of the coefficient of the thermo- 
tance is superimposed on the ordinary change in the electric force [12]. The cause of these anomalies 
electric resistance in a magnetic field when the appears to be the same as that of the change in the 
magnetic field is switched on, which causes its electric resistance in a magnetic field in the same 
reduction. temperature region. 

The observation of two minima AR/R (7) in the In conclusion the authors deem it a pleasant duty 
region of the temperature of the low temperature to express their gratitude to N.V. Volkenshtein for 


transformation (111.5°K) and at a temperature a his constant attention to and interest in this work, 
little below this transformation (95°K) can evidently to B.S. Borisov for the X-ray investigation of the 
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specimens and to K.B. Vlasov for valuable hints 
in discussing the work. 
Translated by B. Ruhemann 
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THE PRODUCTION OF PURE TIN BY PROLONGED HEATING IN A VACUUM AND 
REPEATED ZONE MELTING * 
B.N. ALEKSANDROV 
Kharkhov Physical and Technical Institute, AS Ukr. SSR 
(Received 19 June 1959) 


This work is devoted to the production of high purity tin by repeated zone melting in conjunction 
with prolonged high temperature heating in a high vacuum; it is a continuation of previously published 
works in which the method and apparatus have been described in detail. 


The tin was heated in high-vacuum conditions 
(p ~ 10° mm Hg) for 12 hr at 1000°. The oxide film 
which formed on the surface of the molten tin (on 
fusion of the metal) was removed by straining the 
melt through a narrow aperture (diameter 1.5 mm) in 
a vacuum (p ~ 10% mm Hg). Up to 200 g of tin was 
heated at each experiment (the layer of liquid tin in 
the quartz beaker was ~ 45 mm thick). Zone melt- 
ing took place in anular crucibles of aluminium oxide 
or in quartz tubes in direct contact with the air. Crys- 
tallization was at the rate of 20 mm/hr, the length 
of the liquid zone 30 mm and the length of the bar 
500 mm. 

The progress of the removal of impurities was 
controlled, as before, by measuring the value 
5=R, ./Ryom of testpieces taken from different 
sectors of the ingots. (R, , is the electrical resist- 
ance of the testpiece at the boiling point of liquid 
helium; Ryo, is the same at room temperature). The 
value of 5 indicates the total quantity of impurities, 
and the lower it is, the purer will be the metal. Two 
observations must be made with regard to the pre- 
paration of wire testpieces for the measurement of 
5. Firstly, to avoid contamination of the pure tin in 
the production of the wires, the purified tin must be 
removed in a pure quartz capillary tube; secondly, 
when working with tin of a high degree of purity, it 
is apparent that the electrical resistance is depend- 
ant on the diameter of the wire — resistance in- 
creases as the diameter decreases, starting with the 
value of the latter at which the mean free path of 
electrons is comparable to the dimensions of the 
testpiece [3]. 

Fig. 1 shows the relation between the minimum 
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FIG. 1. Relation between minimum permissible diameter 
d of the cylindrical testpieces of pure metal, and the 
value 6. 


permissible diameter of the testpiece and the purity 
of the metal, which means that the diameter of the 
wires should be such as to fall on, or higher than, 
this curve, to avoid having to allow for this pheno- 
menon. All the results under review below were ob- 
tained by paying careful attention to these two 
factors. To relieve stress in the testpieces, which, 
like the impurities, has an influence on the value of 
5, they were annealed in air at a temperature of 
95-105° for a period of one to two days. The electric- 
al resistance of the wire testpieces was measured 
with a low-ohm compensator with a high-sensitivity 
galvanometer. 

Industrial brands of tin were used for the investi- 
gation: mark 0-2, mark 0-1 and “high purity” tin. 
Besides this tin was examined which had been ob- 
tained by the preliminary electrolytic refining of the 
latter. 

The results of refining the tin are set out in 
Figs. 2-4. In every case the value of 6 lies along the 
ordinate axis and is the indication of the purity of 
the testpieces. The abscissa axis shows the dist- 
ance L at which the testpiece has been taken from 
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FIG. 2. Distribution of impurities in mark 0-2 tin after 

60 zonal refining (curve 1) and the same refining with 

vacuum heating (curve 2). Inset the same graph on a 
much smaller scale. 


the beginning of the bar *. 

The data in Figs. 2 and 3 concern marks 0-2 and 
0-1. The dotted line 5 = 64, parallel to the abscissa 
axis, indicates the purity of the initial bar, while 
the line 6 = 65, is the purity of the same bar after 
prolonged heating in a vacuum. Curves / and 2 in 
these figures indicate the distribution of impurities 
in the bar after repeated zone melting both before 
and after vacuum heating. 

By using radioactive tracers and qualitative spec- 
ctral analysis', it was possible to establish that, in 
the process of repeated purification concentration of 
impurities occurred — in the first part of the bars, 
(K > 1)** = Sb, Ca and Mn and in the last part of the 
bars, (K < 1) = Pb, Cu, Bi, Cd, Fe, Ag, In, Zn, Au 
[4], Ni, Al, Mg and Si. It can be said that the tin 
was most effectively purified by zone melting, of 
the following impurities: Si, Al, Fe. 

It can be seen from the data in Figs. 2 and 3 that 
impurities for which K > 1 remain virtually unelimin- 
ated by high temperature heating, while those from 
K <1 are effectively removed. The results of the 
further purification of “high purity” tin by the zone 
melting method are shown in Fig. 4. The graph of 
the distribution of the value 65 along the length of 
the bar which has been purified by electrolysis, is 
similar to the previous ones. However, it is notice- 


* In recrystallized ingots calculation is made from the 
point at which the fused zone begins its passage 
along the ingot. 

t I take this opportunity to thank Ye.V. Livshitz for the 
quantative spectral analysis of a number of samples. 

tt K is the distribution coefficient of the impurities in 
the liquid and solid phases, equal to the ratio of the 
concentration of impurities in the solid phase to that 
in the liquid phase. 
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FIG. 3. Distribution of impurities in mark 0-1 tin after 

50 zonal refinings (curve ]) and the same refining with 

vacuum heating (curve 2). Inset the same graph on a 
much smaller scale. 


able that the curve in graph 4, unlike those in Figs. 
2 and 3, has no minimum. This shows that, in the 
“high purity”, as also the electrolytically refined 
tin, there are no impurities of the K >1 group, as 
these types are easily distinguishable in the first 
two. 

Because of this, after heating and zone melting 
of tin marks 0-1 and 0/2, the purest metal is obtain- 
ed from the centre part of the bar (15-20% of the 
overall length), after the same length of time as that 
required for pure metal to appear in the initial part 
of the bar (30-35% of the overall length) after crys- 
tallization of “high purity” tin. 

The values of 6, indicating the purity of the start- 
ing metal, are set out in Table 1 for the different 
brands of tin after vacuum heating and maximum re- 
fining by both methods. 

Examination of the graphs and the data in Table 1 
confirms that a combination of prolonged heating 
and repeated zone melting is, for tin marks 0-1 and 
0-2, an effective method of obtaining, under labora- 
tory conditions, very pure tin for various experi- 
ments, i.e., it appears to be a method which might 
also interest industrial technologists interested in 
the production of pure tin. As regards zone refining, 
at a crystallization rate of 20 mm/hr, length of bar 
of 500 mm and width of zone of ~ 30 mn, the mini- 
mum number of crystallizations necessary is 60 for 
0-2 and 50 for mark 0-1 and “high purity” tin. 

Prolonged heating of the best sectors of the re- 
crystallized ingot of “high purity” tin led to an in- 
crease in the value of 5 for tin of up to 2.1 x10°. 
In fact the quartz, as a result of prolonged contact 
at 1000°, contaminated the pure tin. For this reason, 
when heating “high purity” tin, crucibles must be 
used, not of quartz but of some other material, 
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TABLE 1. Values of 6 for the different types of tin 


Value of 6 — 10° for different methods 


Vacuum and 
zone 
refining 


Brand and degree of purity Initial Vacuum Zone 


tin heating refining 


47* 15** 9 2 
Electrolytic 

18 4 1,8 


4—3.6 2 1,6 


* Bars of 0-2 and 0-1 produced at the works were not uniform in composition: the value of 5 
for the samples taken from the various bars we had, varied within the limits 
4.8 x 107 < 5< 8x 10° for 0-2 and 4.7 x 10% < 5 ¢ 2.6 x 10% for 
** In view of the lack of uniformity of the initial values of for the various works bars, differ- 
ent bars were used for the vacuum heating. As a result of this heating, tin with an initial 
5 = 4.8 x 10% was refined to 5 = 1.3 x 10°, and tin with initial 6 = 1.1 x 10% tod = 4x 10™. 
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FIG. 4. Distribution of impurities along the bar in “high purity” tin 
after 55 recrystallizations. Oy the initial distribution of impurities. 


aluminium oxide for example. In conclusion I would like to thank Ye.K. 

The result of this work was the production by a Pogrebnyak, the laboratory assistant, for help in 
comparatively simple method, of a fantastically the preparation and measurement of the testpieces. 
high purity tin with the value 5 = 1.6 x 1075 (poly- 


crystal), the chemical purity of which is about 
99,99998% [5]. Translated by V. Alford 
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THE MECHANISM OF THE FORMATION OF LUDERS LINES* 
L.B. ERLIKH 
Odessa Polytechnica! Institute 
(Received 2 July 1959) 


The mechamism of the formation of Luders lines — the wrinkles on the surface of soft steel loaded 
in tension — has not so far been established. It is proposed to explain this mechanism on the basis of 
the loss of the rigidity of the thin surface layers under compression | 1}. [t has been shown that in soft 
steel testpieces in the process of tension, the conditions necessary for this phenomenon do actually 


occur. 


About a hundred years ago an interesting pheno- 
menon was discovered: on the highly polished sur- 
face of soft steel bars under tension, lines are vis- 
ible at a given moment with the naked eye, inclined 
at an angle of about 45° [1] to the axis of the test- 
piece. The appearance of these lines at the time 
when the stress-strain diagram indicates the yield 
area, and the coincidence of the direction of these 
lines with that of the shearing stresses, suggest 
that these lines — slip traces of portions of the sample 
material — are a graphic confirmation of the pertin- 
ent theory of strength (the theory of maximum shear- 
ing stresses). 

This explanation, which is maintained up to the 
present day, does not reveal the actual mechanism 
of formation of these lines of definite relief, on the 
surface of the test specimen, nor does it explain 
many details connected with the phenomenon. An 
explanation of this mechanism would be of consider- 
able interest. These slip lines are observed in in- 
dividual grains in the early stages of fatigue tests. 
There as here, the ancient adage remains correct 
that “after the first appearance of the lines (of 
slip), fracture under stress is only a matter of 
time”. It ie to be hoped that, once the nature of 
these lines has been discovered for the most simple 
case of static tension, it will be possible to ap- 
proach more closely the problem of fatigue fracture, 
in which they continue to play a major part. 


INITIAL PROPOSITIONS 
We set out below the necessary initial proposi- 


tions. Today each of these has been fully demonstra- 
ted in some detail. They will therefore be given 
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simply with an indication of source. 

1. In metals which have a clearly expressed yield, 
plateau deformation up to yield point occurs inhomo- 
geneously: the metal changes over to the plastic 
state in isolated parts along the length of the test- 
piece i.e. deforms locally. At the beginning only a 
small part of the metal suffers plastic deformation; 
the plastic zone increases as the stress grows, 
ultimately embracing the whole piece [2, 3]. 

2. Liiders’ lines on tension are observed on 
materials which show a peak and a yield plateau on 
the diagram. The deformation at the moment of the 
emergence of the yield plateau and also on its ex- 
tension, are accompanied by momentary reduction 
of the load on the piece. The extent and nature of 
this reduction depends on the material, the relation- 
ship between the rigidity of the bar and the machine, 
the rate of movement of the gripping devices and 
other conditions relevant to the test [4, 5]. Various 
theories exist which offer different explanations of 
the nature of the peak, the yield plateau and the 
importance of various factors in the sudden reduct- 
ion in load [6]. However, despite widely varying 
views on the importance of different factors, every- 
body is in agreement on the point that these three 
facts mentioned above, the peak, the plateau and the 
drop in load, do actually occur. 

3. The thin surface layer of the metal is plastic- 
ally deformed at stresses much lower than the yield 
point of the testpiece as a whole. A particular re- 
sult of this is that residual stresses of the first 
order occur in samples which have been tested for 
plastic deformation (Fig. 1) (7, 8]. The greater the 
plastic deformation which has occurred, the greater 
will be the residual stresses and the area which 
they embrace [9]. 

4. Under compressive stresses in certain 
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FIG. 1. Stresses in testpieces undergoing plastic deform- 
ation. In the surface layers there are residual compressive 
stresses, and in the centre there are tensile ones. 


conditions, the thin surface layer loses its stability — 
inhomogeneities, wrinkles and waves are formed 


(Fig. 2) [10]. 
The critical stresses at which this form of loss 


of stability occurs, is 


= 0.562 AE, 


and the half-wave length of the waviness is 


A= 2.18 AA, 
where 
E 


is the coefficient of relative stability, the ratio of 
the moduli of elasticity: of the layer which loses 
stability (E,) and of the base (E); A is the depth of 
the layer losing stability under compressive load. 

Strictly speaking, the formulae for o,, and A were 
expressed for elastic loss of stability. However, as 
we are not trying here to obtain a precise numerical 
result, these formulae may also be used for the case 
of loss of stability beyond the elastic limit, by sub- 
stituting the moduli of elasticity E., and E with the 
moduli of elasticity in shear E,. and E,, as is the 
practice today in all calculations for loss of stabi- 
lity in plastic ranges. 

It may be seen from the formula for o,, that this 
type of loss of stability is possible when E,, or 
simultaneously E, and E,,, have low values, which 
is what occurs when the tension diagram enters the 
yield plateau. 


Formation of Luders lines 


a b 
OF 


FIG. 2. Diagram illustrating the determination of the sta- 


bility of the thin surface layer. Under the action of com- 


pressive stresses, in certain circumstances wrinkles 
appear on the surface of the testpiece. 


SUBSEQUENT STAGES IN THE FORMATION 
OF LUDERS’LINES 


In the light of the propositions enumerated above 
the mechanism of the formation of Luders’ lines 
proceeds in the following manner (Fig. 2). 

1. The soft steel testpiece (or of any metal with 
a well-defined yield plateau) is fixed into the 
clamps of the testing machine, which move at a 
constant speed, applying tension. 

2. The piece is elastically deformed, and when 
the stresses reach %- 2/3 the yield limit, the thin 
surface layer begins to undergo plastic deformation 
(see above, 3.) 

3. On further tension up to stresses which corres- 
pond (on the diagram) to the peak or beginning of 
the yield plateau, plastic deformation begins in one 
sector of the piece (see 1.) At this moment there is 
a momentary drop in the load on the testpiece (see 
3.). This is particularly apparent when there is a 
peak in the beginning of the yield plateau. (The 
reduction of load at the beginning of the yield 
plateau is, according to various different sources: 
13.8% (Bach), 13% (Dalby), 27% (Cook), all of which 
are conservative estimates). 

4. Simultaneously with the reduction in load, the 
testpiece is reduced in length and longitudinal com- 
pressive stresses occur at the surface layer, which 
has previously suffered plastic deformation. They 
are too small to cause (as in 4.) loss of stability 
in the places around the elastically deformed part 
of the sample, but they are quite sufficient to cause 
it where the centre of the testpiece has been plastic- 
ally deformed, i.e. in these places E) is very small, 
but A is near to unity. It follows therefore, that in 
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FIG. 3. Consecutive stages in the process of the formation of Luders’lines. In the stress-strain curves 
(in the top part of illustration), these stages are marked by thickening of the lines; below are shown 
the corresponding states of stress of the testpieces. 
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the moment when plastic deformation occurs in the 
testpiece, wrinkles will occur on the surface. This 
is somewhat similar to an indication on the surface 
of the testpiece that, exactly as under the wrinkle, 
plastic deformation has occurred in the body. 

Of such is the mechanism of Liders’lines. It must 
be noted that this is not hypothesis and proposition; 
it is based solely on proven facts. The most import- 
ant of these is the formation of the wrinkles, the 
main type of loss of stability [10]. 


CLARIFICATION OF SEVE™ AL FACTORS 
RELATED TO THE FORMATION OF 
LUDERS ’ LINES 


We will now observe how this mechanism of the 
formation of Luders ‘lines agrees with the actual 
phenomenon and with many known facts. 

A) For an objective picture of the phenomenon 
the early descriptions are particularly valuable, 
written at a time when the authors described simply 
what they saw, as no views had at that time been 
put forward. The observations of Chernov are of 
particular interest, put forward at the meeting of the 
Imperial Russian Technological Society in March 
1884, This discourse was completely original as, at 
the time, Chernov apparently knew nothing of 
Liiders ’ observations of the phenomenon. 

We will quote below a few phrases from this report 
[11]. *... on reaching the elasticity limit ... the 
non-elastic elongations which occur are momentari- 
ly disclosed by the shedding of the scale on the 


working portion of the testpiece. The scale is lift- 
ed up in the form of smal! ripples, like small fish 
scales, upon which a few tiny scales fall away 
from the piece...” 

“,.. it must be noted that these lines are of two 
kinds: one convex and the other, concave. The 
convex lines occur on the application of tensile 
load, while the concave ones occur when the same 
force is applied in compression... in fact (in the 
testpiece which has been subjected to tensile load — 
L.E.) the lines which appear are convex and are, 
moreover, as far as the convexity is concerned, 
sensitive to...” 

“,.. the stresses... are distributed by waves, which 
form a number of creases or wrinkles on the sur- 
face in question...” 

“,..the wrinkles which appear on compression of 
the bodies ...”. 

Attention should be paid to the use by Chernov, 
of the term “wrinkles”, which describes the pheno- 
menon very precisely — the loss of stability in the 
fine surface layer as the result of compression. The 
term “wrinkles” has tended to be forgotten, as the 
nature of the formation has been forgotten. The 
description of the process given above recalls the 
fundamentals of their formation and also explains 
the behaviour of the scale. If the testpiete were to 
be tested only in tension and shear, only cracks 
would appear on the scale (as may be observed on 
a varnish coating) while with the formation of 
wrinkles, it would be expected that the cracked 
film would then “lift”, “peel off” or “break away”. 
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B) It is well known that Liiders’ lines only appear 
on testpieces of materials which have an yield plat- 
eau and only on the application of a tensile load. It 
appears that their appearance is connected with 
some specific peculiarities of the plateau. 

According to what has been propounded these 
peculiarities are: a) the existence of a weakened 
surface layer, and b) the drop in load on emergence 
into the yield plateau and its continuation, which 
causes localization of the spread of plastic deform- 
ation during this period. It is just in testpieces of 
soft materials with clearly expressed yield plateaus 
that the weakened surface layer and the localization 
has been found. 

There is, on the other hand, a close connexion 
between the presence of a yield plateau and the 
weakened surface layer, and the appearance of the 
wrinkles. This is also confirmed by the use in prac- 
tice of the method of preventing the formation of 
wrinkles: when objects with high purity specifica- 
tions are made of thin sheet, the formation of wrink- 
les on the surface is prevented by “dressing” — 
additional cold rolling under low compression — 
0.5- 1.0%. This causes both a stiffening of the sur- 
face layer and removal of the yield plateau, thus 
eliminating the main causes of wrinkle formation. 

C) The wrinkles are formed and are clearly vis- 
ible during the extension of the yield plateau. In 
the process of further deformation they gradually 
disappear and in their place there remains a matte 
surface. This is easily explained by our proposi- 
tions above. 
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INVESTIGATION OF THE CAUSES OF DIFFUSION “ACTIVITY” IN CRYSTALLINE 
BODIES WITH DISTORTIONS 


Il. THE PROBLEM OF THE DIFFUSION “ACTIVITY” OF ELECTROLYTIC COPPER * 
Ya.Ye. GEGUZIN, G.N. KOVALEV and N.N. OVCHARENKO 


Khar’kov State University, Ukraine Institute of Metals 


(Received 31 March 1959) 


By means of experiments on the diffusion of sulphur **S in electrolytic copper and the recrystalliza- 


tion of this same copper, it has been shown that the heightened diffusion “activity” is due to the exist- 


1. INTRODUCTION 


In the preceding articles [1, 2], in considering the 
question of the reasons for the heightened diffusion 
“activity” of metals with distorted lattices and, in 
particular, of electrolytically produced metals, the 
opinion was expressed that, in high temperature 
fields, the circumstance which determines the light- 
ened diffusion “activity” is the existence of net- 
works of free boundaries and separated linkages 
between the structural elements. [t was shown how 
the results of sintering experiments conducted on 
models were in agreement with this opinion. How- 
ever, some interest attaches to further experimental 
data such as could be used in connexion with the 
problem of the reasons for the heightened diffusion 
“activity” of electrolytically produced metal. As is 
well known, this “activity” is restricted to pre- 
melting point temperatures [3]. 

With a view to obtaining such data we undertook 
a study of two different phenomena: the diffusion of 
radioactive sulphur in electrolytic copper (e.c.) and 
the recrystallization in e.c. The setting up of these 
experiments is justified by the following considera- 
tions. The network of free surfaces which separate 
the elements of the structure should become visible, 
firstly, if there is an abrupt cessation of the pro- 
cess of convergent recrystallization due to disloca- 
tion along the networks of coherent grain linkages, 
and secondly, it should assist the process of con- 
vergent penetration of the diffusing atoms (in this 
case, of sulphur) along the networks. In our opinion, 
disclosure in experiments of these two signs of the 
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ence of branched networks of surfaces of separation between the structural elements. 


existence of a network of free surfaces would be 
evidence of great assistance in developing the pro- 
positions we have made regarding the reasons for 
this high-temperature diffusion “activity”. 

Clarification by experiment of the cause of the 
heightened diffusion activity observed in high tem- 
perature fields does seem to us to be of great im- 
portance for various physical problems and, in par- 
ticular, for the problem of the sintering of “active” 
powders. 

For our investigation we selected electrolytic 
copper which, as is well known, has particularly 
great diffusion “activity” at high temperatures. 
With a view to following the phenomena under in- 
vestigation at different stages of“activity” of the 
metal, we studied electrolytic copper produced at 
various current densities. In investigating the re- 
crystallization we used the metallographic method 
and, for the study of the diffusion of sulphur in 
copper, the method of autoradiography. Sulphur was 
selected because the formation of sulphides of cop- 
per is accompanied by increase in volume and the 
copper is diffused beyond the grain boundaries, or 
along free boundaries; that is to say, it is particu- 
larly suitable for visval detection of the network. 


2. THE DIFFUSION OF SULPHUR IN 
ELECTROLYTIC COPPER ACCORDING TO 
DATA OBTAINED BY THE METHOD OF 

AUTORADIOGRAPHY 


The experiments for the autoradiographical study 
of the diffusion of sulphur in e.c. were conducted 
in the following way. 

After careful annealing in an argon atmosphere in 
order to obtain a coarse grain, drops of a solution 
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Diffusion “activity” of electrolytic copper 


FIG. 1. Autoradiograms of copper; top — e.c. obtained at 
I = 0.5/dm*, in the middle — oxygen-free copper; below — 
e.c., at = 10 A/dm’: 

a —at 0G, 1.5 hr; b — at 750°C, 5 hr x 30. 


of elementary sulphur of the isotope *5S in carbon 
tetrachloride were applied to the polished surface of 
a polycrystalline specimen of oxygen-free copper. 
After the evaporation of the carbon tetrachloride a 
film of sulphur °**S remained on the surface of the 
specimen, with a density not exceeding 10™ g/cm’. 
The specimen was then soaked in a drying cup- 
board for 1.5 hr at 50°C. This heat treatment was for 
the purpose of combining the sulphur with the cop- 
per sulphide, which would ensure a firm grip bet- 
ween the film and the specimen. 

It should be noted that with this kind of applica- 
tion of the radioactive isotope there is no complete 
guarantee that the initial activity of the different 
specimens will be the same. For this reason the 
joint evaluation of the accompanying radiograms 
must be made qualitatively only. 

A specimen of electrolytic copper was firmly fix- 
ed to the surface of the specimen of oxygen-free 
copper coated with °**S. The duplex specimens pro- 
duced in this way were then subjected to diffus- 
ion annealing for a qualitative examination of the 
temperature and time relationship of the penetration 
of the copper by the sulphur, and of the nature of 
this process. 

After annealing specimens were prepared in a 
plane perpendicular to that used for coating with 
38S, The distribution of the sulphur in this plane was 
studied by the use of the methods described in 
paper [4]. The specimen without protective film was 
brought into contact with a fine-grained film of 


NIKFI type MR. 


The temperature relationship was observed on 


FIG. 2. Autoradiograms of copper. 
Arrangement as above: 
a — at 850°C, 1 hr; 
b — at 950°C, 1 hr; x 30. 


samples which were annealed at 700, 800 and 900°C 
(1 hr for all). The time relationship was observed on 
samples annealed at 700°C. Before diffusion anneal- 
ing, all the electrolytic copper pieces were given 

a long annealing at the same temperature as the sub- 
sequent diffusion treatment, in order to stabilize 
structure. 

The most characteristic autoradiograms obtained 
in the experiments described are shown in Figs. 1 
and 2, each of which has two autoradiograms: one 
of the transverse section of the duplex sample of 
oxygen-free copper and e.c. obtained by deposition 
at | = 10 A/dm? and the other, of oxygen-free copper 
and e.c. obtained by deposition at / = 0.5 A/dm?. 
The following peculiarities of the process of the 
diffusion of sulphur in e.c. may be observed in these 
illustrations: 

1. The sulphur penetrates the electrolytic copper 
considerably faster than is this case with cast cop- 


per. Copper obtained at / = 10 A/dm? is more “active” 


than that obtained at / = 0.5 A/dm?. 

2. The heightened diffusion activity of the e.c. is 
due to the development of networks of boundaries, 
along which diffusion is easier. 

Comparison of the autoradiograms with the micro- 
structures (see Figs. 3h and 4h) shows that the 
main diffusion flow is along the networks of bound- 
aries which have a lot of breaks and pores caused 
by diffusion. 

3. As the ratio of the coefficient of surface dif- 


fusion to that of volumetric diffusion is reduced as 


the temperature rises, the extent of the relative 
“activity” of e.c. compared to that of foundry copper 
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FIG. 3. Structure of e.c. obtained at / = 10 A/dm’, at different stages of recrystallization. 
Above — structure of undeformed samples; below — structure of deformed samples: 
a, b — original state; 
c, d — at 200°C, 30 min; 
e, f — at 600°C 30 min; 
g, h — at 1000°C, 30 min x 75. 


bad 


FIG. 4. Structure e.c. obtained at / = 0.5 A/dm’, at different stages of recrystallization. 
Arrangement as for Fig. 3: 
a, b — original state; 
c, d — at 200°C, 30 min; 
e, f — at 600°C, 30 min; 
g, h — at 1000°C, 30 min; x 75. 


will also be less. 

A rough estimate of the coefficients of diffusion 
of sulphur in cast (D,) and electrolytic copper (D,) 
(produced with the aid of the relationship D ~X?, 
where X is the depth of penetration of the sulphur 
into the copper) shows that the value of D,/D, 
changes from ~ 10 at 700°C to ~ 10 at 800-900°C. 

We note that the “activity”, which it is quantitativ- 
ely convenient to characterize with the value 
\ = Dq/D, where Dj is the coefficient of diffusion 
in a distorted lattice, D, is the equilibrium coeffici- 
ent of self-diffusion in monocrystals, is, at higher 


temperatures, not only reduced as a result of the 
reduction in the ratio D,/D, (D, is the coefficient 
of surface diffusion or diffusion along the bound- 
aries of elements of the structure), but also because 
the “front” of surface diffusion is reduced as a re- 
sult of the process of coagulation of micropores and 
cracks into larger formations, and the closing up af 
certain of the breaks as a result of the baking. 


3. THE RECRYSTALLIZATION OF 
ELECTROLYTIC COPPER 


As is to be expected from the results of the 
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FIG. 5. Structure of deformed oxygen-free cop 


Diffusion “activity” of electrolytic copper 


r at different stages of recrystallization annealing: 
a — original state; 


b — at 200°C, 30 min; 
c — at 600°C, 30 min; 


experiments described in the foregoing paragraphs, 
the heightened diffusion “activity” is closely con- 
nected with the existence of branched “networks” 
along which diffusion takes place more easily than 
through the body of the grain. These sectors of the 
“network” have free boundaries with surfaces where 
there are concentrations of undissolved impurities, 
that is, boundaries along which the coherent link 
between the adjacent elements of structure (grain, 
mosaic blocks) has been broken. They should act 
as a barrier to converging recrystallization, i.e, it 
should be possible to assume, as has been already 
indicated [5], that there will be very much less con- 
verging recrystallization in electrolytic copper than 
is found in plastically deformed foundry copper 
testpieces. We note that both “free” surfaces and 
surfaces enriched by impurities are to be found in 
electrolytic copper. 

The experiments which were conducted in order 
to check the above assumptions, consisted in the 
following: 

Metallographic observations were made on the 
structure of five different testpieces of e.c., all 
annealed at the same time at 200, 400, 600, 800 
and 1000°C for 30 min. 

The following specimens were examined: 

No. 1 —e.c. obtained at current density 

10 A/dm’. 

No. 2 —e.c., same as No. 1, deformed by 50% 

under compression; 

No. 3 —e.c., obtained at current density 

= 0.5 A/dm?; 

No. 4 —e.c., same as No. 3, deformed by 50% 

under compression; 

No. 5 — high purity oxygen-free copper, deformed 

50% under compression. 

The plastically deformed testpieces were anneal- 
ed at the same time as those which had not been 
deformed but which had distortions due to the speci- 
fic conditions of their production (of electrolytic 


d — at 1000°C, 30 min; x 75. 


origin). This was done in order to be able to decide 
what part in the process of converging recrystalliz- 
ation was played respectively by initial distortions 
and by the dispersion of structure caused by plastic 
deformation. 

Typical structures for the testpieces are shown 
in Figs. 3, 4 and 5. Samples No. 1 and No. 2 were 
obtained at / = 10 A/dm? and behaved almost iden- 
tically in the process of converging recrystalliza- 
tion (Fig. 3). The average sizes of the grains are 
very close throughout the whole process of recryst- 
allization. Some differences were observed in the 
latter stages (see 3g and 3h) in that a rather coars- 
er grain was formed in the undeformed samples than 
in those which had undergone deformation. In tem- 
perature fields of over 600°C porosity was clearly 
seen in these samples, disposed in the main along 
the grain boundaries. This clearly defined porosity 
is the real reason why the grains formed have a mean 
volume which is 10*-105 times less than in the 
foundry copper samples which have received exactly 
the same treatment (mechanical and heat treatment) 
as those of e.c. (see Fig. 5). 

The e.c. samples obtained at / = 0.5 A/dm? are 
of particular interest as, in their initial state, they 
are characterized by coarse grain and clearly de- 
fined growth texture. As can be seen from the illus- 
trations (Fig. 4) the undeformed samples undergo 
hardly any recrystallization, but preserve their 
original structure. This may be due to the existence 
of the impurities which prevent coherent linking of 
adjacent grains. In samples which have been plastic- 
ally deformed after recrystallization the grains are 
much finer than in those which suffered nb deforma- 
tion. In this case, in studying the structures of the 
deformed and recrystallized samples, it is also 
possible to see the breaks (pores) disposed along 
the boundaries. These pores may be due to the coa- 
lescence of surplus vacancies as a result of the 
closing up of distortions, or to the coagulation of 
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small irregularities along the boundaries of the 

blocks, which would also cause the heightened dif- 

fusion “activity” observed autoradiographically. 
This peculiarity in the process of recrystalliza- 


tion of e.c. which is less apparent in samples obtain- 


ed at / = 0.5 A/dm? than in those obtained at 


= 10 A/dm?, may be the result of two things which 


lead to rupture of the linkages between the refined 
elements of structure in deformed pieces: 

a) Where there has been much deformation there 
are a lot of additional separation boundaries on 
which settle the surplus vacancies caused by the 
closing up of microdistortions of the lattice [3, 5]. 

b) External impurities, disposed in the initial 
state along the boundaries, are redistributed in the 
process of deformation and recrystallization, along 
the more branched networks of boundaries. 

Independently of which of these two phenomena 
has the greatest influence on the slowing down of 
recrystallization in deformed testpieces of electro- 


lytic copper, it is clear that in it they are the causes 


of the network of boundaries which prevent conver- 
gent recrystallization which, with other conditions 
equal, occurs to a much greater extent in samples 
of oxygen-free copper obtained by casting and forg- 
ing (see Fig. 5). 

Comparing the autoradiogramms with the micro- 
structures of electrolytic copper strong evidence is 
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In papers [1 and 2] it was shown by experiments 
on models that metals of electrolytic extraction, with 
the same geometrical configuration as those obtain- 
ed by casting and forging, have a higher diffusion 
activity on heating. This increased diffusion “activ- 
ity” in electrolytically extracted metals was found 
to be due to the existence of well-defined networks 
of free boundaries and separated linkages between 
the elements of structure. 

This paper discusses the results of experiments 
conducted for the purpose of obtaining further in- 
formation on the influence of branched networks of 
boundaries on the heightened diffusion “activity” 
observed at high temperatures. These experiments, 
like the previous ones, were conducted on models 


[2]. 
1. THE IDEA BEHIND THE EXPERIMENTS 


The increased diffusion “activity” observed ex- 
perimentally should, obviously, be more evident 
with greater development of the network of bound- 
aries. In our experiments, which consisted in the 
heating of wires covered with a layer of electrolytic 
copper, we made use of two existing possibilities 
leading to the development of the network of free 
surfaces. 

The first possibility was changing the current 
density in the deposition of the coating. A coating 
obtained at high current densities is liable to con- 
siderable distortions and for this reason it is to be 
expected that a highly developed network of sur- 
faces will be apparent in it, with consequent in- 
creased diffusion “activity”. The appearance of a 
highly developed network of free surfaces is con- 
nected with the process of coalescence of the sur- 
plus vacancies which occurs as a result of the clos- 
ing up of micro-distortions [4, 8] and the diffusion 
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coagulation of the microscopic voids which are 
found in electrolytic copper. 

The other possibility is as follows: if the copper 
coating is deposited, not on copper wire, but on 
nickel, then, under the conditions of high-tempera- 
ture annealing, free surfaces will be caused in the 
copper coating not only as a result of the closing 
up of distortions and the coagulation of micro-cracks, 
but also because, [3] in a copper-nickel system, 
there is a predominant diffusion flow of copper into 
the nickel, which means that the copper is enriched 
by the surplus vacancies which, joining together 
develop into diffusion porosity. Having deposited a 
copper coating on nickel wire, we have come to the 
conclusion that there is yet another source of sur- 
plus vacancies — the process of mutual diffusion, 
which adds its power to that of the source of surplus 
vacancies which is active during the annealing of 
electrolytic copper*. Both of the possibilities in- 
dicated were used in the tests described below. 


2. RESULTS AND EVALUATION OF THE 
EXPERIMENTS 


The method used for producing the wires coated 
with a layer of electrolytic copper was borrowed by 
us in its entirety from paper [2]. In this same work 
there is a detailed description of the process used 
in producing the testpieces (the wire is rolled on to 
reels), the annealing and the subsequent metallo- 
graphic examination of the testpieces. 

The first series of experiments amounted to ob- 
servations after the baking of testpieces made of 
wire with copper cores on to which a layer of elec- 
trolytic copper had been deposited at different cur- 
rent densities. The main experiments in this series 


* Generally speaking this “source” may be treated as 
“negative”, allowing, that is, for basic essentials of 
the process of healing distortions. 
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FIG. 1. Wires with copper cores after baking at 750; 
t= 20hr: 
a — coated at] = 5A/dm?; 
b — coated at ] = 10A/dm’; x 125. 


were completed on testpieces on to which the layer 
of electrolytic copper had been deposited at two 
current densities, 5 and 10 A/dm?. Although the cur- 
rent density was changed twice in all cases, with 
the characteristic microstructures observed in the 
experiments of this series (Fig. 1) it was quite clear 
that testpieces obtained at / = 10 A/dm? showed 
greater activity with baking. This could be seen by 
the size of the chords along which there was con- 
tact, and the structure of the contacting sectors. 
The higher diffusion “activity” of the 10-Amp test- 
pieces fully agrees with the “openness” of the 
structure, clearly visible in Fig. 1b, which results 
in the development of networks of free surfaces. 

The second series of experiments consisted in 
the baking of samples of wire models with nickel 
cores covered with copper which had been deposit- 
ed in an electrolytic cell at / = 5 A/dm?. Fig. 2 
shows typical photographs made at different stages 
in the process of baking at 750°. On these photo- 
graphs the kinetics of the baking process can be 
followed, accompanied by the interdiffusion of the 
metals of the core and the coating. 

That the nickel-cored wires, as already stated, 
showed more activity with baking than those with 
the copper cores, is clearly visible from Figs. 3 
and 4 which, for comparison, shown microphotographs 
of the testpieces with the two different kinds of 
cores. 

The extent of the increased “activity” of the bak- 
ing process for the nickel-cored wire may be semi- 
quantitatively analysed by comparing the effective 
coefficients of self-diffusion D, determined as the 
value of the chord Y along which there is contact 
between the nickel cored Dy; and the copper-cored 
Dey wires*. Appropriate figures, obtaining by 
averaging a large number of sizes of the chord, are 


FIG. 2. The kinetics of baking wires with nickel cores 
at 750°:- 
a — 3 hr; b — 10hr; 
— 20 hr x 50. 


given in Table 1. 

General speaking, the increased diffusion “activ- 
ity” observed in the testpieces with nickel cores 
may be due not only to the more developed network 
of free surfaces, but also to two further causes: 

a) as a result of the presence of surplus vacancies 
due to the “unipolarity” of diffusion of the copper 
in the nickel [3], which, being in an “atomic” state, 
causes an increase in the coefficient of self- 
diffusion; and 5) since a solid solution of copper 
and nickel forms more readily in the contact sectors, 
it is in principle not possible to exclude the fact 
that the effective coefficient of self-diffusion of 
copper in nickel may be greater than that in pure 
copper, which would also cause more active baking 
of the nickel-cored wire. It is however, possible 
to show that both these can have only a very small 
effect on the value 


and in any case do not affect the valne observed 
for A. 

In paper [5], on the basis of the data for the re- 
lationship between the lapse of time and the linear 
dimension of pores of diffusion origin, formed in 
copper with mutual diffusion in a Cu-Ni system, it 
was demonstrated that the value of the relative su- 
persaturation of a lattice with vacancies Aé/&,, 
caused by the existence of the prevalent diffusion 
flow from copper to nickel 


* Other conditions being equal, as shown in article 
[4], D 
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TABLE 1. Data on the baking of electrolytically coated copper and nickel wires 


Y, pat 750° 


Y, p at 950° 


Testpieces 


10 hr 20 hr 10 hr 20 hr 


With nickel core 
With copper core 


~A2 ~58 ~68 
~13 ~3l ~ 34 


~16 


~110 ~ 13 


a 


wre 
re 


wee 
$ 
és 


FIG. 3. Wires with copper and nickel cores, 
baked at 750°; t = 20 hr. 
a — copper core; 
b — nickel core; x 125. 


(i.e. the true concentration of vacancies exceeds 
equilibrium by ~ 1%), is really remarkably small to 
have caused the values of A observed. According to 
the well-known relationship D, = €D,, the coeffici- 
ent of diffusion of atoms D, is proportional to the 
concentration of “atomic” vacancies (D, is the coef- 
ficient of self-diffusion of vacancies). Thus 


AR 


and A could only be altered by 1%. 
The second of the two possible causes mentioned 
for the heightened “activity” of the wires with nick- 
el cores would also be unable to cause the values 
of A observed. The basis for these assertions lies 
in the experimental results contained in paper [6], 
which gives data concerning the partial coefficients 
of self-diffusion of copper D7. and Dy; in Cu-Ni 
u 1 
alloys. Using these data and bearing in mind that 


FIG. 4. Wires with copper and nickel cores, 
baked at 950°; ¢ = 20 hr. 
a — copper core; 
b — nickel core; x 125. 


the effective coefficient of self-diffusion in an al- 
loy with a linear combination of partial coefficients 


of self-diffusion [7] 
D=cDe +(le—) Dy; 


(c is the concentration of copper in the solution), 
it can be shown that the value of A ought to be 

~ 1-2. It is thus possible to say that the consider- 
able increase of diffusion “activity” observed ex- 
perimentally in wires with nickel cores, is due to 
the presence of the networks of boundaries which 


have developed. 


3. CONCLUSIONS 


1. it has been demonstrated by experiments on 
models consisting of wires with copper and nickel 
cores, coated with electrolytic copper, that the in- 
creased diffusion “activity” observed where there 

is an acceleration in the heating process, may be 

due to the presence of networks of free boundaries 
and separated linkages between the structural ele- 


ments. 
2. Two methods of procedure have been used in 
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this work, leading to the development of networks 
of boundaries and diffusion porosity: a) stepping up 
the current density used to deposit the coating, and: 
b) the simultaneous use of two courses of diffusion 


porosity: the process of “closing up” distortions, 
and mutual diffusion. 


Translated by V. Alford 
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As is generally known the structure of electro- 
depositions determines a number of technical char- 
acteristics of metallic coatings. With their help it is 
possible to give desired properties (decorative, elec- 
tric, magnetic, mechanical, etc.) to the products 
made from very different metals. The interest in the 
coatings of this type will rise still more when poly- 
meric materials commence to be used for construct- 
ion purposes. 

A wide range of permissible fluctuations in the 
conditions of electro-deposition processing makes 
it possible to change the structure and the propert- 
ies of coatings of the same metal. At the same time 
the mechanism by which the conditions of electro- 
lysis affect the structure and properties of coatings 
remains unknown to a considerable degree and re- 
quires further investigations. 
As regards the history of the structural investiga- 


tions of electrolytic depositions it should be mention- 


ed that they were, initially, directed to the study of 
a texture the presence of which is a peculiarity 
specific for these formations and also to determining 
the size of crystallites to which investigators as- 
sociated variations of such properties as the glitter 
and hardness. 

Valuable information on this question were pro- 
duced in works of Glocker et al. (in Germany) [1], 
Finch, Wilman and Sun (in England) [2] and other 
numerous foreign workers [3]. Specially interesting 
are t'e works of our own investigators: the works of 
~<a ov [4], Palatnik [5], Makar’eva [6], Kochergin 

The results of structural investigations helped 
the understanding of the laws of the formation of 
depositions and offered some base for rational con- 
trol of their properties. The results of many invest- 
igations were contradictory, however. In the first 
place this refers to the works carried out with the 
aim of determining the relationships between the 
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conditions of electrolysis, the type of texture and 
the properties of depositions. Only in a few cases 
it was possible to determine a simple relationship 
of the size of crystallites to the glitter and hard- 
ness of depositions. Furthermore, it was explained 
that the possibilities of research in this region are 
limited by high sensitiveness of such structural 
features as crystal size and, particularly, the type 
of texture to the slightest additions of surface- 
active substances in solutions. The fluctuation in 
the obtained results was, apparently, the cause of 
the loss in interest for the structural investigations 
of galvanic depositions. 

As a result of numerous investigations of the elec- 
trolytic depositions of different metals, which were 
carried out in a number of laboratories, particular- 
ly, in the laboratory of the structure of surface lay- 
ers at the Physicochemical Institute of the Academy 
of Sciences of the U.S.S.R., it was shown that along 
with the depositions characterized by a normal 
crystalline metal lattice and a clearly expressed 
external crystalline structure there can also appear 
during electrolysis a structure which is character- 
ized by the absence of the elements of crystal 
boundaries and having a more or less defective 
crystalline lattice. The depositions of this type 
which, generally give an anomalous diffraction pat- 
tern were named by us as the depositions of blur- 
red crystalline type [8]. The coatings of a practical 
interest like chromium, brilliant nickel, chemical- 
ly reduced nickel, manganese and rhenium belong 
to this group of depositions. 

The extent of crystal lattice deformation in these 
depositions can be judged either by data on the 
elastic stresses arising in the base-deposition 
system, usually determined by the method of a flex- 
ible cathode, or on the basis of X-ray investigations 
of the change in the lattice parameter. The data on 
the elastic stresses, obtained through investiga- 
tions of the dependence of initial magnetic suscep- 
tibility of a metal to the magnitude of magnetizing 
pole carried out in our laboratory are in a good 
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FIG. 1. A photograph of the surface of a manganese 
deposition prepared from sulphate solution; 
x 6000. 


agreement with the results of the above mentioned 
methods. In certain cases where the calculation of 

a change in the lattice parameter is very difficult, 
for instance in the case of manganese, it is possible 
to judge the extent of crystal lattice deformation on 
the basis of data on mean-square atom displacement. 

Concerning the external structure of the deposi- 
tions of the blurred crystalline type which are often 
characterized by the presence on their surface of 
semispherical formations “somatoids” whose details 
cannot be resolved even under the conditions of 
electron microscopy it is possible to judge by a pho- 
tograph of manganese deposition (Fig. 1). 

The depositions of this kind have a feature that 
their properties (particularly) magnetic properties of 
such metals like nickel and cobalt) spontaneously 
change the same way as do the structural character- 
istics which can be controlled by X-ray method. A 
slight heating of the depositions strongly acceler- 
ates the occurrence of transformations in them. 

As a result of numerous investigations of the de- 
positions of the blurred crystalline type it should be 
concluded that the structural characteristic of the 
depositions, determined in the usual way, often 
refer not to the primary layers forming at the cathode 
but to the system which has already undergone the 
subsequent (spontaneous) transformation. It is per- 
fectly evident that the data describing the structure 
at the very moment of the reduction of ions at the 
cathode are necessary for the understanding of the 
mechanism of electrocrystallization. In order to 
obtain the data of this kind referring to the deposi- 
tions of the blurred crystalline type which undergo 
the spontaneous transformation it is necessary to 
work out special investigations into the structure 
at the moment of the formation of depositions during 
the electrolytic process utilizing the modern appar- 
atus which makes it possible to get the diffraction 
pattern with a short exposure. In order to interpret 
the diffraction patterns of the depositions of the 


blurred crystalline type it is often necessary to use 
the methods worked out for the identification of 
amorphorus structures. 

At the same time it should be mentioned that for 
the understanding of the structure of such deposi- 
tions and particularly, of the mechanism of their 
formation it is insufficient to study them by using 
only structural methods; one should combine these 
with other methods like chemical, radiochemical 
methods of deposition analysis, method of magnetic 
measurement, methods for investigation of mechanic- 
al properties, etc. 

The appearance of the structural defects observ- 
ed in electrolytic depositions can be linked with 
the inclusion of nonmetallic admixtures (sulphur, 
phosphorus, hydrogen, carbon or their combinations) 
into the crystalline lattice. This condition can re- 
sult from the interaction of metal atoms with the 
components of medium, the dissociation of complex 
ions or other side-reactions. A radiochemical method 
for determining the sulphur content of electrolytic 
depositions, utilized by Sutiagina [10] in the works 
of our laboratory, made it possible to relate the 
character of the observed texture to the impurity 
content of the metal. 

As regards the question of the location of impur- 
ity atoms in the depositions, several possibilities 


‘are to be considered. The atoms can be situated in 


the lattice volume forming the substitutional or 
interstitia! type of solution. A similar character of 
interaction between a metal base and impurities was 
pointed at by Raub [11], who investigated the iron 
depositions obtained in the presence of sulphurous 
combinations, Moiseev and Popova who studied the 
system hydrogen-manganese [12] and others. There 
exists, however, another possibility of distribution 
of impurities included in depositions namely their 
preferential concentration at the block boundaries 
of the mosaic structure. Certain conclusions concern- 
ing the strength of the metal-impurity bond can be 
derived, for instance, from the results of investiga- 
tions into the kinetics of hydrogen extraction on 
vacuum heating of a deposition. But data of a simi- 
lar type cannot be obtained for such impurities as 
sulphur, phosphorus and others. Impurities can also 
be adsorbed on crystal planes and edges. Different 
adsorption on various planes can result in the ap- 
pearance or change of the texture of depositions. 
The presence of texture in the deposition pre- 
pared by electrocrystallization was noted in a num- 
ber of works. As already mentioned, the direction of 
preferential crystal orientation (the texture axis) 
strongly depends on the conditions of electrolysis. 
Thus, the influence of alternating current imposed 
on a cell during electrolysis [13] can be seen in 
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a — texture axis 


FIG. 2. a-b — diffraction patterns of nickel ne 


ositions prepared from sulphate solution, pH = 5.6; 
110], Dd.c.= 2A/dm; 


b — texture axis [001], = 2A/dm’, = 7.5 A/dm?. 


Fig. 2, a-b. The depositions were prepared from the 
sulphate solution of nickel in the absence of speci- 
al additions of surface- active substances. The pic- 
ture shows that the application of an alternating cur- 
rent resulted in the change of the texture axis from 
[110] (Fig. 2a) to [001] (Fig. 2b). 

The introduction of surface-active substances into 
the solution exerts an important influence on the 
texture. In case of nickel, especially, the introduct- 
ion of sulphur into the deposition (hundredths of a 
per cent), other conditions being constant, causes a 
change in the texture character viz. the change in 
the texture axis from [110] to [001]. A further in- 
crease in the amount of the sulphur in the deposit- 
ion (4-5 per cent) led to the disappearance of the 
texture and to increased diffuseness of the lines in 
the diffraction patterns. 

As regards the causes of the rise of an oriented 
structure of electrodepositions, there are two view- 
points. According to the first the texture arises 
as a result of the plastic deformation occurring in 
depositions under the action of stresses which de- 
velop in them [14]. This theory, however, conflicts 
with a number of experimental facts. For instance, 
ia gold depositions the texture with a [110] axis was 
observed although there were no inner stresses in 
them. From this viewpoint it is impossible to ex- 


plain the difference in the texture of the nickel de- 
positions prepared under different electrochemical 
conditions but having the same internal stresses. 

According to the second viewpoint the texture 
results from competition between differently orient- 
ed crystals forming at the first moment of the depo- 
sition generation. The results of numerous investi- 
gations which were aimed at this are in a good 
agreement with this viewpoint. In Fig. 3 is seen a 
photograph of a coarse-grained cadmium deposition 
showing no internal stresses but having, however, 
clearly expressed texture with an axis perpendicul- 
ar to the basal plane. A similar non-dependence of 
the texture on stresses was observed for manganese 
depositions. Investigations of Moiseev [15] showed 
that the manganese depositions prepared by 
Sanzharovski in the baths containing sulphurous 
gas, having clearly expressed crystalline structure 
were of different texture depending upon the condi- 
tions of electrelysis. At the same time the manga- 
nese depositions, prepared in the usual baths, with 
strongly deformed lattice were free from texture. 

Very interesting is the fact that the conditions 
of electrocrystallization seem favourable for the 
appearance of modifications which are thermodyn- 
amicaily unstable at the given temperatures. A sim- 
ilar phenomenon was observed in case of the 
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FIG. 3. A photograph of the surface of a cadmium deposi- 


tion; x 280. = 2A/dm?, = 24 A/dm. 


depositions of chromium, nickel, cobalt, manganese 
and some alloys. Thus, Sasaki and Sekito [16] show- 
ed that at a current density higher than 18 A/dm? 
chromium with a hexagonal lattice forms, transform- 
ing very slowly (according to data of Ollard, in 40 
days) to the cubic phase. In numerous works [17] 
nickel with a hexagonal type of lattice was observed 
the relative stability of which is, apparently, ensur- 
ed by the hydrogen included in the lattice. Kersten 
[18] showed that at the electrolysis of sulphate so- 
lutions B-phase cobalt forms which appears to be 
stable only at temperatures higher than 400°C. 
Polukarov studied the electrochemical conditions 
leading to the transition of the binary system a + 8 
cobalt to the monophase system (a-cobalt). Changes 
in the nature of the depositions were observed on 
changing the acidity from values corresponding to 
pH < 2 to values corresponding to pH > 3. In this 
case for the registration of the transition from the 
binary system (a + B-cobalt) to the monophase one 
(a-cobalt) the method of measuring the magnetic cha- 
racteristics of the depositions was found to be very 
sensitive. 

In Fig. 4 are the curves describing the presence 
of sharp changes in values of the coercive force and 
residual induction of the cobalt depositions for the 
acidity region pH = 2-3. It should be mentioned that 
the transition from the binary system to the mono- 
phase one, in this range of pH, is accompanied hy 
similar sharp changes in the magnitudes of inner 
stresses in the depositions. In Fig. 5, a-b are seen 
photographs of the microstructure, as seen by elec- 
tron microscope, of the cobalt depositions corres- 
ponding to the mixture of crystals of a+ 8 phases 
(Fig. 5a) and a-phase (Fig. 5b). It can be seen in 
the pictures that the type of crystal structure of the 


-H 


FIG. 4. Curves of the dependence of coercive force 
H,, residual induction V,/Vt —H and internal stres- 
ses on the pH of solution of cobalt depositions. 


depositions is also different. 

In the work of Moiseev and Popova [15] it was 
showed that the formation of unstable modifications 
occurs also in the electroprecipitation of manganese. 
Thus, in some depositions, which were prepared 
from sulphate solutions, the presence of the y-phase 
was observed which is. stable as generally known, 
only above 1191°C. 

It is interesting that unstable phases appear 
sometimes in the electroprecipitation of alloys. 
Numerous investigations showed that the electro- 
precipitation of two metals often results in the rise 
of supersaturated solid solutions even in case of 
components which are mutually insoluble under 
these conditions (according to the phase diagram) 
(111. 

Polukarov and Bondar’ investigating the structure 
of electrolytically precipitated copper-bismuth, 
copper-lead and copper-thallium alloys which are 
characterized by diagrams of the eutectic type show- 
ed that a solid solution of bismuth in copper forms 
at the cathode during precipitation changing the 
copper lattice parameter to values of the order 
3.635-3.648A. The extent of supersaturation in- 
creased with current density and reached, accord- 
ing to the data of X-ray investigations, values cor- 
responding to 12 per cent of bismuth by weight. At 
further increasing of current density the extent of 
supersaturation increased so much that the lines of 
the diffraction pattern completely disappeared. 
Data from chemical analysis always showed more 
bismuth (up to 40 per cent in the alloy) than it was 
possible to expect on the basis of data on the ex- 
tension of the copper lattice; however, other lines 
except the copper lines were not observed. Raub 
[19] pointed out the same phenomenon. 
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The structure of the alloy described above is 
characteristic for the deposition prepared from chlor- 
ide solutions with relatively high (compared to bis- 
muth) copper concentration in the solutions (0.6 n: 
0.4 n). In the same solutions but with relatively 

low copper concentration (0.2 n: 0.8 n), under the 
conditions which made it possible to prepare the 
depositions of the same composition, a system was 
obtained consisting of a mixture of pure copper and 
bismuth crystals. Differences appear in the phases 
present in the depositions of these two types and 

in the character of the crystalline structure can be 
seen by comparing Fig. 6 (a) with Fig. 6 (6). 

An analysis of the problems concerning the rea- 
sons for the rise of thermodynamically unstable 
phases, observed at electrocrystallization, should 
take into account, in the first place, the possibility 
of the appearance at the cathode of particles posses- 
ing very high energy during the discharging of ions. 
This can lead to a rise of the systems with increas- 
ed free energy, viz. systems which are thermodyna- 
mically unstable at a given temperature region. The 
higher the super-potentia! at an electrode, the high- 
er should be the energy of discharging particles. 
The views of this kind are confirmed by the consi- 
deration of the case described above of the depend- 
ence of the phase structure of cobalt depositions on 
the solution acidity and also by data of the poten- 
tial measurements made in the course of electro- 
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FIG. 5. a-b — photographs of the surface of a cobalt depositions prepared from sulphate 
solutions; x 6600, a — pH=2.1, b — pH = 2.6. 


FIG. 6. a-b — photographs of the surface of copper-bismuth alloy (40% Bi, 60% Cu), 
x 6600. Bath content: a — 0.8 n Cu and 0.2 n Bi; b — 0.2 n Cu and 0.8 n Bi. 


precipitation of cobalt from solutions of various 
acidity [20]. In the solutions of high acidity (up to 
pH = 2) ccbalt precipitates with a considerable 
super-potential which fact is related to the presen- 
ce of the more stable hydrate complex in the acid 
solutions [21]. 

The metastable 8-phase forms at the cathode as 
previously mentioned exactly under these conditions. 
After a sharp drop of super-potential in the region 
pH = 2-3 the metastable phase was not observed in 
the depositions. The appearance of supersaturated 
solutions observed in electroprecipitation of the 
alloys under the conditions of high super-potential 
can also be linked with the discharge of ions. In 
distinction from the conditions leading to the forma- 
tion of the depositions consisting of a mechanical 
mixture of copper and bismuth crystals the formation 
of a phase of supersaturated solution of bismuth 
in copper occurred at a considerable super-potential 
at the cathode. This is caused by the fact that the 
preparation of the alloy of the same chemical com- 
position (40 percent of bismuth) from the solutions 
with higher copper content required a considerable 
increase of the cathode potential. 

The possibility of the formation of metastabie 
phases, which are stable only at high temperatures, 
in the crystallization of metals from metal vapours 
and in electrocrystallization was also pointed at by 


Wilman [22]. 
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The simultaneous discharge of two metals at the the specific conditions of electrocrystallization can 
cathode, as already mentioned can result either in lead to the formation at the cathode of special 
the separate crystallization of both components or in _ structures which are not typical at normal tempera- 
the formation of a single lattice of a solid solution. tures for the metals (or alloys) prepared by some 
It is defined, apparently, by how much the work for other method. 
the formation of a nucleus of the electro-negative The extensive possibilities offered by the glava- 
metal i.e. one whose reduction proceeds at a higher nization for influencing, the structure of metals and 
potential, exceeds the energy of deformation of the alloys are very important for the solution of many 
crystalline lattice of the metal previously precipit- technical problems which would allow us to obtain 
ated; this energy is linked with the introduction of coatings with any given properties. 
the second component into the lattice. 

From the material presented here it is evident that Translated by N. Smajic 
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A STUDY OF THE CONNEXION BETWEEN INTERNAL ADSORPTION AND 
ELECTRICAL RESISTANCE 


IN ALLOYS * 


V.I. ARKHAROV, B.S. BORISOV, S.D. VANGENGEIM and G.K. SOKOLOVA 
The Gorki State University of the Urals 


The phenomenon of intercrystalline internal ad- 
sorption is a very difficult thing to study, due to the 
small scale of the areas of structural non-homogen- 
eity which create the concentration non-uniformities; 
in particular, one difficulty in experimental studies 
is the extremely small thickness of the adsorbed 
zones on the intercrystallite boundaries. 

Up to the present time the basic groups of methods 
used have been the following. 

1. Observation of the changes caused by alloying 
additions on the course of diffusion of a tracer ele- 
ment from the outside, whereupon a change in the 
extent of preferential diffusion along the intercrystal- 
lite boundaries is shown. 

Here, both more graphic but at the same time less 
delicate metallographic and auto-radiographic 
methods, and also less graphic but finer and quan- 
titatively more accurate radiometric methods of lay- 
er analysis of diffused layers have been used. 

2. Methods of thin layer analysis of the chemical 
composition of the surfaces at an intercrystalline 
fracture of specimens in which interna! adsorption 
at the grain boundaries causes intercrystallite brit- 
tleness. 

3. X-ray determination of the reverse change in 
lattice parameters of a solid solution caused by an 
alloying impurity, on change of crystallite size; 
this method gives the best possibility of quantitative 
treatment of the internal adsorption phenomenon. 
This method is based on the increase in overall 
“capacity” of the intercrystallite boundaries for the 
adsorbed component upon scalling down the alloy 
grain sizes, due to the overall increase in extent of 
the boundaries when this occurs. 

Upon scalling down the grains more of the alloy- 
ing component goes from the normal lattice of the 
mass of a grain into the intercrystallite state, 
changing the lattice parameter observed. The pheno- 
menon is reversible; upon subsequent coarsening 
of grain in the same alloy specimen a reverse (in 
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sign) change in lattice parameter is observed. In the 
same specimens the reverse change may be brought 
about repeatedly. 

Such a change in lattice parameter has been ob- 
served by us in many binary and ternary alloys [1- 
3]. An attempt has been made [4] to explain quali- 
tatively the behaviour of different alloying elements 
in the solvent lattice. However, further investiga- 
tion in this field have shown that neither a thermo- 
dynamic nor a qualitative molecular-kinetic approach 
is capable of explaining the mechanism of intercryst- 
allite internal adsorption. 


1. THE STATE OF THE SOLUTE ATOMS IN A 
SOLID SOLUTION LATTICE 


In order to be able to use the quantitative results 
derived to give a detailed mechanism for the intern- 
al adsorption phenomenon, it is necessary to refine 
our idea of the features of the state of the atoms of 
the dissolved component in the crystal lattice of the 
solvent. 

This question has been examined by Mott [5] and 
Friedel [6]. The basis of the model they proposed, 
as already explained in the work [7], was that in 
the field created by the electrons in the solvent lat- 
tice, the solute atoms have an excess charge, the 
magnitude of which is proportional to Z, the differ- 
ence in valencies of the solute and solvent elements. 

The interaction of the electrons in the crystal 
lattice of the solvent with electrons of an atom of 
another sort leads to a local redistribution of elec- 
tron density near this atom: the peak in electron 
density caused by the excess charge of the poly- 
valent atom, decreasing as it were in magnitude, is 
spread out into a larger volume of space, that is the 
impurity atom possesses an effective atomic radius 
greater than the Goldschmidt value. 

This redistribution of electron density, leading 
to a change in atomic radius of an impurity, has 
been called “screening of electronic charge by an 


impurity atom”. 
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FIG. 1. Electrical resistance of specimens of various alloys 
immediately after drawing. 


As has been shown by many authors [8-12], many 
phenomena which take place in dilute solid solutions 


of group II-V elements in copper and silver can be 
well explained by this model. 

The degree of screening (which may be character- 
ized by the amount the atomic radius of the impurity 
in the solid solution differs from the Goldschmidt 
(value) depends on the difference in valencies of the 
components of the solid solution; the screening is 
greater for an odd difference in valencies of the 
solvent and impurity elements. 

Also, as Fujiwara [12] has shown, the Mott- 
Friedel model can be somewhat refined if the intern- 
al (closed) clouds of the atoms are examined as a 
Fermi gas. In this case it is found that the degree 
of screening depends not only on the difference in 
valencies of the components of the solid solution, 
but also on the relation between their atomic numb- 
ers, the degree of screening being greater, the great- 
er the difference in atomic numbers of the compon- 
ents. 

From what has been said it follows that electron 
interaction (more exactly its effect, screening of 
electron charge) can also affect those processes, 
connnected with interaction of long-range order in 
the crystal lattice, which it would appear, were 
governed purely by the behaviour of the ionic sub- 
lattice. In particular, screening may have an effect 
on the process of intercrystallite internal adsorpt- 
ion. In effect, the impurity atoms may behave as if 


they possessed a “screened” atomic radius (this 
latter, as calculation shows, differs strongly in all 
cases from the atomic radius of the solvent, which 
is very little changed by the screening). 

Cottrell [13] has shown that the more the radius 
of the impurity atom differs from the atomic radius 
of the solvent, the greater the interaction between 
the impurity atom and a dislocation. Calculations by 
Webb [14], who generalized this calculation for a 
spatial system (a “wali” ) of dislocations, have also 
confirmed this rule. As a derivation from these re- 
sults, it may be asserted that further interaction 
between the lattice defect (in the general sense, for 
example with a grain boundary) and the impurity 
atom may depend on the degree of screening. 

In other words, the phenomenon of intercrystalline 
internal adsorption, which is bound up with the ionic 
sub-lattice of the crystal, may be closely connected 
with electronic processes in the lattice of a dilute 
solid solution. 


2. ELECTRICAL RESISTANCE OF DILUTE 
SOLID SOLUTIONS 


Mott [5] has shown that the electrical resistance 
(diffusion of conduction electrons on the lattice 
defects) of dilute solid solutions depends on the 
intracrystalline state of the impurity atoms. More 
precisely, the diffusion cross-sections of impurity 
atoms in a solid solution which is a long way from 
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saturation do not correspond to the Goldschmidt 
diameters of atoms, but are appreciably greater than 
these. This is caused by the phenomenon of screen- 
ing of charge by an impurity atom. 

Conseguently, from the electrical resistance of a 
dilute solid solution one can judge the state of im- 


purity atoms in the lattice, the degree of their screen- 


ing. However, this is not the only factor which af- 
fects electrical resistance. 

In fact, suppose we have a polycrystailine alloy 
specimen, which is a dilute solid solution*. The 
initial state of the alloy is characterized by a de- 
finite extent of intercrystallite boundaries and a de- 
finite value of electrical resistance. If the extent of 
the intercrysta!lite boundaries is changed by heat 
treatment, it is evident that the resistance of the 
specimen will be changed. In particular, if the ex- 
tent of the grain boundaries is reduced (coarsening 
of grains) the electrical resistance of the specimen 
must be lowered, since coarsening the grains de- 
creases the number of defects (which are part of the 
intercrystallite boundaries), or in other words, the 
number of diffusion centres for the conductivity 
electrons is reduced. 

On the other hand, a change in the impurity atom 
concentration in the intercrystalline transition zones 
(an outflow from the latter of atoms of the alloying 
element), which is unavoidable in the process of 
grain growth, may lead to an increase in electrical 
resistance. In fact, the impurity atoms, coming back 
out of the intercrystalline transition zones, again 
show up in the lattice of the solid solution, having 
in the screened state a greater diffusion cross- 
section for the conduction electrons. 

From what has been said it follows that from the 
sign of the change in electrical resistance of a 
solid solution upon change in grain size, one can 
judge the correctness of the above ideas about the 
connexion between intercrystalline internal adsorp- 
tion and electronic screening. 

With the aim of testing the above model we un- 
dertook an investigation of the electrical resistance 
of dilute solid solutions based on copper and its 
dependence on grain size of polycrystalline speci- 
mens. 


3. EXPERIMENTAL PART 


The following systems were chosen for investi- 
gation: Cu—Cd (1% Cd); Cu—In (1% In); Cu—Sn 
(0.6% Sn); Cu—Sb (1% Sb). Electrolytic copper of 


* In future we will only talk about solid solutions based 
on monovalent metals (Cu, Ag, Au). 
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purity 99.99% was used in preparation of the alloys, 
with granulated Cd and Sn, In (99.9%) and Sb (99.9%). 

The alloys were melted in an induction furnace 
in quartz crucibles under a layer of borax. After 
thorough forging and homogenizing annealing, the 
ingots were cut lengthways and each part drawn out 
into wire (length of wire 410 mm, diameter 0.3 mm). 

The resistance of the specimens was measured 
immediately after extension (i.e. in the deformed 
state); the results are shown in curve 7 in the 
figure. Measurements were also made after low- 
temperature (400-600°C) annealing to remove stres- 
ses in the specimen (curve 2) and after high- 
temperature (800-900°C) annealing and slow cooling, 
that is after grain coarsening. 

The measurements of electrical resistance were 
carried out by a compensation method using a 
PPTN-1 potentiometer, ir the temperature range 
— 192°, + 20°C. The accuracy of the measurements 
was to 0.5%. 

From the figure it is, above all, obvious that the 
resistance of the alloys increases with temperature. 
A regular relation is observed betwenn the value 
of resistance (calculated in all cases on 1 at. %) 
and the number of the alloying element’s group in 
the periodic table: the Cu—Cd alloy has the lowest 
resistance, and the Cu—Sb alloy the highest. 

The electrical resistance of all the alloys studi- 
ed was somewhat lowered after low-temperature 
(400-600°) annealing, which is explained by the 
removal of internal stress in the specimen. 

After subsequent high-temperature (800-900°) 
annealing, leading to grain growth, the resistance of 
all the alloys investigated increases in comparison 
with the deformed state. Evidently the increase in 
the resistance of alloys after annealing occurs due 
to the outflow of atoms of the alloying element from 
the zones of intercrystalline internal adsorption 
into the lattice of the solid solution, since all the 
other factors (action of temperature on internal 
stresses, change in extent of intercrystalline 
boundaries) can only decrease the electrical resist- 
ance value. 

Finally, a periodic relationship is observed 
between the increasing resistance effect and the 
valency of the alloying element. That is to say, in 
the Cu—In system the change in electrical resist- 
ance both after low-temperature and after high- 
temperature annealing is within the limits of accur- 
acy of measurement. In the Cu—Sb system the effect, 
although exceeding the limits of accuracy, is appre- 
ciably less than in the Cu—Sn and Cu—Cd systems. 

This relationship can be explained completely on 
the basis of Friedel’s idea. Actually, a redistribu- 
tion by itself of atoms of the alloying addition 
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between the masses of the grains and the intercrys- 
talline transition zones, although leading to an in- 
crease in electrical resistance, would give a linear- 
ly increasing dependence of the effect on the differ- 
ence in valency Z between the solvent and the alloy- 
ing elements. As Friedel [6] has shown, for even 
Z the screening effect turns out weaker than for 
odd Z. Consequently, in the Cu—In (Z = 2) and Cu— 
Sb (Z = 4) systems the effect of internal adsorption 
on electrical resistance must be less than in the 
alloys Cu—Cd (Z = 1) and Cu--Sn (Z = 3). 
Measurements of resistance were carried out under 
the same conditions on specimens of copper of 
various purities (99.9 and 99.999%). The change in 
resistance after high-temperature annealing in both 
cases did not exceed the accuracy of measurement. 


4. CONCLUSIONS 


(1) The electrical resistance of specimens of 
Cu—Cd, Cu—In, Cu—Sn and Cu—Sb alloys, high after 


deformation (drawing) of the specimens, decreased 


after low-temperature (400-600°) annealing. Upon 
subsequent high-temperature (800-900°) annealing 
the resistance of the alloys not only did not con- 
tinue to decrease but on the contrary, increased, 
which, it appears, is explicable in terms of the out- 
flow (desorption) of impurity atoms from the zones 
of intercrystallite internal adsorption. 

(2) The change in electrical resistance occasion- 
ed by the desorption has different values depending 
on the difference Z in valencies of the alloy com- 
ponents: in alloys with even values of Z (Cu—In, 
Cu—Sb) the effect is appreciably less than in Cu— 
Cd and Cu—Sn alloys, which have odd values of Z. 

(3) The given relationship is in full agreement with 
Friedel’s proposals on electronic screening in solid 
solutions: for even Z the screening effect is weaker 
than for odd Z. Consequently in solid soiutions 
with even Z there is less difference in the state of 
impurity atoms in the mass of a grain and at an in- 
tercrystallite boundary, which means more weakly 
expressed diffusion processes (internal adsorption 
and desorption) due to the redistribution of impurity 
atoms between the masses of grains and intercryst- 
allite transition zones. 


Translated by D.G. Noel 
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AN INVESTIGATION OF INTERNAL FRICTION IN METAL-CERAMIC BODIES 


Il. THE TERNARY SYSTEM Cu-Ni-Fe* 
B.Ia. PINES and DEN GE SEN 
Kharkov State University 


(Received 4 May 1959) 


In studying internal friction in metal-ceramic specimens from a ternary mixture of powders of 


Cu-Ni-Fe, six peaks (maxima) of internal friction were observed, corresponding to relaxation effects 


at the contacts of like and unlike [3] grains. 


Study of internal friction in metal-ceramic bodies 
is of particular interest since in such bodies there 
can exist the non-uniformity, given earlier, of com- 
position and structure. This simplifies the explana- 
tion of the mechanism of creation of internal friction 
peaks, in particular of peaks connected with bound- 
ary effects. In the work [1] the temperature dependen- 
ce of the value of internal friction (i.e. of the de- 
crement in damping ef oscillations divided by 

7 — Q"! was investigated in metal-ceramic specimens 
made from Cu, Ni, and Fe powders and from mixtures 
of powders Cu-Ni and Cu-Fe; it was shown that for 
specimens made from a mixture of powders of differ- 
ent metals there are three maxima for each on the 
temperature internal friction curve of which two cor- 
respond to the process of damping of oscillations at 
two sorts of contacts of like grain and one to con- 
tacts of unlike grains. 

To further the explanation of the occurrence of 
internal friction peaks at like and unlike grain con- 
tacts, in the present work an investigation was un- 
dertaken of specimens from ternary mixtures of the 
powders Cu-Ni-Fe. 

The measurements of internal friction were made 
on an apparatus constructed specially by us, which 
is described in the work [1], consisting of a vacuum 
torsional pendulum somewhat modified in comparison 
with that used in the works [2, 3]. 

The specimens were prepared by pressing a mix- 
ture of Cu (purity 99.99%), Ni (purity 99.99%) and 
Fe (Armco) powders, in the ratio of 33%% by volume 
of each component. 

All the powders contained similar size grains of 
dimensions less than 53 yp. Preliminary annealing 
of the specimens was carried out in the pendulum 


* Fiz. metal. metalloved., 9, No. 1, 86-90, 1960. 


itself at 1,000° in a vacuum (at a pressure of 10°- 
10-5 mm Hg) for different lengths of time t. The 
temperature was measured using a nickel-nichrome 
thermocouple and a PP potentiometer with an accur- 
acy of + 1°. The rate of heating of the specimens 

on measuring was always held constant and equal 
to 5° per min. 

A typical temperature-internal friction curve of a 
metal-ceramic specimen from the given Cu-Ni-Fe 
ternary mixture of powders is given in Fig. 1. The 
general path of the curve is like that for the case 
of specimens from pure components and from binary 
alloys of powder mixtures. On all the curves there 
are six maxima (peaks) of internal friction which 
are found at definite temperatures, and rapid growth 
of the value of Q" is observed with increasing 
temperature. 

Thus the number of internal friction* peaks is 
notably increased in comparison with binary mixt- 
ures. Besides the maxima which correspond to 1) 
pure iron (A) in the region of 300°, 2) pure nickel 
(C) about 450°, and 3) pure iron (D)} near 500°, there 
are observed three more maxima, which, as is seen 
from the previous investigation [1] may be ascrib- 
ed to relaxation processes at unlike contacts of 
the metals: 4) copper-iron (B) in the region of 
420°, 5) copper-nickel (E) about 550° and 6) nickel- 
iron (F) in the region of 600°. 

In Fig. 1, are shown three curves for specimens 
with different times of preliminary annealing at 


* At first sight it appears that the curves have points 
of inflexion and not peaks, but this however is caus- 
ed by the rapid growth of the “background”. On the 
difference curves (Fig. 2) the peaks (maxima) are 
accurately expressed. 
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1,000° . The value of internal friction was measured 
here at a frequency of oscillation corresponding to 
~0.90 cps at room temperature. On increasing the 
duration of preliminary annealing the internal friction 
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FIG. 1. Temperature-internal friction curve of metal- 
ceramic specimens prepared from ternary Cu-Ni-Fe 
mixtures of powders with different durations of pre- 
liminary annealing (1.000): 1, 30 min; 2, 4.5 hr; 
3, 8.5 hr. 
The frequency of the oscillations at room tempera- 
ture f, 0.90 cps. The maxima A,C and D correspond 
to the contacts of like grains Cu-Cu, Ni-Ni, and Fe- 
Fe. The maxima B,E,F, correspond to contacts of 
dissimilar grains Cu-Fe, Cu-Ni, and Fe-Ni. 


curve was depressed at all temperatures. This may 
be explained in that the processes connected with 
the presence of the “background” have a diffusion 
character (see [1] ) since after prolonged annealing 
it is these diffusion effects which are slowed down 
(the specimen approaches the equilibrium state, and 
all its diffusion coefficients decrease [4] ). 

In Fig. 2 are shown the temperature-internal fric- 
tion curves from a specimen of a Cu-Ni-Fe ternary 
powder mixture (having undergone preliminary an- 
nealing of 8.5 hr at 1000°) for two frequencues, 
fi = 0.94 cps (curve 1) and f, = 2.29 cps (curve 2). 

On this figure also the broken lines show the 
so-called “background” temperature-internal friction 
curves, which were constructed as follows. On the 
experimental curve two points distant from the max- 
ima were taken in turn, and considering the the 
background value of Q™ (7) depends on temperature 
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FIG. 2. Temperature-internal friction curve of metal- 
ceramic specimens of ternary mixtures of powders of 
of Cu-Ni-Fe for two frequencies: 
1 — frequency of oscillation f, * 0.94 cps; 


2—f,X 2.29 cps. 
Broken curves are background curves (expoential var- 
iation with temperature). The maxima, A,B,C,D,E, and 
F correspond to the same as in Fig. 1. Below are giv- 
en the difference curves (after subtracting the 
background curve). 


according to the law 


(where A is a constant and E£’ is the energy of acti- 
vation) the values of A and EF’ are found, and with 
these the background curve of Q™ is constructed. 

From the results of the experiments, the values of 
the energy of activation of “processes dependent on 
internal friction” were determined. The energy of 
activation was determined separately by two methods: 
a) by frequency displacement of the internal friction 
maximum, 5) by the temperature dependence of the 
smooth part of the curve Q7 = Q™ (7), that is from 
the background. The results of the determination of 
energy of activation are given in Table 1. 

The values of energy of activation E found from 
the frequency displacement of the peaks are somewhat 
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TABLE 1. 


Determined from the internal 


Energy of activation E (K cal/g.mol) 


after annealing at 1000° for: 


friction corresponding to the 
grain boundaries 


30 min 


2 br 4.5 hr 8,5 hr 


30.6 


Cu — Cu 


34,2 38 .6 


Ni — Ni 42,3 


46.4 50.5 


Fe — Fe 52.0 


56.7 59,5 


Cu — Ni 48,7 


52.4 58.5 


Cu — Fe 50,5 


53,8 56,5 


Fe — Ni 


Determined from the internal 
friction background 


higher than those found earlier [1] from the results 
for specimens from binary powder mixtures and from 
pure metals. However the discrepancy is within the 
limits of uncertainty. The uncertainty in determina- 
tion of the energy of activations is ~ + 10% in the 
present case. 

All the values of energy of activation found lie 
below those corresponding to volume self-diffusion, 
the difference being greater than the uncertainty in 
determination; as was shown earlier [1], this is due 
to the “non-equilibrium” state of the metal-ceramic 
specimens. The peaks which correspond to like con- 
tacts coincide in position (temperature) with those 
for the cast metals. They, and also it appears the 
remaining peaks, are dependent on “boundary” ef- 
fects (gliding along the grain boundaries [5] ) which 
are probably brought about by a “diffusion” process. 

From the results in the table it follows also that 
the “background” on the Q™ (7) internal friction 
curve may initially be considered due to creeping of 
dislocations or fluctuating rearrangements of other 
lattice “defects”, because the value of the energy 
of activation E’ found from the “background” is close 
to the values of E’ for specimens from binary mix- 
tures of powders, and appreciably less than the va- 
lues expected for fluctuating transitions of the 
atoms in the elements of the volume 6, which are 
close to the equilibrium state. 


Results from the table also show that the values 
of energy of activation depend on the length of time 
the specimens are kept initially at 1,000°. An in- 
crease is seen in the values of energy of activation 
determined from the frequency displacement of peaks 
(corresponding to like and unlike grain contacts) and 
something of a decrease for the values derived from 
the background internal friction curve. A rapid change 
is observed in all cases in the initial stage of an- 
nealing (duration up to 4.5 hr), while for prolonged 
annealing the change in energy of activation is 
either slowed down a good deal or is almost absent. 

The increase in the values of the energy of acti- 
vation E in the preliminary annealing process of the 
specimens is in agreement with the proposals given 
above about the diffusion character of the process 
of creep along grain boundaries (cf [6] ). The small 
decrease in the value of E’ found at the same time 
may be occasioned by a change in the heterodiffus- 
ion path of the “deformed” states of parts of the 
crystal, the presence of which causes the “back- 
ground” effect. It is worth noting that after prolong- 
ed annealing at a temperature of 1,000° the speci- 
mens are no longer mixtures of the initial grains of 
pure metals, but contain particles of solid solutions, 
in which heterodiffusion has taken place to a large 
extent; an X-ray investigation provides evidence of 
this (see Fig. 3). Of course, the concentrations of 
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(311)Cu 


(314) Ni 


FIG. 3. X-ray photo from a specimen of a ternary mixture of powders (back photo with 
focussing camera, Fe radiation; potential 35 kV, current 0.5 mA, exposure 10 min); 
a — after 40 min annealing at 600°; 
b — after 30 min annealing at 1000°; 
c — after 4.5 hr annealing at 1000°. 


the solutions in grains which were earlier of the 
different components are still very varied; other- 
wise it would be expected that the number of max- 
ima would be reduced to one. 


CONCLUSIONS 


1) An experimental study of internal friction has 
been carried out for metal-ceramic specimens from a 
Cu-Ni-Fe ternary mixture of powders, by a torsional 
oscillation method. 

2) On the temperature-internal friction curve of 
specimens from the Cu-Ni-Fe ternary mixture of 
powder, six maxima (peaks) are observed, which are 
evidently due to diffusion transitions of atoms along 
grain boundaries. Of these, three maxima corres- 
pond to processes at the contacts of like grains, 
and the other three to contacts of unlike grains. The 
position (temperature) of the maxima coincides with 
those found (separately) for the three binary sys- 
tems. 

3) The energy of activation of “internal friction 
processes” has been found from frequency displace- 


ments and the background of the internal friction 
curve. 

4) the values of energy of activation FE, corres- 
ponding to internal friction maxima, agree within the 
limits of uncertainty with those found earlier for the 
same maxima in the case of specimens of the pure 
components or of binary mixtures of the powders. 

5) The energy of activation FE’ found from the 
“background” of the temperature-internal friction 
curve is appreciably less than the values E deter- 
mined from the frequency displacement of peaks. If 
the presence of the background corresponds to fluc- 
tuating transitions of atoms then there may be taking 
part only those atoms in highly distorted region of 
the crystal (for instance on the core of edge dislo- 
cations). 

6) All the values of energy of activation for spe- 
cimens from a ternary mixture of powders depend on 
the duration of preliminary annealing; on increasing 
the time the values of energy of activation E in- 
crease, and those for EF’ are somewhat decreased. 


Transbated by D.G. Noel 
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AN INVESTIGATION OF INTERNAL FRICTION IN METAL-CERAMIC BODIES 
lll. EFFECTS CAUSED BY PLASTIC DEFORMATIONS ** 


B. Ia. PINES and DEN GE SEN 
Kharkov State University 


(Received 4 May 1959) 


The temperature dependence of internal friction (I.F.) in metal-ceramic specimens of copper, 


nickel and iron was measured, after preliminary plastic deformation. Besides the normal I.F. maxima 
due to the relaxation of stresses on the grain boundaries, additional maxima were observed in the 
region of 450-500° for copper, 625-660° for nickel, and 650° for iron. A study was made of the re- 
covery of I.F. in plastically deformed metals after heating (for Cu and Ni). The energy of activation 


of this recovery process was found. 


1. STATING THE QUESTION 


There has recently been a growth of interest in 
the study of internal friction (I.F'.) in metals and al- 
loys, this frequently being a sensitive indication of 
various processes. Attention has also been drawn to 
the change in I.F’. after various treatments. In parti- 
cular, there have been investigations of the effect 
of plastic deformation on internal friction in pure 
metals [3-11, 16, 17] and also in binary and ternary 
alloys [5, 12]. In the majority of works only one in- 
ternal friction maximum has been observed. The 
works [3-6] are of interest, being devoted to the 
study of the temperature dependence of I.F’. in the 
plastically deformed pure metals Au, Ni, and Al, for 
which an additional high-temperature maximum has 
been observed. The authors of the investigations 
[3-6] explain the production of the second I.F. maxi- 
mum in various ways, as follows: collective recryst- 
allization in gold [3-4], relaxation of stresses along 
the boundaries of mosaic blocks in nickel [5], and 
relaxations at localized areas of slip in aluminium 
[6]. In the studies carried out at low temperatures 
(see e.g. {13]) supplementary maxima have been 
found also below 0° (e.g. for Cu at 80°K). 

Certain of the works [7-12] were devoted to in- 
vestigation of the process of the restoration of I.F’. 
in deformed metals and alloys. These are of definite 
interest in explaining the mechanism of reverting 
after deformation to the initial state and the way in 


* Fiz. metal. metalioved., 9, No. 1, 91-99, 1960. 
t The fourth work in this series was published in the 
journal Fiz. metal. metalloved., 8, 599, 1959. 


which this process depends on time. The I.F.. maxi- 
mum which is obtained after deformation has in some 
works been treated as caused by the movement of 
dislocations under the action of stresses [13]. Des- 
cription of changes in I.F. after deformation on the 
basis of a dislocation viewpoint have as yet only 
been given in a general form, are not sufficiently 
detailed and fundamental, and do not take account 
the effect on the phenomenon of many factors: the 
extent of preliminary plastic deformation, the time 
and temperature of annealing after deformation, the 
presence of impurities in the specimen, the frequen- 
cy of oscillation and so on. To reach a full under- 
standing of the phenomenon, systematic studies are 
necessary, varying a series of factors affecting the 
value of internal friction. 

In the present work these effects have been 
studied: 

1. The effect of plastic deformation on I.F. at a 
temperature above room temperature, and, 

2. the kinetics of reversion to the initial state 
after isothermal standing of metal-ceramic speci- 
mens (Cu and Ni, and partly, Fe). 


2. EXPERIMENTAL METHOD 


The starting specimens were prepared by pressing 
powders of pure copper (electrolytic, 99.99% pure), 
and also pure nickel (carbonyl, 99.99% pure) in a 
special compression die. The powder grains were of 
the same size and had linear dimensions less than 
53 yz. The working length of the specimens was 
70 mm, the cross-section 3 x 3 mm. The specimens 


had heads of larger cross-section, 6 x 3 mm, 10mm 


long. 
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Internal friction was measured with a vacuum 
torsional pendulum described earlier [1,2], with a 
frequency of oscillation of 1-2 c/s. 

The temperature of the specimens was maintained 
to an accuracy of + 1° and controlled by a nickel- 
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FIG. 1. Temperature-Internal friction curve for plastic- 
ally deformed metal-ceramic specimens of pure copper 
at a frequency of oscillation of f Y 1.3 c/s. Degree of 
plastic deformation: 1 — 7.76%; 2 — 18.4%; 3 — 23.2%; 
4 — 26.4%; 5 — 31.8%. The maxima (A) and (B) are due 
(A), diffusion effects along grain boundaries; 
(B) probably “resorption” of dislocations. 


nichrome thermocouple and a PP potentiometer. The 
specimens were preliminaryil annealed for 1.0- 

1.5 hr at 1000°, plastically deformed by compression 
in a press at various pressures, then after deforma- 
tion immediately fixed in the apparatus and after 


poseieg out the latter to a high vacuum (10-10% mm 
g) were investigated. From the moment of deform- 


ation to the beginning of the measurements ]5-20min 
elapsed. Measurement of I.F. was carried out with 
heating at a constant rate of about 5 degree /min. 


3. RESULTS OF THE EXPERIMENTS 


Typical temperature — I.F. curves for plastically 
deformed specimens from a powder of pure copper 
are shown in Figs. 1 and 2. In Fig. 1 are shown a 
series of curves taken at a frequency of f Y 1.3 c/s 
for variously deformed specimens (compressed from 
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FIG. 2. Temperature-Internal friction curve (frequency 
f 1.28 c/s) for a metal-ceramic specimen of pure 
copper, deformed by 26.4%: 1,2 — correspond to mea- 
surements on heating (to 670°) and subsequent cool - 
ing; 3— from a specimen annealed at 1000° for 1 hr 
(after plastic deformation to curves 1 and 2); 1’ and 
2° — internal friction maxima separated by subtracting 
the “background” (shown by broken lines). 


7.8 to 32%). In the preliminarily plastically deform- 
ed metal-ceramic specimens two I.F. maxima were 
observed, one in the region of 300° (A) and the other 
in the area of 450-500° (B). The low-temperature 
maximum (A) is caused by the relaxation of stresses 
along grain boundaries and is also observed in well- 
annealed pure copper [1, 2]. The additional high- 
temperature maximum (B) is observed only in the 
previously plastically deformed specimen. This 
maximum (B) for pure copper, has, as far as is 
known, been observed for the first time in the pre- 
sent work. 

The measurements, including the additional 
maximum (B) after heat treatment, are shown in Fig. 
2, where the temperature-I.F’. curves are shown of 
a specimen from pure copper powder, deformed by 
26.1%. On curve 1 of Fig. 2, taken immediately 
after deformation, there are on heating two maxima, 


Plastic deformations 


(A) and (B). If the I.F. is measured after heating up 
to temperatures of ~ 600°, immediately on the sub- 
sequent cooling, then both maxima are retained un- 
changed (on Fig. 2 the corresponding curves are not 
given). 

However after heating above 600°, then on cooling 
the height observed for the second maximum (8) is 
decreased, as is seen in Fig. 2 curve 2. The higher 
the temperature of heating, the more marked the de- 
crease of the second maximum (B), down to its com- 
plete disappearance. 
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FIG. 3. Height (8) and position (7) of an internal friction 
maximum for a plastically deformed metal-ceramic speci- 
men of pure copper, against degree of plastic deformation: 

1 — position of second (additional) maximum (B); 

2 — height of second (additional) maximum (8); 

3 — height of first maximum (A); 

4 — position of first maximum (A). 


On cooling a specimen after heating to ~ 700°, 
the secoad maximum has as yet not completely been 
removed. It may be seen on curve 2, where the I.F. 
maxima have been isolated and separated (of the B 
maximum there remains the shaded area); isolation 
of the maxima was achieved by subtracting the 
“background” curve (broken line in Fig. 2). The 
background grows rapidly and regularly with temper- 
ature according to the law 


A —E'/RT 
Q'=—e 


where A is a constant, EF’ is the energy of activa- 
tion and R is the gas constant. 

On Fig. 2. (curve 3) is shown also the tempera- 
ture-I.F'. of a specimen heated at 1000? for 1 hr, 
after plastic deformation (26.4%). The effect of plas- 
tic deformation has been almost completely removed, 
although the maximum (A) remains, somewhat dis- 
placed. 

The height of the additional maximum (B) increases 
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FIG. 4. Temperature-Internal friction curve for plastical- 
ly deformed metal-ceramic specimens of pure nickel (fre- 
quency f Y 2.0 c/s). Degree of plastic deformation: 

1 — 4.65%; 2— 13.9%; 3 — 22.5%. Curve 4 was taken 
on cooling the specimen after the measurements corres - 
ponding to curve 3; curve 5 refers to a specimen anneal- 
ed, after pressing, at 1000 for 1 hr. 


with increasing degree of plastic deformation (cur- 
ve 2, Fig. 3), and the position of the maximum is 
here somewhat displaced onto the low-temperature 
side (curve 1, Fig. 3). The height of the first I.F. 
maximum (A) is a little decreased (curve 3, Fig. 3), 
and its position displaced onto the high-temperature 
region, on increasing the degree of plastic deform- 
ation. 

In Fig. 4, are shown the temperature-I.F’. curves 
for metal-ceramic specimen pressed from pure nick- 
el powder, after plastic deformation to various ex- 
tents (4.65-22.5%), for a frequency of oscillation of 
f Y 2.0 c/s. As in the case of pure copper, two 
maxima are observed (A and B) on the temperature- 
I.F. curves. 

The maxima are found in the ranges of 420-450° 
and 620-660°. Appearance of the second maxima 
(B) is observed only in a plastically deformed spe- 
cimen. On curve 5 of Fig. 4, which is a temperature- 
I.F. curve for a pure nickel specimen after anneal- 
ing at 1000° for 1 hr, the second maximum (8) is not 
observed and there is only the first maximum (A) 
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FIG. 5. Height (8) and position (7) of an internal friction 
maximum for a plastically deformed metal-ceramic speci- 
men of pure nickel, against degree of plastic deformation: 
1 — position of second (additional) maximum (B); 
2 — height of second (additional) maximum (B); 
3 — 4 height and and position of first maximum (A). 


which is due to relaxation effects along the grain 
boundaries. In nickel, just as in copper, the high- 
temperature maximum (8) disappears after heating 
above 750°, on subsequent cooling, as is seen from 
Fig. 4 (curve 4). 

The height of the second I.F. maximum (B) for 
pure nickel increases (curve 2, Fig. 5), and the po- 
sition of the (B) maximum on the temperature scale 
is displaced into the low-temperature region (curve 
1, Fig. 5), with increasing degree of plastic deform- 
ation. 

The height of the first I.F. maximum (A) tends to 
decrease (curve 3, Fig. 5), and its position is dis- 
placed onto the high temperature side (curve J, Fig. 
5), with increasing degree of plastic deformation. 

Thus the general rule for the effect of plastic de- 
formation on internal friction in a metal-ceramic 
nickel specimen is the same as for a copper speci- 
men. In Figs. 1, 2 and 4, there is also observed a 
lowering of the “background” curve with increase 
of the amount of plastic deformation. The “back- 
ground” is greatest for small deformations; it is 
lowered for large deformations and particularly 
strongly lowered after annealing. 

The production of this abnormal dependence of 
the “background” on deformation and annealing is 
as yet not fully explained (see below). 

In the work [5] for a plastically deformed wire 
specimen of pure nickel (prepared from an ingot by 
rolling and drawing at room temperature), two I.F. 
maxima were observed in the temperature ranges 
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FIG. 6. Temperature-Internal friction curve for a 
pure iron metal-ceramic specimen deformed by 
12.2% (frequency of oscillations 
ix 


420-450° and 630-720°. The second maximum (3B) 
was retained even after annealing at 900° for 3 hr. 
The discrepancy with our results may be related to 
the different previous histories of the specimens 
(type and degree of plastic deformation, heat treat- 
ment, presence of cast and metal-ceramic specimen 
and so on). 

We also investigated the temperature dependence 
of I.F. for a plastically deformed (deformation 12.1%) 
metal-ceramic specimen of pure iron, which had 
been previously (before deformation) annealed for 
6 hr at 1000° (Fig. 6). Here, as in the case of Cu 
and Ni, the appearance of two I.F. maxima was ob- 
served in the region of temperatures of about 500° 
(A) and 650° (B) for a frequency of oscillation of 
f¥ 1.3 c/s. The additional maximum (B) was first 
observed by us; it is obtained only from a plastic- 
ally deformed specimen of iron. After high-tempera- 
ture annealing only the first I.F. maximum (A) [1] 
is observed caused by relaxation effects along the 
grain boundaries. 

In Figs. 7 and 8, are shown the changes in I.F. 
of plastically deformed specimens of pure copper 
and pure nickel as a result of isothermal annealing 
at 450, 500° (for Cu), 450 and 550° (for Ni) depend- 
ing on time of exposure t. The observed relation- 
ship approximately corresponds to exponential de- 
cay of Q™ with ¢, that is 
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FIG. 7. Change in internal friction of a plastically de- 
formed metal-ceramic specimen of pure copper with 
varying times of isothermal standing (frequency of os- 
cillations f Y 1.3 c/s): 
1 — at 500°; 2 — at 450°. 


where Qn (T) is the value of internal friction at the 
moment ¢; Q™ (7) is the value of internal friction in 
the “equilibrium” condition (more exactly, quasi- 


equilibrium, reached after standing for several hours); 


Q2 (T) is the initial value of I.F’. for a given tem- 
perature (7); r is the relaxation time. The relaxation 
time 7 may be considered to vary with temperature 
according to the equation 


T= (2) 
where E” is the energy of activation of the process 
of recovery of internal friction of a plastically de- 
formed specimen on isothermal standing; R and T 
and respectively the gas constant and the absolute 
temperature. From the results of two isothermal 
curves from different temperatures, it is possible to 
determined the energy of activation of the process of 
recovery of internal friction. Choosing a single time 
t for two temperatures 7, and 7,, substituting (2) in 
(1) and solving the equation for the energy of acti- 
vation E”; we get 


TT. 
E = R sae In B,/B,, (3) 


Gli. 


FIG. 8. Change in internal friction of a plastically de- 
formed metal-ceramic specimen of pure nickel with 
varying times of isothermal standing (frequency of os- 
cillations f Y 0.86 c/s): 
1 — at 550°; 2—at 450. 


The values calculated from these formulae for the 
energy of activation of the process under review * 
for pure copper and pure nickel are equal to: E ‘(= 


= 18.6 Keal/mol, = 14.4 Keal/mol. 
4. DISCUSSION OF RESULTS 


According to the results given, the additional 
I.F'. maximum which appears after plastic deforma- 
tion must be due to “imperfections of the crystal 
lattice” connected with the deformation. However 
metal-ceramic specimens which have not been sub- 
jected to plastic deformation (particularly those 
pressed out of “active” powders produced by elec- 
trolytic and carbonyl methods) also contain some 
“defects in the crystal lattice”, as is shown by the 
sharp rise in the speed of all the diffusion proces- 
ses (sintering, recrystallization, hetero-diffusion 
etc.) for such specimens at high temperatures (cf. 
[14] }. 

Thus the additional I.F. peaks which are obtain- 
ed from plastically deformed specimens must be due 
to the presence of “defects” characteristic only of 
plastic deformation; such defects can only be 
dislocations. Disappearance of the additional I.F. 
peaks occurs after annealing at temperatures where 
we may assume there is thermal “resorption” of the 
dislocations. Thus, in the work [15] it was shown 
that in plastically deformed copper, at temperatures 
of 300-600° only polygonization took place, while 


* The results for Cu may contain an inaccuracy in view 
of the fact that here the effect of removing the peak 
and the “background” have not been separated. 
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above 700° diffusion recrystallization was observed. 
In polygonization, as we know, we get boundaries 
of mosaic blocks, consisting of vertical rows of dis- 
locations, that is although diffusion “climb” of dis- 
locations takes place, these latter are retained in 
the crystal, at least partially. When the diffusion 
growth of grains begins, the dislocations (and in 
particular those situated on boundaries) must neces- 
sarily be “resorbed”. 

Thus the additional peak (B) must be connected 
with the presence of dislocations*. However it does 
not seem very probable that the appearance of these 
peaks, that is the resonance damping of oscillations, 
would be due to the movement or even the diffusion 
“climb” of the dislocations. The energy of activa- 
tion of the dislocation climb process, according to 
the available indirect evidence, is it appears not 
large (~ 10 Kcal/mol), while the value of energy of 
activation determined from the frequency displace- 
ment of peak (B) is quite appreciable, as the mea- 
surements have shown. For specimens pressed from 
nickel and copper powders, the values were ~ 68 
and ~ 44 Kcal/mol respectively, that is of the order 
of the energy of activation of self-diffusion. The 
damping of oscillaticns caused by the energy ex- 
pended on displacing dislocations probably corres- 
ponds to the “background” internal friction curve, as 
hes been pointed out earlier [1]. The appearance of 
the (B) peak, it appears, should be tied up with the 
process of “resorption” of dislocations, that is with 
the transition of atoms lying in surplus atomic semi- 
planes into interstices, with subsequent displace- 
ment by them of vacancies in the crystal lattice. 
This hypothesis is in qualitative agreement with the 
facts given above. 

In particular, we will draw attention to the fact 
that according to the results shown in Fig. 1 (and 
also Fig. 4), the “background” I.F. curve, up to the 
temperature region of peak (B), is practically inde- 
pendent of the degree of plastic deformation, but at 
temperature lying above peak (B), it falls sharply 
in specimens subjected to large deformations, where 
the height of the peak is appreciable. 

If the peak corresponds to the “resorption” of 
dislocations, and the “background” to their “climb- 
ing”, then such a result is to be expected. After 
“resorption” the number of dislocations has been so 
decreased that the probability of damping oscilla- 
tions by “climbing” will be markedly reduced. 

As to the “recovery” of internal friction after 
plastic deformation, this may occur as a result of 
polygonization, since after a block structure of 


* This is so in view of the presence of the high density 
of dislocations caused by plastic deformations. 
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dislocations has arisen, disposed in vertical rows, 
the boundaries of the mosaic blocks formed lose 
their mobility. From this point of view the process 
of “recovery” of I.F. is essentially a process of the 
climbing of dislocations. 

It is of interest to note, in connexion with what 
has been said, that the energy of activation of 
“recovery” obtained for the nickel specimens (14.5 
Kcal/mol) practically coincides with the energy of 
activation found from the background of the Ni I.F. 
curve, ~ 13.5 Keal/mol (cf [1] ). As it is very likely 
that the background is due to the climb of disloca- 
tions, this coincidence is in agreement with the 
suggestion that recovery also develops by way of 
dislocation climb. Unfortunately, a similar compar- 
ison for specimens from copper powder, like the 
above, cannot be made, since the energy of activa- 
tion of recovery is determined here from results of 
measurements at temperatures of 450 and 500°, where 
in fact the effects of peak and background are su- 
perimposed. The value found for the energy of acti- 
vation of “recovery” (~ 18.6 Kcal/mol) is higher 
compared with the value of energy of activation 
found from the I.F. “background” (~ 6 Keal/mol; 
see [1] ). Since this may be caused by the super- 
position of the peak on the background curve, these 
results should not be regarded as contradictory to 
what has been said above. 

We will note in conclusion that this investigation 
on metal-ceramic specimens allows us to separate 
completely unambiguously the effects of disloca- 
tions on the I.F’.-temperature curve from the action 
of other lattice “defects” (distortions of the 3rd 
kind), if the specimens made from powder produc ed 
electrolytically or from the reduction of salts and 
if the specimens have a tendence to change in struc- 
turally sensitive properties (in particular diffusion). 
The additional I.F. peak corresponds only to the 
presence of dislocations. As is seen from the above 
observations, it is extremely probable that it corres- 
ponds to the phenomenon of thermal resorption of 
dislocations. 


5. CONCLUSIONS 


1) An experimental investigation of internal 
friction has been carried out by a torsional oscilla- 
tion method of plastically deformed metal-ceramic 
specimens from pure Cu, Ni and Fe powders. 

2) On the temperature-internal friction curve of 
plastically deformed metal-ceramic specimens two 
maxima are observed. The first low-temperature 
maximum (A), obtained also in well-annealed 
metals, is caused by a viscous diffusion flow along 
the grain boundaries. The second high-temperature 
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additional maximum (B), observed for Cu and Ni for 
the first time, in the present work, is caused by 
plastic deformation and is evidently connected with 
the presence of dislocations. Any other lattice de- 
fects besides dislocations do not cause the appear- 
ance of the given maximum. 

3) The position of the second maximum (B) is 
somewhat displaced to the low-temperature side, and 
its height increased, with increasing degree of plas- 
tic deformation. 

4) Internal friction of plastically deformed metal- 
ceramic specimens of pure copper and nickel de- 
creases with time on isothermal annealing accord- 
ing to an exponential law. 

5) The energy of activation for the process of the 
recovery of internal friction in plastically deformed 
metal-ceramic specimens is, for copper (from results 
of measurements at 450° and 500°) ~ 18.6 Kcal/mol, 
and for nickel (measured at 450° and 550°) ~ 13.4 


Kcal/mol. The values indicated refer to specimens 


from highly “activated” powders produced electroly- 
tically in the case of copper, and reduced from the 
pentacarbony! in the case of nickel. The values of 
Ni corresponds to the “background”; for Cu there is 
a possible distortion from the superposition of the 
effect of a peak. 

6) An anomalous relationship is observed between 
the height of the “background curve” and the degree 
of plastic deformation. The “background” increases 
sharply after small deformations and then drops (for 
temperatures above peak B) on further increasing 
the degree of deformation. In the region of large de- 
formations, an increase in deformation, as also an- 
nealing, leads to a decrease in the background. 

7) A hypothetical explanation is given of the 
observed effects. 


Translated by D.G. Noel 
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ON UNIQUENESS OF PHYSICAL EXPLANATION OF THE SLOPE OF STRESS 
RELAXATION CURVES * 


G.N. KOLESNIKOY, : A.I. MOISEYEV 


To simplify the argument we will assume that a 
relaxation process is taking place in material sub- 
jected to uniaxial tension. Obviously, analogous 
correlations will, strictly speaking, also exist under 
conditions of stress of the material but only in a 
more complex form. 

A relaxation curve, obtained experimentally in 
conditions of so-called “pure relaxation” [1], repre- 
sents the dependence on time of the mean stress 
active in the specimen with retention of the total 
deformation given to the specimen. 

As a result of giving the specimen a certain de- 
finite total deformation (i.e. from the virgin state), 
relaxation processes of different nature arise in it, 
which transfer the specimen to a new state of equi- 
librium, in response to changed external conditions 
[2]. These processes may be divided into two types: 

1) processes, which cause growth of specimen 
dimensions in the direction of its axis (plastic de- 
formation, phase transformations, which take place 
with an increase of specific volume etc.); 

2) processes, which cause reduction of specimen 
dimensions in the direction of its axis (e.g. phase 
transformations, accompanied by specific volume 
reduction and so on). 

Depending on the relation of the rates of pro- 
cesses of different kinds, the change in time of the 
mean stress active in the specimen, will be dissi- 
milar [3]. Clearly, in case of preponderance of re- 
laxation processes leading to increased specimen 
dimensions, the mean active stress will diminish 
with time. If, however, the predominant role is play- 
ed by relaxation processes which cause a reduction 
of specimen dimensions, then the mean stress will 
be growing with time. When both types of process 
are reciprocally compensated, the mean active 
stress may remain constant. 

It is not difficult to express the correlation, set 
forth above, mathematically for each concrete case 
of stress relaxation. For instance, assuming that 
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the fundamental relaxation processes, which for the 
given material determine the progress of stress re- 
laxation, are plastic deformation processes and 
phase transformations. Then for a case of “pure 
relaxation” could be written the expression [1, 3]: 


Ac = Ac, + Ac, + Ac, = const, (1) 


where Ae — total deformation given to the specimen 
by the load*; 

Ac, — elastic deformation of specimen; 

Ae, — plastic specimen deformation, determined 
by all forms of plastic deformation pro- 
cesses; 

Ac ¢ — resulting changes of specimen dimens- 
ions in the direction of its axis, caused 
by all types of phase transformations 
proceeding in the specimen. 

Value of elastic deformation Ae, can be express- 
ed by the value of mean stresses a, active at the 
given moment of time, as 


A:, = 40, (2) 


where a — plays the part of the coefficient of elas- 
ticity (in particular, when Ac, is expressed by re- 
lative elongation, then a is equal to the inverse 
value of normal elasticity modulus E). Dependence 
of mean active stress on time will be expressed by 
equations: 


— (As — Ae, — Aes), 
(3) 


dt a \ dt 


* There is a misprint, not corrected, in our paper [3] 
p- 128, line 9 (from the top): Ae — total specimen 
deformation — is called “total length of specimen”. In 
all other places of the paper [3] this value is named 
correctly. 


Stress relaxation curves 


ty 


Depending on the sign and absolute value of the 
terms contained in these equations, the stress may 
grow, diminish or remain constant in time. 

Change of plastic deformation rate in the course 


of time 
dt 


as well as the rate of dimensional changes of the 
specimen, determined by phase transformations 


dAc f 
{ dt ): 

may lead to a very complex progress of the depend- 
ence of mean active stress on time, possibility of 
the presence in the specimen of various relaxation 
processes, hinders greatly a unique interpretation 
of the relaxation curve slope without detailed addi- 
tional investigations. 

Actually let us examine for example, one of the 
relaxation curves given in literature [4]. A diagram- 
atic representation of this type of curve is given in 
the drawing (see continuous curve). 

Increased relaxation rate in section b—c, Gintsburg 
[4] explains by increased rate of deformation, tak- 
ing place in the so-called third section of the creep 
curve (see, for instance, [5] ). Hein [6], explains 
this increased relaxation rate by structural weaken- 
in 


We tried in [3] to explain the increased rate of 
relaxation in question, by proceeding from the ass- 
umption that in this setion of the relaxation curve 
are reflected phase transformations, proceeding in 
the specimen and accompanied by specific volume 
growth. This assumption could have been consider- 
ed correct, if it had been shown that the progress 


FIG. 1. Diagram interpreting the slope of the relaxation curve. 


rate of phase transformation rises sharply, beginn- 
ing at a certain moment of time ¢, of the relaxation 
test, which, apparently, is rather improbable. In 
this case the slope of the stress relaxation curve, 
in the absence of phase transformation processes, 
could be represented by the dotted curve /. 

Inasmuch as in an alloy [4] giving a relaxation 
curve of the type under consideration, takes place 
separation of o-phase (phase transformation taking 
place with reduction of specific volume [7] ) then 
the slope of a relaxation curve of that type could be 
also interpreted in the following way. In section 
a—b of the relaxation curve a change is observed of 
the mean active stress, determined by compatible 
participation of plastic deformation and phase trans- 
formation and accompanied by reduction of specific 
volume, and as a result the observed stress values 
lie higher than those, which would have been evid- 
enced in the absence of phase transformations (see 
dotted curve 2 in the drawing). Beginning at the 
moment of time ¢, of the test, rate of phase trans- 
formation diminishes and the relaxation curve grad- 
ually approaches the curves, which corresponds to 
absence of phase transformation or to its progress 
at a reduced rate, which changes little in time. It 
is clear that other combinations of relaxation pro- 
cesses could be suggested as an explanation of 
the slope of the relaxation curve under examination, 
all of them proceeding simultaneously in the relax- 
ing material. 

Naturally, the question as to which of the differ- 
ent physical pictures, explaining the slope of a 
concrete relaxation curve, to a greater extent cor- 
responds to reality, can be solved only as a result 
of a detailed comprehensive consideration of all 
relaxation processes in the material under load 
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conditions. 
In conclusion a few remarks must be made relative 


to the problem under discussion. 

Firstly, in case of materials undergoing phase 
transformations in the process of stress relaxations, 
it is obviously very desirable to determine the cour- 
se of stress dependence on time for rather large in- 
tervals of time. 

Secondly, when utilizing dilatometric data for a 
characteristic of specific volume changes in case of 


phase transformation, the circumstance should be 
borne in mind that data, obtained by the usual dila- 
tometric measurements, as a rule, correspond to dif- 
ferent load values and to plastic deformation, and 
consequently to different rates of transformation, 
than those, which take place when conducting re- 
laxation tests. 


Translated by A. Allan 
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CALCULATION OF MECHANICAL PROPERTIES OF COLD-ROLLED METALS * 
G.P. ZAITSEV 
(Received 9 May 1959) 


A method is suggested for estimating mechanical properties of cold-rolled metals by their 
properties in the original, non work-hardened condition and the amount of reduction by cold-rolling. 
This method is corroborated by experiment, if deformation by cold-rolling does not exceed uniform 
deformation of original, non work-hardened metal in tensile strength tests. 


1. STATEMENT OF THE PROBLEM 


Mctal works very often receive orders for delivery 
of cold-rolled metal with specified mechanical pro- 
perties, which are not obtainable by hot-rolling. Pro- 
perties of cold-rolled metal depend on the original 
properties of non work-hardened metal and the amount 
of reduction by cold-rolling, which has to be deter- 
mined experimentally. In order to save time and ex- 
pense, it is desirable to substitute calculations for 
such experiments. 

In the author’s papers [1, 2], devoted to formation 
of unique, not interdependent mechanical metal cha- 
racteristics and the plotting of diagrams of true 
stresses of work-hardened metals, formulae are deriv- 
ed, which permit the calculation of, with a high 
degree of accuracy, mechanical properties of work- 
hardened metal, if the hardening is accomplished by 
extension and it phenomena of recovery and ageing, 
in the time interval between work-hardening and the 
testing of hardened metal, may be disregarded. 

When considering the question, whether it is per- 
missible to utilize for calculating cold-roiled metal 
properties, formulae derived for a case of hardening 
in tension, it is necessary to take into account the 
following circumstances: 

a) Basically metal stengthening depends on its 
deformation and not on the type of stressed condi- 
tion, which causes it. 

b) Because of the presence during cold-rolling of 
Hydrostatic stress conditions, annealed metal has 
the capacity of receiving in cold-rolling much great- 
er plastic deformation before breaking than in ten- 
sile tests. 

c) In severely work-hardened metals, a stress re- 
lieving process will proceed even at room tempera- 
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ture, partly reducing the strengthening received by 
the metal and increasing its ductility. 

in connexion with these observations, one may 
expect that the above mentioned formulae wil! retain 
their validity also in the case of cold-rolling, if the 
rolling reductions are not too high. 

For a check of this theoretical prediction, one 
must turn to experiment, utilizing for this purpose, 
for instance, the results of Schwarz’s work, cited 
in Shaposhaikov’s course [3]. Given in this paper 
are not only universally accepted characteristics of 
work-hardened metals but also, very important to us, 
values of uniform elongation, which are linked up 
with the relative strengthening capacity of metals. 


> 2. FORMULAE FOR CALCULATING 
MECHANICAL CHARACTERISTICS OF METALS 
WORK-HARDENED BY EXTENSION 


To be able to make the contents of this section 
comprehensible it is necessary, first of all, to take 
into consideration the fact that maximum strength 
op, specified by GOST, is physically not uniquely 
defined. Therefore, the author will refer to o, as: 

a) maximum strength, if rupture of tensile test 
specimen occurs in the rising portion of curve 
P, Al (Fig. 1a); 

b) “temporary resistance”, if fracturing of speci- 
men is preceded by necking (Fig. 1b); 

c) maximum yield o,, if preliminary work-harden- 
ing of the metal exhausted uniform elongation capa- 
city of the specimen (Fig. ic). 

Inclination angles of tangents to curve P, A/ at 
point P,, corresponding to value cp, differ very 
sharply in all three cases. 

Denotations adopted in this work are: 

Oso and Oyo — maximum yield and “temporary resist- 
ance” of original non work-hardened 
metal, respectively; 


al 
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d50 and Wo — uniform elongation and uniform com- 
pression of the same metal; 


5,9 and Wo — elongation and compression in fractur- 


ed specimen’s neck. 
By o5, 04, Op, Wp» Oy, WR are denoted the above 
mentioned characteristics, referring to non work- 
hardened metal. Degree of work-hardening is then 


assessed by the values of elongation €,p of compres- 


sion 4, ), which the metal received during work- 
hardening by extension prior to the tests in tension 
of the work-hardened metal. 

Furthermore, true “temporary resistance” is de- 
noted by S, equal to P,,4,/F,, and reduced con- 
traction of neck by yj equal to F, — F,./F,,. Here 
F,, and F;, — section area of fractured specimen in 
its uniformly deformed part and in the neck. Value 
S;, denotes true break resistance in the necking of 
the specimen. 

Position of S, and S; in the diagrams of true 
stress S, €,, and S, q,, is shown in Figs. 2, 3. 

The author has established [1] that if work- 
hardened metal is not subject to ageing or recovery 
then the following formulae should be identically 


And then it should be borne in mind that 


+ = (1 —Gnp) 


Inasmuch as contraction in specimen neck yy is 


FIG. 1. Illustration of physical ambiguity of universally accepted 
term “maximum strength, 0» ”. 


made up of uniform contraction w, and of contract- 
ion of neck Wj, in accordance with summation rule 
of independent reductions, we get 


4 
1—, = (! = 


whence 


1 — = (144) (1 + 8). (4) 


If cold-worked metals still have capacity of uni- 
form elongation, in other words, until 


Cnp < or < 


temporary true resistance S,, reduced contraction 
of necking ¥, and true break resistance in necking 
S; do not depend on the degree of preliminary work- 
hardening. 
Because of this: 


Sp = %0 (1 + 855) = 94 (1 +2,) — 


— C, = const, 


= 1—(1 — (1 -+ 8,9) =1— (6) 
— (1 — yx) (1 + 8,) =C, = const, 


(1 +44) = const. (7) 


Formula (7) is well known; it was derived on the 
assumption that in diagram s, Inp the true stresses 
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FIG. 2. Schematic diagram of true stresses 5s, enp: 


section of the curve (Fig. 3) located to the right 
of point S,, is nearly coincident with the tangent at 
that point of the curve. 


Technical specifications for metal supplies usual- 


ly stipulate relative elongations of multiples of ten- 
or five specimens 5,9 or 5s, which are linked func- 
tionally with 6,, and ¥, and specimen multiple 

n =1,/d,. Their calculation may be carried out by 
means of formula derived by the author [4] 


8, 


+ +2) [3+ Vi 
onV 1 +, (8) 


nVi+i, 


After setting up the expressions 5, and 6, for 
non-hardened and for work-hardened metals and tak- 
ing into account formula (6) we get to formula 


yi- I+ enp 


Gap 
n 
1 — boo 


(810 — V 1 te, ’ 


which makes it possible to calculate 5,5 and 5s of 
the work-hardened metal, if elongations 


(85,0) and 


of the non work-hardened metal are known. 

Formulae (1), (2) and (4)- (9) remain valid as 
long as the metal keeps its capacity of uniform de- 
formation during extension, i.e. until 


FIG. 3. Schematic diagram of true stresses s, Inp 
Cnp <%pq OF Inp < Ypo- 


Formula (3) is valid with 


Cnp < 8x0 or Vnp < 


Cnp > or Inp > 
then elongations 5, and 5; should be calculated 


by approximated formula 


1] — 


(10) 


| — dap 


which is obtained from formula (8) when 5, = 0 and 
by substitution of w by its expression in accord- 
ance with formula (3). 

If ten-and five-multiple specimens are identical 
in all respects, apart from gauge length, then 
changing from 5,9 to 5s or 5,,,, will serve these 
formulae established by the author: 


= 23,,— (11) 


82,5 = 28, = (12) 


It was so far impossible to construct a formula for 
calculating maximum strength o, of work-hardened 
metal, but it can be determined with great accuracy 
by the curves of true stresses of non work-hardened 
original metal, on condition that in the slope of the 
experimental curve, to the right of point S,, a 
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FIG. 4. Diagram of true stresses of annealed copper. Separate dots denote experimental values of 
maximum yield 0, , of copper during different degrees of cold-rolling. 
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FIG. 5. Diagram of true stresses of annealed brass L62. Separate dots indicate experimental values 
of maximum yield 0, , of brass for different amounts of cold-rolling. 
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TABLE 1. Calculation of mechanical properties of cold-rolled copper (99.4% Cu) 


Supplementary values: Ypo = 30.07%, Wy = 48.5%, Sp 


S, = 30.9 kg/mm? 


Deformation by cold-rolling 
Inp» % 


kg/mm? 
kg/mm? 
% 
ver % 


B10, % 


+35), kg/mm? Exp. 
=[I—(1+b,) (I~ % Exp. 


Calculation method 


Graph 
Formula (1), graph 


Formula (2) 


Formula (3) 


Formulae (9) and (10) 


Formula (5) 
Formula (6) 


correction is introduced to allow for the necking ef- 
fect, which by disturbing linear stress condition, 
results in exagerated stress values [5]. Maximum 
strength of cold-worked metal o, is equal to the 
ordinate of the true stress curve corresponding to 
abscissa €,, or d,p- At the points, where 


> 8p OF Inp > Ypo» 


ultimate yield o*,, in case of recovery, will coincide 
numerically with the corresponding GOST o, value. 
Time must be spent on experimental plotting of 


true stress curves of non work-hardened meta’. How- 
ever, this curve also can be plotted with a suffici- 
ently high degree of accuracy, from the values 


fof 
— 


making use of the fact that the most important sec- 
tion of the curve, between points o, and S,, coin- 
cides well with the section of an elipse, construct- 
ed in accordance with general rules of its conjuga- 
te radii OA and OB, as shown in Figs. 4-6. To pre- 
vent errors when drawing the tangent to the curve 
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Exp. 23.0] 23.8 25.3 28.6 
Cabs. — | | 5 =1.00] 
Exp. 43.0] 38.0 21.0 1.0 
Calc. a 39.1 as 0,97 30.0 = 1,03 14.8 = 0,07 
Exp. 64.0] 62.6 62.0 
Calc. — | | 6.47 1-08] = 0.91 
| Exp. 46.6 | 42.0 36,9 8.5 
Calc. eu 42.8 = 0,98 33.9 = 1,09 18,8 => 0,45 
32,9 32.8 33,1 28.9 
48.5 os | 50,3 49,5 = 
VOL. 
9 31.2 33.9 37.9 
1960 37.79.83 | | = 0-68 : 
32-9 | mm | 10:6 
87.7 = 9.8 46.69" | 56.9 = 9.72 2.6 
45.8 27.6 14.4 
4.6 3.0 1.0 
4,19 = !.10 T.ig = 2:7 0.07 < < 
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TABLE 2. Calculation of mechanical properties of cold-rolled brass (62% Cu, 38% Zn) 
Supplementary values: Uno = 35.9%, Wi; = 44.8%, Sp = 49.92 kg/mm? 


Deformaticn by cold-rolling 
% 


Op» kg/mm? = 1.06 
d 0 
Ye, % = 0.95 = 0,83 
810, % Exp. 59.7 5).2 0.99 29.4 0.87 


Calc. 


kg/mm? Exp. 49.9 50.6 
%. Exp. 44.8 40.5 34.7 


Calculation method 


Graph 


Formula (1), graph 


Formula (2) 


Formula (3) 


Formulae (9) and (10) 


Formula (5) 
Formula (6) 


nealed, normalized or heat treated (hardened and 
quenched). Aged metal cannot be considered as 
non work-hardened. 


at point S;, it should be remembered that this tan- 
gent should cut off on the abscissa axis, to the left 
of the origin of the co-ordinates, a section equal 


1-250 
? 3. RESULTS OF THE CALCULATION OF 


Accuracy of the calculations of work-hardened 
metal characteristics depends on exactness of the STATISTICAL CHARACTERISTICS OF COLD- 
ROLLED METALS 


tests of the original non work-hardened metal, for 
ensuring this, the specimen should possess along 
its length constant section and hardness values. The 
latter should be measured at opposite ends of the 
specimen. If the metal has no yielding stage, then 
nominal yielding limits og , or og , should be mea- 


sured instead of o,. 
We shall mention in conclusion that metal is con- 


sidered non work-hardened if it was hot-rolled, an- 


In Tables 1-3 are given statistical characteris- 
tics of non work-hardened and of work-hardened 
metals, obtained by Schwarz in direct experiments 
and by the author — by calculation in accordance 
with the formulae quoted above. Calculation of o, 
was carried out graphically. Test results of non 
work-hardened metals were used in all calculations 
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VOL 
35.9 779.90 = | Gag = 9-83 | 577 = 0,69 | 19€ 
39.9 = !.00 68.6 = 9.92 | = 9-6 | 
29.0 0.8 
95.9 = 9.87 75 < < 
56.8 34.5 
48.6 
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TABLE 3. Calculation of mechanical properties of cold-rolled aluminium (98-99% Al) 
Supplementary values: Uno = 22.5%, Wy: = 67.8%, Sp = 12.12 kg/mm? 


Deformation by cold-rolling 
Inp» % 


kg/mm? 
kg/mm? 
% 
Ya» % 


Bio, % 


, kg/mm? 
= [1—(1+8 ip) % Exp. 


Calculation method 


Ceaph 

Formula (1), graph 
Formula (2) 
Formula (3) 


Formulae (9) and (10) 


Formula (5) 
Formula (6) 


(Qnp = 0) and values of deformation q,,,, received 

by the metals in cold-rolling. The tables are divided 
by a double vertical line into two parts, of which the 
left contains metals which retained capacity for uni- 
form deformation (9, < Yo) and the right — metals 
which did not retain this capacity > Below 


the tables are given also calculated, 
mental data, values S; and w%, which, as mentioned 
before, must not depend on the degree of preliminary 
work-hardening of the metal, and which is confirmed 
by the experiments within limits of unvoidable slight 
errors. 
From analysis of the material in Tables 1-3, it 

follows that for copper and brass, classed as metals 
with a comparatively high melting point, theoretical 


rom experi- 


and experimental values 4, 5p, Wics S10 are 
running close to each other so long as deformation 
during cold-rolling does not exceed ultimate uni- 
form deformation of the original metal. Observable 
isolated deviations from the specified rules are 
accidental in character and, seemingly, must be due 
to heterogeneity of the metal or oversights in the 
course of the experiments. For the lower melting 
and more easily recovering aluminium non-coincid- 
ence of calculations with experiment, refers only to 
ultimate yield a9 

On the grounds of the expositions made above, it 
may be assumed that so long as deformation by 
cold-rolling does not exceed limiting uniform defor- 
mation of non work-hardened metal, the results of 
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4.7 7.3 9.1 | 
Calc. 90 =9.79 Tro = 0.81 
Exp. 9.4 9.5 10.9 : 
Cale. 713 = 0-96 
Exp. 29.0 20.9 4.1 
Calc. = 1.12 7.0 = 9.5 
Exp. 75.0 73.1 73.3 
Calc. 72.5 = 1.01 1.05 
Exp. 34.0 29.9 13.0 
Calc. 33.0 = 1-30 72.5 = 1-04 
12.12 11.4 11.36 
67.8 67,8 72.2 
VOL. 11,2 12.4 14,0 
9 9-76 | | = 0.67 
1960 12.2 14,1 16.0 17.3 
14.6 = 9: 17.9 ~ 22.5 = 
3.0 2.0. 2.0 
< < 9 —96,0 < 9 
77 6.0 4.5 3.8 
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FIG. 6. Diagram of true stresses of annealed aluminium. Separate dots indicate experimental values 
of maximum yield 0, , of aluminium for different amounts of cold-rolling. 


calculations carried out in accordance with formulae —_ method of calculation may not be used because of 

(1)-(8), and in respect of maximum strength graphic- the very pronounced effect of recovesy, which was 

ally (Figs. 4-6), are confirmed experimentally, and not allowed for when deriving formulae (1)-(8). 

therefore, the suggested methods of calculation may —- Calculation of the recovery effect should be the . 

be successfully used by industry. next stage of this work. VOI 
It also follows from the tables, that in case of 9 

severe deformations by cold-rolling, the suggested Translated by A. Allan 
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INVESTIGATION OF THE FINE STRUCTURE OF DEFORMED NICKEL * 


V.M. KARDONSKII and M.D. PERK AS 
Institute of Physics of Metal, Central Scientific-Research Institute of Ferrous Metals 


The main interest of investigators when studying 
structural changes responsible for the hardening and 
softening of metals and alloys has been centred on 
the changes in distribution of the second and third 
kinds, the dimensions of the region of coherent 
scattering [1-3], or the investigation of the angular 
characteristics of the crystalline structure [4-6]. 

There is, however, only a small amount of experi- 
mental work available in which, together with the 
above characteristics of the fine structure, the 
change in the angle of disorientation between the in- 
dividual grains as well as between the fragments 
and blocks inside the grains have been studied si- 
multaneously. Nevertheless the difference in their 
crystallographic orientation it would seem, must 
exercise an appreciable influence on the resistance 
of the material to plastic deformation. 

The present paper details the experimental results 
of an investigation on the change of angle between 
fragments, the magnitude of the distortions of the 
second kind and the dimensions of the regions of 
coherent scattering in relation to the degree of cold 
deformation of electrolytic nickel. 

The angle between the fragments was determined 
by the method employed in the studies cited [4, 5]. 
Sharp focussing tubes with electrostatic focussing 
of the electronic beam [7] were used as the source 
of X-ray radiation. The projection of the tube’s 
focus had the form of an ellipse, the large axis of 
which was approximately 100 yp. With a dimension 
of this order for the focus some small amount of con- 
vergence of the X-ray beam was obtainable with the 
use of a single diaphragm. Should the dimensions of 
the diaphragm be approximately those of the focus 
then the maximum angle of convergence will be de- 
terminable by means of the relation 


where f — is the dimension of the focus; R — is the 


(Received 12 August 1959) 


distance from the focus of the tube to the sample. 
The aperture diaphragm of an electron microscope 
with a diameter of 25 p was used for the slit. The 
angular resolution was — 0.5 x 107 rad. (1-2”) for 
the geometrical conditions adopted for the exposure. 
The angle between the fragments was determined 
by the formula 


sin = cos 6 sin 
2 2 


where 0 — is Bragg’s angle; y — is the central 
angle, the arc of which is equal to the distance bet- 
ween two reflections on the arc of the Debye ring. 

The magnitude of the distortion of the second 
kind and the dimensions of the regions of coherent 
scattering were determined by the procedure adopted 
in paper [1]. 

Fig. 1 shows a set of X-ray photographs which 
were obtained by means of a micro X-ray beam using 
samples of nickel deformed to different extentions. 

The X-ray photograph obtained for an annealed 
nickel sample consists of separate sharp spots * 
(images of the tube’s focus). A charateristic feature 
of the X-ray photographs obtained with annealed 
samples is the absence of doublet structure of the 
reflections. This fact and also the good definition 
and intensity of the reflections testify to the ade- 
quately large degree of perfection of the crystals. 

The small degree of deformation imparted to the 
nickel sample leads to the blurring of the diffract- 
ion spots on the X-ray photographs in the tangential 
and radial directions. Each one of these spots in 
turn consists of separate reflections; the back- 
ground appears between the separate reflections. 
The separation of the spots into a series of reflect- 
ions in the tangential direction can be caused either 
by a close orientation of neighbouring grains or by 


* Fiz, metal. metalloved., 9, No. 1, 112-114, 1960. 


* The appearance of double spots can be explained by 
the film emulsion being applied in two directions. 
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FIG. 1. A set of X-ray photographs obtained by means of 
a micro-X-ray beam from samples of deformed nickel: 


a — 50%; b — 30%; c — 20%; 
d — 10%; e— 5%; f— 0%. 


the disorientation of individual parts of the initial 
grain (crystals). 

The probability of the presence of neighbouring 
grains with close orientation (with the irradiated 
surface as small as it is) is not great. It is more 
probable that the appearance of the separate reflect- 
ions inside a diffraction spot is due to the breaking- 
down of the original grain (crystal) during plastic 
deformation into a number of smaller crystals 
(fragments) possessing close orientation. The ap- 
pearance of background between the reflections is 
the consequence of reflection by the strongly dis- 
torted transitional regions. 

This process also occurs in the radial direction, 
together with blurring of the reflections in the tan- 
gential direction, the former being basically the 
result of the small dimensions of the regions of 
coherent scattering and the presence of distortions 


Fine structure of deformed nickel 


of the second kind. A doublet structure of the line 
makes its appearance when the degrees of deforma- 
tion are not large. When this happens the reflections 
almost always appear on one of the lines of the K, 
doublet. This indicates that even a small degree of 
deformation gives rise to general disorientation of 
the initial grain exceeding 25’ (A 0 = for line (222) 
in FeK,-radiation amounts to 247. 

As the degree of cold plastic deformation increa- 
ses the intensity of the reflections and the distance 
between them along the arc of the Debye ring de- 
crease, while the number of the reflections and the 
intensity of the background between them increase. 

When deformation exceeds 50% (in the given geo- 
metrical conditions for the exposure) it appears to 
be impossible to distinguish separate reflections on 
the X-ray photographs. The photographs show either 
strongly elongated arcs or continuous rings. 

During deformation the angle between the frag- 
ments changes from 4’ (10% deformation) to 30° 
(50% deformation). 

A study was also carried out on the nature of the 
change in magnitude of the distortion of the second 


kind 


of the dimensions of the regions of coherent scat- 
tering (D) and hardness (H,,); this work was under- 
taken at the same time as the study of the change 
in angle in the disorientation between the fragments 
in relation to the degree of cold plastic deformation. 

As the degree of cold plastic deformation increa- 
sed with the increase in hardness so did increases 
occur in the distortions of the second kind, and in 
the angle between the fragments, while decreases 
were noted in the dimensions of the regions of 
coherent scattering (Fig. 2). 

The most intensive hardening takes place at com- 
paratively low degrees of deformation (up to 20%). 
It is here too that the most intensive changes occur 
in the crystalline structure of the samples. No ad- 
ditional breaking up of any practical extent of the 
regions of coherent scattering was observed when 
the degrees of deformation exceeded 20-30%, 
although the hardness values and the angle between 
the fragments continued to increase to a limited 
extent. 

Therefore an increase of angle between the 
fragments also takes place in proportion to the in- 
increase in the degree of the cold plastic deforma- 
tion, together with increase of distortions of the 
second kind and changes of the regions of coherent 
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FIG. 2. The relation between the distortion of the second kind (J), the angle between 
the fragments (2), the dimensions of the regions of coherent scattering (3) and the hard- 
ness (4) and the degree of plastic deformation. 


scattering. 


Translated by A.K. Gibson 
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THE INFLUENCE OF THE DEFORMATION TEMPERATURE ON CHANGES IN 
MICROHARDNESS AND INDUCED THERMO ~- E.M.F. * 


N.F. KUNIN and A. Ia. USOV 
Cheliabinsk Institute for the Mechanization and Electrification of Agriculture 


(Received 22 April 1959) 


Measurements were made of the magnitude of the induced thermo —e.m.f. in copper being subjected 


to plastic deformation in the temperature range of — 183, + 100°. The microhardness was measured at 
the same time. Boththethermo-e.m.f and the microhardness were measured at room temperature on the 
same set of samples. The changes in microhardness and induced thermo-e.m.fs were found to be direct- 
ly proportional to the relative deformation and diminish with temperature in accordance with an expon- 


ential law. 


INTRODUCTION 


Attention was paid in previous papers [1, 2] to 
the parallelism existing in the changes in the mech- 
anical properties and thermo -e.m.fs when metals 
were subjected to plastic deformation. This congruity 
was evident also in the temperature relationship. In 
both cases this similarity was of an exponential 
character. 

The exponential relation of hardness to tempera- 
ture was recorded by Ito [3] and Shishokin [4]. 
Vratski and Frantsevich proposed a similar relation 
for the temporary resistance of steel [5], Gubkin 
and Orlov [6] — for the limit of yield of duralumin. 
Kunin and Sukhin arrived at the same relationship 
for the case of plastic compression of a number of 
pure metals [7]. 

The thermo -e.m.f. induced by plastic deformation 
also depends on the deformation temperature in ac- 
cordance with the exponential principle. The cited 
work [2] shows that for copper, silver and gold the 
induced thermo-e.m.f. E, measured at room temper- 
ature, after deformation at a temperature 7 can be 
expressed in the following form: 


E = Be exp(—a7), 


where ¢ is the magnitude of the relative deformation; 


B and a— are constants. 
Generally mechanical properties, for instance 


* Fiz. metal. metalloved., 9, No. 1, 115-118, 1960. 


The expoential constants for both the above magnitudes proved to be identical. 


deforming stresses, are measured in the actual 
process of deformation at the temperature at which 
deformation takes place. The mechanical character- 
istics obtained in this way cannot be compared with 
the induced thermo -e.m.f. measured at the usual 
temperature after deformation. In the first case we 
obtain characteristics of a dynamic type, reflecting 
the properties of the material in the process of being 
deformed. In the second case we measure effects of 
a static character, retained in the metal after de- 
formation has taken place and after the metal has 
passed from the temperature of deformation to room 
temperature. It follows that the induced thermo-e.m.f. 
has to be compared with a mechanical characteristic 
which possesses in itself a residual character and 
can be measured at room temperature after deforma- 
tion of the metal. Microhardness can conveniently 
be selected to exemplify a characteristic of this 
type, a choice supported by the fact that in this 
case the measurements can be carried out on the 
same set of test samples as those employed for the 
measurement of the induced thermo -e.m.f. 

This procedure has been adopted in the present 
work. Furthermore, it is worth recording that there 
is another possible method of comparison. The 
induced thermo-e.m.f. can be measured directly in 
the process of deformation. It can then be compared 
on a very sound basis with the course taken by the 


deforming stresses. 


THE MEASUREMENT PROCEDURE 


Ordinary copper wire of the conductor grade was 
used for the experiments. The wire test samples 
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FIG. 1. Relation of the induced thermo-e.m.f to the 
deformation at different temperatures. 
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FIG. 2. Changes in micro-hardness after plastic 
deformation at different temperatures. 


- 100 


FIG. 3. Relation of the logarithms of induced thermo-e.m.f. and changes of micro- 
hardness to the temperature. 


were given a V — shape. The samples were slightly 
flattened, polished and annealed in a vacuum at a 
temperature exceeding the temperature of recrystal- 
lization. 

Deformation was carried out by applying tension 
to one of the arms of the sample at a constant velo- 
city of 6 x 10°‘ sec"! at different temperatures. At 


each of the temperatures identical deformation was 
given to not less than three samples. The heating 
of the deforming part of the sample together with the 
clamps of the deforming machine was carried out in 
a long tubular furnace, the interior of which was 
thermostatically controlled. The samples were cool- 
ed in cooling troughs filled with liquid air. The 
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samples together with the clamps of the deforming 
machine were immersed directly into the liquid air 
or into alcohol cooled by liquid air to temperatures 
of — 90 and — 40°. 

Each sample’s thermo-electromotive force and 
microhardness was measured up to and after deform- 
ation. 

The measurement of the thermo -e.m.f. followed 
the procedure described in the cited paper [8]: the 
thermocouple formed was set up in two troughs with 
different temperatures, the leads being connected 
to a mirror galvanometer. The sensitivity of the 
electro-measuring instrument was in the range of 
0.066 » watt/mm. The microhardness was measured 
on apparatus of the PMT-3 type with a diamond in- 
denter having the form of a square-based pyramid 
with an apex angle of y = 136°. The hardness numb- 
er H was determined as the relation of the mean 
stress of the indenting pyramid to the surface of the 
impression. 

The microhardness of each sample was determin- 
ed ten times under a constant load of 10g. 

The initial thermo -e.m.f. of the annealed samples 
was not found. The microhardness of all the samples 
(up to deformation) was found to be almost identic- 
al with a mean value of 53.1 kg/mm’. 


RESULTS AND DISCUSSION 


Fig. 1 gives a presentation of the relation of the 
induced thermo -e.m.f. to the degree of deformation 
for various temperatures of deformation. 

The relative residual elongation is plotted along 
the axis x and along the axis y — the correspond- 
ing value of the induced thermo -e.m.f. expressed 
per degree. The magnitude of ¢ was limited by the 
appearance of concentrated deformation at high 
temperatures. 

It can be seen from the figure that at each of the 
relevant temperatures the induced thermo -e.m.f. is 
proportional to the magnitude of the relative deform- 
ation. 

The results obtained from the microhardness mea- 
surements are presented in Fig. 2, where along 
axis x is plotted also the relative residual elonga- 
tion «, while along axis y — is shown the difference 
in values of the microhardness after deformation 
and the values of microhardness in the undeformed 
samples — the residual microhardness. The residual! 
microhardness at each of the selected temperatures 
increases linearly with increase in the degree of 
deformation. 

In both the cases of induced thermo-e.m.f. and 
induced microhardness a diminution is observable 
with increase in the temperature of deformation. 


Fig. 3 presents the temperature relations of in- 
duced thermo -e.m.f forces and microhardness at 
relative deformations of 6, 12 and 20%. The log- 
arithms of induced thermo -e.m.f. and induced micro- 
hardness diminish linearly with increase of the 
temperature of deformation. In all the deformations 
the straight lines obtained are parallel to each other. 
These results confirm the exponential relation of 
the induced thermo-e.m.f. to the temperature. The 
parameters B and a do not depend on the degree of 
deformation and have values respectively of 
0.243 pwatt/degree and 0.00276 1 /degree. 

The induced microhardness conforms to the same 
principle and can be expressed by the equation 


AH = Ac exp(—aT)., 


Here A and a also do not depend on the degree of 
deformation; A — 273 kg/mm’, while a has the same 
value as the temperature coefficient of the residual 
thermo -e.m.f. 


CONCLUSIONS 


The influence of the temperature of plastic de- 
formation on the induced thermo -e.m.f. and on the 
residual microhardness is the same. That being so 
it is possible to assume that the mechanism of 
formation of induced thermo-e.m. forces is identic- 
al with the mechanism of the genesis of residual 
strain. 


Translated by A.K. Gibson 
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'MPERFECTIONS IN THE CRYSTAL STRUCTURE OF NIOBIUM PRODUCED AT 
HIGH DEFORMATIONS * 
L.I. LYSAK and L.V. TIKHONOY 
Metal Physics Institute Academy of Sciences Ukr. SSR 
(Received 29 June 1959) 


A study was made of the characteristics of the fine crystal structure and hardness of niobium at 
high stages of plastic deformation. Data were obtained for the dependence of the crystal lattice de- 
formation, block dimension and hardness on the direction of the deforming stresses. 

It was found that the difference in the hardness values as determined in the direction of the de- 
forming stress and in the direction perpendicular to it, is associated with the difference in the values 
of the crystal lattice deformations and block dimensions. 


It was established that hardening is observed not 
only at low plastic deformation values (up to « = 20%) 
but also at the high ones (¢ > 70%), and the value 
of the second hardening can exceed considerably 
that of the first one [1]. Such results are obtained 
with various metals using different test procedures. 
It was concluded on the basis of experimental data 
concerning variations in the properties of the fine 
crystalline structure that the role of these properties 
in as far as changes in the strength are concerned, 
depends on the method and stage of hardening [1]. 

In the present investigations a more detailed study 
was made, with due regard to the anisotropic proper- 
ties of the crystal lattice deformation and block di- 
mensions in niobium at high (« > 70%) degrees of 
plastic deformation. The hardening of the test metal 
was produced at room temperature by means of uni- 
axial compression of cylindrical testpieces to dif- 
ferent stages of compression under static loading 
conditions. 

The testpieces were prepared as follows. Niobium 
bars (99.997 % Nb) with dimensions of 16 x 16 mm 
were rolled to rods with a diameter of 10 mm. These 
rods were then used for the preparation of test cy- 
linders 12 mm in length and 7 mm in diameter. The 
specimens thus prepared were annealed in vacuum 
(~ 1075 mm Hg) at 1200°C for 1 hr. 

After deformation. the hardness of the testpieces 
was determined in two mutually perpendicular dir- 
ections: in the direction of the application of the 
deforming stress (A) and in the direction perpendi- 
cular to it (B). In order to do so, the specimens were 
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cut after deformation into two parts (Fig. 1). 

A cylindrical specimen with a diameter of 0.9mm 
was cut from the centre of each half in such a way 
that its axis coincided with the radius of the test 

lock. After etching, the specimens were subjected 
to an X-ray examination in a camera whose cylinder 
was 143 mm in diameter. The specimens were rotat- 
ed during the examination. 

The 2nd order distortions of the crystal lattice 
and the size of the coherent scattering regions (of 
the blocks) were determined in terms of diffuseness 
of the diffraction lines (110) and (330) as produced 
with K, radiation from a copper anode [2, 3]. 

Static distortions of the crystal lattice 


were determined from the intensity of the (110) and 
(220) lines obtained under identical conditions. 
The remaining halves of the test cylinders were 
investigated in the URS-50I X-ray camera equipped 
for automatic recording of the intensity distribution 
curves in the diffraction lines. During the examina- 
tion, a counter was used for recording the equator- 
ial parts of the diffraction lines. Under this set-up, 
reflections were produced by the planes arranged 
parallel (with some scatter angle) with respect to 
the irradiated flat surface of the specimen. The 
physical widening of the lines was conditioned by 
the distortions of the crystal lattice and by block 
dimensions in the direction perpendicular to the 
specimen surface. An examination was made of two 
surfaces: the frontal one, the normal to which is 


VO! 


19% 


Crystal structure of niobium 


parallel to the direction of the deforming stress and 

the lateral one, the normal to which is perpendicular 

to the direction of the deforming stress (see Fig. 1). 
Lines (110), (220) and (310) were obtained from 


the lateral surface with the Kg radiation of an iron 


FIG. 1. Diagram showing two methods of X-ray analysis 
for determining the 2nd order distortions (Aa/a) of the 
crystal lattice and the block dimensions D. The normal 
N, to the frontal specimen surface is parallel to the 
deforming stress; the normal N, with respect to the 
side surface of the test specimen is perpendicular to 
the normal N,. By means of arrows [,, 1, Io, and /, are 
shown the directions of the primary and reflected X-ray 
beams. 


anode. The (110), (200), (220) and (310) lines were 
recorded during investigation of the frontal surface 
with the Kg radiation from an iron anode and the 
(222) and (321) lines, when the K, radiation from a 
copper was employed. Calculations of the crystal 
lattice deformation and of the block dimensions 
were carried out according to the methods outlined 
in investigations [2, 3]. 

Results of width measurements of the (110), (220) 
and (310) lines are given in Fig. 2 (the width is 
given in centimetres as it was recorded on the cur- 
ve recording strip of the recording attachment). The 
rate of travel of the counter was 0.5 deg/min and 


the recording strip moved at the speed of 800 mm/hr. 


It was found impossible to measure the width of 
the (110) line during examination of lateral surface 
after a deformation of 83%. The reason was that at 
a small glancing angle (¢ = 24°30’), the surface of 
the polished specimen was insufficient for covering 
by whole of the primary X-ray beam. 

No measurement was made of the width of the 
(220) line during the frontal surface investigation 
of the specimen deformed by 72% because the in- 
tensity of this line was extremely low. 
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FIG. 2. Variation in the diffraction line width of 
niobium with the degree of deformation. 


In Fig. 3 are shown the experimental data obtain- 
ed. Values with index 7 refer to measurement carri- 
ed out on the frontal surface of the testpieces and 
those with index B indicate measurements obtained 
on the lateral surfaces. It follows from the graphs 
that different values of the crystal lattice distor- 
tion and different block dimensions are obtained for 
different directions. Higher 2nd order deformations 
and smaller block dimensions are obtained in mea- 
surements on the frontal surface of the specimens. 
This means that higher crystal lattice distortions, 
in the form of compressed and extended metal sec- 
tions, are produced along the line of action of the 
applied stress, in comparison with similar values 
produced along the direction perpendicular to the 
line of action of the applied stress. 

Such difference in the block dimensions means 
that the blocks are in the form of lamellae, the 
larger plane of which is roughly perpendicular to 
the direction of the deforming stress. 

The nature of the results obtained is not difficult 
to interpret if one considers the mechanism of the 
specimens plastic deformation under compression 
(Fig. 4). At large degrees of deformation, the blocks 
undergo a breakdown, analogous to that occurring 
with slip bands, and rotate in such a way that the 
slip plane becomes parallel to the face of the grip 
holding the specimen. 

It is interesting to note that, as the degree of 
deformation is increased, a lamellar form of the 
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FIG. 3. Variation of the 2nd order distortions of the crystal lattice Aa/a, of the 3rd order distortions 
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of the block dimension D and the hardness Hy of niobium as functions of the degree of deformation. 


blocks and a variance in the magnitude of the dis- 
tortions in various directions are produced only at 
deformations exceeding 70%. The degree of deforma- 
tion of the crystal lattice (Aa/a) increases and the 
block dimensions (D7) decrease with increasing 
degrees of the specimen deformation. Furthermore, 
one should also notice that the above values show 
practically no change if measured in directions per- 
pendicular to the axis of the specimen compression. 
Variations in the crystal lattice distortions 


—— 
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and in the block dimensions D,, as determined from 
the rotating specimen X-ray diffraction diagrams of 
cylindrical testpieces, are shown in Fig. 3. It follows 
that the values of (Aa/c, and D, are intermediate 
between those obtained in the lateral and frontal 
analyses. 

It was established in a number of investigations 
that during the compression of metals with the body- 
centred cubic crystal structure there forms a double 
fibre texture with the [111] and [100] directions 
parallel to the axis of compression [4]. It follows 
from our experimental data that the same texture is 


produced during compression of niobium. Therefore, 
during analysis of the frontal surface of the speci- 
mens, reflections from the (222) and (200) planes 
are obtained on the equator. We have assumed that, 
as the degree of deformation is increased, the in- 
tensity of the equatorial parts of the diffraction 
spots of these planes also increases, so that the 
development of the above structure was only to be 
expected. However, variation in the absolute in- 
tensities of the equatorial parts of the (200) and 
(222) diffraction lines, as produced during analysis 
of the frontal specimen surface, showed that just 
the reverse is true. The intensity of the equatorial 
part of the (220) line was increasing (Fig. 5). 

The variation in the line intensity as described 
above, points to the fact that at high degrees of de- 
formation (¢ > 70%) there is a breakdown in the 
type of texture obtained previously. It is possible 
that, under these conditions, slip takes place along 
new crystallographic planes, because all the other 
planes more favourable to slip have already been 
employed. A visual inspection of the diffraction 
diagrams showed no indication of a new texture 
being produced. 

Results of hardness measurements are shown in 
Fig. 3. The hardness of test specimens deformed by 
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less than 70% is independent of the direction of 
action of the hardness tester indenter with respect 
to the direction of shift of the jaw planes of the 
compressing device used for work hardening of the 
specimen. At higher deformations the hardness of 
the frontal specimen surface is found to be higher 
than that of the lateral surfaces. This difference in 
the hardness values increases with increasing spe- 
cimen deformation. 

It can be assumed on the basis of an analysis of 
the above results that the difference in hardness, 
as obtained in measurements along the direction of 
compression and in the direction perpendicular to it, 


Slip plane 


FIG. 4. Diagram showing the mechanism of plastic 
deformation during specimen compression [4]. 


is connected with a difference in the degree of crys- 
tal lattice distortion and block dimensions and that 
it is not directly affected by texture changes. Con- 
sequently, the anisotropy of hardness can be defin- 
ed as being due not to differences in the physical 
properties of the testpieces along the various crys- 
tallographic directions but to a dependence of the 
fine crystal structure properties on the direction of 
the testpiece compression during plastic deforma- 
tion. However, the hardening effect observed at 
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FIG. 5. Intensity variation of the niobium diffraction 
lines as a function of the degree of specimen 
deformation. 


higher degrees of deformation is accompanied not 
only by the development of extensive defect in the 
crystalline structure but also by a change in the 
degree of perfection of its texture. As it is known, 
these changes affect the mechanism and kinetics of 
plastic deformation, which have a profound influen- 
ce on the formation and character of imperfections 
of the crystal structure. 


Translated by H. Cygielski 
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AN INVESTIGATION OF GRAIN BOUNDARY DISPLACEMENT DURING CREEP * 
V.M. ROZENBERG and I.A. EPSHTEIN 


Metal Physics Institute of the Central Scientific and Research Institute of Ferrous Metallurgy 


(Received 8 September 1959) 


A study is made of grain boundary displacement during creep in aluminium. It is shown that the 


extent of grain boundary displacement is independent of the boundaries’ orientation with respect to 
the elongation axis. Displacements of grain boundaries make no contribution to the value of overall 


During creep simultaneously with the processes 
of deformation there occur processes which counter - 
act structural changes arising as a result of deform- 
ation (polygonization, recrystallization). One of the 
above processes: polygonization, inhibits the further 
development of deformation and hardens the mater- 
ial. Other processes, such as recrystallization for 
instance, tend to favour further deformation. 

As a rule, the process of recrystallization during 
creep occurs by the mechanism of grain absorption 
by the neighbouring grains without the formation of 
new nuclei. 

Microscopic studies of this process showed that 
the “grain swallowing” process by other grains ad- 
jacent to them takes place by the boundary displace- 
ment mechanism along the whole grain boundary front 
(Figs. 1 and 2). 

It is customary in the foreign literature to refer to 
this process as “boundary migration”. In what fol- 
lows, we shali use the term boundary displacement, 

The process of grain boundary displacement dur- 
ing creep was observed in a number of investigations 
(see, e.g. [1] ). A quantitative evaluation of this 
phenomenon and an examination of the effects exert- 
ed on it by other factors (temperature, stress) were 
given in work [2]. It was found in these investiga- 
tions than an increase in the test temperature pro- 
duces, at a certain constant creep rate, an increase 
in the extent of the grain boundary displacement. A 
similar effect is shown by rising values of the ap- 


plied stresses. 
The purpose of the present investigation was to 
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t The term “boundary displacement” should be disting- 
uished from “displacement along the boundary”. This 
latter term refers not to grain absorption by its neigh- 
bouring grain but to grain displacement with respect 


to one another. 


elongation but they do increase the plasticity of the material. 


elucidate the role of grain boundary displacement in 
the process of creep. At the same time, an examina- 
tion was made of the boundary displacement kinetics, 
and the effect of grain boundary position with res- 
pect to the stress axis. Furthermore, studies were 
also made of the effect of the relative orientation of 
the neighbouring grains on the value of grain bound- 
ary displacement. 


MATERIAL AND TEST PROCEDURES 


The investigation was made on aluminium (99.99% 
purity) in which traces of Mg and Si were detected 
by the chemical analysis and traces of Cu were 
shown to be present by the spectral analysis data. 
The working part of the testpieces was 4 x 5 x50mm 
in dimensions. Prior’ to testing, the testpieces were 
annealed for 1 hr at the temperature of 400°. After 
the annealing, the mean grain size in the testpieces 
was 0.2 mm. It was established in special tests that 
after the above treatment no change in the testpiece 
grain size was produced by a prolonged holding in 
the temperature interval from 275-325°. The test- 
piece surface was polished before testing and then 
subjected to a final electrolytic polishing treatment. 

The testpieces were examined under the action 
of a constant load; the starting stress was 0.4 
kg/mm?. The test temperature was maintained with 
an accuracy of + 3°. The maximum temperature grad- 
ient along the specimen length did not exceed 2°. 

The investigation of grain boundary displacement 
during creep was carried out as follows. At a cert- 
tain stage of creep, the testing was interrupted, the 
testpiece was removed from the creep machine and, 
with the help of a microscope provided with eye- 
piece micrometer (magnification X 530) measure- 
ments were carried out of grain boundary displace- 
ment in 100 boundaries. 
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FIG. 1. Displacement of alumium grain boundaries during 

creep. The test temperature: 300°; stress: 0.4 kg/mm’; 

test time: 2 hr and deformation of 4.8 %. Etch figues 
were produced after tensioning; x 50. 


FIG. 3. Displacement of an individual grain with respect 
to another grain and boundary displacement 
(diagrams) [2]. 


Since during creep, in addition to grain boundary 
displacement along the whole front, there is also the 
displacement of grains with respect to one another, 
it is necessary to introduce a suitable correction 
for this effect [2]. 

In Fig. 3 is shown a diagram of the testpiece 
cross-section in which the grains were displaced 
with respect to each other simultaneously with a 
displacement of the grain boundary. It follows from 
this figure, that the factor m as measured under the 
microscope is greater than the true displacement 
value M. 

Simple geometric relationships and the averaging 
of the angle between the boundary plane and the 
testpiece surface, 0 from 0 to 90°, lead to the follow- 
ing expression 

Ma 


1.57’ (1) 


wherein, A is measured by means of an interference 
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FIG. 2. As in Fig. 1. Test temperature of 300°, stress 
of 0.2 kg/mm’, test period of 20 hr and deformation 
of about 12 %. The mean grain diameter of 
about 10 mm; x 250. 


microscope and the value of A is the mean one ob- 
tained in measurements on 100 grain boundaries. 


EXPERIMENTAL RESULTS 


Kintetics of the Process of Grain Boundary 
Displacement along the whole Front. The invest- 
igation was carried out at the temperature of 275, 
300 and 325°. In Fig. 4 are shown creep curves for 
the specimens investigated. The plot points corres- 
pond to the time and deformaticn values at which 
test measurements were made. 

In Table 1 and Fig. 5 data are given which show 
how the mean grain boundary displacement values 
vary with temperature and duration of the tests. All 
the curves show an identical damping character. 
The higher the test temperature, the shorter the 
time required for reaching a given value of the grain 
boundary displacement. 

The dependence of the grain boundary displace- 
ment on the specimen deformation is shown graphic- 
ally in Fig. 6. The plot points, obtained at three 
different temperatures, fall well on the curve. This 
indicates that, in the interval of the temperatures 
investigated, the degree of the specimen deformation 
behaves as a factor determining the value of the 
grain boundary displacement. 

In Fig. 7 is shown, in the co-ordinates of logarithm 
of test duration against the test temperature (°K), 
the relationship between the time and temperature 
of the test, which are necessary for reaching a 
certain given value of grain boundary displacement. 
There is a linear relationship between the above 
two factors. This means that the speed of the grain 
boundary displacement depends exponentially on 
temperature: 
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FIG. 4. Aluminium creep curves obtained at the test temperatures of 275° (curve No. 1), 
300° (curve No. 2) and 325° (curve No. 3). The stress was ia all cases equal to 
0.4 kg/mm’. 
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FIG. 5. Variation in the mean value M of the grain boundary displacement during creep 
of aluminium: 1 — at 275°; 2 — at 300°; 3 — at 325°. 
Test stress = 0.4 kg/mm’. 


TABLE 1. Dependence of the overall elongation, displacement along the grain boundaries (h) and 

the value of grain boundary displacement (M ) on the test temperature and time during creep 
of aluminium (stress of 0.4 _kg/mm?). 

Test Total 

elongation, h, in ®, in M, in 


275 


cocucn 


tbo 
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FIG. 6. Dependence of the mean grain boundary 
displacement on the total deformation of the 
specimen. 


Q = 18 kcal/mol. 
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FIG. 7. Relationship between logarithm of time and the 
reciprocal temperature necessary for achieving a given 
value of grain boundary displacement during creep. 
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FIG. 8. Boundary displacement — creep curves obtained at the temperatures of 275 and 325° 
after reduction to the temperature of 300°. 


= —=Aex — Q/RT). 
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wherein, r—time, 7’ — temperature, R — universal 
gas constant, A — a constant depending on the me- 
chanism of the process and Q is the activation ener- 
gy of the boundary displacement process, the value 
of which can be evaluated from the slope of the 
curves given in Fig. 7. A calculation shows that 

Q = 18 kcal/mol. It follows from equation (2) that 


t [exp (Q/RT,): (3) 


By making use of equation (3) in conjunction with 
the value of the activation energy, the curves shown 
in Fig. 5 can be made to coincide. This result shows 
that the experimental plot points obtained at three 
test temperatures fall well on a single curve (Fig. 8). 

Effect of grain boundary position with respect to 


the elongation axis on the value of its displace- 
ment. In carrying out the measurements described 
above and in introducing a correction for the vertic- 
al displacement component of the grain with respect 
to each other, which is 4 (see expression (1), it is 
necessary to take into account that the value of 
depends on the angle between the grain boundary 
trace on the specimen surface and the axis of the 
specimen elongation (let this angle be denoted by 
¢ ) [3]. Therefore, preliminary measurements were 
made of the displacement value along the boundary 
as a function of the angle ¢ (Fig. 9 ). 

It follows from Fig. 9 that, along the grain bound- 
aries, the trace of which on the specimen surface 
makes an angle ¢ = 45° with the specimen axis, the 
value of the displacement is at its maximum, where- 
as in the case of boundaries with ¢ values close to 
0 or 90°, it reaches its minimum- These facts agree 
well with the data as reported in work [3]. 

In Fig. 10 are shown experimental results, 
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only qualitatively by means of etch figures. These 
figures were produced on the surface of specimens 
elongated during creep to the extent of « = 4.8 % 
(T = 300°, o = 0.4 kg/mm’). In Fig. 1 is shown a 
photograph of one of the points of the specimen in- 
vestigated. In this case, the orientation of the 
neighbouring grains is analogous and the value of 
the grain boundary displacement along the whole 
front can be either very small (grains A and B) or 
very large (grains B and C). [f the degree of disor- 
ientation of the neighbouring grains is extensive, 
the value of the grain boundary displacement can be 
either small (grains C and G) or large (grains G and 
1.10 | A). A microscopic examination of some 100 grains 
showed that this conclusions apply to the whole of 
boundary path on the surface, the test specimen. In Table 2 are given experiment- 
FIG. 9. Variation of the mean grain displacement with al data which illustrate the deduction that the value 
respect to each other as a function of the angle between of the grain boundary displacement along the whole 


is and th d th 
front during creep is independent of the relative 
and deformation of 6%. orientation of the neighbouring grains. 
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obtained after introducing corrections for h. It is EVALUATION OF TEST RESULTS 


clear from this figure that the value of the grain 
boundary displacement is independent of angle ¢. It is known fact that during heating of a deformed 
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FIG. 10. Variation of grain boundary displacement with the angle between the specimen axis 
and the boundary trace on the specimen surface. Temperature of 300°; test stress of 
0.4 kg/mm? and deformation of 6 %. 
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The carrying out of suitable calculations gives us metal there occurs the process of its recrystalliza 
the values of r = 0.13 or F = 1.7 %. This means that tion. Depending on the degree of its previous de- 
1.7 % of the data indicates the presence of a certain formation and the temperature at which the metal 
relationship between M and 4, i.e. that it fact no was annealed, the mechanism of the recrystalliza- 
such relationship exists between the values of the tion can take on various forms. After a considera 
grain boundary displacement and their orientation deformation and at annealing temperatures-exceed 
with respect to the axis of specimen elongation. ing slightly the recrystallization threshold, recrys 

Effect of the relative grain orientation on the allization proceeds by the mechanism involving 
magnitude of grain boundary displacement. The the formation of new nuclei and their subsequent 
relative orientation of the grains was determined growth. The grains grown in this process have an 
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TABLE 2. Quantitative data for the dependence of the boundary displacement 
values on the relative orientation of neighbouring grains. 


T = 300, o = 0.4 kg/mm’, € = 4.8 % and M = 2.20 p. 


Displacement 
value, 


Orientation 


Relative No of 
cases, % 


M=9 


Similar orientation 
E€onsiderable difference 
in orientation 


M from 0 to 3 


Similar orientation 
Considerable difference 


in orientation + + + « 


M from 3 upwards 


Similar orientation 


Considerable difference 
in orientation : 


orientation differing from that of the initial grains. 
The size of these grains is also, almost invariably, 
different from that of the initial grains. 

After a relatively low degree of the specimen de- 


formation and at the annealing temperatures approach- 


ing the melting temperature of the metal, the mecha- 
nism of the specimen recrystallization is different: 
there occurs a “swallowing up” of some grains by 
the others and no nuclei of new grains are produced 
[6]. This process of recrystallization differs from the 
ordinary grain growth occurring during the heating of 
a non-deformed specimen to a high temperature, in 
the direction of the grain boundary displacement. 
During grain growth in a non-deformed metal, the 
driving force of the grain coalescence arises from a 
tendency to reduce the surface energy of the system. 
Therefore the grain boundary displacements during 
the “swallowing up” of some grain by the others 
take place in directions away from the centre of 
curvature. During recrystallization without the form- 
ation of new nuclei, the stimulus to the swallowing 
up of one grain by another arises from the difference 
in the value of the elastic energy. In this process, 
grain boundary displacement can occur in any 
direction: both toward the centre of curvature and 
away from it. The process of the grain boundary 
displacement as observed during creep, represents 
recrystallization in the absence of the development 
of grain growth nuclei. The driving force of this 
displacement is the difference in the elastic energy 
of the neighbouring grains. Therefore, the grain 
boundary displacement can occur both toward the 


centre of the boundary and away from it [7]. 
However, the displacement of grain boundaries 


during the process of creep occurs under conditions 
different from those under which takes place the 
displacement of grain boundaries during the process 
of ordinary recrystallization. The difference lies in 
that during creep there occur similtaneously deform- 
ation and annealing, whereas during the ordinary 
recrystallization, the deformation and annealing of 
the specimen are separated in time. This difference 
does not alter the nature of the process itself but 

it can vary the conditions and kinetics of its occurr- 
ance. It is exactly for these reasons that the temper- 
ature at which grain coalescence is possible be- 
cause of grain boundary displacement, is reduced 
from 500-600° to 250- 400°. There is also a drop in 
the activation energy of the process by 18 kcal/mol 
(during grain boundary displacement under the action 
of heat, Q = 22 kcal/mol for aluminium bi-crystals 
at 85° disorientation between adjacent crystals with 
respect to the [110] axis and Q = 43 kcal/mol during 
disorientation of 55° [8]. 

The process of grain growth and recrystallization 
is characterized by a definite relationship between 
the speed of the new grains growth and their orien- 
tation with respect to the mother crystal [6]. The 
results of the present investigation showed that the 
value of the grain boundary displacement for a cert- 
ain time interval (this is the mean displacement 
velocity) is independent of the relative orientation 
of the growing grain and of that which is being 
“swallowed up”. This conclusion can be interpreted 
as follows. The driving force of the grain boundary 
displacement arises from a difference in the elastic 
energy values of the adjacent grains. During exten- 
sion of a polycrystal, each individual crystal-grain 
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exists in a state of complex strain which determines 
not only its orientation with respect to the external 
stress but also the orientation and the strain state 
of the neighbouring grains. Therefore, it is quite 
likely that the neighbouring crystal-grains with sim- 
ilar orientations can show a much more significant 
difference in the value of their elastic energies 
than is the case with grains with definitely different 
orientations. It may also be, on the other hand, the 
reverse picture is true. The process of grain bound- 
ary displacement is furthermore complicated in that, 
at the same time when boundary displacements may 
occur at some points, the grains may be in the pro- 
cess of deformation and displacement with respect 
to each other at other points. The net result may be 
a lack of stress re-distribution, which in its turn 
may be responsible for a complete blocking of the 
displacement of some grain boundaries and an acce- 
leration of the others. 

Thus, although the relative orientation of the 
neighbouring grains determines the strain state of 
the grains, because of a complex nature of this 
state as well as because other processes proceed 
simultaneously, there is no manifestation of any re- 
lationship between the grain boundary displacement 
and the orientation between the neighbouring grains. 

The atomic mechanism of grain boundary displace- 
ment is not yet clear at present. If the boundary is 
considered as a layer in which the atoms occupy 
certain intermediate positions with respect to the 
atoms in the lattices of uniting crystals, it becomes 
possible to assume that the grain boundary displace- 
ment arises in consequence of a shift of single atoms 
away from the boundary and their combination with 
regularly arranged atoms of one of the coalescing 
crystals. Quite irrespective of our actual concept of 
the grain boundary structure and of the true mecha- 
nism of the boundary displacement during creep, it 
appears to be obvious that any such boundary dis- 
placement must involve a rearrangement of the indi- 
vidual atoms or atomic groups, i.e. that diffusion 
must occur. This deduction appears to be confirmed 
by a rather high activation energy of the process, 
which is Q = 18 kcal/mol. The fact that Q, is less 
than Q, which is the activation energy of self diffus- 
ion whose value for aluminium is 34 kcal/mol, can 
be ascribed as being due, firstly, to the diffusion 
occurring predominantly along the grain boundaries 
and, secondly, to the effect on diffusion of the 
stresses applied. 

Since grain boundary displacement is associated 
with a transfer of material, which under the action 
of the stresses applied might become directional in 
nature, the question arises whether a grain boundary 
displacement should produce macro-deformations. 


Grain boundary displacement 


The experimental data given above show that the 
extent of the grain boundary displacements along 
the axis of the applied stress and perpendicular to 
it are equal in value. For a constant mean grain 
size, this means that the process of grain boundary 
displacement during creep does not lead to a direct 
elongation of the test specimen. 

The question arises then as to the actual role of 
the grain boundary displacement during creep. Grain 
boundary displacement represents one of the poss- 
ible mechanisms of recrystallization leading to the 
removal of local stress concentrations. Since during 
creep there takes place a considerable localization 
of the elastic energy and deformation in the grain 
regions nearest to the grain boundary, a grain bound- 
ary displacement, which results in the removal of 
local stress concentrations, protect the metai against 
local breakdown and thereby increases its plasti- 
city. The above concepts are confirmed firstly, by 
the absence of intergranular cracks in grain bound- 
aries and shifted along the whole front and, second- 
ly, by the fact if a metal is alloyed in such a way 
as to reduce the mobility of its grain boundaries, it 
acquire brittle fracture characteristics with a low 
residual deformation [9]. 

In conclusion it should be emphasized that it is 
not certain, as yet, whether there occurs a displace- 
ment from a grain, with the activation energy higher 
than that of another grain towards which the dis- 
placement occurs, or vice versa. This problem re- 
quires further studies. One thing is clear, however, 
this is that the displacement of grain boundaries 
leads to a reduction in the total value of the elastic 
energy of neighbouring grains and of the metal as 
a whole. 

1, The grain boundary displacement during creep 
represents one of the forms of recrystallization 
during which the phenomenon of grain “swallowing” 
by other grains sets in and no new grain nuclei are 
developed. The activation energy of grain boundary 
displacement in the temperature interval of 275- 
325° and at a stress of 0.4 kg/mm? is 1800 cal/mol. 

2. Grain boundary displacement during creep is not 
dependent directly on the relative crystallographic 
orientation of the neighbouring grains. This fact is 
associated with a complex strain state of the latter 
grains and its nature can be changed in the process 
of creep. 

3. The process of grain boundary displacement 
during creep produces no macro-deformations but it 
is capable of increasing the plasticity of the metal. 


Translated by Hi. Cygielski 
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THE KINETICS OF THE PLASTIC DEFORMATION AND FAILURE OF 
STEEL DURING BENDING * 


I.A. RAZOV and E.M. SHEVANDIN 


Adequate study has already been devoted to the 
problem of the kinetics of the plastic deformation 
and failure of steel during bending; yet there is still 
disagreement regarding the moment and location of 
the appearance of initial macro-cracks. It is usually 
considered [1-3] that the attainment of maximum load 
on the bend diagram corresponds to the beginning of 
failure, i.e. to the appearance of initial cracks. At 
the same time a number of experimental data [4-6], 
obtained in investigations of the scale effect during 
bending, indicate that the failure of large notched 
specimens, occurs long before maximum strain is 
attained in the case of identical small specimens, 
(even when the fracture is of a ductile nature in 
both types of specimens). If account is taken of the 
opinion expressed in several papers [5-9] that the 
beginning of failure is independent of the scale, 
there are thus grounds for supposing that initial 
cracks occur during the bending of notched speci- 
mens considerably earlier than the attainment of 
maximum load. This was actually observed in two 
investigations [5,6]. 

The purpose of the investigation described here 
was to make a detailed study of the kinetics of the 
plastic deformation and failure of steel during bend- 
ing, and to determine both the moment at which 
initial macro-cracks appear, and the location of their 
origin. 

The investigation was conducted on smooth speci- 
mens of grade SKhL-1' steel measuring 7 x 30 x 
55 mm; notched specimens measuring 20 x 20 x 
110 mm with a notch depth of 6 mm and notch bottom 
radii of o.6; 2.5; 1.5 and 0.5 mm; and notched spe- 
cimens measuring 60 x 60 x 330 mm with notch depth 
of 18 mm and notch bottom radii of 18 and 1.5 mm. 
Measurement of deformation was carried out with 
the aid of an index grid applied to the surface of the 
smooth specimens and to the notch bottom of the 


* Fiz. metal. metalloved., 9, No. 1, 133-139, 1960. 

t Chemical analysis of the steel: 0.16% C; 0.94% Mn; 
0.46% Si; 0.028% S; 0.032% P; 0.74% Cr; 0.40% Ni and 
0.39% Cu. Mechanical properties: 07 = 33.4 kg/mm’; 
Op= 53.2 kg/mm?; S, = 111.0 kg/mm’; 6, = 23.4% and 
= 62.0%. 


(Received 16 September 1959) 


notched specimens. The investigation procedure 
consisted in progressively bending the specimens 
with a concentrated force in small steps, and plot- 
ting plastic bending curves in the co-ordinates: 
relative deformation — angle of bend. At the same 
time detailed observations were made of the kinetics 
of the formation and development of cracks, which 
were measured with the aid of a MBI microscope. 
The beginning of failure was considered to occur at 
the moment when several cracks measuring 0.2-0.3mm 
formed in the most deformed zone. Isolated cracks 
appearing earlier from time to time, especially in 

the less deformed zones, were not taken into ac- 
count and were ascribed to incidental defects. The 
end of failure was taken to be the moment at which 
the cracks had extended virtually through the whole 
width of the specimen. 

Plastic bending curves for some of the specimens 
investigated are shown in Figs 1] a-b. These curves 
have a similar appearance for both the smooth and 
the notched specimens. At first, relative deforma- 
tion grows in linear proportion to the increase in the 
bending angle, then the rate of increase of relative 
deformation is retarded as the result of the appear- 
ance of initial macro-cracks and their increasingly 
intensive growth. Finally, the plastic bend curve 
follows a horizontal path, corresponding to the con- 
fluence of separate macro-cracks to form a central 
main one, and the extension of the latter through the 
whole width of the specimen. On the basis of an 
analysis of the plastic bending curves and observa- 
tion of the kinetics of failure, the following scheme 
of plastic bending is suggested (Fig. 2). 

The entire process of deformation, including 
failure, can be divided into three phases: 

1. Phase of disintegration and formation of initial 
cracks. This phase begins at a fairly early stage of 
deformation and ends with the appearance of the 
first visible macro-cracks (point A in Fig. 2). 

2. Phase of preparation for macro-failure. This 
phase is characterized by a growth in the number 
of small isolated cracks, accompanied by an in- 
crease in their dimensions. The beginning of the 
phase corresponds to point A, and the end to the 
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with notch bottom radius of 6 mm (6). 


a. — deformation without taking into account width 
of cracks; 
5, — deformation, taking into account width of 


cracks. 


moment when the curve passes into its horizontal 
sector (point B in Fig. 2). Preparation for failure is 
completed during this phase. 

3. Phase of complete failure. Beginning at the 


moment represented by point B, this phase terminates 


in complete failure (point C). During this phase the 
individual cracks run together to form a large central 
one, which extends over the whole surface of the 


specimen. For practical purposes it may be consider- 


ed that at this moment the specimen undergoes com- 
plete failure, since the crack continues to spread 
into the interior of the specimen, unaccompanied by 
deformation of the surface layer. 

The mechanism of the formation and development 
of initial cracks was studied by carrying out bend 
tests on 60 x 60 x 330 mm specimens with a notch 
bottom radius of 18 mm. It was found that at a given 
stage of deformation, the formation of initial macro- 
cracks up to 0.5 mm in length (Fig. 3a) is observed 
in different sections of the index grid. From then 
on some of the cracks gradually increase in size. 
At the same time new, small initial macro-cracks 
appear, and the overall number of the cracks in- 
creases (Fig. 3b). At a certain moment one of the 
cracks begins to grow more quickly than the others; 
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FIG. 1. Curves of the plastic bending of smooth specimens 
7x 30x 55mm (a) and notched specimens 20 x 20x 110mm 
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merging with other cracks, it finally leads to fract- 
ure of the specimen (Fig. 3c). 

In accordance with the account given above, the 
number of cracks (greater than a given size, e.g. 
1 mm) increases rapidly at first; subsequently the 
tempo of this increase slows down in conjunction 
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FIG. 2. Diagram of plastic bending. 

OA = stage of disintegration and formation of initial 
macro-cracks; 

AB = stage of preparation for macro-failure; 

BC = stage of complete failure. 


with the preferential growth of some of the cracks 
which originated earlier, and reaches its maximum. 
When the large main crack begins to form, the numb- 
er of individual cracks diminishes somewhat owing 
to their confluence, and then remains at a constant 
level (Fig. 4). 

In order to determine the moment at which initial 
cracks are formed during bending, the kinetics of 
plastic deformation and failure were studied on 
notched specimens measuring 20 x 20 x 110 mm. 
Curves were simultaneously plotted for the depend- 
ence of the load and the length of the cracks in the 
notch on the angle of bend. By determining the 
length of the cracks, and not their depth, it was 
possible to establish the moment of formation of 
initial cracks of a certain size (0.2-0.3 mm long), 
without resorting to longitudinal sectioning of the 
specimen; the latter method would be very laborious 
and would require a substantial supply of specimens. 
The use of a large number of specimens might, in 
its turn, lead to considerable scatter in the results. 

In every case the length of the largest crack 
was determined, equal to an absolute crack length 
lin relation to the length of the notch at a given 
moment of deformation. 
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FIG. 3. Process of failure of steel during bending: 


a — appearance of first initial macro-cracks 


(x 4 and x 18); 


b — multiplication of cracks and appearance of new 
macro-cracks in process of deformation; 


l 
x 100% 


Fig. 5 a-d shows bend diagrams with P = A (¢) 
and curves for the dependence of the relative crack 
length on the bending angle / = n (¢) for specimens 


with different notch bottom radii. 

It may be concluded from these data that initial 
cracks 0.2-0.3 mm in length form on the ascending 
portion of the curve on the bend diagram long before 
the maximum load value is attained. In this connexion 
the ratio of the angle representing the formation of 
initial cracks 0.2-0.3 mm long to the angle represent- 
ing the maximum load is approximately 0.5 - 0.6 for 
all the specimens. The appearance of initial cracks 
before the attainment of maximum load is in accord- 
ance with the fact that, after the formation of initial 
cracks, plastic deformation of the material located 
in the region of these cracks continues to take 
place, accompanied by hardening (10). 

On the basis of the data given in Figs. 5 a-d it 
may be observed that at the moment when the maxim- 
um is reached on the bend diagrar: the crack usual- 
ly attains a size of 25-30%, while the crack extends 
over the whole length of the notch bottom when the 
load is reduced by 30% for specimens with a radius 
of 0.5 mm, by 60% for specimens with a radius of 


c — formation of large main crack. 


1.5 mm and by 65-70% for specimens with radii of 
2.5, 6 and 10 mm. These data show that the final 
portion of the curve on the bend diagram changes 
considerably with the variation in the notch bottom 
radius. The greater the radius, the greater will be 
the maximum load and the greater the reserve of 
elastic energy in the system under load. The conse- 
quence of this is a more rapid propagation of the 
crack and a steeper descending curve on the bend 
diagram. 

A comparison of the static bend and elongation 
diagrams is of some interest. Distinguishing feat- 
ures of the elongation diagram (Fig. 6a) are the 
presence of a maximun, associated with the forma- 
tion of a constricted portion in the specimen, and 
the sudden discontinuity of the load at the end of 
the diagram, caused by the almost instantaneous 
spread of the crack over the whole cross-section of 
the specimen at the constricted portion. 

The distinguishing features of the bend diagram 
(Fig. 6b), on the other hand, are the appearance of 
cracks before the attainment of maximum load, and 
the gradual decrease of the load after the maximum 
has been reached, accompanied by a uniform exten- 
sion of the crack into the interior of the notched 
specimen. 


In the bend diagram (Fig. 6b) the point F corres- 
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6 8 10 
Angle bend ¢, degrees 


FIG. 4. Dependence of number of initial cracks on angle 


of bend for specimen measuring 60 x 60 x 330 mm with - 


notch bottom radius of 1.5 mm; 
1 — crack over 0.5 mm long; 
2 — crack over 1.0 mm long; 
3 — crack over 2.0 mm long. 


both by the large reserve of elastic energy in com- 
parison with the bend, and by the high degree of 
homogeneity of the deformed state, which contributes 
to the rapid propagation of the crack over the whole 
cross-section of the specimen. The reserve of poten- 
tial energy accelerates the process of failure to a 
certain extent [9, 11]. In the absence of a reserve 

of elastic energy the elongation curve would continue 
beyond point D as in the bend diagram, a phenomen- 
on which is sometimes observed in low-strength 
materials. At the same time, when a large reserve of 
elastic energy is present, bend curves with a sudden 
discontinuity are obtained, in spite of the fibrous 
nature of the fracture. 

In the opinion of the majority of investigators, 
point C on the elongation diagram corresponds to the 
beginning of a loss in the stability of the plastic 
flow. Pavlov [13] considers that the maximum on the 
elongation diagram is caused by the substantial 
evolution of micro-cracks, which result in the weak- 
ening of the working cross-section of the specimen. 
It is an indisputable fact, however, that initial 
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FIG. 5. Dependence of load and relative length of crack on angle of bend 
for notched specimens measuring 20 x 20 x 110 mm. Radius of notch: 


— 2.5 mm; 
ponds to the moment at which initial macro-cracks 
0.2- 0.3 mm in length are formed. Point C may be 
considered to be the beginning of complete failure, 
which takes place gradually in the case of ductile 
fracture and which is in fact not yet attained when 
the load is reduced to very low values. Point D on 
the bend and elongation diagrams may be regarded 
as the termination of complete failure. In this con- 
nexion it must be borne in mind that the sudden 
discontinuity during elongation is brought about 


c — 1.5 mm; 


d — 0.5 mm. 


macro-cracks appear beyond the load maximum at 
point F, and convincing proof of this is to be found 
in data adduced by Lyudvik [1] and Osipov [14!. 
The question of the exact location of initial 
cracks, especially during bending, is a matter of 
dispute. In tensile tests on notched specimens 
formation of initial cracks occurs in a zone situat- 
ed 0.3-0.5 mm from the notch bottom, where the 
most severe volumetric stressed state exists [15- 


17]. 
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Absolute elongation AJ 


FIG. 6. Schematic diagrams of deformation: 
a — during elongation; 


b — during bending. 


FIG. 7a. Formation of initial micro-cracks during 
bending beneath the surface and at an angle of 
45° to the surface; x 50. 


During bending, cracks begin either at the surface, 
where the greatest tensile deformation occurs [18], 
or beneath the surface, where the volumetric stres- 
sed state originates [19]. 

In a previous paper [10] we showed that the volu- 
metric stressed state arising in the surface layer of 
smooth and notched specimens during bending leads 
to a substantial reduction in ultimate plasticity. 
Consequently it is in this surface layer that initial 
cracks are bound to appear. {t is, however, very 
difficult to observe them on polished sections on 
account of the thinness of the surface layer itself. 
In the present investigation an attempt was made to 
determine the point at which initial cracks are form- 
ed. To this end halves of notched specimens under 
investigation were cut down the centre of their axis 
and polished sections were prepared *. From the 


FIG. 7b. Extension of initial macro-cracks into the 
interior of the specimen at an angle of 45°; 
x 50. 


large number of polished sections prepared in this 
way it was possible to select a few which showed 
clearly that initial micro-cracks are formed in the 
surface layer of the notch bottom (Fig. 7 a-b). In 
Fig. 7a the widest part of the crack is situated 
beneath the surface, while the crack itself becomes 
narrower towards the surface. The fact that it is 
indeed a crack, and not some kind of inclusion, is 
confirmed by the appearance of the crack situated 
to the right, which has already opened out. Both 
cracks have the same direction in relation to the 
surface (an angle of approximately 45°). It can thus 
be stated, on the basis of the experiment described 
above, and taking into account the results of our 


* The metallographic investigation was carried out by 
V.M. Dudasheva. 
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previous investigation [10], that during bending 
initial cracks originate beneath the surface, then, 
developing rapidly, they appear on the surface, and 
afterwards they continue to extend gradually into 
the interior of the specimen. The data furnished by 
Kasatkin [18], which appear to indicate that failure 
during bending begins at the surface, perhaps refer 
to a later stage in the development of the cracks, 
when they have already reached the surface. 


CONCLUSIONS 


1. Using grade SKhL-1 steel, a study has been 
made of the kinetics of the plastic deformation and 
failure of steel during the bending of smooth and 
notched specimens. A diagram of the plastic bend- 
ing has been given. 

2. In an investigation into the bending of notched 
specimens it was found that initial macro-cracks 


about 0.2-0.3 mm long appear in the notch long 
before the maximum load value has been reached; 
moreover, whatever may be the radius of the notch 
bottom, the ratio of the curvature (angle) represent- 
ing the formation of initial cracks to the curvature 
(angle) representing the attainment of the maximum 
load is on the average approximately 0.5. 

3. By comparing the features of the bend and 
elongation diagrams, it has been possible to show 
that a significant role is played by the elastic ener- 
gy stored in the system under load. 

4. It has been shown experimentally that during 
bending initial macro-cracks originate in the surface 
layer, where a volumetric stressed state occurs, and 
only afterwards emerge at the surface, while conti- 
nuing to develop deep inside the working cross- 
section of the specimen under investigation. 


Translated by C.M. Burnell 
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FEATURES OF THE INITIAL STAGES OF DECOMPOSITION OF SUPERSATURATED 
SOLID SOLUTION OF TITANIUM IN COPPER *! 


E.G. NESTERENKO and K.V. CHUISTOV 
Institute of Metal Physics of the U.S.S.R. Academy of Sciences 


(Received 7 June 1959) 


The results are described of an X-ray investigation of the initial stages of decomposition of a 


copper-titanium alloy. It is shown that in the ageing process intra-crystalline formation of periodic- 
ally arranged areas of titanium enrichment occurs (modulated structure). 

The modulation period depends on the duration and temperature of ageing and varies from 80 to 
160° A. Analysis of the intensity of satellites revealed that this period is not uniform on the two 
sides of the main reflection. On the basis of a sinusoidal example, the parameters of the modulated 
crystal were calculated and it was shown that the composition of the areas of titanium concentration 


is similar to that of the stable 8-phase (Cu,Ti). 


Only a few papers have been devoted to an invest- 
igation of the ageing of copper-titanium alloys [1-4]. 
In some of these [1] it was noted that in the process 
of decomposition a considerable increase in hardness 
and strength [2] and a reduction in electrical resist- 
ance [3] occur. According to the phase diagram of 
the copper-titanium system, decomposition should 

be accompanied by the precipitation of excess 

8 phase (Cu,Ti), which has an orthorhombic crystal 
lattice (a = 2.59 2, b = 4.515 A, c = 4.322 A) [4]. 
The crystal lattice of this phase differs essentially 


from that of the original solid solution. 
On the basis of available published data, there~ 


fore, it would be expected that the hardening of 
copper-titanium alloys during decomposition is 
caused chiefly by the precipitation of excess B phase. 

Nevertheless, the substantial difference between 
the crystal lattices of the phase and the matrix 
gave rise to the supposition that during the initial 
stage of the ageing of Cu-Ti alloys, the formation 
occurs of one or more intermediate phases, such as 
are observed in the ageing of some aluminium alloys 
(6, 7]. 

In view of this, an investigation of the initial 
stages of decomposition of a copper-titanium alloy 
was considered to be of interest. 


* Fiz. metal. metalloved., 9, No. 1, 140-147, 1960. 
t The preliminary experimental results have already 
been published; see ref. [5]. 


MATERIAL AND EXPERIMENTAL PROCEDURE 


The study was carried out in a copper-titanium 
alloy containing 4.5 % by weight of titanium. The 
alloy was melted from electrolytic copper (99.98 %) 
and titanium iodide (99.8%) in a graphite crucible 
and then cast into an iron mould. Subsequently the 
alloy was forged and homogenized at 780° for 10 hr. 

X-ray investigation of the decomposition of the 
alloy was carried out on polycrystalline specimens 
(cylinders 0.8-1 mm in diameter) with the aid of a 
camera having a drum diameter of 150 mm, and a 
URS-50I ionization spectrometer (photographs were 
taken of polished sections measuring 10 x 10 x 2mm) 
using filtered K, radiation. X-ray studies of the 
decomposition process were also carried out on 
course-grained specimens employing a method pro- 
posed by Elistratov [8]. 

The development of the ageing process in the 


‘Cu-Ti alloy was foliowed by observing the change 


in hardness. Hardness was measured on a Vickers 
hardness tester using a diamond pyramid and loads 
of 5 and 10 kg. Along with the X-ray investigations, 
studies were also made of the variation in electric- 
al resistance during the decomposition of the alloy. 
Electrical resistance was measured by the compen- 
sation method using thin strips 250-300 mm long 
having a cross-section of 2 x 0.2 mm. 


RESULTS OF THE INVESTIGATION 


1. Study of the decomposition of.a copper-titanium 
alloy in polycrystalline specimens. Specimens of 
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TABLE 1. Distance between satellites on 450 mm X-ray diffraction photograph 
and values for modulation period Qa calculated therefrom. 


Ageing at 400° 


48%, mm 


Heating 
time, 
min 


(200) | (220) 


6 
1] 
30 
60 

105 
180 


4 50 = angular distance between satellites (mm), 


Q = modulation period. 


FIG. 1. X-ray diffraction photograph of a copper-titanium alloy aged at 400° 


a — 60 min, 


the Cu-Ti alloy were quenched in water from 850° 
and aged at temperatures of 200-700° for 1 hr at each 
temperature. Heating of the specimens was carried 
out in vacuo. 

It was found that ageing at temperatures below 
300° does not bring about any noticeable change in 
the diffraction pattern. The a-solid solution lines 
remained narrow and distinct. The mean parameter 
of the original solid solution determined by reflect- 
ion from the (420) plane does not alter. On the X-ray 
diffraction photographs of specimens heated at 
350°, additional, rather diffuse lines were revealed 
alongside the interference lines of the original 
a-solid solution. 

A similar diffraction pattern has been observed 
for the decomposition of a Cu-Ni-Fe alloy [9] and a 
number of nickel alloys [10, 11]. To explain the 
results obtained, Daniel and Lipson [9] suggested 
that the appearance of additional reflections is con- 
nected with the periodic variation in the lattice 
parameter of the matrix, this being caused by the 
periodic redistribution of atoms of iron and nickel in 
the solid solution (modulated structure). 

It follows from the similarity between the diffract- 


6 — 150 min. 


ion patterns that the formation of a modulated struc- 
ture also occurs during the decomposition of a 
copper-titanium alloy, and therefore, according to 
the data adduced by Daniel and Lipson [9], the 
distance between the additional reflections (satel- 
lites) must depend in some way on the reflection 
order. This theory is in good agreement with our 
experimental data (Table 1). The formation of a 
modulated structure in the process of decomposition 
of a Cu-Ti alloy is connected with the redistribution 
of titanium in the solid solution; in other words, 
areas of titanium enrichment and impoverishment 
arranged in an almost periodic sequence are formed 
in the crystals of the alloy. As the result of the 
redistribution of titanium atoms over the crystal, the 
lattice parameter and atomic scatter factor will be 
different for the areas of titanium enrichment and 
impoverishment. 

If the simplest example is taken of sinusoidal 
variation of the lattice parameter and atomic scatter 
function in one of the crystallographic directions, 
the intensity of a satellite located in the region of 
the high angles of reflection in relation to the re- 
flection angle of the main interference line must be 


121 
Q-a,A 
(111) — (311) | (111) | (200) | (220) | (3i1) : 
1.8 | 2.5 | 2.8 | 3.4 | 21.0 | 26.8 | 19,2 | 22,6 22,4 81 ‘ 
1.5 | 2.5 | 2.3 | 3.0 | 25.2 | 26.8 | 23.4 | 25.8 25.3 92 
0.9 | 1.8 | 1.6 | 2.7 | 42.0 | 37,4 | 33.6 | 28.6 35.5 128 
1.1 | 2,0 | 1.8 | 2.4 | 34.4 | 33.6 | 29.6 | 31.0 33,8 123 
0.9 | 2.0 | 1.6 | 2.3 | 42.0 | 33.6 | 33.6 | 33.6 | 35.6 | 129 
1.0 | 1,7 | 1.5 | 2.5 | 37.6 | 39,6 | 36.0 | 31,0 | 36,0 | 130 
a . 
| 
b 
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TABLE 2. Intensity of satellites in the region of reflections from the 
(200) and (311) planes. Ageing at 400° 


Heating 


(200) 


71] = relative intensity of a satellite located in the region of the high 
rngles of reflection, in relation to the main reflections; 


2 = relative intensity of a satellite located in the region of the low 


angles of reflection. 


400° 
450° 
500° 


FIG. 2. Variation in the lattice parameter a, relative 

satellite intensity @,modulation period Q and _hard- 

ness Hy of a copper-titanium alloy at temperatures 
of 400, 450 and 500°. 


greater than the intensity of a satellite located in 
the region of the low angles of reflection *. 

The modulation period Q, calculated according to 
Lipson’s formula [9], of a specimen aged at 350° 
for 1 hr, is 27 lattice periods, or 80 A A substantial 
increase in the hardness of the alloy was also 


* When use was made of more complex examples of 
crystal with periodic variation of the lattice parameter 
[13] and with simultaneous periodic variation of the 
atomic scatter factor [12], it was shown that asymmetry 
in satellite intensity can be observed in these cases 
also. 


hours / 
x O 
(g T, min 


2 40 


FIG. 3. Kinetics of the variation in electrical 
resistance of a copper-titanium alloy 
at temperatures of 
400, 450 and 500°. 


observed in the temperature range in which the 
satellites appeared; but the mean parameter of the 
original solid solution and the width of its interfer- 
ence lines remained unchanged. With an increase in 
the decomposition temperature, the modulation 
period increases and at 430° is equal to 48 lattice 
periods (173 A). When the ageing temperature is 
increased, there is a corresponding increase in the 
satellite intensity. A further increase in the temper- 
ature (450-500°) leads to the disappearance of the 
additional reflections and to the appearance in their 
stead of lines of a new phase. In the process, the 


122 
time, 
min 
6 0.089 | G.118 | 0.220 | 0.962 
11 0.072 | 0.144 | 0.268 | 0.330 
30 0.182 | 0.247 | 0.310 | 0.382 
60 0.228 | 0.302 | 0.395 | 0.414 
105 9.252 | 0.242 | 0.394 | 0.4292 
06 —13.6/0 | 500° 9 
120 40 
XN le 
2004S 
— 
2g T, min 
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lattice parameter a of the solid solution begins to 
decrease. The number and position of these inter- 
ference lines, however, do not correspond to the 
B-phase, the lines of which are only observed at 
higher temperatures (600-700°). 

For a more detailed investigation of structural 
transformations occuring during the decomposition 
of a Cu-Ti alloy, a study was made of the variation 
of the mean lattice parameter a of the solid solution, 
in relation to the degree of electrical AR/R %, the 
modulation period Q, the relative satellite intensity 
a* and the hardness Hy as a function of the decom- 
position time at temperatures of 400, 450 and 500° 
(Figs. 1, 2, 3). X-ray studies of the kinetics of the 
decomposition of a copper-titanium alloy showed 
that the appearance of satellites alongside reflect- 
ions from the a solid solution occurs after only 
6 min heating at 400°. The intensity of the satellites 
is low, and they are located symmetrically on both 
sides of the reflections of the a-phase. It is interest- 
ing to note that the relative intensity of satellites 
in the region of the high angles of reflection a,, is 
greater than that of satellites in the region of the 
low angles of reflection a, (Table 2). 

The magnitude of the modulation period, determin- 
ed according to the distance between the satellites 
on the X-ray diffraction photograph, is 22 lattice 
periods (81 A) after heating for 6 min. As the time 
of heating at 400° is increased, an increase in the 
relative satellite intensity a and the modulation 
period Q (see Fig. 2) is observed. Simultaneously 
there occurs a substantial increase in the hardness 
of the alloy and a reduction in its electrical resist- 
ance. The average value of the parameter a of the 
a-solid solution meanwhile remains unchanged. 

(see Figs. 2, 3). 

The considerable decrease in the electrical resist- 
ance of the alloy during the formation of a modulat- 
ed structure cannot be explained as the effect of an 
impoverishment of solid solution, such as occurs in 
the precipitation of an excess phase, but is apparent- 
ly caused by a reduction in the scatter of electron 
waves in the crystal during the formation of period- 
ically arranged intra-crystalline zones, alternately 
enriched and impoverished in titanium and having 
an ordered structure. The hypothesis of an ordered 
arrangement of atoms in titanium-enriched areas of 
the crystal receives support in the fact that after 
ageing at 450° for 45 min the electrical resistance 
had decreased by 2.5 times (see Fig. 3). At the 
same time it is a known fact that only an ordered 


arrangement can bring about such a reduction in 
electrical resistance, and neither the remoyal of 
distortions in the crystal lattice nor impoverishment 
of the solid solution give rise to such a marked 
effect. 

After heating at 400° (210 min) or 450° (1 hr) there 
are no satellites to be observed in the region of the 
main reflections on the X-ray diffraction photographs, 
but lines of a new intermediate phase make their 
appearance (intermediate in the sense that the pres- 
ence of a structure of this type is not indicate by 
the phase diagram of the copper-titanium system). 

In this connexion, a reduction of the average 
parameter of the crystal lattice of the solid solution 
and a sudden decrease in the variation rate of elec- 
trical resistance are to be noted (see Fig. 3). In- 
creasing the decomposition temperature to 450-500° 
has the following effect: satellites appear in the 
region of the main reflections on the X-ray photo- 
graphs after shorter periods of heating, and the 
magnitudes of the modulation periods corresponding 
to identical ageing times are greater than after de- 
composition at 400°. Thus, the appearance of satel- 
lites on X-ray photographs of a Cu-Ti alloy aged 
at 450° is observed after 3 min heating, but after 
only 1 min heating when ageing is carried out at 
500°. 

The heating time which will bring about the ap- 
pearance of reflections from the intermediate or 
stable phase is also strongly dependent on the de- 
composition temperature. Thus, for example, the 
appearance of reflections from the intermediate 
phase is observed after 1 hr ageing at 450° and 
after 15 min ageing at 500°. The formation of a 
stable B-phase (Cu,Ti) in the process of decompo- 
sition at 450° was observed after 35 hr ageing, but 
in the case of decomposition at 500° after only 
10 hr ageing. It should be noted that in every case 
the formation of a modulated structure and the pre- 
cipitation of the intermediate phase is accompanied 
by an increase in the hardness of the alloy, while 
the precipitation of the B-phase is accompanied by 
softening (see Fig. 2). 

As mentioned above, in our case we observed 
asymmetry in the satellite intensity which made it 
possible to determine some of the parameters of 
the modulated structure. For this purpose we used 
the satellite intensity relationships obtained by 
Lipson for a sinusoidal example of a modulated 
crystal [14] *. It follows from the data presented in 
this paper [14] that the satellite intensity in 


* ais the ratio of the satellite intensity to the intensity 
of the main reflection. 


* We indicated earlier that asymmetry in satellite inten- 
sity may be observed in other, non-sinusoidal examples 
(continued on the following page) 
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TABLE 3. Amplitude of deviation of lattice parameter 5 and atomic scattering 
factor g from the mean values for the crystal in the formation of a modulated 
structure in a Cu-Ti alloy. Ageing at 400° 


Heating 
time 
min 


Heating 


time g 
min 


60 
105 


relation to the intensity of a normal reflection may 
be expressed in the following way: 


= 


where 


Q = modulation period; 

a = mean lattice parameter; 

h = Miller index of the reflecting surface; 

g = amplitude of the atomic factor deviation from the 
average one for the crystal; 

5 = amplitude of the deviation of the lattice para- 
meter from the mean. 

It is easy to show that 


a, 


On the basis of these relationships the values of 
g and 6 were calculated for specimens of a Cu-Ti 


(continued from previous page) 
of a modulated crystal. We would point out that the 
sinusoidal example of a modulated crystal has little 
physical basis and is a rougher approximation than the 
example used in two other papers [12, 13]. However, 

the use of the relationships obtained in these papers is 
rendered difficult by the presence of parameters which 
cannot be determined experimentally. Moreover, it is 
shown by Balli and Zakharova [13] that (a,,-a,) must be 
proportional to the square of the reflection order, which 
is not born out in the case of a Cu-Ti alloy. 


* The values of @, and a,, are indicated in Table 2. 


alloy aged at 400°. Calculations were carried out 
for satellites located in the region of the line groups 
of the reciprocal lattice (200) plane. The results 

are shown in Table 3. It will be seen from this 

table that the values of g and 6 are virtually inde- 
pendent of the duration of ageing at a given temper- 
ature, and for all times of heating at 400° are ap- 
proximately as follows: 


50.055 A, g = 0.07 — 0.08. 


It is evident that in this case the following 
equation is valid: 


g von F Fm. p 
Fm. p 


where F,, is the atomic scattering factor for a 
titanium-enriched area; F,,_,, is the atomic scatter- 
ing factor for the solid solution. 

In this way, having determined experimentally the 
value of g, it is possible to find the value of Fmax 
and to determine the concentration of titanium in 
the enriched area. 

In our case it may be considered that F,, , = 
= Fc, (Fcy—atomic scattering factor for copper), 
since the concentration of titanium in a hardened 
alloy is insignificant (~ 5 at. %) and therefore 


where Cp; is the atomic concentration of titanium 
in titanium-enriched areas. 

It follows from the experimental data obtained 
that when a modulated structure is formed during the 
initial stages of decomposition of a Cu-Ti alloy, the 
concentration of titanium atoms in the enriched 
areas is close to 25 at. % (calculation gives the 


values 


= 0.07 - 0.08, Cry = 0.24- 0.29), 
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220 


FIG. 4. Diagram of the arrangement of satellites in the 
reciprocal lattice in the region of the (111) line group. 


that is to say the chemical composition of these areas 
is very similar to that of the stable phase Cu,Ti. It 
is a characteristic factor that in these areas the 
composition of the alloy is similar to that of the 
B-phase during the very first stages of the formation 
of a modulated structure*. The crystal lattice of 
these areas does not, however, differ from that of 
the solid solution. A similar results was obtained in 
a study of the decomposition of a Cu-Ni-Fe alloy 
[9], there being in this case also an insignificant 
variation in the value of 6 as a function of the de- 
composition time. 

Thus, it emerges from the experimental data ob- 
tained that the decomposition of a solid solution of 
titanium in copper passes through a succession of 
stages: the formation of a modulated structure, the 
evolution of an intermediate phase and, finally, the 
precipitation of the stable 8-phase. It is impossible 
that this scheme of decomposition is brought about 
by the fact that, from the point of view of energetics, 
the formation of an intermediate phase is more ad- 
vantageous, owing to the reduction in the energy of 
elastic deformation caused by the precipitation of 
excess §-phase. The formation of a series of inter- 
mediate structures in the decomposition of a Cu-Ti 
alloy evidently also brings about an increase in the 
temperature of maximum hardening of the alloy 
(450-500°) in comparison with other alloys of copper 
such as Cu-Be, Cu-Ag, and Cu-Sn. 

2. Study of the initial stages of decomposition of 
a Cu-Ti alloy in macrocrystalline specimens. X-ray 
scattering by coarse-grained specimens of a Cu-Ti 


* The modulated structure was considered to begin to 
form at the moment when satellites appear on the X-ray 
diffraction photographs; this moment cannot, however, 
be defined with complete accuracy, since the intensity 
of the satellites is low during the initial stages of 
decomposition. 


alloy was investigated by a method suggested by 
Elistratov [8]. The photographs were taken with a 
Laue camera using Cr, Fe, Co, Ni and Cu radiation 
of specimens of the alloy aged at 400-450°. It was 
found that after heating of quenched specimens to 
400-450°, additional intensity maxima appear in the 
region of the (III) reflections. A characteristic fea- 
ture of these additional maxima is the fact that they 
are separated from the maximum of the main reflect- 
ion and are slightly thickened across the angle of 
reflection, i.e. they are similar to the main Laue 
reflections, but their intensity is lower. These data 
enabled the conclusion to be drawn that the observ- 
ed additional intensity maxima are satellites, and 
that they are caused by the formation of a modulat- 
ed structure similar to that observed in monocryst- 
alline specimens by other authors [10, 15]. 

Additional confirmation of this conclusion was 
provided by the fact that, as in the case of polycryst- 
alline specimens, here too asymmetry was observed 
in the intensity of the satellites located in the region 
of the high and low angles of reflection in relation 
to the main reflection. The modulation period was 
evaluated according to the distance between the 
satellites and the Laue reflections, and the results 
obtained for coarse-grained specimens were found 
to agree well with those obtained for polycrystal- 
line specimens (e.g. after ageing at 450° for 1 hr, 

Q = 170 A for a coarse-grained specimen and 
Q = 160 A for a polycrystalline specimen). 

The directions along which the satellites are ar- 
ranged in a Cu-Ti alloy were determined from X-ray 
diffraction photographs of coarse-grained specimens. 
It was found that in our case the satellites along- 
side the line group of the reciprocal lattice (III) are 
located along the directions [100], [010] and [001] 
(Fig. 4). A similar result was obtained by other 
authors [9, 16, 17]. 


CONCLUSIONS 


1. On the basis of X-ray studies of the process 
of decomposition of a supersaturated solid solution 
of titanium in copper it was established that in a 
Cu-Ti alloy this process passes through the follow- 
ing succession of stages: 

a) formation in the initial solid solution of period- 
ically alternating areas of titanium enrichment and 
impoverishment (modulated structure). 

b) evolution of an intermediate phase. 

c) precipitation of a stable B-phase (Cu,Ti). 

2. The composition of the areas of titanium en- 
richment in the formation of the modulated structure 
is very similar to that of the equilibrium §-phase. 
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3. The experimental data obtained confirm the 
theory [17] that the decomposition of supersaturated 
solid solutions begins not with the nucleation of a 
new phase having a crystal lattice different from that 
of the matrix, but with the formation in the matrix 
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of areas enriched with atoms of the alloying element 
but still retaining the lattice structure of the origin- 
al solid solution. 


Translated by C.M. Burnell 
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THE RECRYSTALLIZATION OF BERYLLIUM* 
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The first experiments in the study of the recrystal- 


lization of beryllium were conducted on specimens 
obtained by the extrusion at 1100° of metal of 99.4% 
purity [1]. However, owing to the fact that the 


method employed in deforming the specimens (impres- 


sing them with a steel ball on a Brinell press) gave 
rise to irregular deformation, the data obtained can- 
not be considered sufficiently accurate. The metal 
was, moreover, of a low degree of purity. 


In the investigations into recrystallization describ- 


ed in this paper, the beryllium used had been distil- 
led in a high vacuum and was of 99.98% purity, the 
contained impurities being as follows: 1 x 10° % Cu; 
1x 10°% Fe; 1 x 10°% Al; 1 x 10°2% Mn; 1 x 10% 
Ni; 2 x 10° % Ca; 1 x 10° % Mg; 5 x 10° % C; 

3 x 10° % Cr. Specimens in the form of 0.8 mm thick 
plates were obtained by condensation of beryllium 
vapours in high vacuum (~ 10°° mm Hg) on a molyb- 
denum substrate at 250°. To obtain a uniform struc- 
ture, the plates were rolled in air at room tempera- 
ture to give a thickness reduction of 30% (reduction 
per pass ~ 0.3%), and then annealed for 15 hr at 
700°. 

To facilitate study of the recrystallization process 
the specimens were again deformed by rolling under 
the same conditions to give a further thickness re- 
duction of 25%. Rolling was carried out in two dir- 
ections at right angles to one another towards both 
ends of the specimens. The structure of the speci- 
mens prepared in this way is shown in Figs. la-e 
and Fig. 2a. 

The presence of a relatively small number of 
twins in the deformed beryllium indicates that the 
chief deformation mechanism in this case is slip. 
This is in good agreement with data furnished by 
other investigators [2, 3], who show that as the 
purity of the beryllium increases slip deformation 
becomes predominant, and crystals of beryllium of 
99.98 % purity exhibit sharply defined slip on the 
basal plane (0001), beginning at the temperature of 


* Fiz. metal. metalloved., 9, No. 1, 148-151, 1960. 


FiG. 1. Changes in the structure of beryllium foil during 
the process of deformation and heat treatment: 

a — original plate, obtained by condensation in vacuo; 

— rolled to give 30% reduction in thickness; 

c — annealed at 700° for 15 hr; 

d — rolled after heat treatment to give 25% reduction 


in thickness; 
e — annealed at 900° for 3 hr. Polarized light; x 46. 


liquid hydrogen (20°K). The specimens were anneal- 
ed in vacuo in an isothermal resistance furnace at 
temperatures of 550-1050°. 

The furnace temperature was controlled by means 
of a differential chromel-alumel thermocouple with 
an accuracy of up to + 3°. After annealing, the spe- 
cimens were subjected to X-ray and metallographic 
examination. 


RESULTS OBTAINED 


X-ray methods were used to investigate the de- 
pendence of annealing time on temperature relative 
to the appearance of the first perfect crystals in the 
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FIG. 2. Changes in the structure of deformed beryllium during isothermal annealing: 
a — specimen deformed to give 25 % reduction in thickness; 


b — annealed after deformation at 900° for 2% hr; 


c — annealed at 1000° for 1% hr 
d — annealed at 1050 for 3 hr. Polarized light; x 340. 


deformed material. The presence of these crystals 
was indicated by the appearance of interference 
spots on the \-ray diffraction photographs (line 102, 
FeK,, radiation). Experiments showed that the first 
interference spots appear when annealing is carried 
out at 500° for 2% hr and at 600° for 10 min. Never- 
theless owing to the wide disagreement between the 
data obtained by X-ray and metallographic analysis 
(discovery of perfect grains with well-defined bound- 
aries) it was impossible to find a definite connexion 
between the moment at which recrystallization beg- 
ins and the temperature. 

It should be noted that, in this case, recrystalliza- 
tion is apparently related to the growth of new grains 
from nuclei; the appearance of interference spots on 
the X-ray diffraction photographs is caused by the 
restoration of deformed grains which preserve the 
original orientation (Figs. 1 a-c). 

The end of the recrystallization process was 
determined by X-ray analysis (disappearance of the 
continuous backgroung rings on the diffraction 
photographs) and by metallographic analysis (fill- 
ing of the whole volume of the specimen with per- 
fect equi-axed grains, Fig.s 1d-e and 2c-d). it 


appears that in the case of recrystallization at re- 
latively high temperatures, new grains growing from 
nuclei do not retain their previous orientation. 

In this case a close correspondence was observed 
between the result of the X-ray and metallographic 


analyses. 
Fig. 3 shows the dependence of the time at which 


recrystallization ends on the isothermal annealing 
temperature in the co-ordinates 


1 
1 
g T 
The experimental points fall symmetrically upon a 


straight line. This indicates the applicability to the 
present case of the expression: 


A, exp (25), (1) 


where 7 is the time at which recrystallization 
ends; 
QO, is a constant; 
Op is the activation energy of the recrystal- 
lization process. 
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FIG. 3. Time at which recrystallization ends as a 
function of isothermal annealing temperature. 


The value of the activation energy Qp, calculated 
from these data, is 21 + 3 kcal/g. atom. 

A study was made of grain growth after recrystal- 
lization. The specimens were annealed at 800, 850, 
900, 1000 and 1050°. The structure of the annealed 
specimens is shown in Fig. 2b-d. 

The average grain diameter was determined micro- 
scopically under polarized light on polished sect- 
ions, using the secant method. The grains were cal- 
culated for two longitudinal sections of a specimen 


having their polished surfaces in different positions. 


Fig. 4. shows the mean grain diameter D plotted 
against the isothermal annealing time ¢ in logarith- 
mic co-ordinates. This relationship is linear for 
fairly small annealing times. 

It follows that the process of grain growth in 
beryllium can be defined by the expression: 


D=D,?". 


where Dis the average grain diameter; 
t is the isothermal annealing time; 
D, is a constant. 
The value of the time exponent for the tempera- 
tures indicated is constant and equal to 0.18. 
The rate of grain growth is related to the temper- 
ature by the equation [5] 


G = (3) 


where G, is a constant; 
Qc is the activation energy of grain growth. 
But, on the other hand, the growth rate is 


(4) 


Mean grain diameter D. 10° cm 


20 40 6080 200 400600800 


Annealing time, min 


FIG. 4. Means grain diameter plotted against isothermal 
annealing time in logarithmic co-ordinates: 


1 — 1050°; 2 — 1000°; 3 — 900°; 4 — 850°; 5 — 800°. 
From equations (2), (3) and (4) we find that 


lgt = 1g 6, 
g g Go 3 (5) 


On the basis of equation (5) the activation energy 
of grain growth Q¢ can be calculated; its value is 
close to that of the activation energy of grain- 
boundary self-diffusion. 

For fine-grained specimens of beryllium of the 
purity indicated above, Qg = 34 + 4kcal/g. atom. 


CONCLUSIONS 


1. The recrystallization of deformed fine-grained 
high purity beryllium has been studied. 

2. The activation energy of the recrystallization 
of beryllium deformed by means of a 25 % reduction 
in thickness has been determined; it is equal to 
21 + 3 kcal/g. atom. 

3. The value of the activation energy of grain 
growth in fine-grained beryllium has been calculat- 
ed; it is equal to 34 + kcal/g. atom. 


Translated by C.M. Burnell 
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THE PROBLEM OF THE PHASE COMPOSITION OF THE SYSTEM CHROMIUM-TELLURIUM * 
L.G. GAIDUKOV, V.N. NOVOGRUDSKII and I.G. FAKIDOV 


Institute of the Physics of Metals Academy of Sciences of the U.S.S.R. 
Sverdlovsk State Teaching Institute 


(Received 20 July 1959) 


Up to the present time there has not been suffi- 
cient information on the phase composition of the 
system Cr-Te despite the fact that alloys of this 
system have very interesting properties. 

X-ray and magnetic measurements made by 
Haraldsen [1] have shown the existence of two 
phases having hexagonal structure of the type B-8. 

The region of homogeneity of the first of these 
stretches from 50 to 54 at. % Te, and the second 
from 54 to 60 at. % Te. Haraldsen also found that the 
Curie point for these alloys is almost independent 
of the concentration up to 58 at. % Te. Starting with 
58 at. % Te, the Curie point decreases with increase 
in the concentration of tellurium and reaches — 80° 
with a tellurium content of 60 at. %. 

According to Gal’perin and Perekalina [2], who 
studied the Cr-Te alloys in the concentration range 
from 10 to 70 at. % Te, all these alloys have a nick- 
el arsenide structure, that is the same as the com- 
pound CrTe. In the opinion of the authors, the ad- 
dition of chromium to the latter leads to the forma- 
tion of a solid solution of chromium in CrTe (pre- 
sumably of the interstitial type). The addition of 
tellurium leads to the formation of a solid solution 
of Te in CrTe (presumably a subtration type). The 
two-phase region exists up to about 15 at. % Te in 
the alloy. 

To determine the ratios of the magnetic phases 
in the Cr-Te system, we undertook certain edditional 
electrical and mechanical measurements. 

For the investigation, alloys were prepared with 
concentrations from 5 to 95 at. % Te. The alloys 
were prepared in the following way: chromium and 
tellurium powders were carefully mixed and placed 
in quartz ampules which were then evacuated to 
107° mm Hg; after this, the smelting was carried out 
in a h.f. furnace. 

The ingots obtained were then subjected to ex- 
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tensive annealing. The alloys with Te content up 
to 50 at. % were annealed at 700°, and alloys with 
a Te content above 50 at. % were annealed at 500°, 
the duration of annealing in this and other cases 
was 50 hr. 

All of the alloys obtained were ferro-magnetic at 
the temperature of liquid nitrogen. 

The temperature coefficient of the electrical re- 
sistance of the alloys of the Cr-Te system were 
studied in the temperature range from — 196 to 100°. 
The Curie points were determined from the position 
of the breaks on the R(t) curves. To confirm that 
these breaks were connected with a change in the 
magnetic state, a study was made of the tempera- 
ture coefficient of the magnetization, which showed 
that the Curie points determined from the magnetic 
measurements coincide with the Curie points deter- 
mined from electrical measurements. 

A study was also made of microsections of the 
prepared alloys. The character of the microsections 
showed that the region of solid solutions, if it 
exists, takes place for the range of concentrations 
from 50 to 65 at. % Te (see for example, Fig. 1b). 

For all other alloys the microsection showed 
clearly two different phases (see Fig. la, 1b). The 
existence of different phases was not shown on the 
microsections for specimens with composition from 
50 to 65 at. % Te. 

Both the electrical and the magnetic measure- 
ments for alloys with a Te content less than 56at.% 
show that in this region of concentrations, only one 
phase is ferromagnetic, having a Curie point of 
57°. As can be seen from Fig. 2, on the R(t) curve 
for an alloy with a Te content of 56at. % there is 
only one break at 57°. The temperature coefficient 
of the magnetization indicates a sharp drop at this 
temperature. 

With increase in the content of Te above 56at. %, 
on the curve for the temperature coefficient of the 
electrical resistance, two breaks appear, corres- 
ponding to two different Curie points. Fig. 2 gives 
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FIG. 1. Photographs of microsections of Cr-Te alloys (x 130): 
a — microsection of alloy containing 30 at. % Te; 
b — microsection of alloy containing 56 at. % Te; 
microsection of alloy containing 70 at. % Te. 


~ 200 


FIG. 2. The temperature coefficients of the magnetization and the 
relative electrical resistance for alloys containing 56 at. % Te 
(curves 1, 3) and 59 at. % Te (curves 2, 4). 


the curve for the temperature coefficient of the re- 
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sistance for an alloy with 59 at. % Te, having two 


sharply defined breaks at temperatures of —70 and 


20°. Magnetic measurements show that at these 


~ 
S 
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Arbitrary data 


temperatures there is a sharp reduction in the mag- 
netization. 

Thus, in the region of concentrations from 56 to 
65 at. % of Te it was possible, by studying the 
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magnetic and electrical properties, to show the is essential to carry out careful X-ray structural 
presence of two ferromagnetic phases, despite the and metallographic investigations. 

fact that these phases could not be seen in the 

microsections. To establish the nature of these 

phases and their accurate boundary of existence, it Translated by J. Thompson 
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DETERMINING THE TEMPERATURES OF RECRYSTALLIZATION OF METALS * 
P.K. VERBOVENKO 
The Urals Turbo-Motor Factory 
(Received 7 February 1959) 


To find the temperature of recrystallization of 
metals, the known empirical relationship of Bochvar 
[1] is used 


3,7, OAT 


p 


The coefficient 


5, 
: 


n 


is not a strictly constant value. It can have a num- 
ber of values lying between 0.35 and 0.45. 

Shmarts [5] suggested a new relationship for de- 
termining the temperature of recrystallization, deriv- 
ed theoretically, 


(2) 
6 \3 1 6 \4 


where 7, is the temperature of recrystallization; 

6 is the Debye temperature; L, is the heat of fusion; 
_R is the gas constant. The basic premise in the de- 

rivation of this relationship was the assumption that 

the most favourable condition for recrystallization 

occurs when the heat content of the metal exceeds 

the heat of fusion. 

In our opinion, relationship (2) makes it possible 
to give a physical interpretation of the coefficient 
5, and to explain its deviation from the mean value, 
which is the object of the present note. 

Substituting in (2) the expression for the heat of 
fusion L, =~ RT,,, where T,, is the melting point, we 
obtain 


3 
37, 


For most metals @ < T,, therefore in (3) it is pos- 
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sible to consider only the first two terms, after 
which (3) then becomes simplified: 


(4) 


(5) 


The values of 7, calculated from (5), give satis- 
factory agreement with values of 7,, calculated from 
(1). On the other hand, expression (5) connects the 
homogeneous characteristics of the corresponding 
states of the metal. 

This makes it possible to compare expression (1) 
with (5) and coefficients §, and 5s, i.e. 5, =~ 5s. 
According to expression (5), the coefficient 


It can therefore be considered that variations in 
the values of the coefficient 5, within the limits 
0.35 - 0.45 depend on variation in the ratio 


Tn 


Translated by J. Thompson 


REFERENCES 


. A.A. Bochvar, Osnovy termicheskoi obrabotki 
splavov (Fundamentals of the Heat Treatment of 
Alloys), Metallurgizdat (1932). 


. Spravochnik khimika (Chemistry Handbook), 
Goskhimizdat, (1951). 

. Spravochnik metallurga po tsvetnym metallam (Hand- 
book of Non-Ferrous Metallurgy), Metallurgizdat, (1955). 


. F. Seitz, Fizika metallov (The Physics of Metals 
McGreaw-Hill 1935, Gostekhizdat, (1947). 


. V.L. Shmarts, Fiz. metal. metalloved., 5, 188 (1957). 


134 
(1) 
Ty +0 
vo 
9 
19 
=: 
(3) 
1680 \T, , 
3 


THE CHANGE IN THE ARRANGEMENT OF THE STRESSED STATE OF A SOLID UNDER 
THE ACTION OF HYDROSTATIC PRESSURE * 
A.D. EKHLAKOV 
The Institute of Physics of Metals of the Academy of Sciences of the U.S.S.R. 
(Received 9 October 1959) 


According to the paper by Ryabinin [1], one of the 
main reasons for the increase in plasticity of a 
metal specimen under the action of a high hydrostatic 
pressure is the change in the arrangement of the 
stressed state. However, the qualitative picture of 
the extension under pressure given in his article 
does not fully reflect this change: in the first place, 
because the example given refers to a two-dimens- 
ional specimen and, in the second place, the case 
is not considered where the hydrostatic pressure is 
equal to or exceeds the tensile stress applied to the 
specimen. This restricted view of the problem lead 
the author of the article [1] to the conclusion that 
a uniaxial extension at atmospheric pressure is con- 
verted into an axial extension, accompanied by a 
strong lateral compression, under high hydrostatic 
pressure. This arrangement is not revealed before 
the end of the qualitative jump — the disappearance 
in the specimen of tensile stresses. 

Considering a similar arrangement for the case of 
a three-dimensional specimen with the application 
of a hydrostatic pressure p, equal to or exceeding 
the tensile stress o, then it can readily be shown 
that at a pressure p = 9g, the uniaxial stress is 
replaced by a biaxial compression, and at a pressure 
p > o — uneven compression on all sides. 

When testing specimens for tension under hydro- 
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static pressure, three arrangements of the stressed 
state are therefore possible: 

1) p <o — the case considered by Ryabinin, — the 
hydrostatic pressure is completely taken from the 
specimen by the tensile stress. The specimen is 
subjected to an axial tensile stress equal to o — p 
in one direction and compressive stresses equal to 
p in the other two directions; 

2) p =o — there are no tensile stresses in the 
specimen, the hydrostatic pressure is removed. The 
specimen is subjected only to compression on two 
sides; 

3) p > o — there is compressive stress on two 
sides, equal to o and hydrostatic pressure equal to 
the difference p — a. There are no tensile stresses. 


Translated by J. Thompson 
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THE PROBLEM OF THE STATE OF GRAIN BOUNDARY TRANSITION ZONES IN 
METAL POLYCRYSTALS * 


G.I. AKSENOV and A.I. SIDNIKHIN 


With a large angle of relative rotation of two 
neighbouring grains of a pure metal or of a single- 
phase alloy, the boundary between them is consider- 
ed as a transitional region with a disordered arrange- 
ment of the atoms with a depth of several atomic 
diameters [1, 2]. However, in the lattice of each of 
the grains there is always a sufficiently large num- 
ber of dislocation type defects. Under conditions of 
intense heating it is possible that there is a certain 
excess accumulation of dislocations at the bound- 
ary between the neighbouring lattices. It would seem 
that with the accumulation of dislocations, the 
grain boundary region with an incorrect arrangement 
of atoms should gradually spread to a considerable 
depth and simultaneously, in the case of solid solu- 
tions, be enriched with dissolved atoms due to the 
formation of “atmospheres” around the dislocations. 
The subsequent, even insignificant, plastic deform- 
ation of the annealed polycrystals, causing redis- 
tribution of the dislocations, should sharply change 
the state of the grain boundary transition regions. 

In our opinion, only by using the above is it pos- 
sible to understand the following experimental facts 
obtained in the study of the E1437B alloy. 

1. By dissolving the alloy in a reagent consisting 
of 150 gm of CuSO,.5H,0, 35 cc of H,SO,, 500 cc 
of HC], it was found that after heat treatment, cons- 
isting of heating at temperatures of 1050-1280° and 
subsequent cooling in air, the maximum rate of dis- 
solution of the alloy is observed in the region of the 
grain boundaries. The grain boundaries in this case 
appear on the surfaces of the specimens in the form 
of deep channels. Very small cold plastic deforma- 
tion of the specimen removes the preferential dis- 
solution of the material of the intercrystallite 
zones. 

Further increase in the degree of cold deformation 
leads to the fact that the boundary zones of the 
grains begin to dissolve more slowly than the main 


field of grains. 
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(Received 31 March 1959) 


As a result, ridges are formed during dissolution 
in the region of the grain boundaries of the cold 
deformed alloy. 

The appearance during dissolution both of chan- 
nels and of ridges can readily be explained if we 
assume the presence of an excess of dislocations 
in the boundary region of grains of the undeformed 
alloy. There is reason to assume [3] that at the 
place where the dislocations emerge at the surface, 
containing an “atmosphere” about themselves, the 
material tends to dissolve intensely. The accumula- 
tion of dislocations should therefore lead to a gen- 
eral intense disolution of the surface of the material 
at the places where they arise. 

Rapid plastic deformation in the initial stage 
should remove the excess of dislocations near the 
grain boundaries. 

The dislocations will leave behind themselves 
accumulations of dissolved atoms in the form of 
former “atmospheres”. Proceeding from the principles 
of internal adsorption [4], it should be assumed that 
the abandoned “atmospheres” should consist main- 
ly of chromium and carbon atoms. The enrichment 
of the boundary zones of chromium grains is appar- 
ently the reason for the appearance in the region of 
the grain boundaries of ridges during dissolution of 
the cold deformed alloy. 

2. A microscopic study of the alloy showed that 
very small plastic deformation had a strong effect 
on the decomposition of the solid solution during the 
subsequent ageing (the ageing was carried out at 
750°). The most convenient method for giving the 
alloy a small plastic deformation is abrupt quench- 
ing in water from a temperature of 1050-1280°. 

The structure of the weakly deformed and aged 
alloy is characterized by the presence of a very 
large quantity of segregate of the second phase in 
the glide planes and in the boundary zones of the 
grains (Fig. 1). The latter leads to the fact that the 
boundaries of the grains in the weakly deformed 
alloy appear in the form of strongly dispersed 
bands. The higher the temperature of the preceding 
heating and the longer the soaking during heating, 
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FIG. 3. Heating at 1220 tor 6 min, cooling in water, repeated 
heating at 1080° for 8 hr, cooling in air, ageing at 750° for 
16 hr; x 400. 


the greater the average width of the bands. This is 


in full agreement with the above accumulation during 
heating of dislocations at the grain boundaries and 
the presence in the grain boundary regions of a de- 
formed alloy of a large number of accumulations of 
different atoms in the form of “atmospheres” which 
have been abandoned by the dislocations. Each of 
these “atmospheres” should serve during ageing as 
a preferred site for the formation of second phase 
particles. 

It seemed to be of particular interest to heat the 
weakly deformed alloy to temperatures above the 
temperatures of formation of second phase particles 
to destroy the “atmospheres” which had been 
abandoned by the dislocations, by scattering the 
concentrated different types of atoms and to obtain 
statistically uniform distribution. In this case, a 
sharp drop would be expected in the intensity of 
decomposition of the solid solution in the grain 
boundary zones during the subsequent ageing. This 
effect was obtained as a result of heating a weakly 
deformed alloy before ageing at a temperature of 


1,000- 1,020° (cooling in air). 

After this heating, the decomposition of the 
solid solution in the boundary zones during ageing 
proceeds less intensely than in the remaining bulk 
of the grains and furthermore, the traces of glide 


planes disappear completely (Fig. 2). The latter 
can be explained as being tie start of redistribution 


of dislocations in the lattice of the grains due to 
polygonization, since with a higher temperature of 
intermediate heating (about 1080°) within the deform- 
ed grains there is a clear polygonized substructure 
(Fig. 3). 

Due to polygonization, the grain boundaries of 
the weakly deformed alloy acquire a form which is 
characteristic of an undeformed alloy. 


Translated by J. Thompson 
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TWINS AND THE DEVELOPMENT OF SUB-BOUNDARIES DURING THE 
DEFORMATION OF ZINC* 


L.I. VASIL’EV 
The Siberian Physical-Technical Research Institute 


(Received 5 April 1959) 


In plastically deformed zinc, observations have been made of the stimulating action of twins on 


the development of fragmentation (polygonization) in the grains. The phenomenon is linked with over- 


strain at the ends of the twins. 


It is known that twins formed during deformation, 
act on the adjoining region of the matrix crystal, 
distorting the crystal to a certain extent [1-5]. These 
distortions in zinc crystals [6-12] and other metals 
[6] appear in the form of accomodation faults. The 
distorted zones, similar to those predicted in paper 
[1] and similar to the accomodation faults in metals, 
were also observed in non-metallic crystals [13]. It 
is observed [6] that the accommodation faults, act- 
ing on the twins, can block them, thereby stabiliz- 
ing them. 

In the study of the mechanism of plastic deforma- 
tion of polycrystalline zinc, we detected a new ef- 
fect beween the twins and the basic lattice of the 
metal. It was found that the development of sub- 
boundaries during the fragmentation of zinc can be 
connected to a certain extent with twinning. 

The experiments were carried out with small crys- 
tal and large crystal specimens (Zn > 99.8%; Pb < 
0.084 %; Fe < 0.061 %; Cd < 0.035 %). In the first 
case the average size of the grain was 0.02-0.04mn, 
in the second case the grains were 0.5-1.0 mm. The 
diameter of the specimens was 1.5 mm, and the cal- 
culated length — 50 mm. The annealing was carried 
out in an oil bath at 140° for 1 hr. Before the de- 
formation, the specimens were electrolytically 
polished in a 50% (by weight) solution of orthophos- 
phoric acid in water. 

The deformation was produced by extension on a 
UPR instrument [14] or on a Shopper machine. The 
rate of extension v was kept within the range from 
0.03 %/min to 10%/sec. Some of the specimens 
before unloading were relaxed for 1 hr in the clamps 
of the machine. After deformation, the specimens 
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were subjected to metallographic and interference 
studies on a MII-4 microscope. 

A study of the coarse grains of rapidly deformed 
specimens with clearly defined twinning showed 
that in a number of cases the twins terminate in 
“tails”, representing more or less well developed 
sub-boundaries. These sub-boundaries, as is usual 
[15], divide the grains into several disorientated 
fragments (sub-grains). Fig. 1 shows some of these 
twins, photographed with a magnification of 780 by 
the usual method (a, c, e, f) and in an interference 
field (6, d). The twins are marked with arrows. 

The “tail” of the twin on Fig. la-b is a well de- 
veloped sub-boundary, passing between the frag- 
ments A, B. In the case shown in Fig. 1 c-d, stretch- 
ing from the peak of the twin, the sub-boundary 
gradually disappears with distance. It is weakly 
developed and at the opposite end of this twin 
(Fig. le)*. The connexion between the sub-boundary 
with the twin in the grain of fine crystalline zinc is 
illustrated by the frame f. 

The results obtained indicate that twinning can 
stimulate fragmentation (polygonization) of the 
grains. It would be natural to suppose that this 
phenomenon is based on the formation at the end of 
the twin of an overstrained zone, in which the stress 
distribution includes a component connected with 
the deformation of the whole grain. 

If the sub-boundary is close in orientation to the 
plane of the twin, then with further action of the 
external load, favourable conditions are provided 
for its growth. Furthermore, observations showed 
that meeting with the sub-boundaries of other 


* The sub-boundary on Fig. le was slightly out of focus, 
as also the left edge of the sub-boundary between the 
fragments A, C (frames a, b). 
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FIG. 1. The connexion between the development of sub-boundaries and twinning: 


a-e — coarse grained zinc, v= 10%/sec; f —fine grained zinc, extension at 
v=27%/min with subsequent relaxation. The twin on the frames c-e is the same. 


FIG. 2. The hindering of twins (marked by arrows), at sub-boundaries 
dividing the fragments A and B. 


orientations usually hinders the propagation of the temperature (see for example Fig. 1 a-b) is the 
twins (Fig. 2), as was also observed in the case object of a special communication. 


of non-metallic crystals [16]. 
The multiple sliding observed in zinc at room Translated by J. Thompson 
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CALCULATION OF THE RELAXATION TIME DISTRIBUTION 
FUNCTIONS FOR ELASTIC AFTER-ACTION* 


T.D, SHERTERGOR 


S. Ordzonikidze Siberian Metallurgical Institute 
(Received 28 September 1959) 


Relaxation relationships between the stress and deformation tensors, 
as obtained by means of the thermodynamics of irreversible processes, 
are extended to embrace the continuous relaxational spectrum. Formulae 
are derived which enable the calculation of the relaxation time distri- 
bution functions from the g (t) and € (t) experimental curves for a 


number of time relationships. 


During the elastic deformation of real solid 
bodies, the relaxational processes, whose 


occurrence is conditioned by the final velocity 


of deformation, can have different intensi- 
ties. Therefore, real solid bodies are char- 
acterised by a relaxational spectrum In 
order to find the relationship between the 
characteristics of the relaxational spectrum 
and the mechanical properties use is made of 
expressions for the stress and deformation 
tensors ik and respectively, obtained 
by means of thermodynamics of irreversible 
processes [1,2]. 

t 


A , 
= + Yaa. (t’) exp (— jae 


— co 


t 


t 


A t— t’ 
(1”) 
t 


Toy 


In the above equations, the summation from _ 


* Fiz. metal. metalloved., 9, NO.2, 162-168, 1960. 


1 to N is carried out with respect to v; AA, 
are constants which account for the ‘‘contri- 
bution” of the respective relaxation time r 
to the total effect; oj, and €;,, equi- 
librium values of and €,,, while 
and €,;, Stand for 

A A 


l 


In order to simplify the problem, no 
account is taken of temperature changes. 
Clearly, equations (1) represent a special 
case of more general expressions 
Oy + 
t 
4 , t’ , 
+ AA | Elm (t )exp dt > (3 ) 


lmy 
lm 


t 


Standardization condition of the constants 
of AA izimand AA}, ycan be obtained if it is 


assumed for equation (3°) that (¢) = 1(t), 
and for equation (3”) that Sim (t) | (t). 


Here, | (t) = face’) dt’ is a single function 
equal to zero for t < 0 and equal to unity for 


t >0, while 8(t) is the 5-function. Then, 
after denoting the equlibrium values of the 
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TE 


elasticity and yielding tensors by M° chim and 
J° telms Tespect ively, we get that: 
= = Sim + py MA Elm (1— 
Im v im 
(4°) 
exp (— t/*imy)], 


0 
cin = J MA inim. Timy [1 — 
lm v Im (4 ) 


— exp (— t/sim:)]- 

Finally, by passing in equations (4) to the 
limit t 0 and by denoting the non-relaxed 
elasticity and yielding tensors as and 
We find 


In order to generalize expressions (3) to 
the case of a continuous spectrum, let us 
consider the retentivity functions ¢;,), and 


and Pik Lm: 
(t) = exp (—t/timy), (6') 
(t) = exp(—t/tim). (6") 


On passing to the limit N-+oo , while re- 
taining the standardization condition (5), we 
get 


(t) = j exp Fim)» (7) 


(t) = exp (—t/stm) (tim) (1) 


The integrals in (7) are Stieltjes’ 
that can be either differentiated within the 


whole range of variable ¢, or that it is a 
graded function. In this latter case, the 


derivative dA ;,1,/d7 is determined by the 
equation 


Vv 
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integrals, 
We shall consider that A;,);, (7) is a function 


(8°) 


and analogously 


f (tim) = (T1m)/ Aim 


Equations (7) can then be rewritten as 
follows: 

0 

—t/t 

Pikim (t) = (9”) 

0 


Hence it is clear that the functions f shim 
and fp), are the distribution functions of 
the relaxation times r and 7, respectively. 
In order to simplify the subsequent calcula- 
tions, let us introduce the relaxation fre- 
quencies (relaxation constants) s = 1/t and 


F Then, we get from equation (9): 


alse’. 


=| Y (S) e“ds = (t) 


(t) = (s) eds = LYisim (10") 
0 


in which, L stands for the operator of the 
integral transformation of Laplace, while the 
nim 2nd functions are defined by 
the following identities: 


(S) = Yietm (S) = (*). (11) 


It follows from equation (10) that the 


functions and represent the 
functions of the relaxation frequencies dis- 


tribution. 
Thus, we get finally that 


t 
ig = + LY etm (t — at’, 


t 


Relaxation time distribution functions 


Both here and in the previous cases, the 
summation sign is omitted, while the summation 
is indicated by indices occurring twice. 

The equations (12) are the basic relation- 
ships of elastic deformation. They enable 
the following problems to be solved: a) fin- 
ding the stress tensor o;,(t) from a known 
deformation tensor (direct problem); b) fin- 
ding the deformation tensor €,,(t) from a 
known stress tensor (reverse problem); 

c) finding the relaxation frequency distri- 
bution tensors and or of 
the relaxation times f,,),(7) and f 
from the known tensors o;,(t) and € ;;(t) 
(ancillary problem). For obtaining a solution 
of the first two of the above problems, it is 
not necessary to known the frequency distribu- 
tion tensors (the tensor nature of the latter 
follows, in the present case, from the tensor 
properties of O;, and e€;,; in a general 
case, the totality of the distribution func- 
tions gives the relaxation frequency distri- 
bution matrix [3]). It is sufficient to know 
only their Laplace transforms, Thus, a cal- 
culation of the relaxation frequency distri- 
bution tensors represents a separate problem, 

Before >ttempting to calculate ,,;, and 
bikin we shall show that these functions are 
not independent. For this purpose, we shall 
mak e use of a relationship between P shim and 
? pin: This relationship can be easily 
deduced from expressions (12) if it is assumed 
that the loading has an impulse nature: 9;, (f) = 
= of8(t), , which, after substituting in 
equation (12) gives that: 

ej, (t) = [J — iim (t)] (13) 

By differentiating equation (13) and sub- 
stituting € ,, into equation (12°), we find, 
after rearrangement, that 

On = + (t) [Jimnj 


where by * is denoted the operation of a group 
over a section (0, t) 


t 


Finally, by substituting (13) into (14) and 
bearing in mind that 


we get a system of homogeneous equations with 
respect to the components of O,;, and hence 


det = 0; 2,3=1, 2,..., 6; 

/ 


in which a change was made of the symbols 
Mipim tOM@B and of Pikim , etc, 

In an analogous way, by assuming impulse 
nature of the deformation velocity tensor, we 
find that 

det = 0; 
Qay = Yas * By + Mas By 


For a one-dimensional case, equations (16) 
are simplified as follows: 


gay 9’. 


Equations (16) and (17) can be expressed in 
a different form by making use of the group 
theorem for Laplace transformations [4] 


det ||b,s|| = 0; = Yas + MS — 
My’, (18 ) 
(18) 
in which the following symbols were used: 
bog = = Lag = Loup; 
Xap = Xap => Lag; Lap Lap: 


Functions X%,, are connected with the 
functions by Stiltes’ transformation ag 


= Ldap; = Yap (P) = 
= — Le, (pap); (p) = —L, (pis). 


In the above equation Ly, stands for the 
operator of Stiltes’s transformation [5]: 


(p) (0) =f (ay 
0 


(20) 


As an illustration of the use of the expres- 
sions derived above, let us find the distri- 
bution function p(s) of a standard linear 
body for which the distribution function of 
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the relaxation frequency %(s) [6] is 


»(s) = — M°)8(s —s). (22) 
After carrying out consecutive calculations 
with the help of equations (20), (21) and (18), 

we get that 


0 
7(p) —M )(pt+s) > 
7(p) = —M’)s(p +8); 
s’ sM° J”; 

The relationship found between the relaxation 
frequencies s and s’ is equivalent to the 
known relationship between the relaxation 
times [7]: M°/M”. 

Let us pass now to the calculation of ag 
and es from the known functions of gg (t) 
and €qg(t). As the first example let us 
consider the deformation, the tensor of the 


deformation velocity of which is given by the 
exponent 


(23") 
(23") 
(23 “ ) 
(23 


e, (t) = sy exp (pt). (24°) 


Then from equation (12’) we get that 


= Mages +L bes 
and hence we find the elasticity tensor 
Meg = Mis +pLs ap (p). 
Finally, after transformation, we get 
op (S) = (Mas 


in which the operator of the Stieltjes’ 
reverse transformation is defined by the 
equation [5]: 


Ls! F(s)=lim— d"F (s) 
\n ds ds” 

(28) 

Thus, in this particular case it is suffici- 
ent to know only Mq@ (t) in order to calcu- 
late the tensor of the relaxation frequencies 
distribution. For an approximate evaluation 

of the relaxational spectrum, it is sufficient 
to consider only the first approximations of 


of the transformation expression (28). 
In an analogous way, if the exponential 
tensor of the deformation velocities is 
Oa (t) = 04 exp (pt), (24") 
then by carrying out the required calcule- 
tions we get that 
dep (8) C27") 

The spectrum obtained from expression (27') 
we shall call the relaxational spectrum and 
that from expression (27”), the retardat ional 
spectrum [8]. A re-calculation from one 
spectrum to the other in a one-dimensional 
case can be carried out according to equations 
(18). 

As a second example, let us consider the 
deformation at constant speed in the interval 
of (0, t,), after which the deformation 
becomes constant. With the help of a single 
function, this condition can be written down 
as 

eet) 

By substituting (29) into (12) and carrying 

out simple transformations we get that 


On = Ox + (0) — 23 1 (t) — 
— (0) — Las 1 (¢ 
Hence for the partial cases of t Sty and 
t At, we find respectively: 
Mag = Map + [Lise (0) —- ty, (31) 
Mag = Mig + (¢ — ty) > ta, (32) 


in which it is assumed that {9 =S~! tag. 
For ¢ <ty, the tensor of the relaxation 
frequencies distribution is found from 
equation (31): 


up (S) == (0) — [Mag (s) (33) 


For practical purposes, equation (33) can 
be written down in the following form which 
is more convenient: 


(s) == SL" [5A Mag 
in which th Map stands for the time- 


(34) 
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dependent part of the function f [Mas (t) — Mis]. 
For a selected type of deformation, the ~ 
elasticity tensor should represent a reducing 
function of time [9]. For instance, if it is. 
represented by the following empirical expres- 
sion 
Meg = Mog + AMagy, (1 — 


then we get subsequently that: - 
tA | exp (— ts,); 
e dx= (36) 


TL 


= AMag Vu (s —S,), 


bag (S) = AMag 


in which, in the last equation, we made use of 
the Laplace reverse transformation formulae 
and of the integral representation of the § - 
function [4]: 


{tic 


(37) 


F (x) dx, 
Qri 


3 (s) = dx. 


The distribution function (36) is a function 
of discrete spectrum distribution, while the 
coefficients v,, take into account the ‘“‘weight’’ 
of the corresponding relaxation frequencies. 
The relaxational spectrum was regarded, for 
reasons of simplicity, as being identical for 
all the different components of M,s;. 

The tensor of the frequency distribution of 
relaxation can be determined also from the 
relaxation curves, By rearranging equation 
(32) we get that: 


0 

aa (8) = sty — [Map (s) — 
(39) 

If ty is sufficiently small, so that the 
occurrence of the relaxational processes is 
inhibited during the period of deformation, 
the expression resulting from the rearrange- 

ment becomes much simpler, In this case, 


assuming in equation (32) that t,; +0, we get 
that: 
Mas — Mag = — (t) = (40) 
The above expression can be obtained also 
directly from equation (12’) if it is assumed 
that the tensor of the deformation velocities 
is of the impulse type: 


= limey [1 (t) —1 (¢ —¢,)] = 22 8 (2). 
470 


(41) 
After rearranging expression (40) we get that 


Yas (S) [Mag(s)— Mas]. (42) 

Relaxation curves of ,, (t) can be obtained 
relatively easily by experiment, There is 
available a large number of empirical expres- 
sions which define these processes [10]. How- 
ever, when use is made of such expressions in 
the calculation of relaxational spectra one 
should remember that the relationships estab- 
lished earlier are correct for small] defor- 
mations only which do not force the system 
outside the elasticity limits, 

If the relaxation curve is regarded as a 
sum of exponents 


Mag (t) = Mts + exp (—Syt), (43) 


then a rearrangement according to equation (40) 
gives for the distribution function an expres- 
sion of discrete spectrum [86]. For instance, 
in the Rovinski’s expression [11], the relaxa- 
tion of stresses in the elastic-inelastic 
region is split into two exponential consti- 
tuents, one of which is regarded as being 
responsible for the slip processes along the 
grain boundaries, while the other governs the 
diffusion processes. In this approximation, 
the relaxation spectrum consists of two points 
only, 

If instead of the tensor of deformation 
velocity e, (tf) it is required to find the 
stress velocities tensor o, (t), then equation 
(12”) serves for calculating the retardational 
spectrum, The corresponding distribution 
tensor for the rectangular form of the stress 
velocities tensor: 


= [1 (t)—1(¢ 
is, for ¢t<t, 


(29”) 


bas (S) = SL™! (0) — 


(s) = [SA Jus (S)], (34") 


Where by tAjas (¢) is denoted the variable part 
of the function ¢[ —_J.s (t)]. 
For the case of t >t,, we get that: 


Yas (8) = Sty — — Jos (S)]- (39") 


Finally, if the nature of o, can be assumed 
as being of the impulse type, equation (39") 
can be simplified to: 

dep (42") 

If the corresponding experimental curves are 
represented by empirical formulae, then for 
the rearrangement of the Laplace transforms 
use can be made of the already derived equa- 
tions [12-14]. Rearrangement of equations 
(42) can be carried out on the basis of 
Steiltjes’ transformants because L-!=L3'L. 


Translated by H. Cygielski 
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A generalization is proposed of Simon’s equation to the case of anomalous 


materials, which expand during crystallization. 


This universal equation 


has the character of a law of corresponding states and enables a calculation 
to be made of the co-ordinates of polymorphic transformation points for 


anomalous materials. 
mental accuracy. 


Good agreement was found within the limits of experi- 
A calculation is made of the co-ordinates of the polymor- 


phic transformation point on the melting curve of Sb. An analysis is made 
of all the possible special cases of melting curves. 


It was shown in work {1] that the empirical 
Simon’s equation [2], which characterises the 
variation in the melting temperature of an 
ordinary material with pressure, should be 
expressed in the following form: 


a+ Po 
c = Q,/Av, - (a + Py). 


a+P 


To 


(2) 


Here, Py, Ty, Qy and Av, are pressure, tem- 
perature, latent heat and volume increase at 
the ternary point; a is a constant determined 


oU 
in work [3] as a= - = where U is the 
internal energy of the solid material in the 
melting curve, while V is its specific volume, 

Thus, the factor a can represent some kind 
of an internal pressure and, in the case of 
ordinary materials, a>0. 

A different picture is obtained in the case 
of anomalous materials, which show a reduction 
in density during crystallization (Bi, H,0, 
Ga, and others). For these materials 


er should have negative values down the 
T 


* Fiz. metal. metalloved., 9, No.2, 169-173, 1960. 


melting curve and, consequently, we have in 
equation (1) that a <0. However, in this 
case it follows from equation (1) that at a 
definite pressure P = - a, the body should 
melt at the temperature of absolute zero, In 
order to overcome this difficulty, let us 
introduce in the equation an additional con- 
stant @, which is equal numerically to the 
temperature at which the anomalous materials 
should melt under a pressure of P = — a: 


o+ 1246 


As it may be easily seen this new equation 
represents a generalization of equation (1) 
and applies to any material. In a special 
case when @=0, equation (3) is changed to 
(1). (Strictly speaking, by assuming that 
P = — a in equation (1), we get that T= 0). 
On comparing equation (3) with the Clapeyron- 
Clausius equation, we find an expression for 


Qo — 8) 
Avo(a +P) Ty (4) 


In the case of a normal material, when @= 0 
equation (4) becomes identical with equation 
(2). Thus, after calculating for two experi- 
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‘Equation of melting curve 


mental points the values of the constants a 
and @ (for ordinary materials @ = 0 and only 
one experimental point is required), it be- 
comes possible to construct the melting curve 
of any material. 

It is clear from Table 1 that equation (3) 
defines melting curves within the limits of 
experimental accuracy. In the second and third 
columns of Table 1, data are given as reported 
in work [4], while data in the fourth colum 
represent the results of pressure calculation 
according to equations (3) and (4) with the 
help of constants whose values are given in 
colum 1, Values of the constants a and @, 
coincide practically with the co-ordinates of 
the polymorphic transition points at which the 
melting curves of anomalous materials termin- 
ate (for H,0: P, = 2115 kg/cm’, 7, = 251%; 
for Bi: P, = 17,300 ke/cm?, 7, = 456°K; for 
Ga: = 12,050 ke/em , T, = 275.6°K). Thus, 
the end of the melting curve of an anomalous 
material practically coincides with the point 
at which equation (3) loses its sense (P = 
=- @, 7 = 

It should be noted that at the point where 
P = -a and T = @, the curve obtained from 
equation (3) approaches the vertical tangential, 

all =0Q. The result of it that a as 
aT |p =—a 
calculated from the equation coincides with a 
while @ can be different quite considerably 


i.e. 


from T, as it is clear from Fig.1. It is 
possible that the polymorphic transition 
occurs at a temperature which is slightly 
higher than 


be— -P=a 
-P=a 


Fig. 1. All the possible variants of melting 
curves. 
real curves; extrapolated curves 
Thus, the experimental data of the melting 
curve of an anomalous material can serve as a 
basis for predicting the co-ordinates of its 
transition into another modification, The 
pressure corresponding to this transition can 


be calculated accurately, while some error is 


TABLE 1 
Dependence of the melting point on pressure for anomalous materials 


Material 


4, kg/cm? 


2 
exp? ke/cm 


Water -— Ice 9 
a=—2115 kg/cm 
K 


590 
1 090 
1540 
1910 


Bi 
a=—17300 kg/cm 
6=449° K 


2 000 
5 000 
10,000 
15,000 


Ga 2 
a=—12050 kg/cm 
@=275,6° K 


1 000 
6 000 
10,000 


7-0 
A 
D 
7 c 
4 
/ 7 J 
/ 
/ 
- 
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268 ,2 580 —10 
263,52 1 099 +9 
258 ,2 1545 + 5 
253 ,2 1 900 —10 
525,1 4960 —40 
| 502 10,!00 +100 
473.2 15,680 +80 
290,2 6 025 +25 
285.3 9 946 —54 


Equation of melting curve 


involved in the temperature of the transition 
(see Fig.1). A similar prediction for the 
case of antimony can be made on the basis of 
the data given in Table 2. In the first two 
columns of this table are tabulated the data 
as reported in work [5], while the third 
column contains the values of temperature and 
melting point temperatures as calculated by 
means of equations (3) and (4). As it can be 
easily seen, there is a good agreement between 
the theoretically calculated and experimen- 
tally determined temperature values, which lie 
wel] within the limits of experimental errors 
which are evaluated by the present authors as 
being of the order of 2-3° [5]. In the last 
column of Table 2 are given the anticipated 
co-ordinates of the polymorphic transition 
point in the melting curve of antimony. Equa- 
tion (3) represents a form of the law of 
corresponding states, especially in the case 
of anomalous materials. By making use of the 
values of a and Mit is possible to imagine 
the melting curves of all anomalous materials 


within the co-ordinates given above (Fig. 2). 

Up to the present time, in considering 
equations (1) and (3) we made the assumption 
that P, €a and the value of P, was not taken 
into account in practical calculations, Let 
us now consider the case when P, is not neg- 
ligible, This case is true, e.g. for the 
normal modifications of the same anomalous 
materials, Thus, ice VI and ice VII [6], the 
ternary points of which lie at the pressures 
of P, = 6380 kg/cm? and P, = 22,400 ke/cn?, 
respectively. A direct use of equations (1) 
and (2) to these materials gives the corres- 
ponding values of the constants: a ~ 3000 
kg/em2 and a = — 9400 kg/cm?. 

Data tabulated in Table show that equation 
(1) with one constant reflects very well the 
properties of such materials, The first two 
columns of this table contain data as reported 
in work [6], while the third column shows the 
data as calculated according to equations (1) 
and (2). It is interesting to note that 
although the melting curves of ice VI and VII 


TABLE 2 
Melting point of antimony at various pressures 


(a=—26500 kg/em, =590.5° C) 


| 
P, kg/cm? 


18) 
Cc 


2 300 629 

4 200 628 

8 000 626 
12,550 623 
17,100 618 
19,900 613.5 
24,200 607 
25,800 601.5 


629.25 
628,15 
625.8 
622.45 
618.3 
615,05 
607.5 
598.7 


26 500 + 1000 


598+3 (ternary point) 


TABLE 3 
Dependence of the melting point on pressure for ice VII 
(Py==22400 kg/cm, a=—9400 kg/cm?, @=0° K) 


P exp? 


om” 


Poy, KT A, kg/cm? 


24000 
28000 
32000 
36000 
40600 


24050 +50 
27975 —25 
31983 
36015 +15 
40912 +12 
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+0.15 
—vU,2 
—0.55 
+0.2 
+1.55 
+0.5 
—2.8 
368.5 
397 
422.7 
445.3 
165.5 
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have a normal slope, the constant a and, con- 
sequently, the “internal pressure’’ for both 
forms of ice are negative, just as is the 
case with ice I. However, these modifications 
exist only at pressures which exceed their 
internal pressures, 

Fig. 1 represents all the possible variants 
of special melting curves. Along the ordinate 
axis is plotted temperature minus the constant 
@ (for a normal material @= 0). Curve A 
represents a normal case of melting of a 
normal material, If the curve is extrapolated 
to absolute zero, we find that P = -c, i.e. a 
negative pressure value to which the body 
would have to be subjected in order to melt at 
absolute zero. Curve B is the melting curve 
of an anomalous material. A similar extrapo- 
lation of T -@ to absolute zero leads to 
P =— a as the positive limiting pressure at 
which the existance of the relevant modifica- 
tion in question cannot obviously exist. 4 @ 
on the curve shows the error that can be made 
by identifying the temperature © with the 
actual temperature at which the material passes 
into its normal modification. It is clear 
that this error can be quite considerable. 


Melting curves of anomalous materials in 
the co-ordinates as given: 
H,0; e- Bi; A- straight line. 


Fig. 2. 


+ — Ga; 


© is the limiting temperature below which 
the relevant modification cannot exist in 
equilibrium with the liquid phase. Curve C 
is characteristic of the melting of the normal 
modification of an anomalous material for 
which the corstant a was previously negative, 
but the ternary point of which (from which 
the melting curve originates) lies at P,>|e|. 
The value of ® for such a modification is zero, 
while P = ~a could stand for a limiting 
positive pressure below which this modifica- 
tion cannot exist. Generally speaking, in 
the case C, the possibility is not excluded 
of a variant in which @# 0, but this variant 
has not been observed in practice, 

In principle, the case is also possible 
(case D) in which P, > |@| but in which a is 
positive. However, the existence of this 
case has not been detected in the light of 
the experimental data available. 

In conclusion, the author wishes to express 
his thanks to Prof, P.G. Streikov for his 
criticism and advice in connection with the 
present work and also to E.G. Ponyatovskii 
for his co-operation in obtaining the experi- 
mental data for the melting curve of anti- 
mony, 
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A method is suggested for constructing a scale of high pressures, which 
is based on the use of the intersection of the melting curves of various 


materials in the P-T plane. 


As the analytical expression for the melting 


curves was chosen a modified Simon’s equation with one arbitrary constant, 
By considering the triangle formed by intersection of the melting curves, 

a full system is obtained which consists of six equations with six unknowns. 
This system makes it possible to calculate any constants entering into the 
expressions and to find the pressure corresponding to the intersection 


points from the known temperature values at this point. 


The applicability 


of this method is, in principle, determined by the applicability of Simon’s 
equation, but it is independent of the possibility of applying the constant 


of the equation along the melting curves. 


In order to develop a thermodynamic scale of 
high pressures, in work [1] use was made of 
the melting curve of mercury, which is extra- 
polated beyond the range accessible by means 
of absolute manometers, Melting curves of 
other materials have also been used for this 
purpose, 

Among the variety of materials available, it 
is possible to select pairs such that the 
melting curves of which will intersect in the 
(P-T) plane [1]. 
the melting of both of the materials takes 
place simultaneously, this is at identical 
values of pressure and temperature, If the 
equations of the melting curves of both mater- 
ials are known, we can calculate in advance 
the co-ordinates of the point of intersection 
and then, by melting the materials simulta- 
neously in a single piece of test apparatus, 
it is possible to compare the experimental 
value thus obtained with that calculated in 
advance. In doing so, if the pressure is 
found to lie within the range of an absolute 


* Fiz. metal. metalloved., 9, No.2, 174-177, 1960. 


At the point of intersection, 


manometer we can check the correctness of 
calculations of both the temperature and 
pressure values, After having checked the 
validity of the calculated results in this 
way, we can now select materials whose inter- 
section points lie in a region beyond the 
range of the absolute manometer, In this 
case, the accuracy of the pre-calculated 
pressure values is determined by that of the 
prediction of the temperature of the point of 
intersection only. The actual value of this 
temperature can, however, be checked experi- 
mentally, 

In Fig.1 are shown the intersections of the 
melting curve of lead with those of other 
materials, The curves were constructed on the 
basis of data reported in works [7-9]. Inter- 
section points exist in the range of pressures 
from 9000 to 34,000 kg/cm?. 

The number of such intersection points 
could, of course, be still further increased 
by making use of other materials. In the 
region of room temperatures and at reduced 
temperatures, the melting curve of mercury is 
intersected by the curves obtained for argon 
at a pressure P ~ 11,500 kg/cm? and a tempera- 
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ture T x 292° K and by that of nitrogen at so that we have six equations of type (1) in 
P ~ 28,500 kg/cm? and T ~ 372° K, The melting all, 
curve of ammonia intersects with the same 
curves at P ~ 9000 kg/cm2, T ~ 248 °K and 
P ~ 18,500 kg/cm?, T > 280 °K, respectively. 

Thus, the pressure in the test apparatus in 
which the two test substances are melted 
simultaneously could be regarded as a standard 
pressure and it could be given the numerical 
value obtained by calculation from the melting 
curve equations, 

If the melting curve equations are consid- 
ered in this way, the actual value of the 
numerical constants entering into the equations 
becomes of great importance. As it is known, 50 
an equation with three arbitrary constants can 
be satisfied by almost any experimental data QO 4000 12000 20000 28000 Pam 
and, even if two such constants are involved, 
there still remain numerous possibilities of Fig. 1. Relation of melting temperature to 
error in the selection of an interpolation pressure for various materials. 1. Tin 
formula, Therefore it appears advisable to 2. Phosphorous. 3. Carbon Tetrachloride. 
take into consideration the system of inter- 4. Silicon Tetrachloride. 5. Phenol. 
section points in the form as proposed above 6. Chloroform. 7. Argon. 
and to use the equation from work [2]: 


Since the temperature of the intersection 
P/a = ny ee (1) points can be easily determined experimentally, 
while the values of Q,, T, and Av, of the 
The above equation is a modified form of majority of materials are unknown, we shall 
Simon’ s equation with one constant a, P and have six unknowns in the above systems of 
T stand here for the values of pressure and equations. These unknowns are the values of 
temperature, respectively; Qo, 7», Avo are pressure at the points of intersections (if 
the heat of melting, temperature and volume this region is outside the scale of pressures) 
change corresponding to the ternary point, and three arbitrary constants of the melting 
respectively. The physical sense of the con- equations a’, a” and a”, 
stant a is clear from work [3]. The numerical Thus, by making use of the triangle formed 
value of this constant is determined from by the melting curves, we can construct the 
experimental data, full system of six equations with six un- 
Let us consider in Fig, 1 the triangle knowns: 
formed by curves 1, 4 and 5. /4% 
The corners of this triangle represent the P,/a’ = (T,/T 9) —1; P,/a” = 
points of intersection of the melting curves 
of three different materials; the constants = (T,/T 0) —1; 
entering into the melting curve equations of 
these materials we shall denote by a‘, a” and 9.05 /2% 
a”, At each of these points of intersection, P;/a" = (T,/To) 
there are satisfied simultaneously two equa- Q” 
tions: (T3'To) 0 
Q./Av. - a? 
P,/a’ = (7',/T>) of —I1; . 


= (73/To) 
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By means of this system of equations we can 
now calculate all the necessary parameters 
and pressure values without the help of any 
manometers.* A system of such reference 
points, the values of pressure for which 
could be calculated, whould represent a scale 
of high pressures, in which pressure measure- 
ment would be replaced by the measurement of 
the corresponding temperature, 

There is no doubt that the problem would 
become much more complex if the number of the 
arbitrary constants involved in the equations 
is increased. Already with two constants, as 
present in Simon’s equation of the ordinary 
type, only two equations with five unknowns 
would be satisfied at the curves intersection 
point, while in the triangle formed by the 
melting curves this figure would be increased 
to six equations with nine unknowns, 

A scale of pressures constructed in this 
way depends on the correctness of equation (1). 
However, a wide applicability of this equation 
to very numerous materials within a wide range 
of temperatures and pressures [2, 4], as well 
as the good degree of its agreement with 


Clapeyron-Clausius [2] equation led us to 
believe that the equation is not a simple 
interpolation formula but that it represents 


an approximately correct expression of the 


actually existing relationships. Of a par- 
ticular significance is the theoretical basis 
of this equation, which was considered in a 
number of investigations [8,5,6]. With a 
further improvement in its accuracy, it may 
perhaps become clear that the constant a shows 
a gradual reduction in its values down the 
melting curve. But, with the present degree 
of experimental accuracy, this idea cannot be 
confirmed, 

In conclusion, we wish to emphasise that a 
triangle analogous to that here considered is 
also formed by curves 1, 7 and 6. By properly 
selecting the auxiliary materials it might be 
possible to obtain a certain number of such 
triangles, which would be sufficient for the 
determination of a complete melting curve of 


this material, constructed in the P-T co- 
ordinates, would therefore be constructed 
without using a manometer, This kind of 
material could then serve as scale carrier in 
the region of high pressures and its melting 
curve would serve as a standard for calibra- 
tion of manometers, In this case, a reduction 
in the constant a values down the melting 
curve would no longer be very important (even 
if it were possible) because the value of a 
would be determined independently for each 
triangle and the value thus obtained could be 
used quite reliably for interpolating the 
section of the curve between two points of 
each triangle, Thus, this method of triangles 
makes possible a study of the behaviour of the 
value of the constant a along the melting 
curve, 


Translated by H. Cygielski 
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THE SHAPE OF CRACKS 


Yu. M. 


1. The well known incongruity between the 
brittle strength of bodies observed in experi- 
ments and the calculated interatomic cohesion 
(theoretical strength) may be explained with 
the aid of Griffith’s theory [1], which pre- 
supposes the existence in solid bodies of so- 
called nuclear cracks which cause fracture, 
Griffith’ s theory has a number of drawbacks. 
Let us study some of them. To begin with, 
when a crack appears considerable distortion 
takes place around it although the elastic 
energy arising in the zone of the crack, as a 
result of the deformation, may be defined 
according to Hook’s law. Secondly, no allow- 
ance is made for the interaction of the oppo- 
site walls of the cracks, although in emergent 
cracks the distance between opposite walls 
must be very small indeed. Thirdly, Griffith’s 
theory presupposes that cracks in a testpiece 
under stress are always of a particular type. 
On the other hand, it is essential for the 
existence of such cracks that they should be 
stable. It is clear, however, that Griffith's 
cracks are not stable [2,3]. If a nuclear 
crack is below a certain critical size it 
should open and close by itself. 

Generally speaking, the circumstances of 
the existence of stable cracks are known. 
Stable cracks may occur in a lattice with a 
particular type of distortion, It is, for 
instance, known that where there are distor- 
tions in a crystal which prevent the progress 
of shearing deformations and lead to the for- 
mation of incomplete slipping, stable cracks 
may have occurred [4]. Stable crack-like for- 
mations may also occur as a result of surface- 
active media [5,6]. 

The possibility cannot be ruled out of 
tensile stresses in an ideal lattice. It is 
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IN A MICROSCOPIC CRYSTAL MODEL* 
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not sufficient in studying the problem of the 
stability of a crack to use only one parameter, 
as is the usual practice (length of crack 2 cm 
[1 & 2]). The width and shape should also be 
of significance. In paper [7] the relation- 
ship is studied for the potential energy for a 
crystal with a crack, depending on three para- 
meters (length and breadth, and angle of in- 
clination of the walls of the crack to its 
apex) and it is shown that, within the range 
of variation of these parameters possible in 
actual practice, stable cracks could not be 
formed, However, the paper does not specify 
the limitations placed on the shape of the 
cracks in the process of investigation. 

In this paper an attempt is made within the 
framework of a microscopic model, to formulate 
as accurately as possible the problem of the 
stability of a crack. Within the framework of 
the model used a cross-section for the crack 
was obtained, which conforms to the minimum of 
potential energy. 

2. We will look at a crystal which is infinite 
in two directions and has a width h (Fig.1); 

h is the parameter which expresses the tension, 
The crystal is composed of NW + 1 atomic planes, 
The potential energy of interaction of the 
atoms belonging to the adjacent atomic layer, 
is dependent only on the distance according to 
the law, 


v(r) =—Ar Br, (1) 
where r is the distance between the atoms; 4A, 
B>0O, >0 are constants, We are dis- 
regarding the interaction of atoms belonging 
to layers which are not adjacent. 

For the sake of simplicity we are going to 
take a two-dimensional problem We will 


assume that the distortion of the crystal does 
not depend on the co-ordinates perpendicular 
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to the plane of the drawing (Fig.1). Further- 
more, in the crystal being observed we will 
take a rectangle 2R in width and will assume 
that the whole crystal outside this rectangle 
is subjected to the same tensile stress when 
the parameter h is altered. That is, the 
distance between adjacent atom layers outside 
the rectangle and on its boundaries is equal 
to h/N. Our problem consists in the discovery 
of all possible stable configurations for the 
atom layers. In other words, a formula must 
be evolved for the potential energy of the 
model] and its minimum must be found. 


Reckoning that the number of atoms in each 
atom plane is not very great, and that the 
number of atoms in the interval 4x is propor- 
tional to the absolute value of 4x (the lower 
base of the rectangle is along axis x), the 
energy of interaction of the two atom planes 
may be presented in the form 


(2) 


R 
V= j v [y (x)] dx, 
—R 


where v is determined by formula (1) and y(x) 
indicates the distance between the intersec- 
ting elements of length dx, of adjacent atom 
lines. We are ignoring the interaction of 
other elements of the pair of atom lines, 

Each atom layer (atom “‘curve’’) is des- 
cribed by the equation 


y,=y;,(x), t=1, 2,...N—1. (3) 


as the height of the rectangle, as shown above, 
is equal to h, 


Yo (x) =0, Yy (x) =A. (4) 


The potential energy of interaction of all 
the atom layers has the form 
RN 
V= \ {Mo ly;(x) —yi-1 (x)]} a. 


—R 


(5) 


On tensile deformation in the direction y 
the atom layers may also be deformed. Defor- 
mation of the atom curves will lead to their 
elongation and consequently to an increase in 
the energy of their crystal. As tension in 
the direction of the atom layers is insignifi- 
cant compared with that along axis y (growth 
of parameter h) the change in energy due to 
distortion of the atom layers may be attribu- 
ted to Hooke’s law. (Generally speaking, de- 
formation of the atom layers may prove to be 
considerable, However, we are assuming pro- 
portionality in the application of Hooke’s law 
in that when the atom layers are put under 
tensile stress, no other abnormal distortion 
such as fracture etc, is deemed to have taken 
place within them as a result of the bending). 
The formula for the potential energy of a 
crystal, allowing for the bending of the atom 
planes, has the form of a function 


Ri N 


w=) —y- + 


(6) 


N- 


under conditions (4). The first total under 
the integral sign in (6) reflects the inter- 
action of the atom layers, and the second — 
the change of energy as a result of bending of 
the atom layers, a is the Hooke constant, 

To find the configuration appropriate to 
the energy minimum (rigid configuration), the 
variational problem for calculating the mini- 
mum of functional (6) must be solved, with 
functions y;(x),i = 1,2, ... N - 1 unknown, 
As limiting circumstances we will take the 


(7) 


(7) means that the atom layers at the edges of 
the rectangle are equally distributed along an 
axis y. Under this kind of limiting condition 
it follows that only those internal cracks can 
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be studied which do not extend to the surface, 
The problem of the form of stable crack-like 
configurations has been completely formula’ ed, 
In order to study the problem of the stabi- 
lity of a crack in this kind of proposition, a 
variation must be introduced for the function- 
al through the variable R. This is not being 
done in our paper as the problem of the form 
of possible crack-like configurations is only 
being taken in the case of R = const. 
3. We will indicate briefly how the problem 
was resolved. If the atom layers are assumed 
to be only planes, then the variational prob- 
lem postulated consists in the solution of 
the problem of the stable configuration of 
atoms in a chain which is under tensile stress, 
In papers [8,9] this problem was studied for a 
single-dimensional model of a crystal - a 
chain of atoms interacting upon one another in 
accordance with law (1). It was shown that, 
with values for the parameter of tension h 
encompassed in a certain range 


h, h hy, (8) 


the chain has two types of stable configura- 
tion, If atoms of the chain are in a stable 
configuration then either all the interaction 
gaps will be equal: a; = L/N, or there will 
be among them one interaction gap a, = 7, 
which is greater than all the rest, while the 
others are all equal among themselves and are 
determined by the formula 


(9) 


It is assumed in all subsequent deliberations 
that the parameter h is in the range (8). 

The potential energy of the chain of atoms 
as a function of one of the interatom gaps y 
(it is assumed that all the remaining inter- 
atom gaps are determined by this y in a form- 
ula similar to (9): a, = (h- y) (N - 1) has 
two minima (see Fig.2). The first minimum is 
appropriate to an evenly extended chain (sym- 
metrical stable configuration), and the second 
— to a chain which is in a stable configura- 
tion with one large (equal to 0) gap (asym- 
metrical stable configuration). 

On the results obtained for the chains of 
atoms we will essume that all the gaps between 
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the atom layers in our model may be defined 
by a particular one, for example, y(x) = y, 
(x) - Yp-j(*), according to the formula 


Y; (x) — (x) = 
bad, 


On this last hypothesis a solution may be 
found (if not complete, then at least partial) 
in the variational problem in the function 
(6). 

Taking the second total under the integral 
sign in (6) in the series, and confining our- 
selves to terms of the lowest order while at 
the same time taking (10) into account, we 
have, instead of (6) 

R 


(11) 


where B >0. By calculation it is shown that 
B has a minimum ee St! through the 


variable K. As B(N,K) is contained as the 
multiplier in the item which makes a positive 
contribution in the energy of the crystal, it 
follows from what has been said that the ap- 
pearance of cracks (if this is possible) in 
the centre of the crystal is highly beneficial. 
For this reason we suppose 


if N is uneven, and 


(12) 


k=—, if N is even 


Introducing further the designations 


(13) 


we will write the function (11) in the form 


R 
—R 


Inserting function F(y) into (14), we have the 
graph shown in Fig.2. Euler’s equation for 


Vo! 
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finding the extreme of function (14) is in the 
form 


of brittle fracture, that is, that the forma- 
tion of the crack is accompanied by transi- 


tion of atoms from one minimum (atom in the 
volume of the body) to the other (atom at the 
surface of the crack, see [6,10]), it is pos- 
sible from the model under observation to 
make a quantitative amalysis of the height of 
the potential barrier which must be surmoun- 
ted at each individual act of extending or 
Equation (15) is of equal value in the sys- closing the crack, Furthermore, as has been 
tem stated above (see (18a)), the existence of a 
crack is only possible in conditions where 
the barrier to be crossed from the volume of 
the body to the surface of the crack is less 
than that from the surface to the centre, 


® (y) — y” =0. 
(y) by? y 


The limiting conditions (7) take the form 


(—R) = 
y(—R) =y(+ R) (16) 


dy _ _ Oy) 


(17) 


As (17) is an essentially non-linear system 
of differential equations which is, generally 
speaking, insoluble, we will restrict ourselves 
to qualitative analysis only of the integral 
curves in the phase plane (y, p). Points 
(h/N, 0), (7, 0),(n, 0) are peculiar to (17). 
Here h/N and 7 represent the minima of function 
E(y), while its only maximum (see Fig. 2). 
Phase diagrams showing the behaviour of the 
integral curves are given in Figs,3a-b, and 
illustrate the cases 


E(h/N) > E(1), 


E (h/N) < E (7). (18b) 


Efhfy)< 
In accordance with limiting conditions (Wy) 


(16) the integral curve which supplies the 
minimum for function (14) ought to begin and 
end on a straight line y = h/N. From this it 
follows that the extrema which supply the 
minimum for integral (14) can only exist in 
the case of inequality (18a) 


2 


From the phase diagram in Fig.3a a represen- 
tation may be made of the form of a crack cor- 
responding to the minimum of potential energy 
for the whole crystal. In variable x, y the 
crack has the following properties (see Fig.4). 
The contours of the cracks may be described 
according to (12) above, by the functions 


h+y(x) 
(x) = pe 


h— y(x) 
(x) 


if N - is uneven 


(*) = + y (%); 


It is, therefore, only possible for a 
crack of other than trivial form to exist 


under conditions (18a). 
From what is already known on the mechanism 


), if N - is even 


(5 
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If N is uneven, opposite contours of the 
crack will be strictly symmetrical as regards 
plane y = h/2, If, however, N is even, the 
‘‘upper’’ contour Yn -1(% will have a slightly 
larger curve than the ‘lower’? (x), 


because |N|2 — 1)| > \((N —2)/2(V — 


Where N is larger the contours of the crack 
may be regarded as symmetrical. 

Points x, and x5, in which y(x,) = y(*9) = 
= 7’, are the points of inflexion, those 
points are the limits of the crack. Atoms to 
the left of x4 and the right of x. may be 
regarded as within the body, while those be- 
tween xy and %»5 are on the surface of the 
crack. The effective length of the crack is 
equal to 


4 6 


where 6 is the maximum width of the crack; 

b <1 (see Figs.2 and 3a); if R-+©, then 
b—n. Characteristics of the crack such as effec- 
tive length, maximum width and so on, have a 
definite relationship to one another as, in the 
final account, they are equally determined by 
the value of parameter h. 


CONCLUSIONS 


1. The problem of the stability of a crack in 

a microscopic crystal model has been formula- 

ted. 

2. Within the framework of this model the con- 

ditions necessary for the existence of a crack 

have been found (18a). 

3. A cross-sectional form for the crack has 

been obtained, which corresponds to the mini- 

mum for the potential energy of interaction 
Translated by V. Alford 
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INFLUENCE OF SHAPE ON THE COERCIVE FORCE OF 


THE MATERIALS OF A 
FERROMAGNETIC BODY AFTER ANNEALING* 
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As has already been noted [1, 2] the mag- 
netic properties of ferromagnetic testpieces 
(permeability, coercive force, magnetostric- 
tion) obtained after heating at temperatures 
above the magnetic transformation point, may 
depend essentially on the shape of the piece, 
This dependance may be explained by the in- 
fluence of the shape of ferromagnetic bodies 
on their magnetic structure, It is precisely 
the magnetic structure which is known [3] in 
many cases to be responsible for the magnetic 
structure of ferromagnetic materials. 

The experiment described below was carried 
out with the aim of studying one aspect of 
this important problem, 

Similar testpieces of different dimensions 
were electrolytically etched from adjacent 
parts of a sheet of magnetically soft material. 
Sheets of electrical steel E10, 0.35 mm thick 
were used, and of E44, 0.1 mm thick. 

The testpieces were heated to 800°C in an 
electric resistance furnace in an inert medium 
of additionally refined technically pure 
argon, The pieces were teld at this tempera- 
ture for 15 min and then cooled in the furnace 
from 800 to 400°C at an average rate of about 
150° per hr. Conditions were created during 
heating and cooling which virtually excluded 
any thermomechanical or thermomagnetic treat- 
ment of the pieces being annealed, In our 
work, for the measurement of the coercive 
force from pieces which had a different shape 
on annealing, pieces of the same shape were 
etched with dimensions 30 x 6 x 0.1 — 0.35 mm, 
The resulting measurements, which are set out 
Table 1, are repeated with reasonable accuracy 
for parallel pieces, 

It can be seen from Table 1 that in pieces 
of the same material but having a different 
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shape on annealing the coercive force is dif- 
ferent. The extent of this difference de- 
pends on the mark of steel and, in bright 
drawn steel, on the crystal orientation of 
the piece. The greatest difference will be in 
bright rolled steel along the direction of 
rolling (Cols. 1 and 2 in Table l). 

The effect studied in the type of testpiece 
described may be explained in the following 
way. The magnetic structure of ferromagnetic 
bodies is determined by the minimum of the sum 
of magnetostricture energy of the field of 
dispersion and the external energy [3]. If 
the dimensions of the ferromagnetic material 
are changed at room temperature there will be 
a change in the magnetic structure. This 
change, however, (for example, by a displace- 
ment of the boundaries between domains) may 
appear quite smal] if the boundaries between 
the domains are in very deep potential pits. 
On heating a ferromagnetic material the energy 
ratios change, and as a result of this there 
will be a complete reforming of the magnetic 
structure to correspond to the minimum of 
energy for the given shape of the material. 
This reforming of the magnetic (domain) struc- 
ture will, of course, explain the change, 
according to its dimensions, in the coercive 
force of a ferromagnetic material after anneal- 
ing. The extent of this effect may be depen- 
dant on the basic magnetic characteristics of 
the piece. This would appear to explain the 
varying degrees of dependance of coercive 
force on shape shown by testpieces of differ- 
ent marks of steel and by those with different 
crystallographic orientation, 

As in many cases the coercive force of fer- 
rosilicon alloys is clearly connected with 
other magnetic characteristics, permeability 
for instance, it is to be expected that a 
similar effect will also occur with magnetic 
permeability, 
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influence of shape on the coercive force 


No. of 
similar 
pairs of 
testpieces 


Dimensions of annealed pieces, mm 


Direction 
under of measure- 
inves- ment of 

tigation % He 


Coercive Effect 
force (Hv) 
after 


annealing 


Bright Rolled Steel Mark E310 


In direction of rolling 
(“tetragonal direction 


- [100]"" ) 


Perpendicular to direction 
of rolling ( ‘diagonal 
direction [100]” ) 


35 


6 


Direction 55° to that of 
roliing ( “trigonal 
direction - [111]” ) 


Perpendicular to ‘trigonal 
direction - [111]” ) 


35 


Hot-rolled electrical steel E41 
(0.35 mm thick) 


In one direction 


In the other direction 


470 


35 


Electrical Steel E44 (0.1 mm thick) 


470 


35 0.76 
0.67 


The effect described should be taken into 
consideration in certain temperature investi- 
gations of ferromagnetic materials, and also 
in the production of magnetic circuits. It 
would be reasonable to carry out heat treat- 
ment (heating at temperatures near to magnetic 
transformation point for the material in 
question followed by cooling at optimal rate) 
of magnetic circuits or parts thereof in con- 
ditions of maximum closed magnetic flux (at 
minimal fields of dispersion). With this kind 
of heat treatment it should in many cases be 


possible to achieve a considerable increase in 
magnetic flux in the operative section per 
unit of weight of a magnetic circuit. 


Translated by V. Alford 


REFERENCES 
. D.D. Mishin, Dissertation, Urals University, 
(1951). 
. D.D. Mishin and M.M. Belenkova, Fiz. Metal. 
metallov. 2, 370 (1956). 
. S.V. Vonsovskii and Ya.S. Shur, Ferromagneti zm, 


GGTI, Moscow-Leningrad (1948). 


1 m 6 0.09 100 
470 6 0.07 
2 270 0. 20 100 
30 0.13 
3 36 0.44 110 
470 0.39 
vo 
4 0.42 9 
470 0.41 19 
6 6 13 - 
6 
1 
2 
3 


THE TEMPERATURE RELATIONSHIP OF THE 
HALL EFFECT IN THE ALLOY Ni3Mn* 
N.V. VOLKENSHTEIN and G.V. FEDOROV 
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Measurements have been made in a wide range from room temperature to 
4.2°K of Hall effect in the alloy Ni,vn both in a disordered constitu- 
tion and in a constitution at a different stage of more advanced order. 
It has been shown that the spontaneous Hall constant R, and the usual 
constant R, of the disordered alloy are essentially dependant on the 


method of fixing the disordered state. 


When Ry is set the figure is 


changed and differs from the Hall constant of non-ferromagnetic metals 
in the character of its temperature relationship. 


A number of works have been devoted to the 
study of the connexion between the different 
physical properties of the alloy NigMn and 
the degree of order in the disposition of the 
atoms [1-8]. The majority of them, however, 
deal with measurements in the field of room 
temperatures. Recently a few papers have 
appeared [9-11], which describe investigations 
which were continued up to 4.29 K. These 
researches have revealed a number of anomalies 
in the course of the magnetization curves of 
the alloy Ni,vn, as early as the field of 
hydrogen temperatures, 

Considerable interest attaches to the study 
of the temperature relationship of the gal- 
vanomagnetic properties of the alloy Ni,Mn in 
relation to the degree of order, as these 
properties are particularly senSitive struc- 
turally. Besides this the study of one of 
the galvanomagnetic effects, the Hall effect, 
on this alloy is also interesting because the 
appearance of the ferromagnetism which is due 
to this order, provides an opportunity for 
better discrimination in the nature of this 
complicated phenomenon. 

We made measurements of the Hal! effect of 
the alloy Ni-n close to the Stoichiometric 
compos it ion Ni,\in (23.8 at Zn) at different 
stages of succession in a wide range from 
room temperature to that of liquid helium 
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The alloys were produced in a high-vacuum 
h.f. furnace from 99.9% pure nickel and man- 
ganese. The bars were homogenized at 1000°C 
for 6 hr and then cut into small rods. Rods 
cut from the certre were rolled into narrow 
strip. From the strip testpieces 10 x 4 x 
x 0.32 mm were made with Hall electrodes in 
the form of pieces from the same material. 
Current electrodes of copper strip were 
soldered right across the plate which ensured 
an unbroken contact right across and equal 
distribution of current. Bearing in mind the 
works of Alekseyevskii, Brandt and Kostina 
[12] these precautions must be strictly 
observed. 

The Hall e.m.f. was measured on a dc. 
potentiometric apparatus with a sensitivity 
of 2 x 10°8v by the method described in 
previous papers [i3, 14] at room temperature 
and in baths of liquid nitrogen, hydrogen and 
helium, The temperature of the testpiece was 
taken as equal to the normal boiling point of 
the liquid bath, 

The values for the normal Hall constant Ro 
and the spontaneous Hall constant R, connected 
to the specific Hall e.mf. +, in the ratio 


Cy = + 


were determined from the gradients of the 
curve e, = f(B) where B = 0 and in the field 
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Hall effect in alloy NigMn 


TABLE 1 


Stage No.2 


Stage No.1 


Stage No.3 


Stage No.4 Stage No.5 


Quenching from 
600°C 


Quenching from 
800°C 


Quenching from 
g00°c + 480°C 


for 10 hr. 


Quenching from 
g00°c + 480°C 


Quenching from 
g00°c + 480°C 


for 10 hr + for 10 hr + 
+ 460°C for + 460°C for 
16 hr + 400°C} 16 hr + 400°C 
for 28 hr. at 28 hr + 

+ 350°C for 


72 hr. 


of saturation, by means of the equations 


des; 
dB 


—Ry. [15] 


dB 


Measurements were made on five pieces after 
the heat treatments shown in Table l. 

Testpieces 1 and 2 were quenched from a 
temperature above the Kurnakov point (520°C) 
but their disordered constitutions were differ- 
ent. No.1 was heated to 800°C in the course 
of 2 hr followed by quenching in water, while 
No.2 was only heated to 600°C and quenched in 
water. Nos.3, 4 and 5 are of the ordered 
constitution. They were all quenched from 
g00°C in water, and underwent further heat 
treatment in stages, as shown in Table 1. 
of them were heated in quartz ampoule which 
were filled with filings of the alloy so as to 
prevent evaporation of the magnanese, 


All 


RESULTS AND EVALUATION 


The results of the measurement of the Hall 
e.mf. for testpiece No.1 are set out in Fig.1. 
At room temperature this piece behaved like a 
paramganetic material with a low positive 
value for the normal Hall constant Rp, which 
remained positive right up to helium tempera- 
tures. Lowering of the temperature and tran- 


sition through the magnetic change point 
(110° K in this instance) leads to the appear- 
ance of a spontaneous Hall constant R, con- 


siderably greater than Ro: which is evidenced 
Atten- 


by a sharp increase in the Hall emf. 


tion should be paid to one interesting pecu- 
liarity of measurements at hydrogen and helium 
temperatures. After the piece has been cooled 
at room temperature (dotted line) the curves 
ey = f(B) taken at temperatures 20.4 and 
4.2°K, go much lower than those taken on 
repeated magnetization (solid line) after 
preliminary demagnetization of the commutation 
from a maximum field to zero at the tempera- 
ture of measurement. Repeated magnetization, 
and magnetization at the temperature of 
measurement again lead to solid lines, The 
dotted lines can only be repeated for measure- 
ments after warming to room temperature. This 
type of curve is explained by the unusual 
character of the magnetization curves of the 
disordered alloy Ni,in [11]. 

Testpiece No.2 (see Fig. 2), which was cooled 
from a temperature of 600°C, showed signs 
characteristic of ferromagnetic materials even 
at room temperature. Curve e, = f(B) has a 
fracture, while the overall value of the Hall 
e.m.f, on induction 20 kg/s exceeded that for 
No.1. Reduction to nitrogen temperature 
causes Ry to change to negative value, while 
further reduction causes it to increase accor- 
ding to the modulus, leading finally to a 
change of the whole effect. 

Comparison of Figs. 1 and 2 shows that the 
Hall effect is highly sensitive to the method 
of fixing the disordered constitution, i.e. to 
the rate of cooling. It is probable that 
slower cooling, even from temperatures above 
the Kurnakov point, fields of further order, 
ferromagnetic, will succeed in appearing at 
room temperature. This might lead to an in- 
crease in the Hall e.mf. In fact, we note 
the fact that an alloy which is partially 
ordered as low as room temperature,will be 
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Fig. 4 


strongly ferromagnetic from a magnetic trans- 
formation temperature of around 450°C. The 
value of R, computed from the curves is posi- 
tive and that of a. is negative. R, falls 
with reduction of temperature. 

Increase in the degree of higher order 
(testpieces Nos. 4 and 5, see Figs. 4 & 5) 
leads to a considerable reduction in the 
value of R, at room temperature, while the 
change in Ro is insignificant. The nature of 
the change with temperature of R, and Rp 
remains the same as for No.3. 

It may be concluded that the appearance of 
ferromagnetism in the ordered state causes 
the sharp change in the shape of the curves 
ey = f(B) (Fig.3). The reduction of che value 
of R, with increasing order (Figs. 4 and 5) is 
apparantly due to the data set out in paper 

16] for the measurement of the Hall emf. of 
the alloy NigMn in a disordered constitution, 
coincides with ours for testpiece No.2. This 
shows that the writers were dealing with the 


intermediate state and not with the fully disor- 
dered constitution as they affirm in their paper. 
We will now look at testpiece No.3, which 
has been quenched from a temperature below 
Kurnakov point and has a certain equilibrium 
stage of further order. Transition even to a 
partly ordered constitution causes a sharp 
change in the curves e, = f(B). If the rela- 
tionship ey, = f(B) at room temperature in a 
disordered constitution is linear, while the 


value of =< at 3 kg/s is 0.07 x 107°8y x cn A, 


then testpiece No.3 (Fig. 3) is 40 x 1078 v x 
x cm/A, which means that the nature of the 
relationship has changed considerably. The 
process typical of ferromagnetic materials 
appears, due to sharp reduction in specific 
electrical resistance [17]. 

With transformation from an unordered to an or- 
dered constitution we are, despite the fact that 
the composition remains unaltered, dealing with 
a different material. This fact emerges from 
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Fig. 


the character of the temperature relationship 


of Ry and R, (Figs. 6 and 7). If R, and R, 
for the disordered constitution (curve 1) fall 
from an elevated temperature, at every higher 
stage of order they grow with increasing tem- 
perature. It also emerges from Fig. 7 that 
the temperature change in R, is stronger in 
testpiece 3. Further ordering Wos.4 and 5), 
that is, transition to a more structurally 
homogeneous constitution, wil] cause R, to 
change sharply with temperature. In form the 
curves R, = f(T) are very similar to the curve 
which characterized pure ferromagnetic materi- 
als (nickel). 

The change in the shape of curves R, = f(T) 
and R, = f(T) below nitrogen temperature 
(appearance of minimum) may be explained by 
the fact that, if the whole effect up to the 
magnetic transformation temperature (110° K) 
of a disordered alloy is only partly due to 
the ordered constitution, then below 110° kK 
the disordered phase will also become ferro- 
magnetic and we have, so to speak, a system 


consisting of two phases with different mag- 
netic transformation temperatures. It is this 
also which determines the nature of the change 
in PR, and R, (Figs. 6 and 7). 

The relationship shown in Figs. 8 and 9 
between R, and R, and the heat treatment tem- 
perature, i.e., on the state of order, shows 
that the ferromagnetic Hall constant R, 

(Fig. 8) is particularly sensitive to the 
transition from a disordered to an ordered 
state. Evidence of this is the abrupt maximum 
at a temperature close to that of commencement 
of order, This maximum is observed at all the 
temperatures measured and is particularly 
sudden at room temperature as here we have 
transition from a paramagnetic state to a 
strongly ferromagnetic one with the emergence 
of order. In all the other circumstances 
(77.8° K, 20.4° K and 4.2 K) the change is 
from a weak to a strong ferromagnetic state, 
This transition is less abrupt. The ordinary 
Hall constant R, (Fig. 9) also alters on tran- 
sition from a disordered to an ordered state, 
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but this change is different from the change 
in R,- The abrupt maximum, due to fixing of 
an intermediate state on quenching from 600°C, 
is observed only at room temperature while at 
lower temperatures there is a sloping minimum, 
In conclusion it is noted that both the 
spontaneous Kall constant R, and the normal 
hall constant R, change appreciably on the 
ordering of the alloy Ni,Mn. In ferromagnetic 
materials R, is essentially different in its 
temperature relationship from the Hall] con- 


26 
va 
3 
| 
“2 500 180200 050 
Fig. 6 
axgs 
; 
a axgs 19 
100 
; \ | boven 
°K 
KT 
NS 
(a) 
200 400 600 800T°C 
Fig. 8 


Hall effect in alloy NigMn 


. N. Thomson, Proc. Phys. Soc., 52, 217 (1940). 

. A.P. Komar and N.V. Volkenshtein, Zh. eksp. 

teor. ftz., 11, 723, (1941). 

. A.P. Komar and I.K. Portnyagin, Dokl. Akad. 
Nauk SSSR, 60, 569 (1948). 

. A.P. Komar and N.V. Volkenshtein, Dokl. Akad. 
Nauk. SSSR, 60, 785 (1948). 

. T. Taoka and T. Ohtsuka, J. Phys. Soc. Japan, 
9, 723 (1954). 

. B.G. Lifshits, B.G. Molotilov, N.N. Myuller and 
P.A. Savost’ yanova, Fiz. metal. metallov. 3, 
477 (1956). 

. R. Halin and E. Kneller, Zs. Metall, 49, 426 
(1958). 

. J.S. Kourd, C.D. Graham and I.I. Becher, J. 
Appl. Phys. 29, 518 (1958). 

. A.P. Komar, N.V. Volkenshtein and G.V. Fedorov, 
Dokl. Akad. Nauk SSSR, 125, 530 (1959). 

. N.V. Volkenshtein, T.I. Turchinskaya and 
E.V. Galoshina, Zh. Eksp. toer. fiz. 35, 1312, 
(1958). 

Fig. 9 . N.Ye. Alekseyevskii, N.B. Brandt and T. I. 
T.I. Kostina, Vestn. MGU., ser. math., mech., 
stant for non-ferromagnetic metals, astr., phys. and chem., 5, 73 (1958). 
. N.V. Volkenshtein and G.V. Fedorov, Fiz. metal. 
Translated by V, Alford metallov. 2, 377 (1956). 
. N.V. Volkenshtein and M.I. Turchinskaya, PTE, 4, 
152, (1959). 
REFERENCES . S. Foner, Phys. Rev. 88, 955 (1952). 
. S. Foner, F.E. Allison and E.M. Pugh, Phys. Rev., 


1. 8. Kaya and A. Kussmann, Zs. Phys. 72, 293 109, 1129 (1958). 
(1931). . J. Smith, Physica, 21, 877 (1955). 


VOL. 
1960 


INVESTIGATION OF THE GROWTH OF A 


LAYER OF LEAD SULPHIDE WHERE LEAD IS IN 
CONTACT WITH LIQUID SULPHUR* 


V.A. DORIN and G.M. FILARETOVA 
Leningrad Physico-Technical Institute 
(Received 13 July 1959) 


The process has been investigated of the growth of a layer of lead 
sulphide in the contact between lead and liquid sulphur in a temperature 


range of 175 to 300°C. A linear time relationship has been discovered 


for the growth of the PbS layer. 


The layer only grows on the boundary 


between the lead and the lead sulphide. The presence of 0, Se and Te in 


Where two materials capable of forming a 
chemical compound are in close contact, a 
layer of this compound will grow up on the 
boundary between them [1-3]. The material 
forming the layer is to some extent a semi- 
conductor [4, 5}. The chemical compound PbS 
is an example of this type of substance, and 
is formed on the area of contact between lead 
and sulphur, This paper deals with a study 
of the nature of the formation of the layer 
of this semiconducting substance, 

The investigation of the process of growth 
was carried out in a temperature range of 175 
to 300°C, when sulphur is in a liquid state. 
At these temperatures the formation of the 
lead sulphide layer is so extensive that it 
can be seen on the specimen with the naked 
eye. 

The layer of lead sulphide was obtained by 
placing a piece of lead in fused sulphur and 
putting them in a glass ampoule, The lead 
piece was of an arbitrary shape with several 
flat sides. These faces, on which measure- 
ment of the thickness cf the PbS layer was 
made, were not less than 5 mm wide. To heat 
the ampoules a furnace was used in which the 


temperature was maintained with a precision of 


* 1° The temperature was measured by a 
copper-constantan thermocouple. 


the sulphur considerably increases the growth of the layer. 


* Fiz. metal, metalloved. 9, No.2, 195-201, 1960. 


Lead, sulphur and lead sulphide are all 
soft materials which are easily worked, The 
boundaries of the layer were clearly visible 
immediately after polishing with paste GOI, 

as lead sulphide has a different colour from 


lead or sulphur. 


~ 


Fig. 1. Photograph of a layer of lead sulphide 
obtained at 200°C; x 40. 


According to the radiographic analysis, the 
layers consisted of only the one substance, 
PbS, Fig.1 shows a microphotcgraph of a 
layer of lead sulphide obtained at 200°. 
Measurement of the depth was made on a2 IZA-2 
comparator, The depth changed in some places 
and an average was computed. In some places 
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Growth of a layer of lead sulphide 


it differed by 10-20 with a depth of the 
different layers of the order of some tens of 
mm, 


KINETICS OF THE GROWTH OF THE LEAD 
SULPHIDE LAYER 


The dependence of the thickness of the layer 
of lead sulphide on the time of heating at 
different temperatures was investigated. This 
relationship was found to be linear. Fig. 2 
shows a family of lines obtained at tempera- 
tures differing by 25°. These results were 
obtained with lead containing impurities of 
thousandths per cent and with exceptionally 
pure sulphur. Heating was carried out in 
ampoules from which air had been excluded. 
Pressure in the ampoule reached 1075 mm kg, 


300 


2,00 


~ 6 


10 75 20 


hr, 


Time relationship of depth of lead sulphide 

layer heated at temperatures of: 

250°; 4 228°: 
6 175°. 


Fig. 2. 


1 - 300°; 


The kinetics of growth of the lead sulphide 
layer made be expressed by the equation 


d = Kt, 


where d is the depth of the layer; t is the 
heating time and K is constant and is the rate 
of growth in relation to temperature. 

From the data in Fig.2 the temperature re- 
lationship of the constant K may be determined. 
Fig.3 shows the relationship between K and the 
reciprocal temperature in semi-logarithmic co- 
ordinates. This relationship can be described 
by the equation 


11 700 


K=4.1x108¢ 


5 — 200°; 


in which R is the gas constant; T is the 
absolute temperature. The energy of activa- 
tion, from calculation of the linear relation- 
ship between depth of layer and time, is 
11,700 + 400 cal/mol (0.55eV). 


20} 
foot 
80} 
60} 
20+ 
2.00; 

170 180 190 200 210 220 230 10? 


Fig. 3. Relationship between rate of growth of 
layer and the reciprocal of the temperature in 
semi-logarithmic co-ordinates. 


EFFECT OF IMPURITIES ON THE GROWTH OF 
THE LEAD SULPHIDE LAYER 


It has been found in this work that certain 
impurities have quite a strong influence on 
the rate of growth of the PbS layer. Such 
impurities are present in both the lead or 
the sulphur, The layers obtained from lead 
with a content of 1 at.% of either Sn, Cd or 
, were very thin, These layers (T = 275°, 

t = 5 hr) were invisible on the micrographic 
specimens even at magnifications of 600. Even 
with the introduction of 1 at.% of copper the 
depth of the layer remained unaltered. The 
impurities were introduced into the lead by 
heating the evacuated ampoule with suspen- 
sions of lead and one of the metals indicated, 
to a temperature above that of fusion of the 
addition metal. 

The influence of the low-melting point 
metals contained in lead on the layer growth 
is of interest because the results set out 
below were obtained with lead containing, 
according to spectral analysis, hundredths 
per cent of tin and traces of copper. The 
time/growth relationship for the layer on 
lead containing tin was also linear, while the 
thickness of the lead sulphide layer is nearly 
15% less than those obtained with pure lead, 

It was found that the depth of the lead 
sulphide layer depended on the medium in which 
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TABLE 1 
t=5 hr, T= 275°C, V = 25 cm? 


Depth of layer d, mm 


Vacuum Air Oxygen 


Nitrogen Hydrogen 


0.47 + 0.02 0.61 = 0.02 


0.82 t 0.02 


0.49 t 0.02 


0.48 0.02 


it was nurtured: in a reasonably good vacuum 
or in an ampoule filled with air at atmos- 
pheric pressure, Repeated checks confirmed 
that the presence of air caused increase in 
the depth of the layer. It seems that the 
depth of the layer in the ampoules with air 
was dependant on the size of the ampoule. The 
bigger the ampoule, the thicker the layer. 

Experiments were made with ampoules of the 
same size containing air at the same pressure, 
but heated for different times. Here a devi- 
ation was found from the linear time/growth 
relationship, indicative of the exhaustion of 
the growth stimulator in the ampoule. After 
heating, the pressure in the ampoules was 
reduced, 

These facts are evidence of the influence on 
growth of the layer, of the air contained in 
the ampoule. This influence may be due to 
oxygen or to nitrogen, these gases being the 
main constituents of air, Experiments carried 
out with ampoules filled with oxygen or nitro- 
gen at around 1 atm. pressure, indicated that 
only the oxygen had an influence on the growth. 
Table 1 shows the results obtained with the 
same-sized ampoules, from experiments carried 
out with several testpieces to find the in- 
fluence of different media, including oxygen. 

It is natural to suppose that the oxygen, 
having accelerated the formation of the lead 
sulphide, is dissolved in the sulphur, Thus 
sulphur which contains oxygen as an impurity, 
is more active than pure sulphur, It is 
characteristic that oxygen, which is in the 
same group of Mendeleev’s periodic system as 
sulphur, should effect the growth of the layer. 
There are two more elements in this group — 

Se and Te. The influence of selenium and tel- 
lurium dissolved in the sulphur was examined, 
To compare the depths of layers produced with 
sulphur containing different quantities of 
selenium, a temperature of 275°C and heating 
time of 5 hr were taken, The graph in Fig,4 


shows the increase in the depth of the layer 
with increased content of selenium, Each 
point represents the mean result for depth of 
the layer on several testpieces. It was 

found that even quite a small amount of 
selenium effected the growth. For example, 
with a selenium content of 0.01%, the depth 

of the layer was greater than with pure sul- 
phur, by 0.03 mm; at 0.1% selenium it was 
greater by 0.12 m, 

With larger quantities of selenium in the 
sulphur, it was discovered by radiographic 
examination that solid solutions of lead 
selenide had formed in the lead sulphide, 
which indicates the presence of selenium atoms 
in the layer under formation, Increased con- 
tent of selenium in the sulphur led to some 
change in the mechanism of growth, there 
being a certain.amount of retardation. 


2,50, 
2,00 
1,50 
400 
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Fig. 4. Relationship between depth of lead sul- 
phide layer and content of selenium in the sulphur. 


The presence of tellurium in the fuzed 
sulphur also causes growth of the layer. The 
PbS layer in this case has very uneven boun- 
daries (in some parts the thickness differs 
by half) and it is quite impossible to make 
an accurate determination of the depth of the 
layer. The average depth of the layer how- 
ever, is greater than the depth of the layer 
formed with sulphur containing the same amount 
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of selenium, 

The results set out above were obtained with 
pure sulphur. If unrefined sulphur is used 
the rate of growth of the layer will be several 
times less, as with impure sulphur it is im 
possible to obtain reproducible results, 

The considerable sensitivity to impurities 
discovered, of the rate of growth of the lead 
sulphide layer would appear to be due to the 
peculiarities of growth of the layer, which 
are apparent in the linear change of depth 
with time, 


THE GROWTH OF THE LEAD SULPHIDE LAYER 


A number of experiments were undertaken to 
determined the manner in which the layer be- 
comes thicker. The inert indicator method 
was used. A hole 0.9 mm in diameter was made 
in a layer of lead sulphide obtained after 
heating. The exact position of the hole was 
determined and the distance was measured 
between it and the boundaries of the layer. 
Then the testpiece was immersed in the melted 
sulphur and heated for several hours, After 


heating the position of the hole was again 
measured in relation to the boundaries of the 


layer. It was found that the distance to the 
boundary adjacent to the lead had changed con- 
siderably while that to the sulphur boundary 
had remained unchanged, 

The results of these experiments on two 
testpieces are set out in Table 2. It shows 
the distances from the fixed point of the 
hole to the relevant boundary of the layer. 
The size of the hole did not alter after heat- 
ing. 

These experiments show that the layer only 


grows on the metal side and that only one 
component penetrates it - sulphur. This 
result is confirmed by a number of other 
factors. For example, the lead sulphide 
formed on the piece of lead with the sharp 
angles does not cover it with a continuous 
layer. Fracture of the layer occurs at the 
corners, while the shape of the edges of the 
layer depends on the shape of the lead piece. 
Fig.5 shows photographs of the testpieces. 
The first is in the form of a segment. The 
second is a square. It can be seen that the 
edges of the layer are different at the cor- 
ners, The third picture shows a layer formed 
inside a lead testpiece, Layers of any depth 
are distorted as obstacles are encountered to 
direct growth towards each other, 

If thickening of the layer occurs only on 
the lead boundary, the layer on the lead 
sulphide/sulphur boundary should be the same 
length as the original length of the face of 
the piece of lead. Measurement of the length 
of the flat face before heating and the length 
of the PbS layer on the sulphur boundary 
after heating produced figures close enough 
to maintain with accuracy the parallel rela- 
tionship of the edges of the piece, 

The growth of the layer can be represented 
in the following manner, On the lead boundary 
with the very thin layer of lead sulphide 
obtained in the first stage of growth, mole- 
cules of PbS are formed which create a new 
layer. The emerging lamination is wedged 
between the lead and the lead sulphide, push- 
ing back the latter, as laminations formed of 
lead and sulphur occupy more space than lead, 
which then goes to form further lamination, 

The layer which has been forced back ought 
to occupy a large area but, not being elastic, 


TABLE 2 


Heating Depth of layer d, mm 


Distance to boundary 


Distance to PbS-Pb 


PbS-S, mm boundary mm 


Before 1.66 + 0.01 


1.03 + 0.01 0.64 + 0.01 


After 2.448 + 0.005 


1.036 + 0.005 1.412 + 0.005 


Before 2.31 + 0.01 


1.121 + 0.002 1.169 + 0.003 


After 2.95 + 0.01 


1.12 + 0.01 1.82 + 0.002 


Growth of a layer of lead sulphide 


Fig. 5. &xternal appearance of lead sulphide layers cbtained on different shaped 
lead piece: 

1 — segment-shaped piece; x2; 2 —-— square piece; x2; 3 —- layer inside a lead 
testpiece; x3 


it is fractured at the corners. This process 
of formation and rupture of the laminations 
continues as long as the layer is growing. 

Th’s linear growth of the layer has been 
observed in other systems. The same regu- 
larity, for instance, is shown in the oxida- 
tion of 'g, Ca and Ba. The constant rate of 
growth is due to the fact that the oxides of 
these metals do not cover the surface of the 
metal with a continuous layer and the oxygen 
has free access to it [6]. 

Unlike the oxides mentioned above, lead 
sulphide ought to cover the metal with a solid 
layer, as the ratio of molecular volume to 
atomic volume for this metal is greater than 
one. Microscope examination of the layer on 
the specimen showed that it was continuous, 
Radiographic examination showed that the layer 
consists of very smal] crystallites without 
any kind of orientation, 

Linear growth of a layer is described in 
paper [7] for the oxidation of titanium in the 
temperature range 650-950°C at 1 atm pressure 
of oxygen, although the layer forms a solid 
covering. Tearing at the corners has not only 
been observed for lead sulphide. In paper [8] 
for instance, the oxidation of an alloy on a 
base of titanium carbide is described. The 
tears at the corners can be seen in photographs 
of the external appearance of the samples. A 
similar picture is presented in the diffusion 
of fused zinc in iron at a temperature of 500° 
[9, 10]. In both these cases there is a linear 
heating time/growth relationship. The forma- 


tion of thick intermetallic layers in the con- 
tact area between the zinc and iron and the 
linear growth are explained by Scheil and 
Wurst [10] as being due to the formation of a 
reticular structure. According to their 
views the liquid zinc reaches the surface of 
the iron by capillary action through this 
crystal structure, and there causes the 
reaction. 

Linear growth will take place, therefore, 
if the growing layer does not prevent the 
free penetration of the liquid components to 
the metal. Perhaps this penetration may take 
place along microcracks which may be formed 
when the layer is pushed back in the process 
of thickening. Where there are cracks, it is 
to be expected that there will be sulphur in 
the layer. There are however, no lines belong- 
ing to sulphur on the X-ray pictures of layers 
of lead sulphide. The truth is that the sen- 
sitivity of the radiographic analysis is insuf- 
ficient in this case. 

There may also be another reason for the 
linear growth of the layer. As the growth of 
the layer is linear where there is diffusion 
penetration of the sulphur, the supply of 
sulphur must be greater than the quantity 
which succeeds in reacting, The coefficient 
of self-diffusion of sulphur in the ».:ocrys- 
tal of lead sulphide is known, Accc. ding to 
paper {ii] it is 2 x cm2/sec at 550°. 

The temperature in the experiments is lower 
and it is not to be expected that this part 
of the flow of atoms provides for the linear 
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growth of the layer. To estimate the supply 
of atoms of sulphur in the case under review, 
the diffusion of sulphur in a polycrystalline 
material must be known, The layer could not 
grow by virtue of this diffusion as, according 
to paper [13] the coefficient of diffusion in 
polycrystalline iead sulphide is very small 
(2.3 x 10711 em2/sec at 353°). 

The lead sulphide was found to have good 
electric conductivity in the layers with very 
slight rectification in the contact area with 
the lead. The type is hole conductivity and 
is determined according to the thermal e.m f. 
The whole layer, including the surfaces 
adjacent to the lead and sulphur, have this 
type of conductivity. It is due to excess of 
sulphur in the lead sulphide, which is caused 
by the extensive penetration of the layer by 
the sulphur. 

The rate of growth is determined by the rate 
of formation of the lead sulphide, and not 
diffusion through the layer, and the influence 
of impurities in the sulphur leads to an accel- 
eration of the chemical reaction. 


CONCLUSIONS 


1. The rate of growth of a layer of lead sul- 
phide in the contact area between liquid sul- 
phur and lead is constant with time and ex- 
ponential with temperature. 

2. Impurities contained in the sulphur and 
lead have a considerable effect on the rate of 


growth, 
3. The rate of growth increases if the sulphur 


contains in solution elements of the same 
group in Mendeleev’s periodic system, These 
elements are O, Se and Te, 

4. Thickening of the layer takes place on the 
boundary between the lead and the lead sulphide 
and is therefore unilateral. 

In conclusion the authors would like to take 
the opportunity of thanking Prof. D.N. Nasledov 
for his constant interest and his appreciation 
of the results of their work, 


Translated by V, Alford 
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This paper presents the results of the 
measurement of the saturation vapour pressure 
of thallium selenide T1Se, T1,Se and T1,Seg3. 
Great interest both theoretical (they could 
explain certain processes which occur during 
evaporation), and practical, attaches to the 
measurement of the vapour pressure of these 
compounds, Valuable information could be 
obtained on the prospects of refining a sub- 
stance by vacuum distillation. There is no 
literature on the subject of the vapour pres- 
sure of thallium selendies. 

Besides the study of the vapour pressure of 
these compounds, one of the purposes of this 


work is to detect any dissociation possible in 


the solid phase by measuring the vapour pres- 
sure, 

Determination of the vapour pressure was 
made by the effusion method of Knudsen, using 
radioactive isotopes. The arrangement and 
working principles of the apparatus used for 
the measurement has been explained in detail 
in previous papers by the same writers [1-3]. 
For these experiments the compounds T]Se, 
T1,Se and T1,Se, were synthesized according 
to the phase diagram [4]. The synthesis of 
the sublimated thallium and 99,996% pure 
selenium in stoichiometric proportions took 
place in a quartz ampoule, The ampoules were 
evacuated to around 10-4 mm Hg and then un- 
soldered, Fusion of the components continued, 
All the measurements were made on both com- 
ponents; each component was synthesized in 
two forms with active thallium 204 and active 
selenium 75. Measurement of both components 
at the same time, as described in paper [3], 


INVESTIGATION OF THE SATURATION VAPOUR PRESSURE OF 
THALLIUM SELENIDE* 
M.G. SHAKHTAKHTINSKII and A.A. KULIEV 
Institute of Physics, AS Azerb.S.S.R. 
(Received 13 May 1959) 


* Fiz. metal. metalloved. 9, No.2, 202-204, 1960. 


was not possible in this case because the 
radioactivety has inherent mixed radiation, 

The radiochemical purity of the selenium 
was checked by the half-life, and of the 
thallium, from the energy of radiation, The 
results of these determinations agreed very 
well with published data [5]. 

The compounds produced were placed in the 
fusion chamber of the apparatus and, after 
vacuum had been reached, they were heated to 
the required temperature in a resistance fur- 
nace supplied with stabilized current. 

In the course of the experiment, vapour 
emerging from the effusion aperture, which 
was closed during heating and cooling, con- 
densed on to copper caps cooled by liquid 
nitrogen, 

The temperature was measured by a chromel- 
alumel thermocouple calibrated in the 
apparatus at the melting points of tin, zinc 
and antimony. The quantity of the substance 
condensed was determined by comparing the 
intensity of radiation with that of a pre- 
viously prepared standard. 

The vapour pressure was calculated accord- 
ing to the formula [6] 


P == 17,14 
KAt M 


in which g is the quantity of condensed 
substance; 
K is the Klausing coefficient; 
T is the absolute temperature; 
M is the molecular weight; 
t duration of exposure, 
It was assumed that thallium compounds 
vaporize in a monomolecular state. 


Saturation vapour pressure of thallium solenide 


From the results of the experiments the 
relationship logP vs > was constructed, 


and is illustrated below. 


logP 


Fig. 1. Graph showing relationship between logP 

and the reciprocal of the temperature: 

A - vapour tension of TlSe measured by the radio- 
activity of Thallium; 

A - the same, by radioactivity of selenium; 

@ - vapour tension of T1,Se, by radioactivity of 
thallium; 

xX - the same, by selenium; 

© = vapour tension of T1,Se, by radioactivity of 

thallium; 

@ the same, by selenium. 

The arrow indicates the liberation of selenium and 

transfer of the vapour tension of T1,Seg on to the 

T1,Se curve. 


It can be seen from the illustration that 
the vapour pressure of the compounds TlSe and 
T1,Se, measured for both components, is the 
same. It may be concluded from this that 


there is no dissociation during the evapora- 
tion of these substances. The same thing is 
observed for Tl,Se, at a temperature of 400°C. 
Above this temperature the vapour pressure 
measured from the radioactive thallium, is 
about the same as the vapour pressure of 
Tl,Se. Conversion of these figures for Tl] ,Se 
produces complete (within the limits of 
accuracy of the measurement) coincidence with 
the vapour tension of T1, Se. Further measure- 
ment of the vapour pressure of the same speci- 
men gives the vapour pressure of the compound 
T1,Se for the whole temperature range. Where 
measurement is made from the radioactive 
selenium at a temperature above 400°C, con- 
siderable liberation of the selenium is — 
observed (this is indicated by an arrow in 
the graph). Calculation of the vapour pres- 
sure for this sector produces a figure close 
to that for the vapour pressure of selenium, 

Further measurement of the vapour pressure 
from radioactive selnium also gave the figure 
for Tl, Se in the whole temperature range, 
From these results it may be concluded that 
dissociation of the compound T1,Se, occurred 
according to the following scheme: 


T1,Se, <2 Tl,Se + 2Se. 


The coincidence observed on further measure- 
ments, between the vapour pressure of T1,Se, 
and the vapour pressure of T1.Se is evidence 
of the complete liberation of selenium from 
the effusion chamber. 

The relationship between vapour density and 
temperature for the compounds is expressed by 
the equations: 


5880 ,9 
log: — ——- +. 9, 


6742,2 


for TlSe log P=— + 12,443; 


for T1,Se, log P =— 49,048. 


Calculation of the heat of sublimation for 
these compounds produces the following 
figures: 


T1,Se 26,90 Kcal/g.mol 
T1Se; 30.84 Kceal/g.mol 
T1,Se, 33.97 Keal/g.mol 


Translated by V. Alford 
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DIFFUSION SPREADING AND THE EFFECT OF 
REACTION CONDENSAT1ION* 
B.Ia. PINES and I.G. IVANOV 
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The appearance and shifting of a series of varicolored rings around a 
liquid drop of a low melting metal on a backing of a higher melting 
metal were observed when the melting is done not in vacuo (in an atmos- 
phere of hydrogen) and when both metals form intermetallic phases. An 
interpretation of the effect is given. 


i. Since the recently achieved better under- 
standing of the mechanism of diffusion effects, 
interest in the experimental study of various 
diffusion effects has markedly increased. Many 
papers are appearing on the study of volume, 
boundary, reaction diffusion, etc. (See [1]). 

Manifestations of surface diffusion have 
been much less studied and explained. These 
should, broadly speaking, depend also on the 
equilibrium ratio of the solid to the gaseous 
phase in as much as evaporation and conden- 
sation from the gaseous phase is possible as 
well as the migration of atoms in the surface 
layer. Up to the present there have been 
neither theoretical estimates nor experimental 
investigations explaining the conditions for 
surface diffusion of atoms as a function of 
the ratio of the solid to the gaseous phase. 

Below very simple experiments are described 
in which diffusion spreading was observed when 
a drop of liquid metal is melted on the flat 
surface of another, higher melting point metal. 
In these experiments certain effects were 
observed which, as far as we know, have not 
yet been described in the literature and which 
are due both to surface diffusion and to con- 
densation and evaporation. 

2. If one melts a small piece of metallic 
cadmium (weighing 5 mg) on the polished surface 
of a plate of pure copper in an atmosphere of 
flowing hydrogen, then, besides the spreading 
cf the liquid drop, one observes the emergence 


* Fiz. metal. metailoved. 9, No.2, 205-211, 1960. 


of a number of coloured concentric rings of 
varying width on the copper surface beyond 
the boundaries of the drop, which have fairly 
sharply defined boundaries. The colours of 
the rings are the following (going from Cd to 
Cu): brownish, greenish, golden, silvery. 

The farther the ring is from the boundary 
of the spreading drop, the weaker its colour- 
ing (the impression is created that the 
coloured layer on the copper surface is thin- 
ner) and the less sharp are the boundaries of 
the ring. A photograph of such rings is 
given in Fig.1. The rings do not remain 
static, On isothermal holding the diameter 
of the rings first increases, but later on, 
when holding is continued, decreases, 


Fig. 1. Photograph of a ring which appears on a 
copper backing around a melted piece of Cd. 


Fig.2 shows the radius of the outermost ring 
observed during isothermal holding at a tem- 
perature of 318°C as a function of time, 
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for a case of a molten Cd piece of 5 mg 
weight on a Cu surface. 


10 20 30 40 50 6670 80 90 min 
In Hydrogen 


Fig. 2. Radius of the outer ring x as a function 
of the isothermal holding time at a temperature of 
380°C (molten piece of Cd on a Cu surface). 


As can be seen, for holding periods of more 
than 80 min a decrease in the diameter of the 
ring is observed in this case. The colouring 
of the ring becomes weaker at the same time 
(as it were, the thickness of the coloured 
layer decreases). With increasing temperature 
the initial rate of movement of the rings (the 
increase in their diameter) increases, This 
can be seen from the data given in Fig. 3a, 
where the initial part of the curves for the 
change in the ring radius x with time t is 
given for isothermal holding at temperatures 
of 282, 312, 318 and 420°C (for each experi- 
ment a new Cd piece weighing 5 mg was used). 
Fig. 3b shows the same curves as Fig.3a, but 
the abscissae signify not the time ¢ but 


Vt. This shows that the movement of the 


rings is due to some sort of diffusion proces- 
ses. If one introduces the effective diffusion 
coefficient by the formula x2 = Dt and plots 
InD in a graph as a function of 1/T, were T 

is the temperature in degrees Kelvin (Fig. 4), 
one obtains a straight line from the slope of 
which one can determine the activation energy 
of the diffusion process. The value of the 
activation energy corresponding to the case 
of the melting of a piece of Cd on a Cu sur- 
face proved to be 19.5 kcal/g.at. 

To explain the above effect similar experi- 
ments were made by melting Cd pieces of the 
same weight (5 mg) in vacuo, The experiment 
showed that in vacuo the spreading of the 
molten piece is observed just as in an atmos- 
phere of flowing hydrogen, but that no coloured 
rings appear beyond the molten drop. We shall 
denote the average radius of the molten drop 


Diffusion spreading 


obtained in vacuo by y. Fig.5a shows the 
curves for the function y=y (Vr) for the 


piece of Cd weighing 5 mg which was melted on 
a copper backing in vacuo at various tempera- 
tures, The linear nature of the resulting 
curve makes it possible in this case to intro- 
duce the effective diffusion coefficient D to 
describe the kinetics of the process. It 
might appear that one can take it as equal to 
the coefficient of self-diffusion of liquid 
cadmium which should govern viscous spread- 
ing. The value of the activation energy for 
the ‘‘spreading process” of the Cd drop on a 
Cu backing can be found from the data for I1nD 
as a function of 1/T shown in Fig.4. From 
these data we obtain, however, the very high 
value of the activation energy Q = 65 to 70 
Keal/g.at. This value is several times great- 
er than the activation energy of self-diffu- 
sion in the solid phase [2]. 
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Fig. 3a. Initial course of the curves for the 
change in the radius of the outer ring x with the 
isothermal holding time t at temperatures of 

1) 420° 2) 318°, 3) 312°, 4) 282°C (Cd on Cu). 


The measurement of the radius of the molten 
drop obtained when a piece of Cd spreads on a 
copper backing in hydrogen, ¥,- Showed that 
this quantity also changes as a linear func- 


tion of Vt at various temperatures (see 


Fig.5b). The corresponding values for the 
effective diffusion coefficient prove to be 
greater than when the piece is melted in 
vacuo; but it turns out that if lnD is 
plotted as a function of 1/T (see Fig.4), a 
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value for the activation energy is obtained 
which within the limits of error agrees with 
the value Q’= 70 kcal/g. at. for the experi- 
ments in vacuo. It is possible that the dif- 
ference in the values of D, (the pre-exponen- 
tial factor of the diffusion coefficient) 
found in experiments made in hydrogen and in 
vacuo is due to the poorer conditions for 
observation of the boundary of the drop in 
the latter case, since no coloured rings 
appear beyond the boundaries of the drop, 
while a very thin layer of the spreading metal 
may not be optically visible. Another ex- 
planation is, however, more likely, namely 
that the formation of coloured rings beyond 
the boundary of the drop changes the con- 


ditions for the spreading and thereby the value 


of 


4, MM. 
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Fig. 3b. Radius of the outer ring x as a function 


yt (t is the isothermal holding time ) at tem- 


peratures of 1) 420°, 2) 318°, 3) 312°, 4) 282°C 


(Cd on Cu). 
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Fig. 4. LnD as a function of 1/7, obtained from 

data on the movement of the outer ring x (1) and 
on the spreading of a Cd drop on Cu in vacuo (2) 

and in hydrogen (3). 
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In Vacuo 


Fig. 5a. Radius y of molten Cd drops on a copper 
backing as a function of Y t in vacuo at tempera- 
tures of 1) 425°, 2) 400°, 3) 385°, 4) 335°C. 
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Fig. 5b. Radius 4 of a molten Cd drop on a copper 
backing as a function of t in a hydrogen atmos- 
phere at temperatures of 1) 305°, 2) 312°, 


3) 319°, 4) 326°C (Cd-cu). 


4. The absence of coloured rings when the 
drop spreads in vacuo shows that these rings 
appear as a result of the interactim of the 
metal surface with the gaseous phase, that is 
with the Cd vapours, a cloud of which appears 
near the molten drop. This conclusion is 
supported by the following simple experiment: 
a cylindrical tube is placed on the polished 
surface of the copper plate and closed at the 
top by another copper plate, also with a 
polished surface directed downwards, The Cd 
piece is placed on the lower plate and melted 
in a hydrogen flow. In this case, as always, 
coloured rings appear on the lower plate 
around the molten ring, 

A similar system of concentric coloured 
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rings is observed on the upper plate which is 
not in contact with the molten drop (Fig. 6). 
Clearly, the rings here have appeared as a 
result of the condensation of Cd from the 
gaseous phase, 


Photographs of rings which appear on 
copper plates near a molten piece of Cd a) ona 
plate on which a piece of Cd is lying; b) on the 
opposite plate which is not in contact with the 
piece. 


Fig. 6. 


Fig. 7. Photograph of rings surrounding a drop of 
Cd on a copper plate part of which (at the bottom) 
was artificially cooled. 


A number of other control experiments were 
made which prove that the appearance of rings 
is due to condensation from the gaseous phase. 
Various kinds of obstacles to surface dif- 
fusion in the form of deep channels or ridges 
of tungsten wire, etc., were put on the copper 
plate where the Cd piece that was to be melted 
was placed. None of these obstacles had any 
effect on the appearance and movement of the 
coloured rings. It is therefore clear that 
the rings do not appear by surface diffusion 
but as the result of interation with the gase- 
ous phase. At the same time the experiment 


showed that a sufficiently high temperature* 
is required for the formation of coloured 
rings, near the part where the rings are 
forming. Fig.7 shows a photograph of a ring 
obtained on a plate which was artificially 
cooled. One can see that near the cooled 
part no rings are formed. 

5. An attempt was made to examine the struc- 
ture of the coloured films which surround the 
molten Cd drop on the Cu surface. X-ray 
structure investigations were unsuccessful. 
Apparently, the coloured layer is so thin 
that it is impossible to observe the X-rays 
reflected by it. The X-ray photographs show 
only the Cu lines, Electron diffraction in- 
vestigation made it possible to obtain some, 
although not exhaustive, information on the 
structure of the thin coloured films, 

Special preparations in the form of thin Cu 
films precipitated by condensation in vacuo 
on a glass backing previously covered with a 
layer of NaCl were made for the electron dif- 
fraction investigation. A system of coloured 
rings was produced by melting Cd pieces in a 
hydrogen furnace on the Cu plates before they 
were removed from the backing. Then the film 
with the coloured rings was taken off the 
glass backing. For this purpose its rim was 
carefully immersed in water so that the sub- 
layer was dissolved and the film floated, It 
should be noted that it was difficuit to get 
the films with the coloured rings off the 
backing in water, especially films of 1076 cm 
thickness, that is precisely those which were 
suitable for electron diffraction in a pene- 
trating ray. 

We were only successful in obtaining two 
specimens suitable for taking electron diffrac- 
tion, On the electron diffraction patterns 
obtained from them neither Cu nor Cd lines 
were observed. The lines that were found 
could be identified as originating from Ccu,0 
and the ¥Y phase (Cu, Cd.) of the Cu-Cd alloys, 
and also from the € phase (CuCd,) of the same 
system, 

Thus it was established that the coloured 
layer represents a portion of the surface 
where intermetallic phases of the Cu-Cd alloys 
are formed, 

The appearance and movement of these layers 


* Compared with that to be expected for simple 
condensation. 
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can evidently be interpreted thus: Cd atoms 
from the vapour cloud surrounding the molten 
drop on hitting the surface ‘‘stick’’ to it and 
in accordance with the resulting concentration 
form successively various phases which are 
stable in the binary system Cu-Cd. Evaporation 
of the Cd atoms in the reverse direction does 
not occur since the equilibrium vapour pressure 
above the intermetallic phase portions appears 
to be considerably less than that above pure 
Cd. In areas farther away from the molten Cd 
drop the vapour pressure is less, and there 
phases with lower Cd concentration are found. 
While a certain amount of metallic Cd is still 
there and the vapour cloud is near the molten 
drop, the coloured layers which are forming can 
spread over the Cu surface by surface diffusion, 
When because the hydrogen flow has carried the 
Cd vapours away and because of the diffusion 
of metallic Cd into the depth of the copper the 
vapour cloud over the place where the drop was 
melted gradually disappears, evaporation of Cd 
from the coloured rings can begin, which causes 
a reduction in the diameter of the rings. 

6. This interpretation of the appearance of 


the coloured rings when pieces of Cd are melted 
on Cu is also confirmed by experiments with 
other metals, 

Coloured rings around a molten drop are ob- 
tained when a metal with high vapour pressure 
is melted on a backing of another metal with 
which it forms several new intermetallic 


phases, The effect is invariably observed 
only on melting in a neutral or reducing atmos- 
phere; when the experiment is made in vacuo 
the effect does not take place, 

We may note that similar effects to that 
described above are also ontained when Cd is 
melted on Ni, Zn on Cu and Ni, 

No coloured rings appear when pieces of Ag 
are melted on Cu (in an Hy atmosphere), although 
after melting the Ag drop gradually ‘‘spreads’’ 
apparently as a result partly of surface dif- 
fusion. It should be noted that the rate of 
diffusion of Ag on Cu is the same in vacuo and 
in By atmosphere. 

It follows from the above that the effeet of 
the formation of coloured rings may be called 
reaction condensation, that is, condensation 
accompanied by a reaction in the solid phase, 
This designation is analogous to the term 
‘“‘reaction diffusion’’ which should be used when, 
side by side with the diffusion process, the 


formation of a new phase occurs by a chemical 
reaction, * 

Reaction condensation and surface diffusion 
evidently participate jointly in the above 
described effects. In systems where new 
phases are not formed reaction condensation 
plays no part and the spreading process is 
evidently determined by the rate of surface 
diffusion. Of course, besides the effects 
indicated, volume diffusion in the backing, 
the amount of internal friction in the liquid, 
etc., can also play a part in the spreading 
effect. 

7. Results, 

1) The appearance of a series of concentric 
coloured rings is observed on the surface of 
a metallic backing (copper or nickel) when a 
small drop of a low melting metal] (Cd or Zn) 
which has a high vapour pressure and forms 
intermetallic phases with the metal of the 
backing is melted on it in a hydrogen atmos- 
phere. 

2) It is shown that the effect does not 
occur when the drop is melted in vacuo, nor 
is it observed in a hydrogen atmosphere if 
the metal does not form new intermetallic 
phases with the backing. 

3) It was established by electron diffrac- 
tion that the intermetallic phases CuCd,, 
CusCdg are formed in the area of the coloured 
rings when a drop of Cd is melted on Cu. 


* For the diffusion effect mentioned in the text 


the term ‘‘ reactive diffusion’’ is often employ- 
ed. V.I. Arkharov (Trud. Inst. Fiziki metallov 
U.F.A.N. No.20, p.222 (1958) has rightly pointed 
out that in the accepted technical terminology 
the adjective ‘‘ reactive’’ is employed as a deri- 
vative of the noun ‘‘ reaction’? in the sense of 
‘“‘ force” (for example, reactive motor), and is 
therefore unsuitable in this case. He suggests 
the term ‘‘ reaction diffusion’; we believe that 
it is better to name the diffusion or condensa- 
tion which accompanied by a chemical reaction 
“reagent ” . 

From the editors: The editors do not regard 
the introduction of a new term ‘‘ reagent’’ for 
effects accompanied by a chemical reaction as 
useful. On the insistence of the authors, how- 
ever, the article is printed with this term pre- 
served. 
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4) The effect is explained as the result of metals) Foreign Literature Publishing House, 
reaction condensation, Moscow (1958). 
Translated by B. Ruhemann 2. P.L. Gruzin, G.V. Kurdiumov, A.D. Tiutiunik and 
R.I. Entin, Issledovaniia po zharoprochnym 
REFERENCES splavam 2, (Studies on refractory alloys) Izd. 


1. V. Zait, Diffusita v metallakh (Diffusion in Akad. Nauk. SSSR, Moscow (1957). 
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STUDY OF THE REACTION DIFFUSION IN 
"METAL-COMPLEX GAS" SYSTEMS. 
1. GENERAL PICTURE OF THE EFFECT* 
V.I. ARKHAROV and V.N. KONEV 
Urals A.M. Gorki State University 
(Received 2 November 1959) 


1. REASONS FOR STUDYING REACTION 
DIFFUSION IN SYSTEMS WITH COMPLEX GASES 


A chemically active gaseous medium affects 
the surface layers of metal parts in two im- 
portant spheres of industrial practice: 1) in 


chemical and heat treatment in gaseous media 
and 2) in the service of parts surrounded by 
aggressive gaseous media, particularly at 
high temperatures (gas corrosion). 


In all these cases there occurs and develops 
the process of so-called reaction diffusion in 
which a layer of products of the chemical 
reaction of the metal with the gaseous medium 
(scale) appears on the external surface of the 
metal, and the further process of their inter- 
action is effected by the diffusion of the 
atoms or ions of the metallic and gaseous 
components through the layer of the newly 
formed solid phases with chemical reactions in 
the boundary zones ‘‘metal-scale’’ and ‘‘scale- 
gaseous medium’ at the surface of the part and 
also at the boundaries between the layers of 
phases of different composition, if several 
of them are formed. 

Very many investigations have been made in 
this important sphere of physico-chemical 
problems, Without dwelling on a summary of 
them, we may note that they investigate mainly 
processes of reaction diffusion in binary 
‘“metal-gas’’ systems of which both components 
are elements, There is also a large number of 
investigations of the same kind for more com- 
plex systems of the type ‘‘solid metal alloy- 
gas’’, where several chemical elements take 


* Fiz. metal. metalloved. 9, No.2, 212-215, 1960. 


part on the side of the initial solid medium, 
namely the components of the alloy which in- 
teract with one gaseous element**, 

The study of such systems is, of course, 
more interesting from the point of view of 
practice which almost always uses alloys and 
not pure metals, but at the same time these 
systems present much greater difficulties to 
the investigator than binary systems. If, 
however, one speaks of the interest of prac- 
tice, it requires still greater complexities 
of the study of reaction diffusion, since in 
practice one meets more often with cases where 
not only the initial solid medium but also 
the gaseous medium contains several chemically 
active components which enter into the compo- 
sition of the solid phases which are formed 
and constitute the layer of scale. For 
example, in certain technical fields parts of 
the equipment are affected by the products of 
fuel combustion containing side by side with 
residual oxygen also components which bring 
from the gaseous phase sulphur, carbon and 
other elements that take part in scale forma- 
tion; for certain metals and alloys not only 
oxygen but also nitrogen, etc. are chemically 
active when they are oxidizing in atmospheric 
air. 

Multicomponent systems cause complications 
in the process of reaction diffusion in two 


** This includes cases where the gaseous medium 
contains besides a chemically active element 
also other, neutral, elements, i.e. elements 
which do not enter into the composition of the 
chemical compounds which are formed on the sur- 
face of the metal. 


respects. 
Firstly, when the number of components of a 


system increases the diversity of the result- 
ing intermediate phases, different in compo- 
sition and structure, increases in it, and 
this complicates the deciphering of the pic- 
ture of the composition of the scale. 

Secondly, the changes in the diffusion per- 
meability of the intermediate phases caused by 
the differences in their structure and compo- 
sition in turn causes changes in the general 
course of the diffusion through the whole 
multilayered scale in its entirety, that is, 
complicate the picture of the kinetics of 
reaction diffusion. 

Taking as the general object of the study of 
reaction diffusion (particularly of gas cor- 
rosion and of the technical processes of creat- 
ing refractory cover) the search for practical 
methods of controlling these processes, one 
may single out a large group of more specific 
problems which may be described as problems of 
the study of the mechanism of reaction dif- 
fusion in systems of the type ‘‘solid element 
(metal) — mixture of two chemically active 
gaseous components” (in the absence or presence 
of other, neutral, gaseous components). For 
brevity one may designate such systems by the 
symbol Me-(X‘ + X”).* 


2. FACTORS DETERMINING STRUCTURE FORMATION IN 
DIFFUSION LAYERS AND THE KINETICS OF 
REACTION DIFFUSION IS SYSTEMS OF THE 

— ME-(X‘° + X%) - TYPE 


a) Significance of the type of phase diagram 
of the binary and ternary systems which take 


part in reaction diffusion. 


The phases which may be formed in the scale 
by reaction diffusion in a ‘“‘lie-(X‘ + X”)”’ 
system, the chemical composition and the 
crystal structure of these phases are deter- 
mined primarily by the phase diagram of the 
ternary system Me-X’-X": ternary chemical com- 
pounds are formed in the scale which are con- 


* We assume that xX’ and X” do not interact in the 
gaseous phase and, hence, do not form gaseous 
compounds of the type XX”, the interaction of 
which with the metal might be different from 
that of X ‘and X’ with it. 
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tained in this diagram and which emerge 
through the simultaneous diffusion of the 
elements X‘’ and X” adsorbed from the gaseous 
medium at the surface of the solid phase and 
in its depth where the diffusing atoms (or 
ions) X‘ and X” meet the atoms (or ions) of 
the metal, The chemical interaction of the 
three components will then form a scale with 
varying phase composition corresponding to 
the different pseudo-binary phase diagrams 
formed by the chemical compounds contained in 
the binary systems — iie-X‘— and — Me-X”%, 

Let us examine three basic cases of differ- 
ent combinations of such compounds, that is, 
the main types of such pseudo-binary systems 
to which correspond the main variants of the 
process of reaction diffusion in — Me-(X‘-X") 
— systems. We shall assume that in each of 
the component binary systems Me-X’ and Me-x” 
there is one chemical compound, Me ,X‘, and 
respectively. * 

First Case. A pseudo-binary phase diagram 
with unlimited mutual solubility of the com 
pounds formed in the binary systems he-X’ and 

When there is simultaneous reaction diffusion 
of the elements X’ and X“ into the solid metal 
Me we shall find that a scale is formed which 
consists of one phase with a concentration 
gradient in depth for both components, The 
composition of this phase may be convention- 
ally designated by the formula 


[E(Me,, Xn-<), 4(Me,Xq-s)], rue 


where &/n depends on the ratio of the partial 
pressures of X’ and X” in the gaseous medium 

and on the degree of the chemical affinity of 
these elements to the metal; a and B change 

from minimum values at the external surface of 
the scale to maximum values at the boundary of 
the scale with metal, and the relation a<a, 


8<q_ holds, 
In the particular case where only solid 


** If there is a large number of intermediate 
phases in the binary systems the study of the 
role of the various combinations of the types 
of these systems in the total process of 
reaction diffusion requires taking account of 
the correspondingly large number phase diagrams 
of the pseudobinary systems of the form — 

Me, X‘-Me ox 
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solutions of X’ and X” in the Me, i.e. (Ne, 

X’) and (Me, X”% are formed in the component 
binary systems, the scale will consist of a 
ternary solid solution, 

Second Case. A Pseudobinary phase diagram 
with limited solubility of X‘’ and X “in the 
compounds We X," and Me X”, Here the scale 
composition will be of a different kind: the 
external layer will consist of a phase with 
greater content of that of the elements X’ 
and X” which has the lesser diffusion mobility. 
(If one assumes that the diffusion mobility of 
X ‘is less than that of X”, the external layer 
will consist of a phase Me,, 2%) where 
8<n. At a certain depth in the scale the 
formation and development of a layer of another 
phase is possible, a phase with increased con- 
centration of that of the ‘‘gaseous’’ elements 
which has the greater diffusion mobility, in 
the given instance the phase 


Me, rae ¢ <q). 


Third Case. No solubility of X” in Me, X, 
and of X” in Me 

The main role in the formation of the scale 
composition will in this case be played by 
the difference in the affinity of X‘ and Xx” to 
he, At the very beginning a layer is formed 
at the surface of the metal, consisting of a 
phase which exists in the binary system formed 
by Me with that of the elements X’ and X” 
which has the greater chemical affinity to Me, 
let us say with X ’ (i.e. the layer consists of 
the phase Me ,X,) In consequence of the 
absence of solubility of the second element 
(X”) in this layer, it will now let this 
element penetrate to the metal and form the 
compounds which exist in the second binary 
system Me-X”, although these compounds are 
just as thermodynamically stable under the 
conditions as the compounds of the system 
Me~ X’, 


b) Significance of the type of crystal struc- 
ture of the phases which form the scale. 


As can be seen from what has been said above, 
the difference in the rates of diffusion of 
the components through the layer of phases 
produced by the reaction is of the greatest 
significance for the formation of the scale, 


and these differences affect different layers 
of the scale to a different extent; corres- 
pondingly, a more or less complex distribution 
of the concentrations of the components is 
found in the scale, The rate of diffusion of 
the components in turn depends on the crys- 
tallographic properties of the phases which 
are formed: on the crystallographic type of 
the lattices, the nature and strength of the 
interatomic bonds in them, the ratio between 
the atomic and ion radii of the components, 
the inclination of the phases to form vacan- 
cies, the relative sizes of the interatomic 
distances and the atoms, the types of solid 
solution of the components X ’ and X” in the 
lattice of the chemical compound, in particu- 
lar the type of solid solution formed by the 
more rapidly diffusing component (for example 
X“) in the lattice of the compound of the 
slowly diffusing component (X’) with the metal, 
i.e, in the lattice of the phase Me,, X;-3Xs, 
which in this case makes up the external layer 
of the scale. Side by side with these basic 
factors certain secondary factors are impor- 
tant for the diffusion in the solid phases, 
which depend on the basic ones: the presence 
of very stabie structural defects, the mosaic 
and sub-structure of the crystallites, the 
presence of articulation between the crystal- 
lites in the polycrystals, and others. 

The crystallographic type of the lattices 
and the nature of the bonds in them also de- 
termines the mechanism of those chemical re- 
actions in the solid phase (phase transforma- 
tions) which occur in the process of reaction 
diffusion at the boundaries of the scale lay- 
ers, <A special place in this group of effects 
which constitute reaction diffusion is occu- 
pied by the chemical adsorption of the gaseous 
components at the external surface of the 
scale, 

The considerations make clear the need for 
a detailed study of the composition of the 
scale as a whole and the structure of the 
individual components of its homogeneous 
layers, * 


* Besides the above mentioned factors, the phase 
composition and the dependence of the diffusion 
on the structure in every single-phase layer of 
the scale, one must, in order to understand the 
kinetics of diffusion reaction as a whole, also 
take account of a number of additional factors, 
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in particular the phase transformations in the 
metal when the elements X‘ and X” (or one of them) 
are dissolved in it, which changes the conditions 
and rate of the chemical reaction at the metal- 
boundary. In certain cases it is further necessary 
to take account of the possibility of the formation 
of solid phases on the surface of the metal (or 
scale) as a result of chemical reactions in the 
gaseous medium. This may slow down the penetration 


of the atoms X’ and x” into the scale or the exit 
of the Me atoms which diffuse from the depth of 
the metal to the outer surface of the scale and 
may also change the structure of the scale, since 
its outer layer finds itself in altered thermo- 
dynamic conditions (a different concentration of 
X ‘and X” at the outer surface of the scale). 


Translated by B Ruhemann 
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TRANSFORMATIONS AND PROPERTIES OF 
ISOTHERMAL HOLD ING* 


AFTER 


IRON NITRIDE PHASES 


I. Ye. KONTOROVICH and L.G. YEMEL’ IANOVA 
Moscow Iron and Steel Evening Institute 


(Received 24 September 1959) 


The isothermal transformations of iron nitride phases (e, y’, y) were 


studied at subcritical temperatures. 


It was found that the € phase in the form of columnar crystallites 
suffers disintegration which is the greater, the lower the temperature. 
The ¥ phase, nitrous austenite, is least stable in the temperature 
region of 500-450° and most stable at 300-200°. 

Supercooling the nitrous austenite to 300-200° and subsequent quench- 
ing leads to the highest values of the hardness. 

The mixture of phases «+ 7’ in the surface layer does not go through 
any transformations in the entire region of subcritical temperatures. 


The study of the phase transformations in 


the alloys of the iron-nitrogen system by 
which various metastable states are reached 
are of great theoretical and practical inter- 
est. The most fully studied phase transfor- 
mations and resulting structures are those 
obtained after slow cooling [1, 2]. The 
structures of iron-nitrogen alloys after rapid 
cooling have, however, been studied by only a 
few authors [3-6]. 

The results of studies we have made [4, 5] 
enabled us to determine the structure of 
quenchings obtained with various nitrogen 
contents in iron, It was found possible to 
achieve great hardness in iron with various 
nitrogen contents, several times as great as 
the hardness of slowly cooled specimens, The 
most rational method of differentiating the 
transformations which occur and determining 
the temperature regions where the various 
phases are stable more accurately is the study 
of the kinetics of these transformations under 
isothermal conditions. The study of the 
transformations at constant temperatures makes 
it possible to draw a number of important con- 
clusions from the changes in the properties 


* Fiz. metal. metalloved. 9, No.2, 216-223, 1960. 


and structure of the products of the trans- 
formation. 

The method of analysis of the structure 
obtained after isothermal holding and quench- 
ing was used to determine the kinetics of the 
phase transformations which occur in the alloy 
for various nitrogen contents, 

The data given below concern the study of 
specimens of armco iron nitrided at 670° 
during 6 hr and rapidly cooled to various 
intermediate temperatures from 600 to 200°, 
After cooling to the chosen temperature the 
specimens were held in a bath for various 
periods and then quenched in water, 

Knowing the structure of the various layers 
after nitriding it would be possible to judge 
the transformations in layers with various 
nitrogen contents, depending on the conditions 
of cooling. 

For supercooling from a nitriding tempera- 
ture of 670° to 600° and holding for 3 min no 
structural disintegration is observed in the 
surface layer (Fig.1). The weakly etched, 
almost homogeneous layer probably preserves 
the structure which existed during the period 
of diffusion when it was nitrided. When the 
holding time is prolonged (to 8 min) the sur- 
face layer becomes heterogeneous and when the 
holding time is further increased it changes 
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comparatively slightly (Fig.2). The resulting 
structure is similar to the structure of the 
surface layer after quenching from the nitri- 
ding temperature (670°) which from the data of 
the X-ray analysis is a mixture of the € and 
Y’phases. The hardness of the surface layer 
after disintegration changes relatively 
slightly with a change in the holding period 
at 600°. 


Fig. 1. Microstructure of the nitrided layer after 
isothermal holding at 600° (3 min); x 90. 


Fig. 2. Microstructure of the nitrided layer after 
isothermal holding at 600° (30 min); x 90. 


The homogeneous layer is followed by a layer 
of columnar crystallites. Its presence after 
3 min holding at 600° shows that phase re- 
crystallization occurs during the period of 
diffusion. The hardness of the layer is great, 
550 units. For longer holding times at 600° 
a darkening is observed in the layer (see 
Fig. 2) the orientated, columnar nature of the 
crystallites is less pronounced, which shows 


that a transformation has taken place, The 
great hardness of the layer is, however, 
preserved even after prolonged holding at 
600° (to 30 min - 1hr). We have shown 4 
that the layer of columnar crystallites is a 
layer of the € phase. With prolonged holding 
disintegration probably occurs, accompanied by 
the precipitation of the Y phase and causing 
the darkening of the layer and the disappear- 
ance of the columns; but the value of the 
hardness is preserved, 

The layer of the columnar crystallites is, 
after supercooling to 600° and a short period 
of holding (see Fig.1), followed by the appear- 
ance of a homogeneous layer which is not of 
great hardness (232 units). In all probability 
this layer was preserved as it was during the 
diffusion period when it was nitrided, Pro- 
longing the holding time causes little change 
in the structure of this layer but consider- 
ably increases its hardness, X-ray analysis 
has shown that a layer of the Y phase, austen- 
ite, comes after the layer of the columnar 
crystallites. After a short time of holding 
at 600° and quenching the austenite is super- 
cooled as a whole to room temperature and 
yields a low hardness. Increasing the hold- 
ing time at 600° reduces the stability of the 
austenite and during the cooling it suffers a 
martensite transformation, The increase in 
the hardness of this layer to Hy = 645 units 
after longer holding at 600° (8 min) is a 
consequence of this,* After holding for 30 
min this layer shows a well] pronounced needle 
structure, which is darkened, and a certain 
reduction in the hardness to 550 units, and 
with even longer holding the hardness is 
further reduced. Thus, at 600° austenite is 
preserved in this layer for 3 min after which 
its disintegration occurs which progresses in 
the course of time. 

The deeper layers with lower nitrogen con- 
centrations show kinetics of transformation 
which are similar to the above described with 
the sole difference that the hardness of the 
transformation products is alittle lower andthe 
transformation itself occursa Tittle earlier, 

Isothermal holding of nitrided iron at a 
temperature below that of the second eutectoid 
transformation at 550° showed a course of the 
phase transformation quite different from 


* H is the microhardness according to a PMT-3 
hardness meter. 
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that after holding at 600°, above the tempera- 
ture of the second eutectoid transformation. 


. 3. Microstructure of the nitrided layer after 
isothermal holding at 550° (8 min); x 120. 


Microstructure of the nitrided layer after 
x 120. 


Fig. 4. 
isothermal holding at 500° (8 min); 


In this case, too, the surface layer (Fig. 3) 
has a heterogeneous structure and a compara- 
tively low hardness which varies from 210 to 
257 units for Hu (most often it was 232 units 
of Hu). A lightly etched dark layer adjoins 
in which, however, microscopically separate 
precipitations are not distinguished. The 
hardness of this layer is not great. After 
this layer one distinguishes a badly etched 
layer of a hardness between 362 and 257 units 
of Hy: while a layer of needle-laminated com- 
position with low hardness (Hw ~ 257 units) 
adjoins the core, The sequence of layers 
which is observed after longer periods of 
holding (30 min) at 550° repeats the same 


layer sequence, In the place of the layer of 
columnar crystallites (€ phase) there 
appeared a lightly etched dark layer; farther 
in the quenched specimen there was a layer of 
the ¥ phase and then an austenite-martensite 
layer, Al! these layers are observed after 
still longer holding (3 hr) but they are con- 
siderably darker and much less hard. With 
prolongec holding the individual layers be- 
come less sharply differentiated and further 
darkening of the structure and decomposition 
are observed, 

When the temperature of the transformation 
is reduced to 500-400° single-type structures 
are obtained (Fig.4 at 500°). 

As can be seen from Fig.4, the layer which 
adjoins the non-nitridedcore has a troostitic 
aspect, and with the magnifications employed 
separate structura] components cannot be 
distinguished, The troostitic layer origina- 
ted in the layer which in the nitrided and 
quenched specimen was occupied by the aus- 
tenite and austenite plus martensite layer, 
The hardness of this layer is greater than 
that of austenite and less than that of mar- 
tensite. The longer the period of isothermal 
holding, the lower the resulting hardness in 
consequence of the coarsening process which 
occurs in the precipitations, 

After isothermal holding at 400° a lightly 
etched layer appears above the troostitic 
Jayer, which before consisted of crystallites 
with columnar crientation, This layer has 
great hardness, Above it is the heterogeneous 
surface layer with the € and ¥ phases and 
relatively low hardness. 

It is interesting to note that in the layer 
which experiences a transformation at 400° 
cracks are often seen to form which lie along 
the nitrided layer. This is in all proba- 
bility a consequence of the transformation 
which occurs in the austenite layer and caused 
by the considerable volume changes in the 
absence of any transformations in the over- 
lying layers, In such cases of differentia- 
ted zonal transformations at reduced tempera- 
tures it is necessary, if the formation of 
cracks is to be avoided, for the transforma- 
tia to develop from the surface into the 
interior, 

Separate transformations in different layers 
of the nitrided layer occurred also at still 
lower temperatures, at 300 and 200°. The 
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microstructure consisted of a heterogeneous 
surface layer which suffered disintegration, 
a layer of columnar crystallites and marten- 
site obtained during the cooling from the Y 
phase. This shows that all layers are super- 
cooled to 200° with a slight degree of disin- 
tegration which in the majority of cases 
causes not a lowering but, on the contrary, an 
increase in the hardness. The whole nitrided 
layer shows great hardness after isothermal 
holding at 200°. The greatest hardness is 
obtained in the zone of the columnar crystal- 
lites and the lowest directly at the surface, 
320-370 units of Hy- 

The data quoted show that the surface layer 
of nitrided steel ( € + Y) does not change 
either in structure or in its properties 
(hardness) when it is cooled to various sub- 
critical temperatures or when the holding time 
is varied, One may suppose that it is formed 
during the period of diffusion, and not during 
the cooling time, 

In the layer of columnar crystallites chang- 
es are observed which are described mainly by 
its darkening which is probably caused by the 
precipitation of a new phase in a highly dis- 
perse form, 

The greatest changes occur at various tem- 
peratures in the layer which at the end of 
holding, during the period of diffusion, con- 
sisted of austenite, It displays the greatest 
stability at temperatures close to Ary. If 
the temperature is reduced to below Ar, the 
austenite disintegrates in a relatively short 
time. At 550° disintegration of the eutectic 
type occurs with the formation of products of 
low hardness, 

Austenite displays the greatest rate of 
decomp and, hence, the least stability during 
the time of holding at a temperature of 500- 
450°. 

The lowering of the transformation tempera- 
ture causes an increase in the degree of dis- 
persion of the decomp products, At a tempera- 
ture of 400° the dispersion of the resulting 
structure is so great that the layer is dark- 
ened throughout and individual structural com- 
ponents are not distinguishable. 

After supercooling to 300-200° and subse- 
quent quenching a martensite type transforma- 
tion occurs, 

To judge the kinetics of the transformations 
which take place one can also make use of data 


on the macrohardness, 

It can be seen from what has been said 
above that the maximum hardness is not 
reached at the surface and that data on the 
surface hardness are not indicative. 

Below we give data on the change in the 
macrohardness (after Vickers) in depth. 


U 
700 


600 


500 


“00 


200 
020 02860 002 OM 


Q04 QI 0.26 


Fig. 5. Change in the hardness with the depth (6) 

of the nitrided layer after isothermal holding at 

temperatures of: 1) 600°; 2) quenching after 

nitriding) 3) 550°; 4) 400°; 5) 200°; 6) 300°) 
7) 400°. 


The change in the hardness in depth (§ ) 
after isothermal holding at 600° for various 
periods (Fig.5) shows that the hardness maxi- 
mum lies at a distance of 0.16 mm from the 
surface and reaches 630 units of Hy which is 
several times higher than the surface hard- 
ness. Evidently, the latter is not at all 
indicative of the changes which occur in the 
nitrided layer during isothermal holding at 
various temperatures, Supercooling to 600° 
and holding for 30 min facilitates the in- 
crease in the depth (§) of the heterogeneous 
layer with a mixture of the € and Y phases, 
and a shift to greater depths of the layer 
with columar crystallites and the austenite- 
martensite zone. Increasing the holding time 
to 1-3 hr shifts the hardness maximum to still 
greater depths, although it is considerably 
less not only than the hardness after holding 
for 30 min, but even less than the maximum 
hardness after nitriding and quenching, In- 
creasing the holding time at a temperature of 
600° reduces the hardness in the zone of the 
columnar crystallites and in the austenite- 
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martensite zone without changing the hardness 
in the layer with the mixture of the e and Y” 
phases, This indicates that with the change 
in increasing holding time both the columnar 
crystallites and austenite and martensite dis- 
integrate. The disintegration is probably 
caused by the further diffusion of nitrogen 
into depth when the holding time is increased 
as a consequence of which the stability of the 
nitrogeneous austenite and of the € phase is 
reduced. 

Supercooling to 550°, a temperature which 
lies below the second eutectic transformation, 
sharply reduces the hardness produced by 
quenching, Its maximum value does not exceed 
450 units and it lies a little less deep. 

This hardness does not correspond to the hard- 
ness of martensite but to that of the products 
of its decomposition. 

Supercooling to a temperature of 450° dis- 
plays the same regularity; the hardness of the 
products of the disintegration is still further 
reduced. The values for the hardness obtained 
indicate that the stability of austenite de- 
creased sharply at this temperature, The 
slight difference in the hardness in depth (§) 
of the specimens after holding at these tem- 
peratures for varying periods shows that the 
disintegration occurs after holding for a 
short time. 

Supercooling from 670 to 400° (see Fig.5) 
changes the picture somewhat. The maximum 
value of the hardness increases, the prolong- 
ing of the holding produces a marked reduction 
in the hardness and the course of the curve 
for the change in hardness differs from the 
same curve after brief holding (for 3 min); 
hence, the disintegration process of the super- 
cooled austenite is completed during the hold- 
ing time, while the greater hardness of the 
decomposition products compared with super- 
cooling to a temperature of 450° indicates the 
greater stability of austenite at this tem- 
perature. 

A still more pronounced increase in hardness 
is noticeable after supercooling from 670 to 
30c°. 

The maximum value of the hardness after 
brief holding (3 min was Hy = 700 units, which 
considerably exceeds the hardness obtained in 
the state produced by quenching from 670°, 
Even after holding for as long as 3 hr at 300° 
the hardness obtained after rapid cooling was 


equal to the hardness after quenching from 
670°. These results show that down to 300° 
austenite is supercooled as a whole and that 
the prolonging of the holding at this tempera- 
ture reduces its amount only comparatively 
little, 

The reduction in the nitrogen concentration 
in the layers when holding is prolonged at 
300° probably slight and has little effect on 
the reduction in the hardness, 

Supercooling from 670 to 200° after rapid 
cooling gave Hy = 620 units (Fig.5), a greater 
hardness than after direct quenching from 
670°. Even after holding at 200° for an hour 
the hardness was greater than after quench- 
ing from 670°. Only after still longer 
holding (3 hr) did the maximum hardness prove 
to be equal to 460 units, which is 100 units 
more than the hardness obtained after quench- 
ing from 670°. 

These data provide grounds for concluding 
that down to 200°, too, austenite is completely 
supercooled and that the stability of austen- 
ite at that temperature is sufficient. How- 
ever after long holding its decomposition 
takes place, 

The comparison of the data obtained on the 
hardness of the transformation products after 
isothermal] holding at various temperatures is 
described by the curves shown in Fig. 6. 
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Fig. 6. Maximum value of the hardness after 

brief holding (1) and the hardness of the products 

after the end of the disintegration (holding for 3 

hr) (2) as a function of the temperature of the 
isothern. 


Curve 1 shows the maximum values of the 
hardness obtained after supercooling to the 
temperatures given by the abscissae, Curve 2 
shows the values of the hardness of the 
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products after holding for three hours at 
each temperature, a hardness which probably 
corresponds to the end of the decomposition 
of the austenite, Both curves have a well 
pronounced minimum at 450°. After holding at 
both higher and lower temperatures the hard- 
ness is greater; moreover, in the region of 
400-450° curves 1 and 2 not only run parallel 
but very close to each other and differ inthe 
value of the hardness by not more than i0 
units, It may be suggested that in that tem- 
perature region austenite has its minimum 
stability; the beginning and end of the de- 
composition occur in a brief interval of time. 
For temperatures close to Ar, (600°) and 
below 400° the difference in the hardness of 
the products of decomposition after brief and 
after more prolonged holding is considerabie and 
reaches 100 to 150 units, which indicates a 
Slower rate of decomposition. 


600; 
550 
500 
450 
490 


350 
300 


2, 
200 igt 


\ 


Fig. 7. Schematic diagram of the stability of aus- 
tenite at various temperatures: 1) end, 2) begin- 
ning of austenite disintegration. 


On the basis of this result one can plot 
the C-shaped curve for the stability of aus- 
tenite at various temperatures (Fig.7). The 
curves come close to the ordinate axis and 
have both a minimum incubation period and a 
minimum time (+) for the complete decomposi- 
tion of austenite at a temperature of 450- 
-500°. This is a little higher (50°) than for 
the C-shaped curves of the eutectoid alloys 
Fe-N [3]. 

The retarded austenite transformation and 
the considerable difference in the times of 
the beginning and end of the austenite decom- 
position in the region of its minimum stabil- 
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ity (400°) which were found in paper [3] did 
not find confirmation in our work. 


LAU 
010 
008 


0.98 550 500 450 250 200 


Fig. 8. Change in the depth of the position of 
the zone of maximum hardness as a function of the 
temperature of the isotherm. 


The changes in the hardness with depth 
showed (Fig.8) that the maximum hardness is 
found the deeper, the higher the temperature 
of the isothermal transformation. This is 
probably a consequence of the shift to great- 
er depths of the nitrogen rich zone which on 
cooling yields martensite. The enrichment of 
the deeper layers with nitrogen is a means to 
increase the rate of diffusion at higher tem- 
peratures of isothermal holding, 


CONCLUSION 


The surface film of the layer which is 
obtained after nitriding at 670° consists of 
a mixture of the phases € and Y ‘which changes 
little when the holding temperature is re- 
duced; both the microscopic picture and the 
values of the hardness of this mixture are 
preserved for all variations of the tempera- 
ture and the holding time. Rapid quenching 
in water does not lead to any marked changes 
in the microstructure or the hardness of the 
layer either. It may be suggested that the 
formation of this layer occurred during the 
holding period, in the process of nitrogen- 
(iding. 

This picture of the kinetics of the forma- 
tion of the surface layer is in complete 
agreement with the known phase diagram (of 
the phase equilibrium) of the system Fe-N, 

The layer of columnar crystallites which 
lies directly under the surface, as we have 
earlier established, consists of the € phase 
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which is obtained as a result of re-crystal- 
lization during nitriding. Cooling to 600° 
enables these crystallites to survive without 
disintegration, 

Only on cooling to a temperature of 550°, 
below the eutectoid transformation, disinte- 
gration is observed inside this layer which 
shows itself in a darkening probably caused 
by the formation of a highly disperse mixture 
of the € and y’phases. The decomposition of 
this layer at a temperature of 550° sets in 
within 8 min and is accelerated by a lowering 
of the temperature to 450° (it takes 3 min at 
500°). When the temperature of the isothermal 
holding is lowered to below 450° an increase 
in the stability of the high temperature phase 
was again observed. 

The greatest changes occur at various tem- 
peratures of supercooling in the layer which 
at the end of the holding period, during the 
diffusion time, consisted of austenite. Aus- 
tenite displays its greatest stability at tem- 
peratures close to Ary. When the temperature 


is lowered to below Ary austenite decomposes 
in the course of a relatively short period. 
At 550° decomposition of the eutectoid type 


occurs, products being formed which have low 
hardness. In the layer which adjoins the core 
with reduced nitrogen content the resulting 
products have a lamellar structure. 

The highest rate of disintegration and, 
hence, the least stability is shown by austen- 
ite during holding at a temperature of 500°, 
irrespective of the nitrogen content in the 
layer. 

Both in speed and with regard to the type of 
decomposition product the austenite transfor- 
mation at 450° differs little from the con- 


ditions and type of resulting structure at 
500°, but at lower temperatures the reduction 
in the temperature of the transformation 
causes the degree of dispersion to increase, 
At a temperature of 400° the stability of the 
austenite begins to increase again and at the 
end of the transformation the decomposition 
products are so highly disperse that a com- 
plete darkening of the layer is observed. 

After supercooling to 300 and 200° and sub- 
sequent quenching a transformation of the 
martensite type sets in, decomposition 
products being formed which have the greatest 
hardness, 

The study of the decomposition products of 
austenite in iron-nitrogen alloys at sub- 
critical temperatures shows that they are 
similar to those obtained in iron-carbon 
alloys, the only difference being that the 
structure of needle-shapped troostite is in 
this case not yet clearly shown up, 


Translated by B,. Ruhemann 
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A STUDY OF QUENCHING AND THE REMOVAL OF 
VACANCIES BY THE THERMO-ELECTRIC FORCE 


METHOD 
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In this work a new method is used to determine the activation energy 
of the movement formation of vacancies by the thermoelectric force 
generated in a thermocouple consisting of an annealed metal and a metal 


quenched from a high temperature. 


The activation energies of the move- 


ment and formation of vacancies determined by this method are in silver 
equal to 19,200 + 200 cal/mol and 23, 200 + 600 cal/mol respectively. 
For platinum these quantities are 30,000 + 300 and 32,600 + 1000 cal/mol 


respectively. 
exist inside the specimen. 
such flows. 


According to present concepts, with the 
vacancy mechanism of diffusion the activation 
energy of self-diffusion in a solid body Q 
can be represented as the sum of the energy 
of the formation of vacancies Qy and the 
activation energy of their movement Qo. 
Lately, certain authors have been able to 
determine the amount of the energy of vacancy 
formation Q, for a number of metals and alloys 
by using the continuous curves of the change 
in the resistance or of the length of the 
specimen with increasing temperature [1-5]. In 
as much as this method of determining the 
energy of the formation of vacancies in a 
lattice is indirect and therefore to some 
extent controversial, it appears, however, 
better to use for the determination of the 
quantity Q, the circumstance that vacancies 
quenched in a metal raise its specific elec- 
tric resistance and that this increment in the 
resistance is evidently proportional to the 
vacancy concentration. Although it is some- 
what difficult, this method is beginning to 
find increasing application [6-15]. 

In as much as the additional resistance of 


* Fiz. metal. metalloved. 9, No.2, 224-235, 1960. 


The data obtained in this work show that vacancy flows 
It is most likely that dislocations serve as 


the metal due to the existence of vacancies 
in it is directly linked with the generation 
of a thermoelectric force in a thermocouple 
of an annealed metal with a metal which con- 
tains vacancies [6, 19], one may assume that 
in a couple of an annealed metal with a 
quenched metal a thermoelectric force should 
be generated which is proportional to the 
number of vacancies in the quenched specimen, 
Our measurements have shown that, indeed, a 
noticeable thermoelectric force is generated 
in such a couple, and that by studying it one 
determines both the energy of the formation 
and the activation energy of the movement of 
the vacancies, These parameters are in this 
work determined for silver and platinum with 
the method of the thermoelectric force. 


METHOD OF EXPERIMENT 


The measurements were made on silver of 
99.99% purity and thermocouple platinum 
(according to 0,St. of 99.7 to 99.9% purity). 
The silver specimens had the form of a foil 
of about 1.5 mm width and 0.04-0.05 mm thick- 
ness. The platinum was used in the form of 
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wire of 0.13 mm diameter. The quenching was 
done in distilled water at 15-179. For 
quenching, the specimens were mounted in a 
special holder the construction of which per- 
mitted the specimen to be kept in a horizontal 
position without sagging, irrespective of its 
temperature. At both sides of the specimen, 
at about 4 of its length from ,the end, plati- 
num “potential’’ leads were welded on, which 
had a diameter of 0.09 mm, The temperature 
of the specimen was measured by the resis- 
tance of that part of it which is between the 
potential leads, Pyrometric control of the 
correctness of this measurement of the tem- 
perature was effected beforehand. 

For quenching the holder with the specimen 
was mounted at a distance of 3-5 mm from the 
surface of the water and in this position the 
specimen was heated. When the required tem- 
perature was reached, the specimen was held 
at this temperature for 2 min and then sudden- 
ly immersed in the water. The current was 
switched off when the specimen had reached a 
depth of 1 cm in water. Quenched in this 
fashion, the specimens were cut approximately 
in the middle and at the point of the cut 
welded to a thoroughly annealed material. * 

The other end of the specimen, which during 
the quenching was close to the lead and there- 
fore had a temperature below that to be 
measured, was cut away to about 4-5 cm It 
should be noted that the shortening of the 
specimen had almost no effect on the results 
of the measurement, since during the measurement 
the ends of the specimen were at room tempera- 
ture and the temperature gradient in that part 
of the specimen was negligibly small, There- 
fore we practically measured the thermoelectric 
force et the welding point of the annealed 
specimen with the quenched one, and the remain- 
ing parts of the specimen served simply as 
leads to the galvanometer. 

The specimen made in the above described 
manner had the shape of a V, the length of 
each side being approximately 15 cm, 

For the measurement of the thermoelectric 
force a galvanometer of GZS-47 type was used 
the sensitivity of which was increased to 
1.5 x 1077 V/mm of scale. There was no need 
to increase the sensitivity further for our 
experiments. The galvanometer and the leads 
to it were carefully screened from electric 
and magnetic fields. Since the thermoelectric 


force which was to be measured was several 
orders of magnitude smaller than the thermo- 
electric force generated between the specimen 
and the copper leads to the galvanometer the 
design of the terminals provided for thermal 
insulation of the spot where the specimen with 
the iead was fixed to the galvanometer, The 
The weld of the annealed and quenched parts 
of the specimen was heated in an oil bath, 
The difference in the temperature between the 
cold and hot ends of the thermocouple was 
chosen as 80° for silver and 150° for plati- 
num All measurements were made three times 
and the mean was then taken. 


DETERMINATION OF THE ENERGY OF 
VACANCY FORMATION 


Experiments in annealing silver and plati- 
num specimens established that in a couple of 
an annealed and a quenched specimen an easily 
measured thermoelectric force is generated 
which can be explained by the presence of 
vacancies fixed by quenching from a high tem- 
perature. Experiment showed that approxima- 
tely 0.9 of the thermoelectric force which is 
generated in Ag after quenching is annealed 
away in the temperature interval of 60-110° 
when the specimen is heated at a rate of 60° 
per hr. This temperature interval coincides 
entirely with the temperature interval of the 
removal of the vacancies in silver deformed 
by twisting [17]. The remainder of the ther- 
moelectric force is annealed out at tempera- 
tures of about 450°. An explanation of this 
will be given below. A similar picture is 
observed in platinum, The temperature inter- 
val of the removal of the vacancies in plati- 
num at the same rate of heating extends from 
150 to 450°. 

Since the residual thermoelectric force 
observed by us could not be ascribed to 
vacancies we had, in order to determine the 
true thermoelectric force for which only the 
vacancies are responsible, in each individual 
case to anneal the specimens at low tempera- 
tures and to take the difference between the 
thermoelectric force after quenching and that 


* Measurement showed that within the limits of 
error the other half has the same thermoelectric 


force. 
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remaining after low temperature ‘‘vacancy’’ 
annealing for the thermoelectric force E, 
which is to be measured. It turned out that 
E. increases with the quenching temperature 
by an exponential law. In silver the growth 
of E, with the temperature continues to 
approximately 670°, after which it becomes 
virtually independent of the quenching tem- 
perature (Fig.1). This shows that the speed 
of quenching of the foil is not high and that 
therefore when the quenching temperature is 
increased there comes a moment when part of 
the vacancies does not manage to become fixed 
and goes out. Similar results have also been 
observed for low speeds of quenching in other 
papers [10, 15]. In platinum we did not 
notice this effect. 


590 630 


Q 
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Increase in the thermoelectric force with 
quenching temperature 


Fig. 1. 


095 100 105 110 


Fig. 2. LogE, as a function of the reciprocal 
temperature for silver 


When platinum is quenched from various tem- 
peratures right up to the melting point the 
growth in the thermoelectric force agrees well 
with the exponential. 

If 


(1) 


where 4 n/n is the relative number of vacan- 
cies; 
A is the entropy factor; 
Q is the energy of vacancy formation; 
T is the absolute temperature, 
then from the inclination of the linear func- 
tion In(Z n/n) of the reciprocal temperature 
it is easy to find the quantity Q: Since E, 
is proportional to the vacancy concentration, 
InE, plotted against 1/T should give a straight 
line from the angle of inclination of which 
one can find Q,. This function for silver is 
shown in Fig,2. Treatment of the experimental 
data up to the bend* gives a value of 23,200 
cal/mol for the quantity Q,. This result for 
the energy of vacancy formation in silver is 
somewhat higher than that calculated from the 
continuous curves [3-4] (15-17 kcal/mol) but 
agrees well with the theoretical value of 
21,200 cal/mo] found in [8]. Hence, Fig. 2 
makes it possible to write the expression for 
the increment in the thermoelectric as a 
function of the temperature 


23 200 
(2) 


S =7,1- 107° exp 


or, if one determines the increment in the 
resistance of the specimen [19] from the value 
of the thermoelectric force 


23 200 


106 
Ao =7,S 10 exp ( 


pQ cM. (3) 

Taking the resistance of 1% of the vacancies 
in silver as equal to 2,2 »Q cm [19], we 
obtain an expression for the vacancy concen- 
tration 


An 23 200 


Accordingly, the density of the vacancies at 
the melting temperature proves to be equal to 


* All the energies given in this paper were ob- 
tained by treating the experimental data with 
the method of the least squares. 
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0.27% In the literature there is given the 
value 0.24% for this quantity [4]. 
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° 
8 


° 


k 
0) 057 056 058 062 710° 
Fig. 3. Logk, as a function of the reciprocal 
temperature for platinum. 


Similar measurements were made on Platinum, 
The results of these measurements are given in 
Fig.3; using them, one can write the relation 


32 600 


Et § i,67-107* exp 
1 RT 


) verad, (5) 


or for the increment in the specific resis- 
tance 


32 600 
Ao = 47lexp pQ cM. (6) 


' An energy for the vacancy formation in Pt is 
obtained which agrees well with the data of 
Bradshaw and Pearson of 32,000 cal/mol* [9], a 
little less well with the data of paper [15] 
(27,000 cal/mol). Since the resistance of one 
per cent of the vacancies in Pt is known only 
very approximately, it is impossible to deter- 
mine the entropy factor in the formula for 
An/n. It can, however, be estimated in the 
following manner. We know that the vacancy 
concentration at the melting point varies for 
different metals between 0.1 and 0.2%. The 
pre-exponential term in the expression for the 
vacancy concentration will then be within the 


* The pre-exponential term in the expression for 
4p in paper [9] is about three times as large 
as that given by us. This can possibly be 


explained by the very approximate calculation 
of Ap from the measurement of the electrodynamic 


force in platinum, since it belongs to the group 
of transition metals. 


limits 3 to 6 
An 32.600 
32.600) 
) exp ( (7) 


From this one can easily estimate the resis- 
tance of 1% of the vacancies in platinum, It 
proves to be equal to (1.53-0.77) wQ cm, 
which agrees well with the estimated value for 
this quantity given in paper [15] and also 
with the remark in paper [9] which suggests 
that the resistance of 1% of the vacancies 
will be less in platinum than in Ag, Au or 

Cu. 


THE PROCESS OF THE REMOVAL OF 
THE VACANCIES 


The silver specimens we used had the form 
of foils. Therefore it might be supposed 
that in this case ordinary diffusion from a 
semi-infinite plane occurs for short anneal- 
ing times. If this is so, the diffusion 
coefficient could be written in the form [20] 


Da 
(8) 
0 

where c, is the vacancy concentration in the 
specimen at a given moment of time, fo the 
vacancy concentration in the specimen after 
quenching, h the thickness of the specimen, t 
the annealing time at the given temperature. 
Since the electroldynamic force is proportion- 
al to the vacancy concentration in the speci- 
men, formula (8) can be written in the form 


64 Ey t 


From this we can see that at the given 


E,—E; \3 
annealing temperature should 


be proportional to the time of diffusion 
(annealing). The curves we have taken for 
the reduction in the thermoelectric force 
with annealing time for silver (Fig.4) show 
that for small t this proportionality is 
indeed valid (Fig.5). Since all quantities 
in equation (9) proved to be known, we could 
find the diffusion coefficient of the vacan- 
cies at various temperatures. In the table 
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we give the average values for the quantity 
D determined from 4-6 experiments for each 


exp 


annealing temperature. 


In all experiments 


the quenching temperature was chosen between 
650 and 700°, which guarantees a low percen- 
tage of annealed bivacancies, Since D = 


= DyexP(-Qo/RT), the logarithm of the quantity 


(= 


determined from Fig.6 and plot- 


ted against the reciprocal temperature should 
give a straight line from the inclination of 


which the quantity Q, is determined. 


3 | 4 


N 


Fig. 4. 
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Curves for the relative change in the 
thermoelectric force of silver with annealing time: 
3) at 86°; 


4) at 75°: 


08 
as 
/ 
Qy 
4) 16 74 YO t, min 
E,—E; 


Fig. 5. Curves for ( 


of the annealing time for silver 1) at 93; 


86°; 3) 


at 75°; 


2 
as a function 


2) at 
4) at 63°. 


The activation energy for the removal of the 


vacancies thus found in silver proved to be 
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equal to 19,200 cal/mol, 


TABLE 1 
2 2 
cm cm 
T, ¢ D,., x 1010 D x 1024 
exp sec calc sec 
63 1.42 + 0.41 0.87 
15 2.07 + 0.19 2. 46 
86 6.51 + 1.0 5. 32 
93 15.0 + 2.67 0.35 
101 22.1 4 2.02 16. 20 


05 
27 26 29 


Fig. 6. Determination of the activation energy of 
the movement of the vacancies in silver. 


Since it can be assumed that 


Dye = Pap! Cyne (10) 
where c,,. is the vacancy concentration cal- 
culated from formula (1), it would be inter- 
esting to compare the diffusion coefficients 
of the vacancies found from formula (9) with 
that calculated from the data for the self- 
diffusion coefficient of silver with formula 
(10). We have made this comparison in the 
table. As the table shows, the calculated 
diffusion coefficients Deale are less than 
the experimentally determined ones by approxi- 
mately four orders of magnitude in the entire 
temperature interval of the measurements, - It 
is interesting to note that in paper [15] a 
difference in the experimentally determined 
diffusion coefficients of the vacancies and 
those calculated with formula (10) of about 
five orders of magnitude was also found for 
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gold. 

This big difference could be understood 
only if one were to assume that the diffusion 
distance is not equal to half the thickness 
of the specimen but much less than that, that 
is to say that the vacancies in their movement 
do not come out on the surface. If this is so, 
E,—E;\2 | 
the quant ity k= | should not depend 
on the thickness of the specimen, Experiments 
made with several specimens of different 
thickness (30 and 100j) under identical 
annealing conditions showed that instead of 
the almost ten-fold reduction in the quantity 
k when h is increased from 30 to 100s which 
was to be expected if the vacancies come out 
on the surface, it even became 1.5 times as 
great, i.e. within the limits of error of the 
experiment it remained constant. This must 
evidently mean that the main mass of vacan- 
cies on annealing goes out into internal] 
channels and not to the surface of the speci- 
men, The known fact that when quenched speci- 
men are annealed the change in their length 
is proportional to the change in their elec- 
tric resistance [21] also serves as confirma- 
tion of this point of view, Recalculation of 
the changes in length obtained in paper [21] 
on changes in volume with the usual formula 
for heat expansion 4v/v = 3 41/I yields a 
completely satisfactory value for the resis- 
tance of 1% of the vacancies in gold [22], 
although the authors used both thin and thick 
specimens to determine the changes in length 
during the annealing period. If the changes 
in the dimensions of the specimens during the 
annealing period had not been isotropic, which 
would have been the case if the vacancies had 
gone out on the surface of the wire, one could 
not have expected either such good agreement 
of the value for the resistance of 1% of the 
vacancies with the data in the literature, or 
any noticeable change in the length of quench- 
ed specimens at all during the annealing 
period, * 

If the suggestion that the vacancies go out 
into internal channels is correct, the dif- 
fusion problem worked out some time ago by 
Faingold, Gertsriken and Khaletskii [24] for 


* Lately, a change in length during the annealing 
of quenched wire specimens has also been observed 
by Takamura [23]. 


many sources is probably more acceptable for 
the description of the diffusion of vacancies, 
The theory they proposed gives a polynomial 
for the diffusion coefficient which for 

Dt/r2 € 0.167 (where r is the diffusion 
distance) can replace the monomial 


D = 
9t (11) 


with an accuracy of about 2%. 

For lengthy diffusion periods, when Dt/r2 
nevertheless remains less than 0.262, the 
expression for the diffusion coefficient 
becomes a little more complicated 


Dt Dt \*/2 
In our case, for short t (10-15 min) equa- 
tion (11) was fully satisfied. It was unnec- 
essary to use equation (12), although, as the 

experiments showed, for slightly longer t it 
described the vacancy diffusion process better 
than (11). 

Substituting for the vacancy concentration 
in equation (11) the thermoelectric forces 
which are proportional to them and using the 
diffusion coefficients given in the right- 
hand column of the table one could find the 
diffusio distances r. For silver they proved 
to be equal to 1.49 + 0.16 x 10°75 cm, Using 
the values for r found in this way, one can 
obtain the equation 


(13) 


2,6» 107? exp ‘es 


19 200 ) cm? 
sec 


for the removal of vacancies in silver, 

We also took curves for the reduction in 
the thermoelectric force with annealing time 
at constant temperature for platinum quenched 
from temperatures of 1450-1550°. If our pro- 
position that the vacancies go out into in- 
ternal channels is correct, equation (11) 
should still be satisfied, regardless of the 
cylindrical shape of the platinum specimens, 
Experience showed that for short t which 
satisfy the criterion Dt/r? € 0,167, equation 
(11) holds fairly well (Fig.7). Hence, making 


use of the linear function 
0 


of the reciprocal temperature one can obtain 
the value for the activation energy of the 
movement of the vacancies in platinum Qy- It 
proved to be 30, 200 cal/mol, 
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Determination of the activation energy of 
the movement of vacancies in platinum. 


Fig. 8. 


In paper [25] the equation 


Dam = 0,33 exp ie —- (14) 


is given for the self-diffusion in Pt, as ob- 
tained with the application of the radioactive 
isotope of Pt. 

Using the equation (7), (10 and (14), one 
can obtain 


Dyac™ (5,5 11) exp 


sec 


for the diffusion of vacancies in platinum, 
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whence r equal to 1074-1075 cm, 

It is useful to note that by employing the 
method of the thermoelectric force one can 
calculate the activation energy of the move- 
ment of the vacancies and also the coeffici- 
ents of their diffusion from the continuous 
curves of the change in the thermoelectric 
force with the annealing temperature on heating 
at a constant rate, without taking the kine- 
tic curves (isotherms), Indeed, since 


2 

eo. = kt, where k is a factor of propor- 

tionality, one can write for the quantity t 


(16) 
dt 


t= — 


Or, using formula (11), we obtain 


9 


(17) 


Since at constant rate of heating T = ct, 
where c is the rate of heating, for every ten-- 
perature point 


That is to say, by graphically differentia- 
ting the curve of the change of the thermo- 
electric force in respect of the annealing 
temperature it is easy to calculate the dif- 
fusion coefficients at each temperature. 
Plotting the function lnD of the reciprocal 
temperature one can then find the activation 
energy Qo in the usual way, 

On the right of Fig.9 the curve for the 
change in the relative thermoelectric force 
with the annealing temperature is given for 
silver. On the left of the same Fig, the 
function InD of 1/T is given. The quantity 
Qo determined from the inclination of this 
straight line is 19,400 cal/mol, which within 
the limits of error agrees with earlier deter- 
mined values for this quantity. One must note 
that the above described method for determin- 
ing the quantity Qy is valid only as long as 


the quantity is proportional to 


time, that is, for short times t. In practice 


60 
| 
ne: 


A study of quenching 


practice one can differentiate the curve for 
the change in the thermoelectric force with 
respect to the annealing temperature up to 
the bend (Fig.9). 


7 


4O 60 80 


100°C 

Fig. 9. Change in the relative thermoelectric 

force of silver with the annealing temperature 

(curve 1). Linear function LgD of 1/T (curve 2). 

The arrow points to limit up to which the curve 
was differentiated. 


The measurements on Pt, using the isotherms 


(temperature 200-300°), gave a number of 
points from which (Fig.8) the activation 
energy of the movement is obtained as 8, 800 
cal/mol, which is considerably less than the 
value of 30,200 cal/mol obtained from the 
measurements made in the temperature region 


of 300-400°. The process which determines the 
low temperature energy is still unclear. 


DISCUSSION OF THE RESULTS 

In order to render the advantages and short- 
comings of the above described method for 
determining the energy of the movement and 
formation of vacancies from the measurement 
of the thermoelectric force more graphic it 
is first of all necessary to estimate the 
possible errors of this method. A simple 
calculation shows that the main error in the 
calculation of the energy of vacancy formation 
Qy arises from the errors in the measurement 
of the quenching temperature, since the error 
in the measurement of the thermoelectric 
force affects the quantity 4 Q,/Q, but 
little. To reduce appreciably the error in 
the measurement of the quenching temperature 
is difficult, but it is possible to reduce it. 
to some 2-3% Hence the error in the deter- 


mination of the activation energy of vacancy 
formation is ~ 2-3% 

In the case of the determination of the 
activation energy of the movement of the 
vacancies the error in the determination of 
the temperature and duration of isotherma] 
annealing is inconsiderable (not more than 
0.5-1%). Calculation shows that in this case 
the main error arises from the error in the 
measurement of the thermoelectric iorce which 
may reach 2-3%, since the valves of the thermo- 
electric force to be measured are small. In 
our experiments the error in the determination 
of the quenching temperature did not exceed 
2-3% of the quantity to be measured, and the 
error in the measurements of the thermoelec- 
tric force was about 1-2%. Therefore, the 
amounts of the activation energy of vacancy 
formation for Ag and Pt were estimated at 
23, 200 + 600 and 32,600 + 1000 cal/mol res- 
pectively, and the amounts of the activation 
energy of the movement of the vacancies at 
19,200 + 200 and 30, 200 + 300 cal/mol respec- 
tively. 

It should be noted that there is good agree- 
ment of the quantity Q, + %® with the activa- 
tion energy of self diffusion which various 
authors have estimated at 44-45 kcal/mol for 
silver and for Pt at 68 kcal/mol [25]. The 
slightly greater difference for platinum may 
be due to the insufficient purity of the 
thermocouple platinum used by us (99, 7-99.9%). 

It is interesting that the activation energy 
of the movement of the vacancies in silver 
agrees well with the activation energy of 
boundary diffusion which for silver is equal 
to 20-21 kcal/mol [26, 27]. This fact be- 
comes understandable if it is assumed that 
the activation energy of self diffusion is 
equal to the sum of the energy of formation 
Q, and of movement Q. of the vacancies, and 
since at the grain boundaries Qy = 0, the 
activation energy of boundary diffusion 
should be equal to Q, [28]. 

Although the problem of diffusion from many 
sources which we have made use of is somewhat 
different from those which have been studied 
in other papers, the values of Qo found for 
platinum are close tc the corresponding values 
obtained in paper [9]. Since the problem of 
diffusion from many sources is here for the 
first time employed to describe the movement 
of vacancies, it was interesting to see how 
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wel] the data of other authors fit into this 
problem, Study showed that curves for the 
removal of vacancies with annealing time given 
in papers [9, 10] for Pt and Au at short times 
are very well described by the equation 


AR \2 
= kt, A R 
(—) where 9 is the additional 


resistance on quenching and 4 R its change in 
the process of annealing. The same curves for 
gold given in paper [8] do not fit this equa- 
tion quite so well and the coefficient k be- 
comes variable already for short t. 

The experiments on the diffusion of vacancies 
made on silver specimens of varying thickness 
show convincingly that in their movement the 
vacancies either do not come out on the sur- 
face of the specimen at all or in an insigni- 
ficant number (evidently, only those which 
lie in the uppermost layers). It might be 
supposed that the grain boundaries are the 
channels for the vacancies, The diffusion 
distances determined by us are of the order 
of 1075 cm, Measurement of the grain sizes in 
the specimens showed that they were approxi- 
mately equal to 3-5 x 1072 cm Bradshaw and 
Pearson 10 made the attempt to vary the 
grain size of gold from 0.2 to 0.03 mm They 
did not observe any noticeable change in the 
time for the removal of the vacancies although 
the grain size changed almost seven times, 

All this evidently shows that the grain boun- 
daries are not the preferred channels for the 
vacancies, 

As Perrgmann [29] has shown, the atoms of 
impurities, with which the vacancies can in 
his submission diffuse to the grain boundaries 
until they disappear, play a considerable role 
in the process of the removal of the vacan- 
cies. The role of the impurity atoms is, how- 
ever, probably not the main one, since in 
platinum and silver the amount of impurities 
was very different, but the diffusion distances 
were much the same, 

On the other hand, in a number of papers it 
has been observed that a slight deformation of 
quenched specimens reduces the time of the 
diffusion of the vacancies considerably [21, 
32]. Since during the deformation additional 
dislocations are created, one must suppose, 
evidently, that the vacancy channels are dis- 
locations. Other authors, too, have come to 
the same conclusion [22, 31, 32]. Examining 
the process of the removal of vacancies during 
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annealing in gold, Koehler, Seitz and Bauerle 
were able to show that the time needed for 
complete annealing is indirectly proportional 
to the density of the dislocations and does 
not depend on the vacancy concentration, Par- 
ticularly interesting in this respect are the 
recent papers on the effect of quenching on 
the mechanical properties [33, 34, 35] which 
not only show that the channels for the vacan- 
cies are predominantly the dislocations, but 
from which one can draw very interesting con- 
clusions on the role of various types of dis- 
locations in the process of the annihilation 
of vacancies [23] and on the interconnexion 
between the dislocations and the vacancies 
which are formed in the quenching process 

[36]. 

Using the diffusion distances found by us it 
is easy to estimate the dislocation density in 
a specimen after quenching. Since one can 
assume that N Y 1/4r2, the dislocation density 
for silver proves to be approximately equal to 
1 x 109 1/cm2, and for Pt approximately 107- 
~10° 1/em2, It is interesting to note that 
the insignificant thermoelectric force which 
remains in silver after vacancy annealing was 
annealed away at temperatures of about 350- 
400°, which is somewhat higher than the tem- 
perature for the removal of dislocations 
created in silver by deformation [17]. This 
difficulty can, however, easily be surmounted 
if it is borne in mind that in quenched speci- 
mens there exist ‘‘sedentary’’ dislocations 
[23]. 

Using the results of paper [19] one can 
attempt to estimate the dislocation density 
in silver also from the amount of the residual 
thermoelectric force. This estimate gives a 
value of about 101° 1/cm2 for N, which is 
close to that obtained above. 

From the formula proposed in paper [22] one 
can calculate the number of jumps necessary 
for a vacancy to reach a dislocation, In 
silver it proves to be about 105-106, and in 
platinum 106-107, This value agrees well with 
that obtained by other authors for gold [22]. 

With the hypothesis that the residual ther- 
moelectric force in silver and platinum be- 
longs to the dislocations created during 
quenching (possibly “‘sedentary” ones), it is 
easy to explain the presence of a small 
residual resistance noticed in papers [9, 30], 
which was not annealed away during the vacancy 
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annealing of the metal by the presence of 
dislocations created by quenching. This is 
the easier because the temperature interval 

of the removal of the resistance which remains 
after vacancy annealing (in aluminium) and 
which the authors explain as the resistance of 
a group of vacancies [80] agrees well with the 
temperature interval of the removal of the 
dislocations created by deformation in alu- 
minium [17]. 

From this point of view it is also easy to 
explain the rapid disappearance of the 
vacancies from a specimen when their concen- 
tration is high, If one bears in mind that 
the amount of resistance which remains after 
the removal of the vacancies, and this means 
also the density of the dislocations created 
by quenching, is proportional to the reduction 
in the resistance during vacancy annealing 
[30] , that is to say the vacancy concentra- 
tion, then with increasing vacancy concentra- 
tion (quenching temperature) there is not only 
an increasing likelihood of bivancancies being 
formed but there also appear additional] chan- 
nels caused by the increase in the dislocation 
density which facilitate the fairly rapid 
removal of the vacancies. Since both the 
number of bivacancies and the number of chan- 
nels increase with the quenching temperature, 
this is equivalent to an increase in the dif- 
fusion coefficient of the vacancies with an 
increase in their concentration, Such a de- 
pendence of the diffusion coefficient of the 
vacancies on their concentration has been 
observed in paper [15]. 


CONCLUSIONS 


1. The method suggested in this paper for 
the determination of the energy -f vacancy 
formation Q, and the activation energy of 
their movement Qo from the measurement of the 
thermoelectric force in a couple of a specimen 
quenched from a high temperature and an 
annealed specimen is fairly simple and makes 
it possible to obtain reliable data for the 
parameters in question, The error in the ex- 
perimenta] determination of the quantities QQ 
and Qo by the suggested method is no greater 
than with the more laborious method of measur- 
ing the residual electric resistance. 

2. The method of differentiating the con- 


tinuous curves of the change in the thermo- 
electric force with respect to the annealing 
temperature, which we have used, makes it 
possible to determine the activation energy 
of the movement of vacancies Qo with less 
expenditure of time than is required with the 
use of isotherms, 

3. The experimental results obtained show 
that in the annealing process the vacancies 
in the main do not go out on the surface of 
the specimen but into internal channels which 
are most likely dislocations. 

4. The sum Q1#2%, found for silver and plati- 
num is close to the activation energy of self 
diffusion of these metals. 


Translated by B. Ruhemann 
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SOLID SOLUTION 
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The decomposition process of the gamma solid solution in manganese 
steel was studied at the tempering temperature of 750° by means of X-ray 


analysis. 


It was found that the precipitation of carbides is accompanied 


by a disorientation of the matrix near the nuclei of the carbide phase. 


The disorientation reaches a maximum and then decreases. 


It is suggested 


that the maximum of disorientation corresponds to the moment when the 
link of cohesion between the carbide and the matrix is destroyed. 


In spite of the large number of papers on 
the study of phase transformations, in par- 
ticular of the decomposition of a solid solu- 
tion, the mechanism of the decomposition, the 
role of individual factors in the hardening 
of alloys remain so far unexplained, The 
methods of microscopic and X-ray analysis do 
not make it possible to show up the fine 
structural changes which occur in the initial 
stage of decomposition. Only on the basis of 
a complex study by various methods of not only 
poly- but also single crystals can the mecha- 
nism of decomposition be fully explained. 

The decomposition of a supersaturated solid 
solution in a maganese steel with 12% Mn and 
and 1.2% C after isothermal tempering at a 
temperature of 750° was studied. 

The structure of Hatfield steel with 12% Mn 
and 1.2% C at temperatures above 950° consists 
of a gamma solid solution, austenite. When 
the temperature is lowered to 750° the austen- 
ite decomposes with precipitation of a car- 
bide. 

Steel plates rolled to a thickness of imm 
served as the initial material, X-ray inves- 
tigation of the polycrystalline specimen after 
quenching the steel from a temperature of 
1100° showed that the structure of the steel 
consist of a gamma solid solution, After 


* Fiz. metal. metalloved. 9, No.2, 236-242, 1960. 


tempering at 750° for 12 min the weak carbide 
lines (021) and (022) appear in the X-ray 
photograph in addition to the lines of the 
gamma solid solution, When the tempering time 
is increased to 1 hr the lines (122) and (330) 
also appear, and after 4 hr the lines (121) 
and (211) of the carbide are observed, In- 
creasing the tempering time to 180 hr causes 
no further change in the X-ray photograph, as 
far as the number of lines of the solid solu- 
tion and the carbide is concerned, For all 
tempering times the carbide has the rhombic 
lattice of cementite. Even after 180 hr the 
carbide lines remain weak, which indicates a 
small amount of carbide in the equilibrium 
state of the steel at a temperature of 750°. 
This is also indicated by the very slight 
change in the intensity of the lines of the 
gamma solid solution during the tempering pro- 
cess, 

The transition of the carbide phase from 
the paramagnetic to the ferromagnetic state 
after 3 hr tempering occurs at -70 + 10°. 

The diffuse nature of the Curie point indi- 
cates a varying composition of the carbide 
crystal, Further increasing the tempering 
time to 6-9 hr did not cause a change in the 
Curie temperature, After tempering for 30 min 
the transition into the ferromagnetic state 


occurs at -90 + 10°. 
The Curie temperature of cementite is ~ 210°. 
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When manganese is dissolved in it, a solid 
solution of manganese in cementite results and 
the Curie point of the carbide is lowered in 
proportion to the manganese in the carbide. 
The rise in the Curie point of the carbide in 
Hatfield steel from -90 to -70° with increasing 
tempering time from 30 min to 3 hr indicates 
that the fluctuations of the manganese atoms 
in the austenite lattice cause such a high 
local manganese concentration that the carbide 
crystals which separate out in the initial 
stage have a manganese content somewhat higher 
than the equilibrium content and, as magnetic 
measurements have shown, when the tempering 
time is increased the manganese content in the 
carbides decreases. 

To bring out the fine structural changes in 


the initial stage of the decomposition, measure- 


ments of the diffraction of X-rays were made 
with both mixed and monochromatized radiation. 


X-ray photograph of a quenched single 


Pig. 1. 
crystal of manganese steel. 


Single crystals were prepared by the method 
of recrystallization at a temperature of 1100° 
in evacuated quartz tubes after the specimens 
had been strained by 5%. 

In order to take x-ray photographs the 
single crystal was mounted in a special holder 
which was screwed to the upper sector of a 
goniometer head, The specimen was heated to- 
gether with the holder, and thus the orienta- 
tion was preserved during the entire time of 
the isothermal tempering, 

When the quenched single crystal of the 
gamma solid solution is orientated with the 
[100] axis parallel to the beam and the [010] 
axis parallel to the vertical head and the 
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photograph taken with mixed radiation, weak, 
diffuse spots are observed in the X-ray photo- 
graph near the spots of type [311], in addition 
to the Laue spots of the gamma solid solution 
(Fig.1). Tempering this specimen for 2 min 
preserves the Laue spots without noticeable 
change, but causes the appearance of intense 
little circumferential arcs around the [311] 
spots with the centre in the primary beam 
(Fig.2). In addition, there are short radially 
directed dashes in the X-ray photograph which 
intersect at the [311] spots. 


Fig. 2. X-ray photograph of a single crystal of 
steel after tempering at 750° for 2 min. 


At the points of intersection of the dashes 
with the little arcs, the intensity of the 
little arcs is at a maximum, The greatest 
angular extension of the arcs is about 12°. 
After tempering at a temperature of 750° for 
20 min all spots of the gamma phase are pre- 
served, the little arcs and dashes do not 
change, but the spots of a second phase in 
the form of dots of weak intensity are already 
visible in the central part of the X-ray 
photograph (Fig.3). 

Further tempering of the single crystals of 
the gamma solid solution causes a weakening 
of the little arcs and dashes. Thus, after 
tempering at 750° for 3 hr the angular span 
of the little arcs decreases to 1.5-2.0° and 
sharp spots of the precipitating phase are 
observed (Fig.4). 

The symmetry of the distribution of the 
spots of the precipitating phase corresponds 
to the symmetry of the distribution of the 
spots of the solid solution and is of the 
fourth order when the crystals are photograph- 
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ed with the [001] axis parallel to the beam, 
and of the second order when the [110] axis 
is parallel with the bean, 


Fig. 3. X-ray photograph of a single crystal of 


steel after tempering at 750° for 20 min. 


Fig. 4. X-ray photograph of a single crystal of 
steel after tempering at 750° for 3 hr. 


In order to explain the nature of the 
additional diffraction effects in the form of 
dashes and little arcs single crystals were 
photographed in mixed K @ radiation of silver 
and in monochromatized molybdenum radiation, 
In addition, photographs were taken in mixed 
Mo K @ radiation for various orientations of 
the crystal which was rotated around the [010] 
which coincided with the vertical axis of the 
goniometer head or with other directions to 
the beam, 

X-photographs of a single crystal after 
tempering at 750° for 40 min, taken in mono- 
chromatized molybdenum radiation, show that 
the arcs are preserved but the dashes which _ 
passed through the [311] spots disappear. This 
indicates that the arcs are due to the charac- 


teristic radiation, but the dashes which pass 
through the Laue spots of the solid solution 
are due to the white radiation, 

The little arcs around the [311] spots are 
situated on the circumference, the angle of 
reflection @ corresponds to the angle of re- 
flection of the planes of the gamma solid sol- 
ution, When the photographs are taken in 
mixed Mo Kq@ radiation two arcs are seen 
around each {311] spot, situated on two cir- 
cumferences, One corresponds to the angle 6 
for Mo Ka , the other to @ for Mo KB. 

When one passes from molybdenum to silver 
radiation the value of the sine of the angles 
of reflection of the little arcs changes in 
correspondence to the ratio of the molybdenum 
to the silver wave length, 

The diffraction effect in the shape 
of little arcs was also observed with 
molybdenum radiation in penetrating 
orientation around the (111), (200), 
(220), (004), (204), (224) Laue spots. 

In all cases the angles of reflection of the 
little arcs correspond to the Debye rings of 
the gamma phase which have the same indices 

as the Laue spots nearby. Thus, when the 
crystal is orientated with the [111] direction 
parallel to the beam, little arcs are visible 
around the [111] maxima the angle of reflection 
6 of which is equal to the angle @ for the 
[111] plane in the second order. The agree- 
ment of the angle of reflection of the little 
arcs with the corresponding planes of the 
gamma solid solution shows that the little 
arcs are diffraction effects of the matrix. 

When the crystal is turned around a vertical 
axis by a small angle the radial position of 
the arcs does not change, while their intensity 
changes very markedly. ‘the intensity of KB 
arc may even be greater than thatof the Kaarc. 

Fig.5 shows individual parts of a series of 
X-ray photographs taken when the crystal was 
turned through 1.5-3.0°. On turning the crystal, 
the intensity ofthe little arcs first increases 
and then weakens; then little arcs appear which 
represent reflections fromthe sane plane in the 
seconu order and when thecrystalis turned 
through 25° the position of the arcs corresponds 
only to first orsecond order reflections from 
the (111) plane, while theLaue spots are 
shifted continuously. 

Hence, the experimental data show that the cir- 
cumferential arcs appear only near the corres- 
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Fig. 5. 


750° for 2 min. 


is their change in intensity within wide 


Decomposition of a supersaturated solid solution 


ponding Laue spots andonly when the angles of 
reflection of the Laue spots are close to angles 
of the anglesof reflection of the characteris- 
tic radiation fromaplane with the same indices. 


Sections of a series of X-ray photographs 
from a turning single crystal after tempering at 


A characteristic feature of the little arcs 


limits, including such a change in the relative 


intensity as to cause the KB arc to become 
stronger than the Ka arc, 

This diffraction picture can be explained 
by the elastic strains which arise in the 
crystal due to the difference in the specific 
volumes of the matrix and the precipitating 
carbides and which cause the mosaic blocks of 
the matrix to turn near the nuclei, 

The preservation of the form of the spots 
of the solid solution shows that in the pro- 
cess of tempering the greater part of the 
volume of the matrix crystal remained without 
change in its substructure and that only a 
small part of the single crystal becomes 
disorientated, while the angles of the rota- 
tion of individual mosaic blocks differ. The 
distribution of the intensity along the 
little arc shows that the majority of the 
blocks has a disorientation of between 8 and 
10°. 

It is more convenient to interpret the 
appearance of the little arcs in the X-ray 
photograph with the help of the reciprocal 
lattice. The disorientation of the blocks 
corresponds. to a rotation of the reciprocal 
lattice. Therefore, if there exist blocks in 
the single crystal with a disorientation 
relative to a certain direction within certain 
limits, in the reciprocal space every node is 
transformed into an arc which passes through 
the node. Since the disorientation corres- 
ponds to rotation of the crystal, the are is 
part of a circle with the centre in node zero 


(Fig.6). 


Fig. 6. Picture of the reciprocal space for dis- 
orientation relative to a certain direction, de- 
picted schematically in two dimensions. 


If the disorientation occurs relative to 
several directions then several arcs will 
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pass through each node, Each arc will be con- 
centric with the zero node, The extension of 
the arcs will be determined by the degree of 
disorientation, If the blocks are disorien- 
ted in different directions, then through each 
node will cccur a segment of a sphere whose 
centre will be located at the zero node (Fig. 
7). 


Fig. 7. Picture of part of the reciprocal 
space for disorientation in arbitrary directions. 


A Laue photograph of a single crystal con- 
taining blocks with a disorientation relative 
to a given direction, will show a reflection 
whose maximum lies on a Debye ring if the 
sphere of reflection of the characteristic 
radiation intersects the arc near a given node 
at one point. The indices of the ring agree 
with the indices of the node through which the 
arc passes in the reciprocal space. When the 
crystal is turned the point of intersection 
of the sphere of reflection with the arc which 
passes through the node in the reciprocal 
space is shifted, but the angle of reflection 
does not change. 

Since in the crystal there are blocks with a 
continuous series of orientations within 
limits of a few degrees, when the crystal is 
turned other blocks produce reflections, the 
orientation of which satisfies the Wool f-Bragg 
condition, and the angle of reflection does 
not change. Hence, the extra spot only shifts 
along the circumference of the Debye ring and 
preserves its radial position. 

If the node of the reciprocal lattice is 
transformed into a segment then its intersec- 
tion with the sphere of reflection becomes an 
arc, and in this case continuous arcs appear 
to the Laue photograph on a Debye ring. 
in our case the disorientation is only a few 


Since 


degrees, the segment of the sphere which 
passes through the node is small, and for one 
orientation of the crystal the sphere of re- 
flection intersects only one or two segments 
in the reciprocal space. 

The intensity of the individual maxima or 
little arcs is determined by the number of 
blocks in the corresponding position and 
therefore for certain orientations of the 
single crystal the intensity of the KB are; 
In terms of the reciprocal space a different 
part of the segment of the sphere has a dif- 
ferent weight depending on the number of 
blocks in the reflection position, and the 
sphere of reflection which corresponds to the 
radius of the KB radiation may intersect 
that part of the segment which has a greater 
weight than the sphere of the Ka radiations, 

Because of this one can estimate the distri- 
bution of the blocks over the angles of dis- 
orientation from the change in the intensity 
of the little arcs when the crystal is turned. 
The maximum disorientation can be determined 
from the angle of the turn at which the little 
arc disappears. The maximum disorientation 
can also be determined from the angle spanned 
by the arc. Measuring the central angle 7 
which spans the ends of the little arc, and 
knowing the angle of reflection @ one can 
determine the angle of the maximum disorien- 
tation w from the equation 


sin w/2 =cos 9 sin 4/2. 


Hence, the analysis of the geometry of the 
diffraction picture given above showed that 
the little arcs are the result of the turning 
of blocks in the gamma solid solution. The 
fact that after tempering at 750° weak carbide 
maxima appear the number and intensity of 
which increases with increasing tempering 
time and that simultaneously for up to 40 min 
tempering time the intensity of the little 
arcs increases,gives grounds for concluding 
that the rotation of the matrix blocks is due 
to the elastic strains which arise when the 
carbides are precipitated, These strains 
arise in the matrix due to the difference in 
the specific volumes of the matrix and the 
carbides. It is natural to expect that the 
strains will be distributed in the matrix 
unevenly and will originate near the nuclei of 
the carbide phase, while at sufficient dis- 
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tances from the nuclei the matrix will not be 
subject to stresses causing a disorientation 
of the blocks. Indeed, the preservation of 
sharp, unextended Laue spots of the gamma 
solid solution indicates that in a considerable 
volume of the gamma phase the crystal lattice 
is not deformed and that only a certain small 
part of the matrix is disorientated, The 
amount of the elastic stresses in the volume 
of the disorientated matrix is determined by 
the number and size of the carbide crystals. 

After tempering the single crystal of the 
gamma solid solution at 750° for 2 min a fine 
structure of little arcs became visible on 
them. This means that the disorientation 
proceeds in the main only in relation to 
certain directions, 

We know that in the initial stage of the 
precipitation the nuclei of the new phase are 
cohenrently connected with the matrix. During 
prclonged tempering coalescence takes pl ace 
which causes the destruction of the coherent 
link of the nuclei with the initial solid 


solution, 
In the process of tempering manganese steel 
the span and intensity of the little arcs at 


first increases, then decreases, and after 3 
hr the span of the little arcs corresponds to 
a rotation of the blocks through only ~ 1.5°. 
Simultaneously a certain reduction in the 
microhardness of the matrix is observed. 

The decrease in the rotation of the blocks 
after tempering for 3 hr is probably due to 
destruction of the coherent link of the car- 
bides with gamma solid solution and the conse- 
quent decrease in the amount of the elastic 
stresses. 

Hence, the results of our study show that the 
disorientation of the blocks of the initial 
solid solution does not increase continuously 


with the increase in the size of the crystals 
of the precipitating carbide phase but after 
reaching a certain maximum begins again to 
decrease, 

A decrease in the hardness and resistance 
to fracture when the precipitating phase 
coalesces has been observed in may investi- 
gations and usually the decrease in these 
properties is ascribed only to the increase 
in the size of the nuclei above a critical 
value due to the decrease in the surface of 
the precipitating phase. Only in a few 
papers is the hardening of the alloys exam- 
ined from the point of view of the size of 
the blocks of the matrix. As the present 
study has shown, however, the determination 
of the average size of the matrix blocks in 
the investigation of polycrystalline speci- 
mens does not make it possible to determine 
the mechanism of the decomposition of the 
solid solution and the factors which determine 
the hardening of the alloy in the process 
of the decomposition of the initial phase, 

It is possible that the rotation of the 
matrix blocks during the period of the co- 
herent link of the nuclei with the matrix will 
at least for certain alloys play a fundamen- 
tal role in the hardening, and the decrease 
in the disorientation of the blocks in the 
softening of the alloys. 

Not only the degree of dispersion of the 
nuclei of the precipitating phase but also 
the maximum amount of the disorientation of 
the blocks of the initial solid solution in 
the neighbourhood of the nuclei will deter- 
mine the hardening of alloys in the process 
of ageing. 


Translated by B, Ruhemann 
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AN X-RAY SPECTRAL AND X-RAY DIFFRACTION 
INTERATOMIC BONDING FORCES IN 


THE 


INVESTIGATION OF 


-TRON-ALUMINIUM ALLOYS* 
S.A. NEMNONOV, L.D. FINKEL’ SHTEIN and K.M. KOLOBOVA 
Institute of Metal Physics of the Academy of Sciences of the U.S,S.R. 
(Received 12 June 1959) 


On the basis of an earlier work of certain of the autllors, a proposal 
has been produced on the nature of the interatomic interaction in iron- 
aluminium alloys, and from this proposal an explanation is given of the 
increase in the Debye temperature and the ratio of amplitudes of fluctua- 


tion 


A 
in disordered iron-aluminium alloys with increasing aluminium content. 


According to the works [1, 2], in iron- 
tluminium alloys annealed at 200-400°, after 
yrevious quenching from 800° or cold defor- 
vation, an increase in electrical resistance 
is observed, attributed to the creation of a 
(-state. The increase in electrical resis- 
sance on annealing becomes appreciable begin- 
ling with alloys with 8-10 at.% aluminium, 
Nith an increase in aluminium content the 
2ffect increases, and for an alloy with 19 
it.% aluminium reaches its largest value (6%). 

In earlier work [3, 4] of two of the authors, 
an X-ray spectroscopic study was made of iron- 
zluminium alloys within a wide range of 
rluminium concentrations (9; 17; 25; 50; 75 
at.% Al). On the basis of the X-ray spectral 
sharacteristics studied, a proposal was 
jeveloped [8, 4] about the occurrence in iron- 
aluminium alloys of a difference in charge 
setween the iron and aluminium ions, 

The authors came to the conclusion that the 
cause of this charge variation was the redis- 
tribution of the electron density of the 
valency- active electrons in the direction of 
a somewhat increased localization about the 
iron ions; in other words, in the inter- 
action of atoms of these elements the iron 
behaves towards the aluminium as an electro- 


* Fiz. metal. metalloved., 9, No.2, 243-247, 1960. 


of the fine structure of the X-ray K-region absorption of iron 


negative element.** The supplementary 
electronic charge which has passed over from 
the aluminium atoms to the iron atoms is 
absorbed into the incomplete 3d electron 

cloud (band) of iron, which has a high density 
of energy states. 

In this connexion, together with the pre- 
dominant metallic type of bond, there arises 
in iron-aluminium alloys a polar constituent 
in the interatomic interaction, which increases 
in strength with increasing aluminium content, 

From a consideration of the polar interaction 
between ionsof iron and aluminium, one can ex- 
plain the strongly expressed tendency to prefer- 
ential grouping of aluminium atoms around iron 
atoms, which leads to the creation at 25 and 50 
at.% aluminium of the ordered structures Fe, Al 
and FeAl, and an appreciably greater stability 
of the ordered structure FeAl in comparison 
with Fe ,Al, 

A measurement of the atomic magnetic moments 
in a FesAl alloy by a neutron diffraction 
method [5] has given us additional informa- 
tion about the nature of the interaction bet- 
ween atoms of iron and aluminium, The authors 


** Although the ions of both elements are posi- 
tively charged, their charges are different, 
and this allows us to speak of the relative 
electronegativity of the iron ions. 
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of the work [5] found that in the ordered 

Fe, Al alloy there were two values of atomic 
magnetic moment, 1.46 and 2.14 Bohr magnetons, 
which were related to the two types of iron 
ions, respectively those with and those with- 
out an environment of aluminium atoms for 
their nearest neighbours, 

It appears to us that in the present pheno- 
menon a fundamental feature of the interac- 
tion between iron and aluminium atoms, connec- 
ted with their valency states, is shown in 
that the valency electrons of the aluminium 
atoms are not completely collectivized, but a 
part of them (judging from the value for 
atomic magnetic moment of 1.46 /p, an appre- 
ciable part) is concentrated in the shared 
electrons (electron collective) of the nearest- 
neighbour atoms 


D 


P 


E,eV 


Overall view of the K region of absorption 
in iron. 


Fic. 1. 


Consequently, only those ions of iron which 
have aluminium ions for their nearest-neighbour 
sphere can take up additional electron charge 
from the aluminium ions and so it is basically 
only these ions of iron which participate in 
the formation of a polar constituent in the 
interatomic interaction, 

It would appear that in the present case 
the aluminium ions must have a large positive 
charge, but its retention in full, uncompen- 
stated, in the presence of conductivity 
electrons, appears not very probable, so it’ 
appears pertinent to assume that the conduc- 
tivity electrons partially shield the excess 
positive charge of the aluminium ions, 

The ions of iron which are not in the 


nearest-neighbour sphere of atoms round an 
aluminium ion possess, it appears, a charge 
close to the charge on the ions in pure iron, 

The direction of the change in X-ray spec- 
tral characteristics in iron-aluminium alloys 
containing less than 25 at.% Al indicates [3, 
4] that the difference in charge of the iron 
and aluminium ions described above and the 
connected polar component of the interatomic 
bonding force has already come into being in 
disordered solid solutions (17.9 and less 
at.% Al) which are a long way from the stoi- 
chiometric composition Fe,Al, However the 
energetic favourability of such an interaction 
may manifest itself only for a specific co- 
ordination of the interacting ions, namely when 
the surrounding of ions of one charge is pos- 
sible by alarger number ofions of the other 
charge, Suchaco-ordination of the ions of iron 
and aluminium occurs in the ordered structure 
Fe,Al. So one canexpect that with favourable 
external conditions the given characteristic 
of the interaction ofatoms of iron and leads to 
a departure from themean statistical distribu- 
tion of atoms of aluminium in a solid solution and 
leads to the formation of areas of short-range 
order, enriched in aluminium and close to FeAl). 

In actual fact, according to the work [6], 
in iron-aluminium afloys containing less than 
25 at.% Al which are disordered solid solu- 
tions, short-range order of the type FeAl 
does exist. 

The process of concentration redistribution 
of aluminium is evidently the physical reason 
for the K-state in the given alloys. 

Thermal movement in the temperature range 
200-400°, where an electrical resistance maxi- 
mum is reached, is evidently more favoured in 
the sense of relation between ease of formation 
and stability of the regions of short-range 
order, 

Thermal movement in the temperature range 
200-400°, where an electrical resistance maxi- 
mum is reached, is evidently more favoured in 
the sense of relation between ease of forma- 
tion and stability of the regions of short- 
range order, 

Since the Debye temperature and the corrected 
quantity m@2 are characteristics also of 
dynamic deformations, characteristics which 
are sensitive to the presence of the K-state, 
it was of interest to follow them by the 
charges occurring in iron-aluminium alloys. A 


Iron-aluminium alloys 


parallel study was made of another X-ray temperature, the quantity n@2, and of dynan- 
characteristic, the ratio of D and A, the ic deformations in the alloys studied, are 
amplitude of fluctuation of the coefficient of set out in Table 1 and in Fig, 2. 
absorption of the fine structure of the K The results in Table 1 and Fig, 2 show the 
absorption region of iron in iron-aluminium growth in stability of the interatomic bonds 
alloys (see Fig. 1). This variable is sensi- in iron-aluminium alloys with increasing 
tive to changes in thermal vibrations of atoms aluminium content, up to 17 at.% Al. 
and was put forward in the work [7] for an in- An indication that it is the k-state, 
direct estimate of the stability of interaton- appearing on annealing, which is responsible 
ic bonds, for the strengthening of the bond is given by 
the disappearance of the strengthening effect 
after quenching from 850° in an alloy with 4 
EXPERIMENTAL METHOD AND at.% Al (see Table 1).* 
DISCUSSION OF RESULTS On the basis of the proposals developed 
above it appears possible to explain the 
Alloys with 2, 4, 10, 17, 25 and 50 at.% Al, growth in the characteristics of interatomic 
previously homogenized at 800°, were annealed bonding forces in iron-aluminium alloys com- 
at temperatures not exceeding 550° (see Table pared with pure iron, by the formation on 
1). The method used for determination of 0,70? annealing of regions of short-range order with 
heightened aluminium concentrations, and the 
and V w2050, is described in[8], The relative achieving in them of a certain amount of polar 


intensities of the lines 220, 321, 411 and interaction, 
510 were determined, The accuracy of measure- The decrease in Debye temperature in the 
ment of the Debye temperature was + 10°K (for ordered alloy of stoichiometric composition 
Fe,Al and FeAl + 15°). Fe,Al, described in detail in [9], appears 
The determination of the ratio of amplitudes unexpected and up to the present time has not 
Pp been explained, The ratio of amplitudes of 
of flucuation ®, was carried out by the 


method described in [7]. Be accuracy of 


Dp 
fluctuation or in the alloy with 25 at.%Al 


A 
f th ie aun could not be measured, due to the reorgani- 
measurement of the ratio DP, was + 0.08. zation of the fine structure of the K-region 


The results of the determination of Debye of absorption of iron in this alloy. 


TABLE 1 


Alloy Heat Treatment % oA 


Pure Fe Any 
Fe + 2 at.% Al Annealed 550°, 5 hr. 115 
Fe + 4 at.% Al Annealed 550°, 5 hr. 400° 5 hr. . 106 
Same Quenched from 850°C .115 
Fe + 10 at.% Al Annealed 550°, 5 hr. .113 
Fe + 17 at.% Al Annealed 550°, 5 hr. . 110 


Fe + 25 at.% Al Annealed till ordered 370°, 23 
(FesA1) hr. .139 


Same Deformed by filing and grinding 
in a mortar 460 115 


Fe Al Annealed 550°, 5 hr. 390 0.218 
* The alloy with 4 at.%Al is not shown on Fig.2 because it was annealed at a different temperature than 


the nthoar allnve 
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1.78 
1.87 
1.27 
1.71 


Attention is drawn to the fact that three 
other X-ray spectral characteristics, total 
width of the main K-region of absorption (‘-a) 
eV, width of the initial region of absorption* 
(c-a) eV, and the energy interval between the 
points corresponding to % and \% of the height 
of the initial region of absorption** ¥Y ev, 
have a minimum at 17 at.% Al, that is at the 
same temperature at which the minimum in Debye 
temperature is observed (Fig. 3). 


470 
460 
450 
440 = 
420 4 2,2 
410 \ 
400 \ 2.0 
390 A 19 
38 18 
2 Y 6 8 10 12 14:16 18 20 22 24 (7 
at 
Fig. 2. (a) Relation between Debye temperature 
and Al content in iron-aluminium alloys; (b) de- 


D 
pendance of the ratio " on Al content in the 
A 


same alloys. 


In investigation of the K absorption spectrum 
of iron it has been noted (12) that lowering 
the temperature causes a decrease in the 
quantity ¥; evidently this variable is sen- 
sitive to charges in thermal vibrations, It 
may therefore be suggested that the decrease 
in the quantity ¥Y on increasing the aluminium 
content up to 17 at. % is evidence of a de- 
crease in thermal vibration in the atoms of 
the alloy, that is of the characteristics 
dealt with, just as the Debye temperature and 


@ point to the strengthening in 
‘A 


the ratio 


* The relationship between the quantity (c-a) and 
aluminium content is similar to that for (A-a) 
and ¥ is not shown in Fig.3. 

** The connexion between the quantity Y and the 
electronic structure of the absorbent atom and 
its features in the absorption spectron of 
transition metals is discussed in the works 


{10, 11]. 
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stability of the interatomic bonds in iron- 
aluminium alloys, 


(A-a) 36 


25 


24 


2510 15 20 25 30 85 45S 30 
at %Al 

Fig. 3. Charge in parameters of the K region of 

absorption of iron in iron-aluminium alloys; 

(a) (A-a), the total width of the main region; 

(b) ¥ , the energy interval between the points 

corresponding to % and % of the height of the 

initial region of absorption. 


The establishment of a more fundamental 
relationship between this X-ray spectral 
characteristics and the Debye temperature is 
at the present time difficult, due to an in- 
sufficient quantity of X-ray spectral data on 
the one hand, and to the difficulty of inter- 
preting Debye temperature as a measure of 
stability of interatomic bonds in solid solu- 
tions on the other, 


Translated by D.G. Noel 
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INFLUENCE OF IMPURITIES ON MAGNITUDE AND 
TEMPERATURE VARIATION OF THE YIELD STRENGTH* 
V.A. PAVLOV and I.A. PERETURINA 
Institute of Metal Physics of the 


Academy of Sciences of the U.S.S.R. 


In the work of G.V. Kurdiumov and his 
colleagues [1-4] it was shown that the 
strengthening of metals and alloys upon plas- 
tic deformation is achieved due to the creation 
of a fine sub-microscopic structure in the 
material. At the same time the absolute value 
of the strength after plastic deformation 
depends upon the properties of the crystals of 
the starting material, which are determined by 
the structural features of the metal or alloy 
in microvolumes. 

For an understanding of the effect of alloy- 
ing on strengthening of alloys it is essential 
to explain the role of interatomic bonding 
forces, static deformations of the crystal 
lattice caused by the impurity atoms, and 
unevenness of distribution of alloying ele- 
ments through the volume of a solid solution, 
on the behaviour of an alloy under load. 

With this objective an investigation was 
made of specially selected alloys, in which 
interatomic bonding forces and static defor- 
mation of the crystal lattice, changed in 
various ways with variation in concentrations 
[5-8]. 

Experiments were made on the alloys; 
aluminium-magnesium, nickel-copper, nickel- 
aluminium and nickel-cobalt. In the regions 
of concentration investigated, the characteris- 
tic temperature and modulus of elasticity were 
independent of the concentration of the solid 
solution in alloys of aluminium with magnesium, 
in nickel plus copper they decreased, and in 
nickel plus aluminium they increased with 
increasing impurity concentration, Static 
deformation increased in alloys of aluminium 


* Fiz. metal. metalloved., 9, No.2, 248-257, 1960. 


(Received 1 August 1959) 


with magnesium and nickel with aluminium in 
all the ranges of concentration studied, and 
in alloys of nickel with copper only up to 
40% copper, after which they decreased [9-12]. 
In alloys of nickel with cobalt, the elastic 
modulus depends very weakly on concentration 
from 0 to 40% cobalt [23]. One may expect 
that static deformation in these alloys will 
be very small, since the size of nickel and 
cobalt atoms differ very insignificantly from 
each other, 

In all the alloys based on nickel one can 
expect, according to the available data [13- 
15] the creation of non-uniformity in distri- 
bution of impurities through the volume of 
the solid solution of the K-state type. 

In the present work a discussion is given of 
results of previous investigations and of 
certain new experimental results, derived from 
alloys of nickel with cobalt. 


RESULTS OF INVESTIGATIONS 


Investigations carried out earlier [5-8] on 
the variation with temperature of the yield 
strength and temperature for pure metals 
becomes appreciably more complicated for 
ailoys. Characteristic curves for the change 
in yield strength with temperature of defor- 
mation for the pure metals Al] and Ni, and also 
for the alloys Al-Mg, Ni-Cu, and Ni-Al, are 
given in Fig. 1. 

On the temperature-yield strength curve of 
the alloy of aluminium with magnesium, a maxi- 
mum appears in the temperature region round 
about 500°K, and yield strength becomes more 
strongly dependant on temperature, particu- 
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4] 200 400 
Fig. 1. 
2, Aluminium; 
copper, 


larly strongly at low temperatures. The vari- 
ation of yield strength with concentration for 
room-temperature deformation is shown in Fig. 2. 
The change in yield strength with tempera- 
ture of deformation is similar for alloys of 
nickel with copper (Fig. 1). There is a 
strongly expressed overall intensification of 
temperature dependence of the yield strength, 
compared to pure nickel, and a marked maximum 
appears on the curve in the temperature region 
500-600°K. With increase in copper content of 
the solid solution up to 40%, the value of the 
yield strength increases, but for further 
increase in concentration, it falls (Fig. 2). 
Thus in these alloys it is easily seen that 


é 
6 
2 
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Yield strength — temperature graph: 
3, Nickel # 1.5% aluminium; 
5, Aluminium + 1.0% mangesium. 
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change in yield strength with concentration is 
correlated with change in the amount of static 
deformations of the crystal lattice, caused by 
the atoms of copper, 

In alloys of nickel with aluminium, as in 
the preceding alloys, the yield strength tem- 
perature relation increases, and a maximum 
arises on the curve in the area of 600-700°K, 
With increasing concentration of the solid 
solution the yield strength increases at all 
temperatures except for low concentrations of 
aluminium, for which a weakening of the alloys 
in comparison with pure nickel is observed 
(Fig. 2). A similar type of weakening of 
alloys at low impurity concentrations has been 
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. 2. Variation of yield strength at room temperature with concentration of 
the solid solution. 
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observed earlier for other alloys [17, 18]. 

For even small concentrations of aluminium 
impurity in nickel there is an appreciable 
increase in yield strength in the low-tempera- 
ture region, which grows continuously with 
increase in concentration of the solid 
solution. Due to this, at these temperatures 
the weakening action of small quantities of 
impurities becomes less marked. 

The value and position of the maxima on the 
yield strength-temperature curve depends, 
generally, not on the impurity level but also 
on rate of deformation, Here an anomalous 
relationship between deforming stresses and 
rate of deformation is often observed, there 
being a decrease in resistance to deformation 
for an increase in rate of deformation, This 
shows that the formation of maxima is due to 
diffusion processes, 

The behaviour of alloys of nickel with 
cobalt under load is strongly dependent on 
the preliminary heat treatment (Fig.3). After 
annealing at 1270°, an alloy with 40% cobalt 
was, as far as yield strength went, practically 
identical to pure nickel in all the temperature 
regions above room temperature studied. Only 
for low temperatures was a somewhat greater 
increase in yield strength observed with de- 
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crease in temperature for an alloy of nickel 
with cobalt compared to pure nickel. 

After annealing at lower temperatures, the 
strengthening of the solid solution increases, 
and to a greater degree the lower the tempera- 
ture of preliminary annealing. For alloys 
annealed at 700° and 800°, a strong variation 
in yield strength is observed, 


DISCUSSION OF RESULTS 


In spite of the fact that the alloys studied 
differ to an appreciable degree among them- 
selves as to character of the change in bond- 
ing forces with solid solution concentration 
and physical and chemical properties, a 
general regularity is observed none the less 
in the change of yield strength with alloy 
composition and conditions of deformation, 

We will examine first the variation of yield 
strength of pure metals with temperature, and 
compare it with change in elastic modulus. The 
variation of the ratio of yield strength to 
modulus of elasticity with temperature for 
poly- and monocrystalline nickel is shown in 
Fig.4. From the figure it is seen that over 


quite a wide range of temperature this ratio 
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Effect of preliminary annealing temperature on yield strength 
of an alloy of nickel -— 40% cobalt. 


VO. 
9 
19 
16 
6 


Influence of impurities 79 


0 100 200 300 400 500 600 700 800 900 1000°K 


Fig. 4. Variation of the ratio of yield strength to modulus of 
elasticity with testing temperature. 1, single crystal; 
2, polycrystalline nickel. 


remains practically constant. This is in 
agreement with contemporary ideas about the 
temperature dependence of plastic shear de- 
formation. A greater dependence on tempera- 
ture is observed in the low-temperature region 
and in particular at higher temperatures. The 
increase in temperature dependence of yield 
strength for pure metals with face-centred 
cubic lattices, at low temperatures has been 
explained by Seeger [19] as due to thermally 
activated processes of intersection of dislo- 
cations and growth of vacancies near the 
steps of a moving screw dislocation. This 
point of view has also been supported by 
Cottrell and a series of other authors. As 
regards high temperatures, investigations (20, 
21) carried out on these alloys by microscope 
studies of plastic deformation and internal 
friction have shown that in this region of 
temperatures there is observed, even at 
ordinary rates of deformation, viscous glide 
along the grain boundaries. The sharp fall in 
yield strength at high temperatures is 
evidently due to the increased possibility of 
deformation occurring along the grain boun- 
daries. This explanation is also supported by 
comparison of the temperature variation of 
yield strength of poly- and monocrystalline 
nickel (Fig.4). For the single crystal, a 
sharp drop in yield strength in the given 
temperature region is not observed. 

The variation with temperature of the yield 
strength of alloys is a good deal more com- 
plicated than that for pure metals. Together 


with the strengthening of the alloys with 
increasing impurity content, there is observed 
a growth in the temperature dependence of the 
yield strength, in particular in the region of 
low-temperature deformation, which is marked 
even for quite small concentrations of the 
solid solution. A similar variation of yield 
strength with temperature and impurity level 
is observed for many other alloys as well (16, 
22, 24-26, 32]. On the temperature-yield 
strength curves, maxima appear, the magnitudes 
of which depend upon the amount of impurity. 
On the temperature-yield strength curves for 
alloys there are no sharp drops caused by 
viscous slide along the grain boundaries, 

This suggests that in the alloys, even at low 
impurity levels, the grain boundaries are 
strengthened and at the temperatures investi- 
gated they do not participate markedly in 
plastic deformation, This result is in full 
agreement with results of studies of the 
effect of impurities on plastic deformation 
and relaxation stresses along the grain boun- 
daries [20, 21). 

The strengthening of alloys and intensifi- 
cation of the temperature dependence cannot 
be explained by change in the interatomic 
bonding forces, A large strengthening is 
observed even at low impurity concentrations, 
when the change in interatomic bonding forces 
is still very insignificant, and also in 
alloys in which modulus of elasticity and 
characteristic temperature are unchanged, or 
even fall, with increasing impurity content, 
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The temperature variation of modulus of elas- 
ticity for alloys is practically identical to 
that for the pure metals [9,10]. 

The intensification in the temperature de- 
pendence of the yield strength, the appearance 
of maxima on the yield strength-deformation 
temperature curves, and finally the anomalous 
variation of yield strength with rate of defor- 
mation, show convincingly that in alloys, 
thermal movements of the atoms and various 
kinds of diffusion processes exert a strong 
effect on plastic shear deformation, 

We know that for a series of alloys a certain 
correlation has been established between the 
reinforcing action of impurities and the dif- 
ference in size of the atoms of the solvent 
and solute elements, by the relative change in 
lattice constants [24-27]. These results allow 
us to suppose that one of the causes of the 
strengthening of alloys is the distortions of 
the crystal lattice which the impurity atoms 
bring about. 


Yield Strength kg/mm2 
S 
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Static deformations induced 
by atomic impurities 


Fig. 5. Variation of yield strength with amount of 
static deformation of the crystal lattice. 


In Fig. 5 is shown the variation of yield 
strength with magnitude of static deformations 
of the crystal lattice [11, 12]. It is easy to 
see that in all the alloys here investigated, 
except the alloy of nickel with cobalt, there 
is quite a good linear dependence of yield 
strength with amount of static deformation of 
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the crystal lattice However for 
very low impurity concentrations a departure 
from this relationship is observed. 

In alloys of nickel with aluminium, as 
already pointed out above, for very smal] 
concentrations of aluminium, the yield strength 
in this region is less than that for pure 
nickel, although static deformations of the 
crystal lattice increase linearly with in- 
creasing impurity concentration, 

The mechanism of the effect impurities have 
on the resistance to deformation of single- 
phase solid solutions can be most conveniently 
examined in terms of dislocation theory. Mott 
and Nabarro [28], it appears, were the first 
to examine the movement of dislocations in a 
homogenous solid solution with impurity atoms 
about which there existed a field of elastic 
stresses. They assumed that the moving dislo- 
cations were slowed down by the impurity atoms 
about which elastic stress fields existed. 
From this assumption they derived a relation- 
ship between critical shear stress and concen- 
tration of the solid solution and the amount 
of deformation of the crystal lattice caused 
by the impurity atoms. This theory, as a 
first approximation, correctly expressed 
qualitatively for certain solid solutions [27] 
the relationship between resistance to defor- 
mation and concentration of a solid solution 
and amount of deformation of the crystal lat- 
tice. 

However experimental results were known 
which showed that a marked strengthening of 
alloys was observed even at very low impurity 
levels (1075-1076); in many alloys the amount 
of strengthening depended upon their previous 
mechanical and thermal treatment. This 
feature of the effect of impurities on the 
strengthening of alloys was difficult to ex- 
plain from the point of view of uniform dis- 
tribution of impurities through the volume of 
the solid solution, 

Cottrell [29] drew attention to the fact 
that the atoms of impurity which cause static 
deformation of the crystal lattice, inter- 
acting elastically with the dislocations, will 
form clouds of atoms about the dislocations. 
In this case to initiate plastic deformation 
a greater stress must be applied in order to 
tear the dislocation away from the cloud, 
then if there were a uniform distribution of 
Cottrell’s clouds strongly 


the impurity. 
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increase the deforming stresses at low tem- 
peratures, However on raising the deforma- 
tion temperature the stresses rapidly decrease, 
since the thermal movement of the atoms, 
according to Cottrell’s proposal, are able to 
help the external stresses in dragging out the 
dislocation from the cloud of impurity atoms, 
and in addition with increase in temperature 
the concentration cf impurities in the cloud 
decreases, which will also decrease the de- 
forming stresses necessary to initiate move- 
ment of dislocations, From this standpoint 
one can explain qualitatively the increase in 
yield strength of iron at low temperatures 
with addition of carbon and nitrogen, and also 
the presence of serrations and plateaus of 
flow on the extension diagram, 

Fisher [30] has pointed out that in alloys 
with short-range order the resistance to de- 
formation must be greater than in disordered 
solid solutions, since on plastic deformation, 
additional energy will be expended on breaking 
down the short-range order. 

Suzuki [31] has extended Cottrell’s ideas on 
substitutional solid solutions in metais with 
face-centred cubic lattices. He has shown 
that in these solid solutions there may, in 
addition to Cottrell’s clouds, be clouds of 
impurity atoms in stacking faults, distributed 
between the two halves of extended dislocations, 
Since the energy in a stacking fault, which is 
a packing of atoms corresponding to a hexagonal 
lattice, differs from the bond energy in a 
cubic lattice, the formation of these clouds 
of atoms is examined by Suzuki as the result of 
a kind of chemical interaction between stacking 
faults and impurity atoms. Suzuki suggests 
that while the rapid increase in yield strength 
at low temperatures corresponds to Cottrell’s 
clouds, the strengthening at higher tempera- 
tures is connected with stacking faults and 
with the presence of short-range order. The 
clouds in stacking faults have about one tenth 
of the effect on resistance to deformation as 
Cottrell’s clouds. They give a weakly tem- 
perature-dependent yield strength, mainly due 
to the change in concentration of impurity in 
the stacking fault. Short-range order also 
does not change the dependence on temperature 
of the deforming stresses, 

Suzuki compared theoretical calculations 
with experimental results, assuming as a 
simplicity that the change in absolute value 


and temperature variation of the yield strength 
was due at low temperatures mainly to the 
effect of Cottrell’s clouds, and at high tem- 
peratures to clouds in stacking faults and to 
short-range order. He established, that 
within the framework of these proposals a 
qualitative explanation could be made of the 
relationship of yield strength to temperature 
of deformation and concentration of the solid 
solution, But on quantitative comparison 
there was a discrepancy of 2-3 times. 

however the creation of clouds of impurity 
atoms about dislocations is not the only cause 
of strengthening and intensification of the 
temperature dependence of yield strength. For 
example, Kelly and Chion [32] found a stronger 
temperature dependence in the area of low- 
temperature deformation for single crystals of 
an alloy of aluminium with copper, aged in the 
Guinier-Preston zone, in comparison with 
annealed crystals. Evidently the change in 
temperature dependence is here connected with 
the interaction of dislocations with concen- 
tration non-uniformities of the pre-dissocia- 
tion type. Hirsch [33] has pointed out that 
the intensification in temperature dependence 
may be explained by the gliding of screw dis- 
locations by transverse gliding,through 
obstacles in the form of concentration non- 
uniformities., 

The alloys of nickel with cobalt are of 
great interest in explaining the cause of 
strengthening. Due to the fact that the atoms 
of nickel and cobalt are of approximately the 
same size and of the same valency, the forma- 
tion of clouds of impurity atoms around dis- 
locations is rather unlikely. In fact, after 
high annealing temperatures the difference in 
behaviour of the alloys and of pure nickel is 
insignificant, as is seen from Fig.3. A study 
made by Meisner [ 23! on single-crystal alloys 
of nickel with cobalt of various concentra- 
tions, which were grown from the melt and then 
annealed at 1000°, led to the conclusion that 
these alloys behave like pure metals with 
little stacking fault energy. 

However in the present investigations an 
increase in strength and intensification in 
temperature dependence of yield strength was 
detected on lowering the temperature of pre- 
liminary annealing, 

This evidently may be explained by the fact 
that during annealing at low temperatures 
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there arises in the alloys a non-uniformity in 
distribution of impurities, of the K-state 
type, which leads to the strengthening and 
change in temperature variation of the yield 
strength, From the dislocation point of view 
this strengthening may be examined as the 
interaction of dislocations with non-uniformi- 
ties in concentration of the short-range order 
type. 

The appearance of maxima on the temperature- 
deforming stress curve is normally explained 
by the breakdown of the solid solution, The 
observed maxima of yield strength in the alloys 
investigated must not be explained on this 
basis. 

Diffusion processes, connected with the re- 
distribution of impurity atoms under the 
action of stresses, can exert an appreciable 
effect on the movement of dislocations, It is 
usual to consider that diffusion processes 
only assist plastic deformation, But if there 
is a redistribution of impurity atoms during 
deformation under the action of stresses in 
small volumes of the crystal where dislocation 
are being created, or where there are moving 
dislocations, accompanied by relaxation of 
stresses in this region, then the creation or 
movement of dislocations will be hindered, and 
a greater deforming stress will be demanded, 

Schoik [ 34] has examined one of the possible 
mechanisms of local redistribution of impuri- 
ties in the stress field of a moving disloca- 
tion. He has shown that due to this reor- 
ganization of atoms a frictional force arises, 
the magnitude of which depends on the rate of 
movement of the dislocations. For an infini- 
tely slow and an infintely quick movement the 
braking force will be equal to zero. At a 
certain critical speed of the dislocation the 
greatest resistance will be experienced. 

From this point of view, it appears, one can 
explain the existence of maxima of yield 
strength on the curve of its temperature vari- 
ation and the anomalous dependence on rate of 
deformation. 

The weakening of alloys at low concentrations 
of impurity is normally tied up with the inter- 
action of certain impurities, since practically 
always insufficiently pure metals are investi- 
gated, However the possibility is not excluded 
that a small quantity of impurity, distorting 


the crystal lattice, could assist the formation 


of new dislocations. Gilman [35 ] has shown 
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that on plastic deformation, the creation of 
dislocations occurs at some imperfections of 
the crystal lattice. 


CONCLUSIONS 


The change in the behaviour of alloys under 
load, compared to the pure metals, cannot be 
explained from the standpoint of changes in 
the interatomic bonding forces. The available 
experimental data, and theoretical considera- 
tions, allow us to examine tne effect of 
impurities on mechanical properties as the 
occurrence of an interaction between disloca- 
tions and impurity atoms or groups of impurity 
atoms as a result of which the mobility of the 
dislocations is reduced, and in many cases the 
effective volume participating in the defor- 
mation is increased. The increase in resis- 
tance to movement of the dislocations, and 
the increase in the number of places where 
deformation is occurring simultaneously, raise 
the effectiveness of the interatomic bonding 
forces, 

The effect of impurities on resistance to 
deformation can be qualitatively explained if 
it is assumed that an interaction exists 
between dislocations and impurity atoms as 
suggested by Cottrell and Suzuki, and there 
are concentration non-uniformities of the 
K-state type and a redistribution of atoms in 
the stress field of a moving distribution, as 
suggested by Schoek, 

The greatest effect on strengthening is 
shown by impurities which cause large static 
defects in the crystal lattice of the solvent. 
In this case even a very small quantity of the 
impurity is able to bring about a large 
increase in the deforming stresses, In alloys 
of nickel with cobalt, where the static defects 
of the crystal lattice due to the cobalt atoms 
are small, ordering has a large effect on 
strengthening, 

The authors wish to express their deep 
gratitude to AN. Orlov for reading the 
manuscript and for valuable advice, 


Translated by D.G. Noel 
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It is impossible to construct a general 
theory of strength of materials without a 
study of the vector and scalar properties of 
plastically deformed bodies. An important 
task here is the derivation of an equation of 


state for the material which takes into account, 


together with other factors, the effect of 
shearing on density and the effect of pressure 
or resistance to shear [1]. 

In the present article some light is thrown 
upon the question of the effect of pressure on 
resistance to shearing. 

A series of papers [2-6] have been devoted 
to the experimental and theoretical study of 
shear in the presence of hydrostatic pressure 
in various substances. Results from these 
papers confirm that there is a gradual! in- 
crease in resistance to shear with increase 
in pressure. In the majority of cases the 
variation is linear. Jumps and breaks which 
occur in the curves relate to polymorphic and 
other internal transformations in the sub- 
stance under the action of pressure and shear- 
ing. 

In previous experimental work the pressures 
reached up to 50,000 Kg/cm2,** In the papers 
{11, 12] we reported an increase in pressures 
up to 300,000 Kg/cm2. Results are given here 
of experimental work at pressures on shearing 
ten times greater than those in the earlier 
investigations, 

The investigations were carried out om an 
apparatus of Bridgman’s type [2-3]. To raise 
the pressure and shear force the existing 


* Fiz. metal. metalloved., 9, No.2, 258-264, 1960. 
** Pp Vy. Bridgman mentions pressures of up to 


100,000 Kg/em* [3]. 


apparatus was modernized, chiefly in the 
working parts [7]. 

The material under test, in the form of 
thin disks or fragments was subjected to 
normal pressure between the surfaces of a 
piston and an anvil, which were rotated 
relative to each other around an axis per- 
pendicular to the surface of the disk. Both 
surfaces of the test material were also 
into relative rotation in mutually opposite 
directions, and in the material of the disks, 
slipping took place in planes parallel to its 
surfaces, 

The pressing force and the shear force were 
measured with a piston manometer and then 
converted into normal pressure and rotation- 
al moment or resistance to shear of the speci- 
men according to the formulae 


(1) 


(2) 


(3) 


where p is the normal pressure, approximately 
equal to the hydrostatic pressure (Kg/cm?); 

M is the torsional moment (Kg/cm); 7 is the 
resistance to shear (Kg/cm2); d is the dia- 
meter of the piston (cm); »m, n are constants 
determined by the kinetic properties of the 
experimental apparatus; A and B are mano- 
meter readings, 

The press force was taken up to 20 tons and 
above, the torsional moment reached a value 
of 1000 Kg/cm2, at which value the maximum 
angle of rotation was equal to 55°. Obtaining 
the high pressures (up to 500,000 Kg/cm?) with 
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TABLE 1 
Materials tested and their mechanical properties 


Mechanical properties before test 


Longitudinal 
Materia State before test modulus of 


elasticity FE, 
Ke /mm2 


Tensile Relative Relative 
strength Hardness extension | compression 
ob, Ke/mm? % % 


Lithium Pragments 500 11.8 
Sodium i 
Potassium 
Copper Disc, 5X0.3mm 11, 250 
Silver 7,240 
Magnesium 4, 360 
Zinc 13,000 
German ium 
Indiun / 1,070 
Tin 5, 500 
Cadmium 5, 300 
Zirconium Powder 8,400 
Ant imony Fragment s 7,600 
Bismuth 3, 200 
Vanadium 15,000 
Niobium Disc, 5X0. 3mm 16, 000 
Tantalum 19. 200 
Tellurium Powder 4,350 
Chromium Fragments 25, 300-26, 000 
Molybdenum 33, 250 
Tungsten 35, 200 
Commercial iron Disc, 5x0. 3mm 20, 000 
Steel No. 45 2 - 
Disc, 3x0. 004mm 20, 000 


KhN80T Disc, 5x0. 3mm 21,000 
2Kh18N9 21, 000 
Ekh18N9 21, 000 


kh1052M 21,000 
Brass 21, 000 


pistons and rods of the metal-ceramic solid 15,000 Kg. 

alloy VWK-8 (maximum compressive strength, As test materials, certain elements were 
500 Ke/mm2, maximum bending strength, 150 selected, and also steels and alloys.* In 
Kg/mm2) was possible due to the following. all, more than 20 elements and ten steels and 
The very strongly compressed surfaces ex- alloys were investigated. In order to avert 
perience support from the large surrounding the effect of disk thickness on the valve of 
masses of the piston and anvil, and also hydro- shear resistance, and also do away with the 
static support, from the test material itself, initial ‘“‘ porousness” of the material, all 
due to the presence of a depression(cavity) on specimens were subjected to preliminary com- 
the working surface. Also the pistons and 
anvils were hardened by pressing in a mandrel  * Results from alloys with particular properties 
of very tough steel with forces of up to will be published later. 
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pression in a press before testing, 

A list of the materials tested, certain of 
their mechanical properties, and their state 
before testing, is given in Table 1. The 
pressure in all the experiments was increased 
in stages at intervals of 15,000-20,000 Kg/cm2 
and above, which in the majority of cases did 
not allow one to follow the transition from 
contact friction to internal shearing. 

The greater part of the substances were 
tested at pressure up to 100-150 thousand 
Kg/cm2, some (iron, tungsten) at pressures up 
to 300,000 Kg/cm2, such substances as steel 
No.45, the stainless and heat-resistant nickel 
steel 2Kh18N9, and others at up to 500,000 
Kg/cm2, Since in the power and measuring 
apparatus the pressure of the liquid was 
relatively low (200-400 Kg/cm“), intrinsic 
error in determination of the contact pressure 
and shear resistance could only be introduced 
due to change in the area of contact in the 
process of deformation of the specimen and due 
to friction of the pobedite* against the po- 
bedite. 

To find the actual area of contact the pis- 
ton and the test specimen were measured before 
and after testing. By control] experiments 


Resistance to shear in solids 


from measurements of pressures it was confirmm- 
ed that upon the polymorphic transformations 
of a series of substances (antimony, magnesium, 
bismuth, tellurium) the increase in area of 
contact due to deformation of the piston at 
pressures of up to 200-300 thousand Kg/cm? was 
insignificant, Contact of the compressed 
specimen with the conical part of the piston 
also little changed the value of the mean 
normal pressure under the surface of the pis- 
ton, 

At higher pressures the deformation of the 
area of contact of the piston was appreciable 
in a series of cases (for example, chromium 
and germanium). Increase of area of contact 
due to contact of the specimen with the coni- 
cal part of the piston, in this case also, did 
not introduce any significant differences. 
Thus control experiments at pressures of about 
500,000 Ke/cm’, with a plate of steel No. 45 
of thickness 0.04 mm, excluding contact at the 
cone, coincided with the main experiments, 

All the results on the substances investi- 
gated are given in Tables 2 and 3, and on 
Pigs. 1, 2. 

Analysis of the results points to the growth 
of resistance to shear with increase in pres- 


ke/em? 
{ 
1 — Tungsten / 
30000 2 — Indium 
3 Silver 
4- Cadmium a’ 
25000 5 — Potassium 
6 — Magnesium 
20000 7 Tantalum Wig 
1500. 
10000 4 
3000 
at 
2 
28000 50000 79000 100000 125000 190000 kg/ 


Pig. 1. 


Resistance to shear plotted against pressure for certain ele- 
ments of the periodic system. 


* Translator’s note: 


Pobedite, a very hard alloy of cobalt, chromium and tungsten, similar to stellite. 
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Gx 103, Ke 


150 


100 


4 


| 
100 200 


. 2. Resistance to shear plotted against pressure: 


2, indium; 3, silver; 


6, magnesium; 


sure right up to 500,000 Kg/cm*. This growth, 
in the first approximation, has a linear 
character, in agreement with earlier experi- 
mental work and theoretical calculations. Thus, 
Deriagin [8] proved theoretically about 25 
years ago that there was a linear relation 
between shear resistance and pressure, derived 
experimentally by Bridgman [9]. The coeffici- 
ents Ay, and By, calculated by us in the eqn 


7==A,+B,-p, (4) 


‘do not differ greatly from the values of the 


ke/ om? 


400 500 
p x 10°, Kg/em2 


1 
300 


1, steel No. 45; 
4, cadmium; 5, potassium; 
7, tantalum. 


coefficients calculated by Kragel’ skii [10] 
on the basis of Bridgman’ s experiments [9]. 

Deviation from the linear law is observed 
for substances with polymorphic and other 
transformations, Thus for antimony, bismuth, 
tellurium and other elements there are local- 
ized breaks in the straight lines at places 
close to the polymorphic transition points 
(Fig.3). For very high pressures (of the 
order of hundreds of thousands Kg/cm2) the 
variation of shear resistance with pressure 
becomes even stronger (curvature of the line 
towards the pressure axis). 


15000 


45000 


70000 685000 


50000 


Fig. 3. 


100000 >, haves” 


Resistance to shear plotted against pressure for elements with 
polymorphic transformations; 


1, tellurium; 2, antimony. 
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Resistance to shear in solids 


The value of the resistance to shear for a 
series of substances at pressures of some 
hundreds of thousands Kg/cm2 becomes of the 
same order as the pressure. Together with 
this, the absolute value becomes equal to or 
even higher than the values of theoretical 
strength of the substances at atmospheric 
pressure, Thus for Armco iron the resistance 
to shear at a pressure of 300,000 Kg/cm2 is 
about 750 Kg/mm2, for steel No.45 at pressures 
about 500,000 Kg/cm2 it is about 1, 300 Ke/cm2. 

The relatively small quantity of substances 
investigated as yet does not allow us to es- 
tablish a quantitative relationship between 
the periodic change in shear resistance at 
such pressures with atomic number of the ele- 
ment, but a qualitative conclusion about the 
correctness of the periodic law, and of the 
gradual damping of the periodicity with in- 
crease in pressure, may be drawn on the basis 
of the results already available. 

The authors wish to acknowledge their grati- 
tude to S.T. Vlasov, their mechanic, for 
assistance in the experiments carried out. 


Translated by D.G. Noel 
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PROPERTIES OF TERNARY METALLIC SYSTEMS 
|. MICROHARDNESS OF Sn-Na-Al TERNARY ALLOYS* 
V.K. SEMENCHENKO and N.P. DOGADKINA 


M.V. Lomonosov Moscow State University 
(Received 23 October 1958) 


Study of the surface tension of ternary 
metallic solutions, both dielectric [1] and 
metallic [2, 3], has shown that they have a 
number of properties absent from two-component 
solutions, in the case where we are deal ing 
with solutions containing one component with 
a weaker molecular field than the solvent and 
another with a stronger field. The intensity 
of the molecular field is easily determined 
from the influence of the given substance on 
the surface tension of the solvent. If the 
molecular field lowers the surface tension of 
the solvent, its field is weaker (surface- 
active substances); if it raises it, its 
field is stronger (inactive substances). The 
most interesting property of ternary mixtures 
containing simultaneously inactive and surface- 
active constituents is their ability to retain 
the same value of surface tension for a fixed 
concentration of surface-active substance and 
a concentration of inactive substance varying 
within wide limits. 

An investigation of the properties of a solid 
phase containing inactive and surface-active 
components is of interest. Having selected one 


of the simple properties — microhardness, we 
studied the microhardness of the Sn-Na-Al 
system, where tin is the solvent and sodium 
and aluminium are the surface-active and 
inactive constituents, The structural diagram 
of the Sn-Na-Al system is, apparently, un- 
known, 

For the preparation of the alloys, tin 
(Chinese, 99.81%) was used, which was subjec- 
ted to a 10 hr initial heating at 1200° in a 
vacuum ~ 1074-1075 mm hr. The spectral 
analysis data of the tin before purification 
and after vacuum purification are presented in 
Table 1. The aluminium had a purity of 99.9997; 
the sodium, from the Kal’ baum firm, was twice 
distilled in vacuo, 


1. PREPARATION OF THE ALLOYS 


To obtain the Sn-Na alloys, key metal was 
prepared in an apparatus whose arrangement is 
depicted in Fig.1. Into the electric furnace 
1 was introduced the apparatus for the prepar- 
ation of the G&i-Na alloy, in which was placed 


TABLE 1 
Content of elements, % 
sn sample 
Sb Cu Pb Bi Ag Ni Fe 
No. 1 (tech.) >0.01 | 0.0078 0.04 0.024 |0.00026 | 0.0016 | 0.0086 
No. 2 (purified| >0.01 | 0.0084 | 0.0005 | 0.0009 |0.00026 | 0.0018 | 0.019 
by vacuum 
method) 


* Fiz. 


metal. metalloved. 
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a weighed ingot of filtered tin 2 and an 
ampoule of sodium 3. The apparatus was sol- 
dered to the vacuum plant. After a 4 hr ther- 
movacuum treatment of the apparatus at t = 
= 100-150°, the Na ampoule was raised by 
means of the magnet 4 and on falling broke on 
the G& ingot. The &n then melted and the 
fragments of the ampoule served as an agita- 
tor. The whole was heated to 450-500° and the 
apparatus unsoldered from the vacuum plant. 
The alloy was shaken several times in the 
furnace and then poured into ampoule 5 through 
a vacuum intake, which replaced the filtering 
capillary. Sn-Na key metals with 1 and 1.39% 
Na were prepared in this manner, By diluting 
these key metals with tin, Sn-Na alloys of 
different concentrations were prepared. 


oN Z 


NANA 


Fig. 1. Arrangement of apparatus for preparing 
S&n-Na alloys. 


To vacuum 
plant 


Fig. 2. Arrangement of apparatus for preparing 
alloys of the Sn-Na-Al system. 


Sn- Al alloys were prepared by simple melting 
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of the necessary quantities of tin and alu- 


minium, 


All the binary and ternary alloys were 
prepared under identical conditions and in 
identical ampoules The arrangement of the 
apparatus for preparing these alloys is shown 
in Fig. 2 

In the thermostat, partly filled with sand, 
were placed identical glass ampoules, consis- 
ting of two parts, divided by capillary a. 
The ampoules were disposed at the same dis- 
tance from each other, from the walls and from 
the bottom of the thermostat. In the lower 
part of the ampoules was placed the appropri- 
ate quantity of key metal, tin and aluminium 
6. All the ampoules were soldered to the 
vacuum plant. 

After a 4 hr thermovacuum treatment, melt- 
ing of the metals took place and at a pressure 
of the order of 5 x 1075 mm hg the ampoules 
were unsoldered from the vacuum plant. The 
thermostat in addition was filled with hot 
sand (200-300°) and covered by a lid with a 
heater. The temperature was then raised to 
400° and the melt mixed up by tilting the 
whole system After this the thermostat was 
turned over and the melt, flowing through the 
capillary into the other part of the ampoule, 
was filtered. The thermostat was secured in 
the inverted position and heating discon- 
tinued, Cooling of the thermostat and the 
alloys took 9-10 hr. Alloys of the Sn-Na-Al 
system of the following compositions were 
prepared by this method; 


0.05; 0.31; 0.62; 1.07; 2.43; 4.95 at. % Na, 
0.09; 0.22; 0.44; 0.88; 1.74 and 2.59 at. % Al. 

0.05 at. % Na and 0.09 at. @% Al; 

0.05 at. % Na and 0. 22 at. @% Al; 

0.05 at. % Na and 0.88 at. % Al; 

0.31 at. % Na and 0.09 at. % Al; 

0.31 at. % Na and 0.88 at. % Al; 

0.62 at. % Na and 0.09 at. % Al; 

0.62 at. % Na and 0.88 at. % Al; 

1.07 at. % Na and 0.09 at. % Al; 

1.07 at. % Na and 0.88 at. % Al; 

2.43 at. % Na and 0.09 at. % Al; 

2.43 at. % Na and 0.88 at. % Al; 

0.05 at. % Na and 1.74 at. % Al; 

0.31 at. % Na and 0. 22 at. &% Al; 

0.31 at. % Na and 1.74 at. % Al; 

0.62 at. % Na and 0.22 at. @% Al; 

0.62 at. % Na and 1.74 at. @ Al; 
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1.07 at. % Na and 0.22 at. % Al; 
1.07 at. % Na and 1.74 at. % Al; 
2.43 at. % Na and 0.22 at. % Al; 
2.43 at. % Na and 1.74 at. % Al. 


2. PROCEDURE FOR MEASURING MICROHARDNESS 


The microhardness of the alloys of the Sn- 
Na-Al system was measured on a PMT-3 instru- 
ment. An OE-6 objective with a magnification 
of 32,4 was used, and an AM-9-3 ocular screw 
micrometer with a barrel scale division value 
of 0.01 mm and a magnification of 15. The 
overall magnification of the microscope was 


486. Microhardness was calculated from the 
formula 
_ 1,854P 2 
H = kg/mm“, 


where P is the load (kg); dis the diagonal 


of the impression (mm). 
The functioning of the apparatus was tested 
on a fresh chip of an NaCl crystal at various 
loads. For selecting the load, measurements 
were made of the microhardness of pure tin at 
various loads and a dependence curve plotted, 
from which a load of 25 g was selected, Al] 
subsequent measurements of the microhardness 
of the Sn-Na-Al system investigated were 
carried out at this load. Each value of 
microhardness was obtained from a threefold 
measurement of the diagonal of 12-15 impres- 
sions, The surface of the specimens was 
always freshly polished. 
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TABLE 2 


Microhardness of alloys of the S&n-Na-Al system at P = 25 g, 
H = ke/mm? 


3. RESULTS OF MICROHARDNESS 
MEASUREMENT AND DISCUSSION 


The results obtained by us are presented in 
Table 2 and in Figs. 3-5. On Fig. 3 (curve 
1) is given the dependence of the microhard- 
ness of an &-Na alloy on the change of Na 
concentration. Curves 2-5 characterize the 
dependence of the Sn-Na-Al system with vary- 
ing Na concentration and constant Al concen- 
tration, respectively: 2-0.09; 3 -— 0.22; 
4 ~— dependence of microhardness of an &-Al 
alloy on variation of Al concentration. 
Curves 2-6 present the dependence of the 
microhardness of &-Na-Al on variation of Al 
concentration and constant Na concentration, 
respectively; 2-0.05; 3-0.31; 4 - 0.62; 
5 - 1.07; 6 - 2.43 at. % Na. 

As is shown by the dataof Table 1, Fig. 3 
(curve 1), Fig. 4 (curve 1), the presence of 
Na and Al in the absence of each other in- 
creases the microhardness of Sn, 

More interesting phenomena are observed in 
the joint action of both components in the 
Sn-Na-Al system. At small concentrations c 
of aluminium, sodium increases microhardness, 
but with further increase of Al concentration 
after a sharp rise the microhardness begins 
to fall, The data of Fig. 3 allow of the 
conjecture that there must exist some concen- 
tration c at which the microhardness remains 
constant while the Na concentration varies 
within the limits of our alloys. This surmise 


is confirmed by an analysis of Fig.5, which 
shows that, at an Al concentration approxima- 
tely equal to 0.43-0.44at.%, all the curves, 


Concent ra- 


Concentration of Na, at. % 


tion of 
Al, at. @ 


0.05 


0.62 1.07 


92 
vol 
9 
19% 
0 10.5 10.7 9.9 10.3 11.7 14.1 
0.09 9.8 10.5 10.4 10.7 10.3 11.6 
0.22 13.0 10.6 11.1 11.5 11.7 11.5 
0. 44 13.8 - - 
0.88 13.2 14.8 14.1 13.8 13.1 11.4 
1.74 14.3 17.7 17.7 16.8 16.1 14.8 
2.59 14.6 - - ~ - - 


corresponding to five different Na concentra- 
tions, intersect. 


Fig. 3. 
of the Sn-Na-Al system on the Na concentration for 
various Al concentrations: 1-0; 2- 0.09 at. % 
Al; 3-0.22 at. % Al; 4-0.88 at. % Al; 5 - 
1.74 at. % Al. 


Thus, alloys containing simultaneously a 
constituent with a stronger field (Al) than 
the solvent metal and a constituent with a 
weaker field (Na) actually possess buffer 
properties in relation to microhardness, that 
is, it is possible to prepare an alloy with a 
fixed concentration of the inactive component 
(Al), whose microhardness will remain con- 
stant while the concentration of the surface- 
active component (Na) is varied, 

We shall note, however, that in phenomena 
of surface buffer action, that is, the inde- 
pendence of surface tension of concentration, 
we have the reverse picture: the surface 
tension will remain constant for a fixed con- 
centration of the surface-active component 
while the concentration of the inactive com- 
ponent is varied [i]. This shows that in the 
given case we have essentially different 
phenomena, although analogous in a certain 
respect. In any case, this phenomenon is of 
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Dependence of microhardness of alloys 


undoubted interest and deserves further study, 


4, kg/mm? 


atZAl. 
Fig. 4. Dependence of microhardness of alloys of 
the Sn-Na-Al system on the Al concentration for 
various Na concentrations: 1-0; 2-00.05 at. 
% Na; 3- 0.31 at. %Na; 4- 0.62 at. % Na; 
5 1.07 at. 4 Na; 6 2.43 at. % Na. 


CONCLUSIONS 


1. Microhardness measurements have been 
made of 33 alloys of the Sn-Na-Al system, 
consisting of Sn — solvent, Na — surface- 
active component and Al — surface-inactive 
component, 

2. The microhardness dependence of Sn-Na 
and Sn-Al alloys has been obtained; both Na 
and Al separately increase the microhardness 
of tin, 

3. The Sn-Na-Al system possesses buffer 
properties in relation to microhardness, that 
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is, it is possible to prepare an alloy with a 
fixed concentration of inactive component (Al), 
whose microhardness must remain constant when 


H, kg/mm? 
18}- 
16 
iy 


12 


10 


0 Q5 / Ld 


? at.%A/ 


Fig. 5. Mutual grouping of curves of dependence of 

microhardness of Sn-Na-Al system alloys on Al con- 

centration for various Na concentrations. Numera- 
tion of curves as in Fig. 4. 


the concentration of the surface-active com- 
ponent (Na) is varied, 

4. The phenomenon of buffer action in re- 
lation to microhardness is the reverse picture 
of the phenomenon of surface tension buffer 
action, Surface tension will remain constant 
at a fixed concentration of the surface-active 
component and a varying concentration of the 
inactive component. 


Translated by RD.M. Hegarty 
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PROPERTIES OF TERNARY METALLIC SYSTEMS 
2. ON THE JOINT INFLUENCE OF SURFACE-ACTIVE AND 
INACTIVE IMPURITIES ON THE MICROHARDNESS OF TIN* 


V.K. SEMENCHENKO and M. SAIDOV 


M.V. Lomonosov Moscow State University 
(Received 23 October 1958) 


Tne connexion between the influence of 
impurities on surface tension of the liquid 
phase and its dispersion, microhardness, re- 
crystallization temperatures and polymorphic 
transformations in the solid state has been 
examined in a number of publications [1-3]. 
Results relating to the influence of aluminium, 
zinc, cadmium, bismuth, sodium and tellurium 
additions on the microhardness of tin have 
shown that there exists a connexion between 
the solubility of the additions in tin and 
the changes in microhardness, As the surface 
activity is connected with solubility, its 
absolute value increasing with reduced solu- 
bility [1], when investigating surface-active 
impurities only it is possible to obtain a 
false impression — that the change of micro- 
hardness is caused by adsorption phenomena, 
However, the increase in hardness on the 
introduction of surface-active substances shows 
that there is not a direct relationship, but 
it is caused by the fact that surface activity, 
like solubility, varies in dependence on one 
basic cause — the relationships between the 
force fields of the solvent and the impurity. 

As the presence of mechanisms different in 
principle had been previously demonstrated in 
binary and ternary mixtures [1] in relation 
to the variation of surface tension, it was of 
interest, in spite of the difference in the 
mechanism of surface tension and microhardness 
variation, to investigate the behaviour of 
microhardness in the presence of a surface- 
active (that is, with a weaker force field) 
and a surface-inactive (with a more intensive 
force field) impurity. It had been found 


* Fiz. metal. metalloved. 9, No.2, 270-273, 1960. 


previously that aluminium and zinc [2, 5] are 
inactive for tin, and tellurium is surface- 
active, and we selected these two systems. 

The tin used for the preparation of the 
alloys, after purification by the method 
previously described [4], contained, accord- 
ing to spectral analysis data, 0.01 % antimony, 
0.0084 % copper, 0.0005 % lead, 0.0009 % 
bismuth, 0.00025 % silver, 0.0197 % iron and 
0.0018 4% nickel; the purity of the aluminium 
used was 99.99%, and the zinc 99.9% The 
tellurium was purified by double distillation. 
The alloys were prepared in a vacuum of 1075 
mm hg. The specimens for microhardness 
measurement were prepared by mechanical 
polishing with a special paste [7]. The 
microhardness was determined on a PMT-3 
apparatus, design by M.M. Khurshchev and 
Ye.S. Berkovich, at a load of 15 g. The data 
presented are the mean of 11-13 different 
measurements on various parts of a microsec- 
tion, The root-mean-square error of the 
measurements did not exceed + 4 4%, 

The results obtained by us are presented in 
Tables 1, 2 and in Figs, 1-4, Taken separa- 
tely, tellurium, zinc and aluminium increase 
the microhardness of tin. However, a com- 
pletely different picture is observed during 
their joint action. In fact (Figs. 1 and 2), 
at small concentrations of aluminium and zinc, 
tellurium increases the microhardness, With 
a further rise in concentration of the in- 
active constituents the microhardness becomes 
practically constant (with 0.1% aluminium 
and 0.05 % zinc). After these buffer concen- 
trations, increasing the concentration of the 
inactive component causes a change of sign in 
the action of the surface-active component, 
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TABLE 1 
Microhardness of tin-tellurium- zinc alloys 


at. % 


0.047 


12.0 


0.02 11.1 11.2 11.7 12.9 11.2 
0.05 11.5 11.7 12.0 11.1 11.8 
0.1 12.9 12.1 12.7 12.0 11.5 


13.9 
13.9 
13.0 


TABLE 2 
Microhardness of tin-tellurium-aluminium alloys 


Cre, at. % 


Cals at. % 
0.054 0.197 0.92 


11.9 


0.02 10.3 10.9 41.7 12.0 11.5 
0. 05 9.8 10.4 10.9 10.4 10.8 
0.1 9.6 9.5 9.1 .2 9.9 
0. 2 10.8 10.0 10.6 10.6 9.9 
0.5 12.7 13.4 11.9 9.6 12.7 


15.4 


c the concentration. For solutions of alu- 


and the addition of tellurium reduces the 


microhardness of the alloy. These results minium, zinc, cadmium, tellurium, bismuth 
agree with those obtained by Dogadkina [8] and sodium in tin Fig. 5 shows the dependence 
when studying the microhardness of tin- of solubility and Fig. 6 of mechanical ac- 


aluminium-sodium alloys. 


The mechanism of microhardness alteration by ¢iVity* on the generalized moments m= —- , 


r 


surface-active and inactive impurities is where e is the charge of the ion and r its 
different in the respect that the tensions radius, In the same way as solubility de- 
caused by. the first impurities are connected creases when the difference between the 

with the repulsion forces between the solvent generalized moments of the solvent and solute 
atoms and the larger and weak atoms of the decreases, regardless of the sign of this 
impurity which have replaced them in the difference, so does the mechanical activity 
lattice, but the tensions caused by the second increase when the solubility decreases or the 
impurities with smaller radii and more inten- difference between the generalized moments 
sive fields occur due to the constriction of increases, However, the causes of microhard- 
the lattice, as in lattices of the inter- ness increase which correspond to the case of 
stitial type. This hypothesis is confirmed small and strong atoms (lattice constriction) 
by our earlier data on the relationship bet- and to the case of large and weak atoms 


ween the solubility and the mechanical activity 


oo » where H is the microhardness and ~* This concept was introduced by Konstantinov [9]. 
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Fig. 1. Dependence of microhardness of tin and 


tin-aluminium alloys on tellurium concentration. 
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Fig. 2. Dependence of microhardness of tin and 
tin-zinc alloys on tellurium concentration. 


(lattice dilation) are opposed; therefore, 
their mutual compensation is probable. The 
reason why, at some fixed concentration of 
the strong component, the influence of the 
weak component is compensated over a quite 


at .% 


Fig. 3. Dependence of microhardness of tin and 
tin tellurium alloys on aluminium concentration. 
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Fig. 4. Dependence of microhardness of tin and 
tin-tellurium alloys on zinc concentration. 


significant range of concentrations remains 
obscure, all the more as surface-active 
(weak) components in most cases influence 
microhardness more than inactive components. 
We consider that further investigations of 
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Fig. 5. Dependence of solubility of aluminiun, 

zinc, cadmium, bismuth, sodium and tellurium in 

tin on the difference between the generalized 
moments. 


this curious phenomenon in relation to the 
properties of the components, the methods of 
preparation of the alloys and other conditions 
will assist in understanding its nature. 


Translated by R.D.M. Hegarty 
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DETERMINATION OF THE MICROHARDNESS ANISOTROPY OF 
BERYLLIUM CRYSTALS* 
R.I. GARBER, S.YA. ZALIVADNYI and F.S. GOROKHOVATSKII 
Physico-Technical Institute, Uk.S.S.R. Academy of Sciences 


(Received 2 April 


1959) 


A method enabling microhardness anisotropy to be determined on a 
spherical monocrystal specimen has been devised and put into prac- 


tice. 


The microhardness anisotropy of monocrystalline beryllium, having 


an initial purity of 99.4%, has been determined. 


The microhardness 


is represented as an ellipsoid of rotation about the six-fold, the 
ratio of the axes being 0.6 (along the axis of Cg-350 kg/mm”, along 
the perpendiculars to Cg-217 kg/mm. 


When studying the anisotropy of the hardness 
of aluminium and antimony crystals, Schulz and 
Hanemman [1] came to the conclusion that turn- 
ing the pyramidal indenter through various 
angles about its own axis leads to more ap- 
preciable changes in microhardness numbers on 
the same crystallographic surface in compari- 
son with the changes obtained on different 
faces of the crystal without turning the in- 
denter. 

Dimitriyev [2] generally confirmed the con- 
clusion of Schulz and Hanemman on crystals of 
beryl, zircon, aragonite, calcite and fluorite. 
However, this author considers that, when 
different faces belong to one crystallographic 
zone and measurement of the restored impression 
is done along the diagonal directed along the 
axis of the zone, the results are comparable, 

Kaufmann, Gordon and Lillie [3] determined 
the hardness numbers of separate crystals of 
beryllium, They obtained for the direction 
Cg HR = 87, and along the Cy axis HRp = 35. 
The hardness of an extruded rod was 64 in 
cross-section and 81.2 for a longitudinal 
section, 

The present work was undertaken with the 
object of making a fuller study of the micro- 
hardness anisotropy of monocrystalline beryl- 


* Fiz. metal. metalloved. 9, No.2, 274-278, 1960. 


lium, The investigation was carried out on 
monocrystals obtained from a melt of poly- 
crystalline beryllium 99.4% pure. Crystal- 
lization took place in a special metallic 
vacuum chamber at a pressure of the order of 
1075 mm hg. Crystallization temperature con- 
ditions were controlled by a heat-treatment 
furnace, whose diagrammatic arrangement is 
presented in Fig.1. The crucible 1 has a 
hemispherical bottom and a conical wall. 

The temperature of the melt was raised to 
1400° (120° above the melting point of bery]l- 
lium). After soaking at this temperature for 
one hour, the melt was steadily cooled from 
bottom to top, The crystallized beryllium 
was withdrawn from the furnace after the sys- 
tem had cooled to room temperature, AS a 
result of the crystallization, blocks of 
large monocrystals, measuring up to 30 mm 
across, were obtained, 

For microhardness anisotropy measurement, 
specimens of spherical shape were manufactured 
from monocrystalline beryllium, The rounding, 
abrading and surface polishing of the speci- 
mens was done on a lathe with cutting tools, 
abrasive paper and chromic oxide. To obtain 
a complete microhardness anisotropy diagram 
of a hexagonal crystal, such as beryllium, it 
it is sufficient to investigate one spherical 
sector ABC (Fig, 2) between adjacent axes Co. 
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perpendicular to the prism faces, and axis Cg. 
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1 - crucible of beryllium oxide; 
cover; 3, 4, 5 and 6 - electric furnaces; 7 - 
casing; 8 — side screens; 
10 - support; 11, 12 and 13 ~ openings for thermo- 
couples; 14, 15, 16, 17 and 18 - outlets for 

power supply to electric furnaces. 


Fig. 1. Diagram of heat-treatment furnace for 
crystallization of beryllium: 


2 - crucible 


9 — upper screen; 


Fig. 2. Diagram of location of points near which 
microhardness numbers were determined. 


The places at which microhardness was 
determined are marked with smali circles on 
Fig. 2. 

Orientation of the specimens was achieved 
by means of Laue crystallograms with clear 
spots. The absence of asterism of the spots 
on the Laue crystallograms indicated the high 
quality of the monocrystals obtained, 

The microhardness measurements were taken 
on a PMT-2 microhardness meter at a load of 
100 g. 

The indenter loading took 15 sec. The load 
was maintained for 10 sec. Load removal took 
15 sec. 

A special fixture, attached to the micro- 
hardness meter table (Fig.3), was used for 
setting up and reading the rotation angles of 
the specimen. 


Pig. 3. View of fixture for holding spherical 
beryllium specimen. 


The microhardness was calculated from the 
mean value of the results of measuring three 
restored indenter impressions near each of 
the points plotted on the diagram inside the 
small circles (Fig. 2). The scatter of the 
microhardness numbers in a given place (in- 
side the circles) did not exceed 5%; in 
general it did not exceed 10%. 

Three different specimens were investigated 
in all. One of them, after a three-year soak 
at room temperature was annealed at 600° for 
4 hr. All the measurements gave similar 
results, Preliminary annealing of the speci- 
men had no noticeable influence on the micro- 
hardness numbers. The microhardness numbers 
obtained from testing one of the specimens 
are presented in Table 1. 
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Fig. 4. Polar diagram of microhardness anisotropy of beryllium 
monocrystal in plane containing Cg. 


TABLE 1 
Microhardness numbers of beryllium monocrystal, (kg/mm?) 


8° angle of 
rotation of 
specimen in 
plane 
containing 
C 


g (see 40 50 
Figs. 2 and 4) 


¢° -— angle of rotation of specimen in 
Plane containing C, (see Figs. 2 and 5) 
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Fig. 5. Polar diagram of microhardness anisotropy 
of beryllium monocrystal in plane perpendicular to 
6° 


Figs. 4 and 5 present polar diagrams of the 
microhardness anisotropy of beryllium in 
planes containing and perpendicular to Ce 
respectively. As can be concluded from Figs, 


2, 4 and 5, the microhardness diagram of 
beryllium has a shape close to that of an 
ellipsoid of rotation about the six-fold axis 
with a ratio of the axes of the representa- 
tive surface ellipsoid equal to 0.62 (217 
kg/mm2 along the perpendiculars to the Cg 
axis and 350 kg/mm? along the Cg axis). 


Translated by R.D.M. Hegarty 
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PECULIARITIES OF THE TEMPERATURE DEPENDENCE 
ALLOYS* 


OF THE MAGNETIC ANISOTROPY ENERGY OF Fe-Al 


I.M. PUZEI 


Institute of Precision Alloys, Central Scientific Research 
Institute of Ferrous Metallurgy 


(Received 6 July 1959) 


An investigation has been made into the temperature dependence of the 
anisotropy constant of Fe-Al alloys with an Al content from 7.4 to 16% 
in the range from -196 to +400°C in the annealed and quenched states. 
The temperature dependence of the anisotropy constant of these alloys 
has characteristic peculiarities caused, in addition to the ordering 
process, apparently, by the different magnitude of the magnetic moments 


of iron atoms. 


In references [1, 2] it was shown that when 
an alloy is near the magnetic-isotropic state 
‘‘anomalies’’ are observed in the temperature 
course of magnetic anisotropy energy (maximum, 
reversal, change of sign). These phenomena 
take place in the binary alloy NigFe, in Mo- 
Permalloy, and in Ni-Co, Fe-Co alloys, 

’ Proceeding from the standpoint that magnetic 
interaction between atoms leads to the lifting 
of degeneracy in direction, in exchange inter- 
action [3], and considering also that the 
nearest neighbours give the main contribution 
to exchange interaction, the above-mentioned 
‘‘anomalies’’ in the temperature dependence of 
the natural energy of anisotropy may be ex- 
plained by the behaviour of the anisotropy 
caused by their composite interaction (see 
reference [1]). 

Here it is of primary importance that the 
atoms of the components of the alloy have dif- 
ferent magnetic moments. 

In Fe-Al alloys the only ferromagnetic com- 
ponent is the iron; however, in these alloys, 
according to the data of reference [4], iso- 
tropy is observed for room temperatures at 
concentrations of 12% Al in the ordered and 
16% Al in the disordered states, Therefore, 
in view of the foregoing, it was of interest 


* Fiz. metal. metalloved. 9, NO.2, 279-282, 1960. 


to investigate the temperature dependence of 
the magnetic anisotropy energy of these 
al loys. 

The monocrystals for the investigation were 
obtained from a melt. The fusion was perfor- 
med in aluminium oxide crucibles in an argon 
atmosphere, 

The electrolytic iron had the following com- 
position: C= 0.0007%; Si =0.02%; Mn= 
= 0.03%; Ni= 0.02%; Cu=0.03%; S= 
= 0.0003%; P = 0.0003%; remainder Fe. 

The aluminium was of mark AVOOO with prin- 
cipal impurities: Si = 0.0015%, Fe = 0.0017%, 
Cu = 0.0008%. Chemical analysis of samples 
for aluminium taken from two sides of a speci- 
men along the line of crystal growth was per- 
formed with an accuracy of +0.2%. 

The specimens were spherical in shape. The 
accuracy of shape was maintained to + 0.0005 
mm for a diameter of 9-10 mm, After mechani- 
cal treatment the specimens were pickled with 
acid and annealed in a vacuum of 5 x 1073 mm 
hg at 1000° with a soak of 3 hr and subse- 
quent slow cooling (100°/hr), and from 500 to 
200° through 20° intervals with 5 hr soaks. 

After annealing and light polishing the 
energy of anisotropy was investigated. 

The specimens were further heated in an 
evacuated quartz ampoule to 700°, soaked for 
3 hr, and then the ampoule was rapidly trans- 
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ferred to cold water and broken, In what 
follows, the first low-temperature treatment 
is called annealing and the second quenching. 

Measurement of the magnetic anisotropy con- 
stant was performed on the apparatus described 
in reference [5]. The strength of the mag- 
netic field during the measurements was equal 
to 20,000 oersteds. It may be considered that 
in this field saturation of the rotation 
moment took place, 

The temperature dependence of the anisotropy 
constant of Fe-Al alloys after quenching and 
annealing is shown on Figs. 1-4. 
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The same as Fig. 1, for an alloy with 
11.0% Al: 
@ — quenching; o — annealing. 


Fig. 2. 


In the alloy containing 7.4% Al, the in- 
fluence of ordering is still considerable. 
According to the structural diagram [6], long- 
range order exists, starting from 10% Al; 
therefore, the change of constant in the alloy 
containing 7.4% Al is caused by transformations 
of the close order type. This is also indi- 
cated by the fact that, in spite of the strong 
concentration disordering, at temperatures 
beginning at 250° the curves coincide for both 
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states, that is, the ordering process proceeds 
very rapidly, which is characteristic for a 
transformation of the short-range order type 
[7]. 

When 11% Al is present, the influence of 
ordering is stronger (Fig. 2); especially in 
the low-temperature region. In the ordered 
state, in the range from -200 to +200° a 
slight dependence of the constant on tempera- 
ture is observed, and in the range from -200 
to + 20° it is a reverse one. 

In an alloy of stoichiometric composition 
with 14% Al the influence of ordering is still 
deeper, as annealing leads to a shift of the 
kK (t) curve from the positive to the negative 
energy region. The course of the K (t) curve 
after hardening is analogous to that in the 
specimen with 11% Al, but at one-third of the 
values of the constant, and from 0 to -200° 
it is observed to decrease. The change of 
sign of the constant at 250° is probably 
caused by the ordering process, as at 315° 
the values of the constant are the same for 
both states. 

In the alloy with 15.8% Al the anisotropy 
constant was reduced by an order of magnitude 
as compared with the alloy containing 14% Al 
(Fig. 4). The general temperature dependence 
picture is retained, except that at 0° the 
change of sign is not due to the ordering 
process. 

Figs. 5 and 6 show the dependence of the 
anisotropy constant on the composition at 
various temperatures after quenching and 
annealing. Isotropy at room temperature 
occurs at 11.6% Al (annealing) and 15.8% Al 
(hardening). 

In the range of concentrations from 10.7 to 
11.5% Al after annealing (Fig. 6) there occurs, 
apparently, a reverse temperature dependence 
of the anisotropy constant, that is, a growth 
of its absolute value with rise of tempera- 
ture. 

It is evident from Figs, 2-5 that in Fe-Al 
alloys peculiarities are observed in the tem- 
perature dependence of the anisotropy constant 
- the presence of a maximum, reverse dependence 
and change of sign — which are peculiarities 
distinctive to alloys whose ferromagnetic com- 
ponents have different moments. 

According to neutronographic investigations 
of Fe,Al phase the iron atoms have different 
magnetic moments [8]. In this region there 
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are two kinds of iron atoms in the Fe,Al 
structure: (a) atoms surrounded by 4 atoms of 
aluminium and 4 atoms of iron, which are dis- 
posed at the corners of tetrahedra; (b) atoms 
surrounded by 8 atoms of iron. In the first 
case, the 3d-shells of the iron atoms capture 
some of the external electrons of the Al atoms, 
due to which the magnetic moment of these 
tetrahedraliy; surrounded atoms is equal to 

1.3 + 0.5 mw p, while atoms of the second kind 
have a magnetic moment of 2.0 + 0.15 up- 
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The same as Fig. 1, for an alloy with 
14.0% Al: 
1 - quenching; 2 — annealing. 
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The same as Fig. 1, for an alloy with 
15.8% Al: 


1 quenching; 2 annealing. 


Fig. 4. 


After disordering, instead of two groups of 
atoms with 4 and 8 iron atoms in the nearest 
co-ordination zone we shall have eight groups 
of atoms with a different statistical weight 
with a number of neighbour-atoms of iron from 
0 to 8. This circumstance must affect both 
the exchange energy and the distribution of 
the magnetic moments of the atoms, which will 


lead to saturation changes at room temperature, 
Experiment shows that saturation does in fact 
increase by some per cent on ordering [11, 12]. 


K=40.104, erg/ om? 


20 \ 
NS 


10 


OL 
é 


Fig. 5. Dependence of magnetic anisotropy constant 
on composition of Fe-Al alloys at various tempera- 
tures after quenching from 700° in water. 
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Fig. 6. The same as Fig. 5, after annealing. 


Thus, the atomic magnetic structure of Fe-Al 
alloys in the region of the existence of the 
Fe,Al phase is analogous to the structure of 
alloys of ferromagnetic elements with a dif- 
ferent magnitude of the magnetic moments of 
the atoms of the components (e.g. Fe-Ni, Ni- 
-Fe-Mo, Ni-Co, Fe-Co). We were therefore able 
to anticipate the possibility of the occur- 
rence of peculiarities in the temperature de- 
pendence of the anisotropy constant of Fe-Al 
alloys which were observable in Fe-Ni, Ni-Co, 
Fe-Co and other alloys, and this has been con- 
Ttirmed by experiment, 

It is of interest to observe that in nickel 
alloys with non-ferromagnetic components the 
nickel atoms can possess, apparently, only 
either a null moment or a moment equal to 
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unity; therefore in such alloys the depen- 
dence of the anisotropy constant on the com- 
position and temperature is of a monotonous 
character [9, 10] and has no peculiarities, 


Translated by R.D.M. Hegarty 
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THE REASONS FOR BRITTLENESS OF 
VACUUM ANNEALED TUNGSTEN* 


I.F. MIKHAILOV, V.S. KOGAN and N.A. KOSIK 


Physico-technical Institute Academy of Sciences Ukr. SSP. 


(Received 7 July 1959) 


Tungsten annealed in a “‘cold’’ vacuum (that is, in a vacuum obtain- 


ed by the low temperature method) remains plastic. 


This is connected 


with the fact that with annealing such as this its surface does not 


become contaminated. 


Annealing in a normal vacuum leads to the forma- 


tion of a layer of WC on the surface of the specimen, and this is 
responsible for the brittleness of the tungsten. 


As is known, tungsten filaments become 
brittle with prolonged work in a vacuum at 
high temperatures, At the present time there 
are two points of view as to the reason for 


the appearance of brittleness in tungsten: 

one of them connects the appearance of brittle- 
ness with the recrystallization which takes 
place with high temperature annealing in a 


vacuum [1]; the second point of view explains 
the appearance of brittleness in tungsten by 
surface defects arising as a result of its 
contamination by impurities of other substances 
[2-4]. The possibility is not excluded of 
these causes acting simultaneously, leading to 
the appearance of brittleness in tungsten when 
heating it in a vacuum, 

In the present work, an attempt is made to 
determine the causes of the occurrence of 
brittleness in tungsten filaments, With this 
object, the tungsten was annealed in conditions 
which excluded contamination of its surface. 
These conditions were ensured by using low 
temperature methods of obtaining a high vacuum 


[5]. 


EXPERIMENTAL TECHNIQUE 


The installation diagram is shown in Fig.1. 


* Fiz. metal. metalloved. 9, No.2, 283-287, 1960. 


The metal vessel 1 in which the tungsten was 
annealed was placed in a Dewar vessel with 
liquid nitrogen 2, which ensured that the 
impurities were frozen out on the walls of 

the vessel due to the low vapour pressure at 
this temperature, The testpieces were fixed 
onto molybdenum inlets 3 sealed into the 
stopper of the thin section 4. During the 
experiment, the thin section was submerged in 
liquid nitrogen, In this way, the annealing 
was carried out in a vessel all of whose walls 
were cooled. This excluded the possibility of 
interaction between the incandescent tungsten 
and the active substances in the vacuum [6]. 

The system was evacuated with a mercury 
diffusion pump 5, at an evacuation rate of 8 
l/sec. To prevent mercury vapour from falling 
into the container a nitrogen trap was instal- 
led 6. The pressure in the system was 
measured by an ion gauge 7. Since the compo- 
sition of the residual gases is not known 
exactly, the value of the pressure cited 
henceforth is nominal, The gauge was calibra- 
ted to nitrogen, 

Industrial tungsten wire 0.3 mm in diameter 
was taken for the experiment. The annealing 
temperature of the tungsten was determined 
from the dependence between the electric 
resistance and the temperature R = f(T). The 
specimens of tungsten were annealed at various 
temperatures, both in conditions when the 
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vessel 1 was placed in the Dewar vessel 2 full 
of liquid nitrogen (such conditions will hence- 
forth be called ‘‘cold vacuum conditions), and 
in normal vacuum conditions. When annealing 

in a cold vacuum, the pressure in the container 
was equal to 2 - 3 x 1076 mm hg column, which 
can be explained by adsorption of the residual 
gases by atomized tungsten, 


Instrument for annealing tungsten in a 

1 ~- metal vessel, 2 — dewar vessel 
narrow part, 5 — mercury diffusion pump, 6 — nitro- 
7 — manometer valves. 


Fig... i. 
“cold’’? vacuum: 
with liquid nitrogen, 3 — molybdenum inlets, 


INFLUENCE OF ANNEALING ON THE 
PLASTICITY OF TUNGSTEN 


The specimens were annealed as a rule for 


(b) 


Rig. 


Brittleness of vacuum annealed tungsten 


14,1 


1 hr. The whole region of annealing tempera- 
tures from 1000 to 3200° can be divided into 
four intervals, according to the influence of 
annealing on the properties of the tungsten. 
The boundaries of these intervals shift 
slightly, depending upon the annealing time: 
the first is from 1000 to 1200°; the second 
from 1300 to 2100°; the third from 2200 to 
2500°, and the last is over 2500°. Annealing 
at temperature of 1000-1200° leads to the 
formation of a film of tungstic oxides on the 
surface [7]. In this case, no visible differ- 
ence in the mechanical properties of the 
specimens was discovered, either in those 
annealed in a normal vacuum or in those 
annealed in a cold vacuum. On increasing the 
annealing temperature the oxide film dis- 
appeared, These facts were known previously 
[8]. Thus, below a temperature of 1200°, no 
difference is observed in the behaviour of 
tungsten annealed in a normal or in a cold 
vacuum, A tungsten wire annealed in a cold 


vacuum at temperatures over 1300° became 
plastic,* whereas analogous annealing in a 


* This plasticity arises as a result of quite pro- 
longed annealing (not less than 1 hr). Anneal- 
ing of short duration, 10 to 15 min, leads to 
the appearance of brittle zones which disappear 
with further annealing. This nonmonotonic de- 
pendence between the plastic properties of tung- 
sten wire and the time of annealing in cold 
vacuum is apparently connected with the non- 
monotonic progress of change in grain size 
in the specimen which was observed by x-ray 


diffraction methods. 
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(¢) (d) 


Specimens of tungsten treated in various ways. 


a — spiral wound from the original wire, b - wire annealed at 1500° in 
a normal vacuum, c — spiral wound from wire annealed at 1500° in a cold 
vacuum, d — spiral wound from wire from which the surface layer of car- 
bide had been etched off which had formed on annealing in a normal vac- 


uum at 1600°. 


(a) 


Brittleness of vacuum annealed tungsten 


normal vacuum led to the appearance of brittle- 
ness. If the brittle specimens annealed in a 
normal vacuum are then subjected to cold- 
vacuum annealing they become plastic. 

A wire annealed in a cold vacuum had a con- 
siderably lower elastic limit than the original 
wire. Tensile tests did not give accurate 
results because of the very scattered nature 
of the data, It was only possible to conclude 
that the strength of the annealed wire was 
somewhat lower than that of the original, In 
view of this, a method of comparison was adop- 
ted by means of measuring the minimum radius 
of bend obtained when winding the wire into a 
spiral. With this way of testing the wire, it 
turned out that the properties of the original 
tungsten and those of the tungsten annealed in 
a cold vacuum were practically the same, This 
is illustrated by Fig.2. Fig.2(a) shows a 
spiral wound from the original wire; Fig. 2(c) 
shows a spiral wound from wire cold-vacuum 
annealed at a temperature of 1500°. As can be 
seen, the spirals are the same, The radius of 
curvature reaches 0.2 to 0.3 mm. Fig. 2(b) 
shows wire annealed at a temperature of 1500° 
in a normal vacuum, It can be seen that the 
specimen breaks without noticeable bending. As 
regards the mechanical properties of specimens 
annealed in a normal vacuum, further increase 
in temperature right up to 3000° gives rise to 
no change. 

When annealing in a cold vacuum, the plas- 
ticity of the tungsten is preserved up to a 
temperature of 2100°. At temperature above 
2100°, a decline in plasticity is observed in 
the interval 220 - 2500° The minimum radius 
of bending increases to lcm, 

At temperatures over 2500° the plasticity of 
the tungsten again increases, the wire becomes 
so soft that it bends under its own weight, 
and the minimum radius of bending reaches a 
mere 3 mm, 


RESULTS OBTAINED 


In order to explain the reasons for the 
brittleness, an x-ray diffraction study was 
made of the specimens. Comparison of the 
results showed that the specimens annealed in 
a cold vacuum at temperatures over 1300° have 
an uncontaminated surface (the grain size in-. 
creased slightly under this treatment, and the 
internal stresses decreased in comparison with 


those of the original). easurements of the 
residual electric resistance gave the follow- 
ing results: the ratio of the electric resis- 
tance at a temperature of 4.2°K to the resis- 
tance at a temperature of 300°K was 

Rg = 75 x 10°? for the original 
specimen, and for specimens annealed in cold 
vacuum at 2000°C it was = 

Thus, the residual electric resistance of 
the specimens decreased by 4 times. This is 
confirmed by the above mentioned result of 
the x-ray diffraction study, but may also be 
partly caused by a certain amount of cleaning 
of the specimen due to evaporation of the 
impurities, 

The appearance of the iroentgenograms; taken 
of the specimens annealed at temperatures over 
1300° in a normal vacuum points to the fact 
that a new substance is formed on their sur- 
face. Calculation of these roentgenograms 
shows that this substance has a hexagonal 
lattice with an axial ratio c/a = 1.57 and an 
axial length a = 2.98 8, ¢ = 4.71 & which 


corresponds to the lattice of tungsten car- 
bide W.c [9]. 


Surface etching with a mixture 
of hydrofluoric and nitric acid showed that 
after removing a layer 10 y% thick from the 
wire annealed for 1 hr in a normal vacuum at 
a temperature of 1500°, the tungsten carbide 
lines on the roentgenograms disappear com- 
pletely, and well defined tungsten lines 
appear. It could be assumed that this surface 
layer of tungsten carbide WoC which, as is 
known, is very hard, is the reason for the 
brittleness of the tungsten annealed in a 
normal vacuum. This was actually confirmed 
by experiment. After removing the surface 
layer of tungsten carbide the plasticity of 
the tungsten is restored, 

Fig. 2(d) shows a spiral wound from tungsten 
annealed in a vacuum at T = 1600° after etch- 
ing off the surface layer of WoC. AS can be 
seen, the plastic properties of the tungsten 
treated in this manner do not differ from 
those of the original or from tungsten cold- 
vacuum annealed at the same temperature, It 
follows from this, that a surface layer of 
tungsten carbide, which apparently forms as a 
result of the vapours of carbon-containing 
substances present in the vacuum decomposing 
on the surface of the incandescent tungsten, 
is responsible for the brittleness of tungsten 
annealed in a normal vacuum, 
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An x-ray diffraction study of specimens of 
tungsten annealed at temperatures over 2100° 
showed the presence of recrystallization with 
the formation of comparatively large crystals, 
As is known, macrocrystalline tungsten posses- 
ses less plasticity [10]. This probably ex- 
plains the decrease in plasticity observed in 
specimens annealed in this temperature range, 
The possible explanation that the appearance 
of brittleness is due to surface defects or 
the presence of a film [2-4] is refuted by the 
fact that a microscopic study of the surface 
of the specimens did not reveal any difference 
whatsoever in comparison with the ductile 
specimens annealed at lower temperatures. Study 
of the specimens annealed above 2500° showed 
the presence of monocrystals over the whole 
width of the wire and extending to a length 
comparable with the length of the specimen. 
Such specimens, possessing unit intercrystal- 
line layers, exhibit increased plasticity. 


CONCLUSIONS 


1. It has been shown that when annealing in 
conditions of a ‘‘ clean vacuum’’, obtained by 
cooling the walls of the container with liquid 
nitrogen, the plasticity of tungsten remains 
unchanged right up to T = 2100°C. 

2. The cause of brittleness in tungsten when 
annealed in a normal] vacuum is the formation 
on its surface of a layer of tungsten carbide 


Brittleness of vacuum annealed tungsten 


WoC. Etching off the surface layer of carbide 
restores the plastic properties of the test- 
piece, 

3. When increasing the annealing temperature 
above 2100°C changes in the plastic properties 
of tungsten are observed which are connected 
with recrystallization. 

In conclusion we wish to express profound 
gratitude to Prof, Ye.S. Borovik for his part 
in discussing the present work and for his 
valuable comments. 


Translated by J.J. Cornish 
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STUDY OF TWINNING 


IN METAL CRYSTALS WITH 


THE AID OF A CONCENTRATED LOAD* 
V.M. KOSEVICH and V.I. BASHMAKOV 
Khar’ kov Polytechnic Institute 
(Received 15 July 1959) 


A study was made of twinning in single crystals of bismuth and antimony 
as well as of bismuth-based alloys with antimony, tin and lead under the 


action of a concentrated load. 


As the quantitative characteristic of 


twinning, the ratio of the twinning layer to the diagonal of the impres- 


sion was used, 


It was found that admixtures entering the composition of 


a solid solution considerably increase the intensity of twinning. 


Twinning in metal crystals is usually studied 
in the same way as slip by extending cylindri- 
cal specimens [1]. In this case however, it 
is not possible to obtain sufficiently stable 
quantitative characteristics for twinning, 
such as the critical shear stress and the 
strengthening curve. Deforming single crys- 
tals by a concentrated load gives better re- 
sults. By this method, for example, it was 
established that the work of forming the sur- 
face of elastic twin crystals in calcite can 
be regarded as an ‘invariant of damage” 
The application of the concentrated load to 
the study of metal crystals has already made 
it possible to obtain a number of interesting 
results, true, results which are qualitative 
in character [3,4]. 


Fig. 1. Impressions of the diamond pyramid and the 
twinning layers around them on cleavage planes 
(111). lis themeasured lengthof the twinning layer. 


a— pure antimony; b — Bi alloy with 2.5% Pb; in- 
clusions of excess tin - the black dots - do not 
hinder the twinning layers from spreading; X 100.° 


* Fiz. Metal. Metalloved. 9, No.2, 288-293, 1960. 


In the present work, a concentrated load is 
used for quantitative evaluation of twinning 
in single crystals of bismuth, antimony and 
certain bismuth-based alloys. 

Deformation of the single crystals was 
carried out on an instrument for measuring 
microhardness PMT-3, equipped with a device 
for automatic loading (5). The specimens 
were split off large single crystals along the 
cleavage planes, After indentation with a 
diamond pyramid indenter, impressions remain 
on the cleavage planes surrounded by a series 
of twinning layers, The most characteristic 
of these are shown in Fig.1. We made an 
attempt to explain the connection between the 
dimensions of the twinning layers and the 
size of the load and the amount of deformation 
brought about by the diamond pyramid. 


1. TWINNING IN SINGLE CRYSTALS OF 
BISMUTH AND ANTIMONY 


When studying twinning in bismuth and anti- 
mony under the action of a concentrated load, 
dependences of two types were constructed: 

(a) P (load) - 1 (length of the twinning layer 
in the cleavage plane); 
(b)’d (diagonal of the impression ) - l. 

In order to construct these dependences, a 
series of measurements was carried out at dif- 
ferent loads, from 2 to 100 g. The value of 
l was taken as the length of the biggest 
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residual twinning layer, measured from the 
centre of the impression (Fig.1). 

Fig. 2 shows the dependences obtained between 
l and P, and between 1 and d. Each point in 
Fig. 2 is the average of twenty measurements, 
The spread of the separate measurements of the 
lengths of the twinning layers turns out to be 
considerable - of the order of + 15%, which is 
apparently connected with defects in the in- 
ternal structure of the crystals. AS can be 
seen from Fig.,2, there is a parabolic-type 
dependence between the load P and the length 
of the twinning layer 1, whereas the depen- 
dence between / and d is linear: 


l=a+ed. (1) 


The presence of a linear dependence between 
l and d makes it possible to draw certain con- 
clusions with regard to the conditions cf 
propagation of twinning layers in metal crys- 
tals. It is known that when measuring micro- 
hardness in a definite range of loads, a 
geometrical similitude is observed in the dis- 
tribution of deformations around impressions 
of various sizes, that is, the dimensions of 
a region which has received a definite degree 
of deformation increase in proportion to the 
increase in the diagonal of the impression. 
Consequently, the dimensions of residual 
twinning layers in metal crystals is linearly 
dependent upon the amount of plastic deforma- 
tion applied to the crystal, 

In the case of twinning in single crystals 
of calcite, the dependence between the load 
and the length of the elastic twinning layer 
is found to be linear [2]. Since twinning in 


150 


100 


Fig. 2. 


a — between 1 and P; 


Twinning in metal crystals 


700 « 


Dependences: 
b — between | and d for bismuth. 
points, denoted by various signs, are obtained on different specimens. 


calcite takes place in the elastic region, 
this dependence should remain linear if the 
load is replaced by the value of the elastic 
deformations, 

In this way, we come to the conclusion that 
the dimensions of the élastic twinning layers 
are linearly dependent upon the value of the 
elastic deformation, and the dimensions of 
the residual twinning layers are linearly 
dependent upon the value of the plastic defor- 
mation applied to the crystal, 

The dependences between / and P and between 
1 and d established for single crystals of 
bismuth and antimony make it possible to 
select a constant for the quantitative charac- 
teristic of twinning, Obviously, the most 
convenient is to make use of the factor of 
proportionality @ from expression [1], Factor 
@ can be regarded as a certain characteris- 
tic of the intensity of twinning in a given 
crystal under the action of a concentrated 
load. The greater the numerical value of a 
the less plastic is the crystal: for bismuth 
a equals 1.4, for antimony, which is more 
brittle, a@ equals 4.6. 

The quantity a is apparently connected with 
the elastic limit of the crystal, since the 
higher the elastic limit the greater the dis- 
tance to which the deformations around the 
impression spread, It might have been assumed 
that the length of the twinning layers would 
coincide with the linear dimensions of the 
pressure figure which arises near the impres- 
sion, Study of the relief of the deformed 


cleavage plane with an interferometer shows 
that this is not so, 


Fig.3 shows an inter- 
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Twinning in metal crystals 


ference picture which includes the impression 
and the twinning layer in a single crystal of 
antimony. By the distortion of the interfer- 
ence lines, one can detect that the pressure 
figure does not go outside the limits of a 
circular region with a radius of R ~1.5 d. 
The twinning layer spreads much further. The 
distortions of the interference lines along 
the twinning layer are localized in a com- 
paratively narrow region (A in Fig.3). The 
neighbouring regions (B), located at the same 
distance from the impression, are practically 
undeformed, Thus, twinning leads to redistri- 
bution of the deformations around the impres- 
sion, and is conducive to their anisotropic 
propagation to distances several times exceed- 
ing the dimensions of the pressure figure. 
Factor a@is a quantitative characteristic of 
such anisotropic propagation of deformations 
formed by the twinning method. 


Fig. 3. Interferometer picture which includes the 
impression and the twinning layer on plane (111) 
of antimony; xX 450. 


2. TWINNING IN SINGLE CRYSTALS OF 
BISMUTH — ANTIMONY ALLOY 


Metal alloys find a wider practical applica- 
tion than pure metal. Whereas an insignifi- 
cant number of works have been devoted to the 
study of plastic deformation in alloys, only 
single works [1,8] have been devoted to twin- 
ning in alloys in particular. In view of 
this, we undertook the study of twinning in 
some of the bismuth-based alloys. 
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Seven alloys of the bismuth-antimony series 
were studied, which had an antimony concentra- 
tion of 0.3, 0.6, 0.9, 12, 1.5, 1.8 and 2.1 
wt. % All these alloys are homogeneous solid 
solutions [6]. Single crystals of the alloys 
were grown by the Kapitza — Shubnikov method 
at a cooling rate of 0.02°/min. The growing 
process lasted 30-40 hr, after which the speci- 
mens were subjected to diffusion annealing for 
240 hr at a temperature of ~ 260°. 

In order to obtain quantitative data on the 
intensity of twinning in bismuth-antimony 
alloys, dependences were constructed between 
the length of the twinning layers and the size 
of the diagonal of the impression (Fig. 4). 
These dependences, as in the case of pure 
metals, were found to be linear, The slope of 
the lines, and consequently factor a, in- 
crease with increasing the antimony concen- 
tration. Fig.5 illustrates the dependence 
between @ and the composition of the alloy, 
which makes it possible to draw the conclu- 
sion that the higher the concentration of the 
admixture entering the composition of a solid 
solution the more intense is the twinning, 

In the same figure, Fig.5, can be seen how 
the microhardness H, of alloys changes with 
increasing the antimony content, The like 
shape of the curves for Hy and @ shows that 
there is a direct connexion between the micro- 
hardness of a homogeneous alloy and its ten- 
dency towards twinning, 

With the aid of factor @ we can only evalu- 
ate the intensity of the residual irreversible 
twinning. While in alloys, one should also 
expect changes in the elastic properties of 
the twinning layers, 

We made a qualitative evaluation of the 
elastic properties of twinning layers in alloys 
with bending of tabular single crystals, It 
was established that with increase in the con- 
centration of antimony, the effect of ‘‘elastic 
untwinning’’ is increased — the decrease in 
the width of a twinning layer on removing the 
load. With antimony concentration of ~ 1% 
totally elastic twinning layers appear. 

If we assume, as in work [7], that the elas- 
tic properties of twinning layers in metals 
are directly dependent on the value of the 
critical shear stress in slip 7,, then the 
results obtained find a simple explanation, 
Actually, an increase in the concentration of 
the admixture in a solid solution leads to a 
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An increase in 


significant increase in T,. 
7, must lead to intensification of elastic 
twinning, and to the appearance of totally 
elastic twinning layers in bismuth — antimony 


alloys. 
2/ YoSd 
250}- 
100 %oSb 18 YoSb 
99 
150+ / 
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a. 
Fig. 4. Dependences between 1 and d for bismuth, 


antimony and bismuth antimony alloys. 
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Fig. 5. Coefficient q@ (the continuous line) and 
the microhardness Hy (broken line) versus the 
concentration of antimony in bismuth - 
antimony alloy. 


It can be seen from the results obtained, 
that with an antimony content of about 2%, 
twinning in bismuth — antimony alloys goes with 
the same intensity as in pure antimony, With 
such an antimony concentration, twinning 
begins from the occurrence of the elastic layer, 
and for this alloy factor a, as regards size, 
approaches factor @ for pure antimony. More- 
over, it was noted that the external outlines 
of the twinning layers and the ways in which 
they intersect in the alloy with 2% Sb are the 
same in character as in pure antimony, 


Twinning in metal crystals 


3. TWINNING IN SINGLE CRYSTALS OF 
BISMUTH — TIN AND BISMUTH - LEAD ALLOYS 


Apart from the homogeneous alloys bismuth — 
antimony, we also studied the heterogeneous 
alloys bismuth — lead and bismuth — tin, 
Specimens were obtained of three bismuth - 
lead alloys with a lead content of 1.5, 3.0 
and 4.5 wt. %., and also of three bismuth - 
tin alloys with a tin content of 1.0, 2.5 and 
5.0 wt. % The specimens were mother-based 
single crystals of a solid solution with dis- 
seminations of excess phase. Cooling the 
alloys from a temperature above the eutectic 
lasted for ~ 50 hr. 

For all the alloys, dependences between 1 
and d were constructed and the value of factor 
a was determined. 

Th2 dependence between @ and the concentra- 
tion of tin in the alloy is shown in Fig.6. 

In the concentration range from 0 to ~ 1% of 
tin, factor a increases, but further than 

this it becomes practically constant. Accor- 
ding to the phase diagram of Bi-Sn [6], tin 

is up to ~1% soluble in bismuth at the eutec- 
tic point, and up to 0.2% soluble at room 
temperature, In the specimens which we 
studied, there could have been some saturation 
of the solid solution by tin in comparison 
with the equilibrium concentration for room 
temperature, The increase ip a obviously 
takes place in that region where the tin forms 
solid solutions with the bismuth, The absence 
of any increase with further increasing the 
tin content should be explained by the fact 
that in the heterogeneous region, the tin 
ceases to strengthen the matrix of the single 
crystal, Inclusions of excess tin in the 
matrix are located so far apart that they do 
not hinder the propagation of twinning layers, 
This is seen from metallographic investiga- 
tions (cf, Fig.1(b). 
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Fig. 6. a(continuous line) and H p. (Broken line) ver- 
sus the concentrationof tin in bismuth — tin alloy. 
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As in the case of bismuth — antimony alloys, 
the change in @ on increasing the tin content 
is analogous to the change in the microhard- 
ness of the alloy (Fig.6). 

Analogous curves are obtained for the bis- 
muth — lead alloy. An increase in a is obser- 
ved when increasing the lead content up to not 
more than 1.5% (the solubility limit of lead 
in bismuth at the eutectic point is calculated 
as 2% (6). Above this, @ remains constant and 
equal to approximately 1.65. 

The investigations carried out on twinning 
in Bi-Sb, Bi-Sn and Bi-Pb alloys show that the 
twinning process reacts on the mixture in the 
same way as other plastic deformation proces- 
ses: small admixtures entering into the com- 
position of a solid solution lead to signifi- 
cant changes in the quantitative characteris- 
tics and give rise to qualitatively new 
effects; insoluble admixtures have an insigni- 
ficant effect. 


CONCLUSIONS 


1. When deforming metal single crystals 
with a concentrated load, the dependence be- 
tween the length of the residual twinning 
layer 1 and the diagonal of the impression d 
is found to be linear: l1=a+ad. Factor 
‘a@ is used for the quantitative characteristic 
of the intensity of twinning in the given 
crystal. 


2. In the homogeneous alloys bismuth-antimony, 
@ undergoes considerable increase in propor- 
tion to increasing the antimony content. The 
increase in a takes place in the same way as 
the increase in the microhardness of the alloy. 
In alloys containing over 1% of antimony, 
twinning begins from the formation of elastic 
twinning layers and is just as intense as in 
pure antimony. 

3. In bismuth — lead and bismuth - tin 
alloys, in proportion to the increase in con- 
centration of the admixture, @ first of all 
increases slightly, and then remains practi- 
cally constant. 


Translated by J.J. Cornish 


REFERENCES 


. E.0. Hall, Twinning and Diffusionless Trans for- 
mations in Metals, London (1954). 

. I.V. Obreimov and V.I. Startsev, Zh. eksp. teor. 
fiz., 35, 1865 (1958). 

. M.V. Iakutovich and £.S. Iakovleva, Zh. eksp. 
teor. fiz. 9, 884 (1939). 

. I.A. Gindin and V.I. Startsev, Zh. eksp. teor. 
fiz. 20, 738 (1950). 

. L.S. Palatnik, G.V. Fedorov and V.M. Kosevich 
Zav. Lab. No.6, 759 (1958). 

. M. Khansen, Struktury binarnykh splavov (Struc- 
ture of Binary Alloys) Metallurgizdat (1941). 

. V.M. Kosevich and V.I. Bashmakov, Kristallo- 
grafiia, 4, iss. 5 (1959). 

. H. Suzuki and C.S. Barrett, Acta met. 6, 165 
(1958). 


VOL. 
9 
1960 
6 
7 
8 


116 


CONTRIBUTION TO THE QUESTION OF THE PART PLAYED BY 
DISTORTIONS OF THE SECOND KIND IN 


THE STRENGTHENING OF 


METALS* 


A.I. IL’ INSKII, V.M. KARDONSKII and M.D. PERKAS 
Institute of Metals Physics TSNIICHM 
(Received 12 August 1959) 


Results are set forth of an x-ray study of the change in the magnitude 
of distortions of the second kind and in the size of regions of coherent 
scattering when heating filed and monolithic (deformed) specimens of 


nickel and Fe-Si alloy. 


The experimental results obtained are in accordance with the concept 
of distortions of the second kind as a factor which accompanies strength- 


ening. 


On the basis of experimental data (1-5), 
the conclusion was drawn that, although the 
strengthening of metals is always accompanied 
by the occurrence of distortions of the second 
kind (inhomogeneous elastic deformation of the 
microregions), their presence itself is not 
essential for the conservation of states with 
high resistance to deformation. 

The accuracy of this conclusion, concerning 
the role of distortions of the second kind in 
strengthening, found further experimental 
confirmation when studying the change in the 
characteristics of the fine structure and 
mechanical properties when resoftening a filed 
powder and a monolithic specimen, 

When setting up these experiments, we pro- 
ceeded from the fact that in filed powder, the 


decrease in distortions of the second kind 
when heating can take place more quickly than 
in monolithic specimens. In literature there 
are mentions of a quicker decrease in the 
width of the interference lines when heating 
powders in comparison with monolithic speci- 
mens, [6]. 

If distortions of the second kind really do 
not have any substantial influence on the 
resistance of a material to plastic deforma- 
tion [1], then their quick removal in powders 
(in comparison with monolithic specimens) 
should not lead to a change in the hardness 
of individual grains of powder, 

Pure nickel and the binary alloy Fe-Si were 
taken for the investigation. The nickel was 
obtained by remelting electrolytic nickel in 


TABLE 1 
Chemical composition of the materials being studied 


Content of elements (wt.%) 
Material 
Material 0.02 0.002} 0.001 | 0.01 | 0.001 |0.0002 | 0.003 
Fe-Si .. 0.015 | 0.01 0.002 | 2.44 - - - 


* Fiz. Metal. Metalloved. 9, No.2, 294-299, 1960. 


Distortions of the second kind 


vacuo (1072-1073 mm hg,). The binary alloy 
Fe-Si was melted in an open 30kg h.f. furnace. 
The chemical composition of the alloy is given 
in Table 1. 

The specimens were strengthened by cold 
plastic deformation (rolling). The maximum 
strengthening of the material was obtained by 
filing the powder. 

The basic methods of studying the fine struc- 
ture of the strengthened metal were x-ray dif- 
fraction analysis methods, based on measuring 
the width and intensity of interference lines, 
The width of the lines served to determine the 
magnitude of the distortions of the second 
kind and the size of the regions of coherent 
scattering, and the change in intensity served 
to determine the size of the regions of coher- 
ent scattering (by the effect of primary ex- 
tinction). 

In order to divide the effects of widening 
of the lines due to the presence of distortions 
of the second kind and the size of the regions 
of coherent scattering, the width of lines 
(110) and (220) were determined when investi- 
gating Fe-Si alloy, and of lines (111) and 
(222) when investigating pure nickel. 

Measurement of the width of the interference 
was carried out on an ionization installation 
URS-501 with a gas pulse counter (Fe K a radia- 
tion). 

Of the mechanical characteristics, the 
Vickers hardness H, was determined for the 
monolithic specimens, and the microhardness 
Hy for the filed powders. 

The specimens for measuring the microhard- 
ness of the grains of powder were prepared in 
the following manner. A small amount of 
bakelite varnish was added to the powder to 
act as a binding agent. After intense stir- 
ring, the mixture of powder and bakelite var- 
nish was placed in a pan made from organic 
glass, and was subjected to drying for 30-40 
hr. The surface of the specimen was then 
lightly polished. It could have been expected 
that the polishing would give rise to at least 
some increase in hardness in the high-tempera- 
ture tempered powder. The microhardness was 
measured at a load of 20 g (on the average for 
10-15 grains). Three to four measurements 
were taken on each grain, The hardness was 
determined as the average of 40-50 measure- 
ments, 

Data are presented in Fig. 1 showing the 


change in the width of interference lines 
with the temperature of heating for filed 
powder and for a monolithic specimen of 
nickel, prestrengthened by rolling with a 
total reduction of 80%. Analogous data for 
the Fe-Si alloy are set forth in Fig.2. The 
width of the interference lines in filed pow- 
ders was found to be greater than in mono- 
lithic specimens, For nickel, this difference 
amounts to 7 x 107? rad., and for Fe-Si alloy 
to 23 x 1073 rad. The main difference however 
is in the character of the change in the width 
of the interference lines when heating the 
powder and the monolithic specimens. In the 
filed powder, the decrease in the width of 

the lines takes place at lower temperatures 
than in monolithic specimens, Even after 
heating at 100-200°, a well defined decrease 
in the width of the lines takes place in the 
filed powder; after heating at 300°, the 
width of the lines for the nickel powder de- 
creases from 33 x 107? to 16 x 107? rad., and 
for Fe-Si powder from 59 x 1072 to 40 x 1073 
rad. In the compact specimens, the line width 
remains practically constant up to 300-350°, 
and only at higher temperatures does it under- 
go any well defined decrease. 

Data are presented in Fig.3. showing the 
change in the microhardness of the powder 
(Hy), in the Vickers hardness (H,) of the 
monolithic specimen, in the magnitude of the 


Aa 
distortions of the second kind (**) ana in 


the size of the regions of coherent scatter- 
ing (D), depending on the temperature of heat- 
ing the powder and monolithic specimen of 
nickel. Analogous data for Fe-Si alloy are 
presented in Fig. 4. 


A 
In newly filed powder, the quantity soe is 


greater than in the monolithic specimen. In 
the Fe-Si powder, the hardness of the grains 
of powder also differ substantially from the 
hardness of the monolithic specimens, This 
difference is not observed for nickel. 

Division of the effect of widening of the 
interference lines due to the presence of dis- 
tortions of the second kind and the smallness 
of the regions of coherent scattering made it 
possible to establish that the sharp decrease 
in the width of the lines observed at low 
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heating temperatures should, in the powder, 
be put down as being mainly due to decrease 
in the magnitude of distortions of the second 
kind, Thus, annealing 200° leads in nickel 
powder to the distortions of the second kind 
being decreased from 1, 45 x 1078 to 0.5 x 

x 1073, that is by nearly 3 times. In the 
compact specimen, the distortions of the 
second kind undergo practically no change 
below 300°, and they decrease at high heating 
temperatures. For the powder of Fe-Si alloy, 
heating at 300° for 1 hr leads to a decrease 


A 
= from 3.3 x 1073 to 1.7 x 1073, and after 


A 
400° a = 0.5 x 1073, In the compact speci- 


men of Fe-Si alloy, oe does not change when 


heating below 300°, and in the 300-500° range 
it decreases from 1.6 x 107? to 0.2 x 1078. 
The character of the change in the micro- 
hardness of the powder and in the Vickers 
hardness of the monolithic specimens with the 
heating temperature is practically the same. 
The hardness of the specimens does not change 
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Fig. 1. Width of the interference lines versus 
heating temperature for filed powder and a mono- 
lithic specimen of nickel. 
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when heating below 300-350°, and drops sharply 
at higher temperatures (Fig. 3-5). 

There is also practically no difference 
in the character of the change in the size of 
the regions of coherent scattering for the 
monolithic specimens and the filed powder with 
the heating temperature. The increase in the 
size of the regions of coherent scattering in 
the nickel specimens takes place above 300°, 
and in the Fe-Si alloy above 350°. 

It was not possible to trace the change in 
the size of the regions of coherent scattering 
in specimens of nickel heated above 350° using 
the width of the interference lines, because 
of the small effect exerted by blocks of large 
dimensions on the width of the lines, There- 
fore, the size of the regions of coherent 
scattering in specimens heated at higher tem- 
peratures was determined by weakening of the 
integral intensity of line (111). When doing 
so, it was assumed that the weakening was 
wholly connected with the effect of primary 
extinction. 

It was established that when heating speci- 
mens below 300°, the integral intensity of 
line (111) undergoes practically no change. 
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Fig. 2. Width of the interference lines versus 
heating temperat"re for filed powder and a mono- 
lithic specimen of Fe-Si alloy. 
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Fig. 4. Value of microhardness, Vickers hardness, Fig. 5. Dimension of the impressions made by dia- 
distortions of the second kind and regions of co- mond pyramid indenter of instrument PMT-3 on a 
herent scattering versus heating temperature in grain of nickel powder before tempering (a), and 
powder and a monolithic specimen of Fe-Si alloy. after tempering (b) (X 10). 


The weakening of the intensity which takes for the same specimen becomes 32 x 107® cm, 
place as a result of increase in the size of Thus, resoftening takes place in the same 
the regions of coherent scattering is only temperature range as the increase in the size 
observed after heating at 400°. of the regions of coherent scattering. 

The size of the regions of coherent scatter- To explain the role of distortions of the 
ing determined by this method were found to second kind in the preservation of high 
equal 60 x 1078 cm. If one takes into account § strength, the following experiment is of 
the influence exerted by secondary extinction interest. A filed nickel powder was subjected 
on the intensity of line (111), the size of to heating at 300° for 1 hr. There were 
the region of coherent scattering calculated practically no distortions of the second kind 


Fig. 5. Dimension of the impressions made by diamond pyramid indenter 
of instrument PNT-3 on a grain of nickel powder before tempering (a), 
and after tempering (b) (X 10). 
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in it, and the average size of the regions of 
coherent scattering was equal to 5.8 x 1076 
em, the microhardness Hy = 228. The powder 
was then subjected to prolonged grinding in 
an agate mortar. As a result of this treat- 


ment, the =. in the powder was found to be 


1.3 x 1073, D = 4 x 1076 cm, and the micro- 
hardness remained at the former level. 

Thus decreasing or increasing distortions 
of the second kind by several times does not 
give rise to substantial changes in resistance 
to plastic deformation, 

The experimental results obtained coincide 
with the concept of distortions of the second 
kind as a factor which accompanies strength- 
ening, but which does not determine the in- 
crease in the resistance of the material to 


Distortions of the second kind 


plastic deformation as a result of its being 
strengthened. 


Translated by J.J. Cornish 
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LETTERS TO THE EDITOR 


DEPENDENCE OF THE EFFECT OF THERMOMAGNETIC TREATMENT ON 


THE 


INITIAL PROPERTIES OF PERMALLOY* 


M.G. LUZHINSKAIA, L.O. FREMDERMAN and YA.S. SHUR 
Institute of Metals Physics, Academy of Sciences USSR 
(Received 26 September 1959) 


According to present theoretical ideas [1, 
2], confirmed by a number of experimental 
works [3-6], the effect of thermomagnetic 
treatment in soft magnetic metal alloys is 
connected with a particular kind of atomic 
ordering which leads to magnetic uniaxiality, 
It is natural to expect that the process of 
ordering and, consequently, the degree of 
which magnetic uniaxiality of a given alloy 
is developed, will depend on the initial 
structural state of the alloy, with which, in 
turn, the structure-sensitive magnetic pro- 
perties of the material are connected. 

Earlier, a study was made of the dependence 
between the effect of thermomagnetic treat- 
ment and the initial characteristics of ferro- 
magnetic alloys for the case when the dif- 
ference in the initial properties was caused 
by the different purity of the material, or 
by variations in its chemical composition (7). 
The present work is devoted to the connexion 
between the effect of thermomagnetic treatment 
and the degree of perfection of the crystal 
lattice with constant chemical composition of 
the material, 

The investigations were carried out on 66- 
Permalloy (66% Ni, the remainder Fe), which is 
well known as a material most sensitive to 
thermomagnetic treatment. 

Different degrees of crystal lattice cdistor- 
tion were obtained by means of cold deforma- 
tion by extension (with a varied amount of 
elongation per unit length) and subsequent 
heat treatment. Depending upon the amount of 
prior deformation in the specimens, during 
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heat treatment the phenomena of relaxation 
take place, less than total recrystallization, 
which can lead to obtaining various magnetic 
properties (8). As a characteristic of the 
magnetic properties, the coercive force H, 
was selected, which is, as is known, a struc- 
ture-sensitive parameter, 

Specimens 150 x 5 x 0.1 mm in dimension were 
cut from narrow cold rolled strip, They were 
then vacuum annealed at a temperature of 950° 
for 1 hr, after which they were deformed by 
extension to a varied degree of permanent 
elongation (from 0 to 10%). After this, all 
these specimens, as well as several others 
which had so far not been subjected to heat 
treatment, and which had been put into a 
strongly deformed state by cold rolling, were 
heated to 800° and soaked at this temperature 
for 2 hr, and then cooled at a rate of 100°/hr. 
In this way, an initial state of the specimens 
was obtained for which the H, values are pre- 
sented in the fourth column of Table 1. After 
this, thermomagnetic treatment was carried 
out: the specimens were heated to 700°, 
soaked for 30 min and cooled at a rate of 
100°/hr in the presence of a magnetic field 
of an intensity of 30 oersted. The results of 
measuring the H, after thermomagnetic treat- 
ment are presented in column five of Table 1. 
Further, a check heat treatment was carried 
out: the specimens were again soaked at 700° 
for 30 min and cooled at a rate of 100°/hr 
without a magnetic field. After this, the H. 
of the specimens took on the values presented 
in column six, which correspond sufficiently 
well with the values of H, in the fourth 
column, This coincidence serves as proof of 
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TABLE 1 


Elongation 
per unit 


t 
Prior heat treatment 


H after 
800°, 2 hr, 
cooling 
without H 


after 
700°, 2 hr, 
cooling 
at H = 300 
oersted 


after 
700°, 30 min, 
cooling 
without H 


Vacuum annealing at 950° 
for 1 hr. 


Without heat treatment 


er) 


0. 07 
0. 38 
0.91 
1.00 
1. 27 
1.10 
1. 00 
0.13 


oO 
on 


the fact that the change in coercive force 
presented in colum five was connected only 
with the action of the magnetic field. 

The seventh column of Table 1 shows the 
ratio of the values HI, obtained after cooling 
without a magnetic field, to the values -. 
obtained after cooling in the same conditions 
but in the presence of a magnetic field. This 
ratio is a characterization of the efficiency 
of thermomagnetic treatment. 

It can be seen from Table 1, that the lower 
the H, of the specimen in the initial state 
(before thermomagnetic treatment), the greater 
the effect of thermomagnetic treatment. Name- 
ly, for specimens which had an H, = 0.4-0.45 
oersted before thermomagnetic treatment, a 
decrease in the H, of more than 6 times was 
observed; for specimens which had H, = 0.6 
oersted, the H, decreased by about 5 times; 
for specimens with H. = 0.85-0.95 oersted, the 
decrease amounted to 2.5 times; and specimens 
which had He = 1,5-1.8 oersted changed their 
A. by approximately 1.5 times, 

Basing oneself on previous investigations 
(8), one can conclude that the different values 
of H. after prior deformation and annealing at 
g00° are connected with the varied state of 
the crystal lattice, The smaller the H, of 
specimens after annealing, the more complete 
the elimination of the lattice distortions 
obtained with deformation, 

The results obtained allow one to conclude 
that the effect of thermomagnetic treatment 
depends on the state of the crystal of a 


given alloy, the degree of perfection of 
which is connected with the conditions of 

the prior treatment. The more perfect the 
lattice of the material, the greater the 
influence exerted by thermomagnetic treatment 
on its magnetic properties, 

In all probability, this dependence is 
caused by the influence of lattice distortions 
on the course of processes of magnetic order- 
ing. One can assume that this ordering devel- 
ops more fully in an undeformed material, and 
less fully the more the material is deformed. 

It is also possible that the magnetic tex- 
ture which appears as a result of thermo- 
magnetic treatment occurs in a different 
manner on a different background of lattice 
distortions, in particular on a different 
background of stress inhomogeneities, which 
create sections with local magnetic uniaxia- 
lity. 


Translated by J.J. Commish 
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THE ENERGY OF 


THE NATURE OF THE TEMPERATURE RELATIONSHIP OF 
MAGNETIC ANISOTROPY OF 


CRYSTALS WHEN APPROACHING THE 


In the work cited [1, 2] it was shown that 
in the vicinity of the magneto-isotropic 
state of monocrystals of binary ferro-nickel, 
nickel-cobalt, ferro-cobalt alloys and also of 
molybdenum Permal loy, a temperature rel ation- 
ship is observed, over a certain range of tem- 
perature, of the constants of magnetic aniso- 
tropy analogous for both MnBi and MnSb [3]. 
This can be explained in the following 
manner, It is known [4] that together with 
the energy of natural anisotropy Uy we have 
also to consider the elastic plus magneto- 
elastic energy which in the case of cubic 
crystals is determined by the correlation 


where Cyo are moduli of elasticity; 
Y 100 2nd ¥ are constants of magnetostric- 
tion. 

When Y 100 and ¥,,; are small the tempera- 
ture variation of anisotropy energy is deter- 
mined by the behaviour of the energy of the 
natural anisotropy U, as in the case for moly- 
bdenum Permal loy [1], when the character of 
the temperature relation undergoes a radical 
change during transformations in solid solu- 
tion of the type of short-range order, namely 
a change of sign is observed in the constants 
and a reverse thermal variation, with the pro- 
duction of a maximum, although the elastic 
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properties and the magnetostriction show 
little change as a result. 

The change of sign, the reverse temperature 
variation, the maximum and the minimum can be 
produced by another set of conditions. Namely, 
with large values for and ¥,,,, U, can 
be equal in order of magnitude to 103erg/cm3 
and can differ in sign from Uo with the result 
that the total energy Un + U; may prove to be, 
at some degree of concentration, equal to 
zero, 

Let us assume that U,<0, U;>0 ana 
U,+U,>0. If the relation of U, and U, 
to the temperature appears to be ordinary but 
dU, dU, 

then the temperature varia- 
tion of Ug + Uy will be a reverse one, that 
is with the lowering of the temperature there 
will be a reduction in the anisotropic energy. 

Reversed temperature relationship, and 
change of sign are also possible with some 
other correlations between Uo and U; and 
their derivatives, 

It appears that the elastic plus magneto- 
elastic energy exercises a strong influence 
on the thermal relation of anisotropic energy 
in alloys such as Fe-Co, Ni-Co [2] and others 
possessing a large measure of magnetostric- 
tion, 


Translated by A.K. Gibson 
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THE MECHANICAL PROPERTIES OF SPECIAL STEELS AND 
ALLOYS UNDER HIGH HYDROSTATIC PRESSURE* 
V.A. SHAPOCHKIN 


Institute of the physics of high pressures of 
Acadeny of Sciences of the U.S.S.R. 


(Received 15 April 1959) 


When subjected to hydrostatic pressures the The tests followed the known procedure [3] 
strength and plasticity of steels and alloys on apparatus available in the Institute of 
increase sharply. As already reported [1] Physics for high pressures of the Academy of 
the resistance to shear at pressure of several Sciences of the U.S.S.R. The tests were 
thousand kg/cm? can be increased by 50 times carried out on a titanium alloy, No.1, a 
or more. chromium nickel steel, No.2, a heat-resistant 

A subject of interest appeared to be the turbine blade alloy, No.3 and also, for com- 
explanation for the change in the resistance parison purposes a steel brand 45 and a tech- 
to shear of heat-resistant steels and alloys nical iron. 
under pressure. Such information is of value Contact pressures were effected by means of 
to account for the behaviour of the above pistons of tungsten cobalt alloy of brand 


materials under service conditions and mechani- VK-8 with a diameter for the contact surface 

cal treatment, that is, their physico-mechani- of from 2-4 mm and reached 300,000 kg/cm? and 
cal properties can change markedly because of higher, In this process the initially plane 

the high values for the mean normal stress [2], contact surfaces took the shape of lunes, 
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Fig. i. Curves showing the relation of shear resistance to the pressure: 
0 — technical iron (0); 1-—- titanium alloy (1D); 2 —- chromium nickel steel (A) 
3 - heat-resistant turbine-blade alloy (X); 4 — steel brand 45 (¥). 
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TABLE 1 


Results of tests for shear under pressure of 


heat-resistant 


steels and alloys 


Sp 


Material tested 9 


Titanium alloy No.1... .. .....j} 50 

Chromium nickel steel No.2. .. ..| 44 

Heat-resistant turbine-blade alloy 
No.3. .. 

Steel brand 45 

Technical iron 


Material tested 


Titanium alloy No.1. 

Chromium nickel steel No.2 

Heat-resistant turbine-blade alloy 
No.3. .. 

Steel brand 45 

Technical iron 


Symbols and definitions: 
yield strength (kg/mm?) ; 


*23 — the resistance of shear at pressures in 25,000 kg/cm? (kg/mm) ; 


Tos *25 


because of plastic deformation, which resulted 
in the creation of approximately hydrostatic 
pressure at the point of contact. 

The results of the experiments are repro- 
duced in the graphs and the tables above, 
A significant increase in resistance to shear 
with increase in pressure was observed in all 
the materials investigated, When very high 
pressures were reached, of the order of hun- 
dreds of thousands of kg/cm? not only was 
there no sign observable of any tendency to 
reduction of the rate of increase in the 
resistance to shear but, on the contrary, a 
still more accelerated rate of increase was 
noted. This phenomenon had been observed 
previously by us when working with other 
materials. It is on record that increase in 
resistance to shear continues right up to 
half a million atm [1]. The magnitude of the 


..- the relation of the shear resistance at pressures of 50, 100, 150 and so on 
thousands ke/em2 to the shear resistance under pressure in 25,000 kg/cm2. 


resistance to shear at pressures of 200- 
-300,000 kg/cm? in the case of heat-resistant 
steels and alloys reached parity, as regards 
the order of magnitude, with the theoretical 
strength, a matter already noted in the case 
of other materials. The greatest increase 

in shear resistance occurs in a titanium alloy, 
the least in alloy No.3. 

Strength increases faster in all the heat- 
resistant materials investigated by us than 
in the technical iron and the steel brand 45. 
After reaching a certain pressure (determined 
for each of the alloys) the velocity of in- 
crease in resistance to shear in all the 
materials become approximately identical. 

The magnitude of this pressure is determined 
by the initial physico-mechanical properties 
of the materials: for the less strong and more 
plastic materials it is higher, Thus, for 
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steel brand 45 and for technical iron this 
pressure exceeds 200,000 kg/cm?. with further 
increases in the pressure one can expect a 
levelling off in the values for the resis- 
tance to shear in all the steels and alloys, 
regardless of their initial mechanical proper- 


ties. 


Translated by A.K. Gibson 
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THE INFLUENCE OF THE PURITY OF THE ORIGINAL TIN ON 
THE DIRECTION OF ITS COLUMNAR SOLIDIFICATION* 
V.0. ESIN and A.A. KRALINA 
The Institute of Physics of Metals Academy Sciences of the USSR 
(Re  etved September 27 1959) 


Recent experiments on the solidification of 
very pure lead [1] in the columnar zone of the 
ingot showed that the commonly observed direc- 
tions of the principal growth in metals are 
the result of impurities being present. The 
surmise has been put forward that where very 
pure metals are concerned the preferred orien- 
tation of the crystals in the columnar zone of 
the ingot will be determinable, in the general 
case by the orientation of the limits for the 
equilibrium forms of growth, Verification of 
this surmise is of great interest both prac- 
tically and theoretically. It enables a closer 
approach to be made to the actual mechanism of 
crystallization of pure metals and to evaluate 
at its true worth the role played by impurities 
in the kinetics of this process. The present 
paper describes the first results obtained in 
the experimental investigation on the influence 
exercised by the degree of purity of the origi- 
nal tin on the direction of its principal 
growth, 

The material chosen for the investigation 
was tin of two brands — one of 99.95% & con- 
tent, the other a tin of very high purity - 
99.998% Sn content. Crystallization was 
carried out in a mould similar to the one used 
be Rosenberg and Tiller [1] for lead which 
ensured unidirectional solidification, The 
velocity of migration of the crystal lization 
front was the same in all the cases and was 
approximately equal to 30 mm/min, Technical 
points in the preparation and examination of 
the ingots and components were described pre- 
viously in full detail [1,2]. 

We studied the decanting of the surface of 
the front of crystallization, Visual obser- 
vation alone disclosed appreciable differences 
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in the size of the grain in the tin of the two. 
types being tested. The ingots of tin of high 
purity showed a smaller sized grain in com- 
parison with the tin of 99.95% Sn content, 

The crystallographic orientation of the crys- 
tals in the columnar zone of the ingots was 
determined by X-ray photography by the Laue 
system (back reflection). The results of the 
X-ray photographic investigation are repro- 
duced on part of the stereographic projection 
for the tetragonal lattice of tin. 

These data show that the tin of lesser 
purity has a clearly expressed preferred ori- 
entation <110> (Fig.1). Tin of high purity 
displays a variety of orientations. The 
columnar zone of this ingot contains crystals 
possessing an orientation lying along one of 
the sides of the stereographic triangle from 
axis <110 > to < 100> (Fig.2). This is in 
good agreement with the character of change 
observed in the principal direction of growth 
of the zone refined lead with a very smal] 
quantity of impurity as silver (1074 wt.%). 
For a tin of very high purity it appears to be 
necessary to expect the appearance in the 
decanting of the principal direction <100>. 

In cases where crystallization from the melt 
containing the impurity is sufficiently rapid, 
the layer of the liquid phase adjacent to the 
moving surface of the division crystal-melt 
is enriched by impurities with a distribution 
coefficient of K <1. This effect is depend 
dent on the finite magnitude of the velocity 
of the diffusional equalization of the concen- 
trated heterogenities of the impurity in the 
melt. In order to ensure that the growth of 
the solid phase shall proceed at the original 
velocity it is essential to redistribute the 
impurities on the surface of the front of 
crystallization which is blocking further 


129 
VOL. | 
9 
1960 


growth, 


Here the most clos 


tion is <110>. 


lization. For the pure metal the max 
velocity of growth will be possessed 


crystallization front [I-3]. 


In conditions such as the above the 
maximum velocity of growth, as pointed out by 
Tiller, is centred in directions which are 
symmetrical relatively to any possible system 
of planes with the maximum close packing [3]. 
For the tetragonal lattice for tin this direc- 


ely 


packed planes <100> and<010> form an angle of 
45° with the surface of the front of crystal- 


imum 
by the 


direction <100 > when one of the systems of 
most closely packed planes coincides with the 


Fig. 1. 


of 99.95% purity. 
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Stereographic projection of the orientation 
of crystals in the columnar zone of an ingot of tin 
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of great purity (99.998%). 


Fig. 2. Stereographic projection of the orientation 
of crystals in the columnar zone of an ingot of tin 


In all intermediate cases, when there is a 
small quantity of impurity in front of the 


Influence of purity 


<110> 


surface of growing crystals the maximum 
velocity of growth will be possessed by crys- 
tals with a direction lying between <110> 
and < 100 > in the plane (001). This is a 
fully determined direction for each concrete 
content of impurity. We have observed prac- 
tically the whole possible range of preferred 
orientations in the columnar zone of ingots 

of slightly contaminated metal. For tin these 
directions are disposed on the stereographic 
projection of orientations along the side of 

a triangle from <110> to <100 >, while for 
lead - from <100> to <111>. 

To us the most probable explanation of the 
above facts would be the following. It is 
known that when the crystallization front is 
moving with a velocity sufficient to create 
an enriched impurities-retarded layer of the 
melt ahead of its surface, an uneven motion 
with regard to time is observed. These are 
the so-called ‘‘crystallization collisions’’, 
The result of this occurrence is the periodic 
laminar distribution of the impurity along the 
length of the solidifying melt, which is easily 
demonstrated experimentally [4-6] and can be 
explained theoretically [7]. Consequently in 
competitive conditions of growth with the 
formation of a columnar zone of an ingot ahead 
of the front of growing crystals, the concen- 
tration of impurities changes periodically in 
such a manner that the conditions of compe- 
tition for the principal orientations, which 
depend on the impurity concentration, will be 
changing all the time, and not one of these 
orientations will be able to evict the others, 

The authors desire to express their ack- 
nowledgments to Professor V.I. Arkharov for 
his criticisms on the results of the present 
study and valued comments, 


Translated by A.J. Gibson 
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LAMINAR CHARACTER OF GROWTH AND SUBSTRUCTURE 
OF TIN OF VARIOUS PURITY GRADES* 
V.0. ESIN and A.A. KRALINA 
Physics Institute of Metals Academy of Sciences USSR 
(Received 29 September 1959) 


Numerous studies carried out on metal crys- 
tallization problems, show that crystal growth 
takes place in separate individual layers, 
oriented along planes of maximum reticular 
density [1-3]. This laminar, plate-like 
structure develops not only on typical lamel- 
lar crystals, or crystals of low symmetry, 
such as heaxagonal ones, but also on crystals 
which possess high symmetry, such as face- 
centred cubic crystals [4]. 

In the paper of Tiller [5] a theory was 
developed for the face-centered metals, and in 
particular for lead, where on the basis of a 
description of the growth of edges of the 
laminar layers, type {111}, cropping ovt with 
arbitrary orientation {hkl}, he explains the 


Fig. 1. 


decanted front surface of crystallization. 
coincides with the plane of laminas {100}: 
b — development of honeycomb substructure in case 


tin; x200; 


main orientation in pure and impure metals 
and other phenomena connected with the de- 
velopment of inter-crystalline boundaries in 
the process of growth from the melt. Then 
knowing the plane of laminar layers for the 
given crystal structure, the emergence of 
one or another predominant direction of 
growth, and the various types of substruc- 
tures formed at the same time can also be 
explained analogously as functions of con- 
ditions of growth. 

According to our observations, tin also 
develops a laminar mechanism of growth, and \ 
the directions of maximum rate of growth, 
connected, apparently, with the anisotropy of 
linking forces, lay in planes {100} and {010}. 

The laminar character of growth of tin crys- 
tals is particularly easy to trace when the 


Laminar structure of the tin crystal, developed on the 


The front surface 
a — case of pure 


of impurity; x400. 


* Fiz. metal. metalloved., 9, No.2, 307-310, 1960. 


vo 
19 
a b 


Substructure of tin 


front surface of crystallization is near to, 
or coincides with the plane cf laminar layers, 
In Fig.1a, a fine structure of decanted crys- 
tallization front surface is shown of pure 
tin, with thickness in the range of one grain. 
As can be concluded from the examination of 
this microphotograph, under conditions of high 
supercooling, the growth takes place basically 
by means of formation and expansion of two- 
dimensional nuclei. The correlation of pro- 
babilities of these processes is such that 
many two-dimensional nuclei can develop on the 
growing face, before they grow to an extent to 
fill in a new layer. At the same time the 
almost complete absence of impurities before 
the sront of the growing crystal, leads to a 
condition when the growing iaminar layers can 
easily link with each other without developing 
clearly apparent boundary lines of substruc- 
ture. Although the growth from many centres 


is important, apparently, owing to the devel- 
opment of small angle boundaries and emergence 
of interlocking, this imperfection is of a more 
delicate nature. 

The presence of impurities usually reduces 


the effect of the background in the develop- 


ment of two-dimensional nuclei on the face of 
the growing crystal, increasing their mutual 
disorientation. In addition, by accumulating 
at the edges of growing laminar layers, im- 
purities inhibit growth. This leads to the 
fact that, even at small supercooling the 
speed of the tangential growth of these layers 
becomes lower than the speed of their develop- 
ment, and their thickness increases. Now, on 
joining the laminar layers, a lattice of deep 


Fig. 2. Honeycomb substructure on the decanted 
surface of tin of 99.95% purity; x 132. 


boundary lines, spotted with impurities, 
develops (Fig. ib). This is how the redistri- 
bution of impurities before the front of the 
growing crystal, and so-called honeycomb sub- 
structure development takes place (Fig. 2.). 
With a sufficiently small impurity content, 
under conditions of insignificant constitu- 
tiona] supercooling, a so-called band sub- 
structure develops [6-8] (Fig.3). The boundary 
lines of band substructure, which can be seen 
on the decanted surface, parallel to each 
other have in each grain an individual direc- 
tion, The X-ray study made by us, showed 
that this is the direction <001> in the tetra- 
gonal lattice of A-tin. As Bochek and 
others assume [8], one of the possible reasons 
determining the emergence of band substructure 
at hardening of zinc, is the diffusion aniso- 
tropy of the impurity. In the event when 
during formation of honeycomb substructure, 
the diffusion of impurities in the vicinity of 
nuclei is radially isotropic, a stronger 
effect of lattice anisotropy in case of devel- 
opment of band substructure, can apparently 
cause radial anisotropy of this diffusion in 
the vicinity of nuclei. The latter joining 
in lines of certain directions, can lead to 
development of band substructure, Under con- 
ditions of smal] impurity content, the effect 
of anisotropy of bonding forces, can apparent- 
ly develop more intensively in the plane of 
laminar layers on the rate of their tangential 
growth in different directions. for tin, 
these directions are the directions of <001> 
in plane {100} of the growing layers, It is 
interesting to note that <001> corresponds to 


Band substructure on the decanted surface 
of tin of 99.99% purity; x76. 


Fig. 3. 
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the direction of maximum linking forces in the 
most tightly packed plane {100} of the tetra- 
gonal lattice of B-tin. This direction and 
the plane are also elements of the main slip- 
ping system in the mechanical tests of tin 
mono-crystals (direction <001 > possesses a 
maximum elasticity coefficient). 


Fig. 4a. Beginning of transition of band substruc- 

ture into honeycomb structure. Microphot ograph of 

the fine structure of the decanted front surface of 
tin crystallization; x300. 


Fusion 


—, 


D Crystal 


Fig. 4b. Schematic picture of the surface relief, 

as shown on the microphotograph 4a, along C-D. The 

arrows show direction <001 > of the growth of 
lamellas in plane {100}. 


On Fig.4a a microphotograph is shown of a 
decanted crystallization front surface. The 
laminar character of growth can be seen, 
whereupon the plane of layers {100} forms a 
small angle with a macroscopic front surface. 
The beginning of transition of band svubstruc- 
ture into honeycomb structure is shown here, 
The boundary lines of band substructure begin 
to bend and the places where the bands split 
into separate closed nuclei are shown. The 
microphotograph clearly indicates the fine 
surface structure of the bands. The schematic 
longitudinal section of the relief of the band 
surface is shown by C-D in Fig.4b. It has to 
be noted at the same time that the thickness 
of steps formed by the laminar layers, is 
maximum in places of increased impurity con- 
tent: around the boundary lines (already 
existing) of band substructure and around the 
boundary lines outlined of the honeycomb sub- 
structure, 

The authors express their gratitude to 
Prof. V.I. Arkharov for the supervision of the 
work, 
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TEMPERATURE DEPENDENCE OF SPECIFIC HEAT OF 
ALLOY Ni,Mn IN DISORDERED CONDITION* 
N.V. VOLKENSHTEIN and IU.N. TSIOVKIN 
Physics Institute of Metals, Academy of Sciences USSR 
(Received 29 September 1959) 


As it follows from papers [1,2], in the 
disordered alloy Ni, at a temperature of 
~ 120°K, transition from paramagnetic to 
ferromagnetic condition takes place. The 
Curie point was determined by the temperature 
dependence of electric resistance [1] and by 
. method of thermodynamic coefficients [2, 
3}. 

The measurement of specific heat in this 
temperature range and the determination of the 
transition character are of interest. A paper 
[4] has dealt with the problem of measuring 
the specific heat of this alloy, but this was 
carried out in the temperature range of only 
300-900°K. 

For measuring the specific heat we chose an 
impulse method, as proposed in paper [5]. This 
method is convenient because it makes it pos- 
sible to use thin wires as specimens, In our 
case, wires of 0.15 mm diameter and up to 500 
mm in length, made of solid Ni,Mn alloy, 
quenched from 1090°, formed the testpieces. 

The measurements consisted of the following. 
The temperature dependence of electric resis- 
tance R = f(T) was taken by the usual compen- 
sating method, by warming the specimen in a 
lead block. The temperature was measured by a 
copper-constantan thermocouple; then on the 
specimen, which was in one of the arms of the 
Thomson bridge, an impulse was transmitted, of 
a current duration of ~ 5 x 107? sec. The 
current value was chosen in such a way that 
the heating of the specimen to a required tem- 
perature was ensured. The short duration of 
the heating ensured a suitable adiabatic 
effect. During heating of the specimen by 
impulse current, with two schleifs, of a sen- 
sitivity of ~ 2 mm/mA of an oscillograph 
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MPO-2, the change of electric resistance R 
and the current going through specimen I were 
recorded as functions of time +. From curve 
R= f(T), @ the temperature coefficient was 
determined, and knowing this, it was easy to 
determine the temperature value at any point 
of the curve R = f (7). By graphic integra- 
tion of the capacity dispersed on the speci- 
men during the time Av, the amount of heat 
40Q was determined. In addition, by the tem- 
perature coefficient of electric resistance, 

a temperature increment AT was determined for 
the time Gr, from which it is easy to deter- 
mine the specific heat of the specimen C as 


AQ 
the relationship AT i 


Tp, cal/g grad 


\ 

‘ 


0 170 T,°K 
Fig. 1. Temperature dependence of electric resis- 
tance (curve A) and of specific heat (curve 8) of 


alloy Ni,Mn. 


The figure indicates the temperature depen- 
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dence of electric resistance (curve A) and 
specific heat (curve B). On curve A there is 
a break at temperature ~ 110°K, A drop on 
the specific heat curve corresponding to this 
temperature is characteristic for the phase 
transition of the second type. 

The specific heat, obtained by extrapolation 
to room temperature, coincides with the data 
published [4], where the measurements were 
made by the usual calorimetric method. In 
conclusion it should be noted that the impulse 
method gives a satisfactory picture of the 
change of specific heat with temperature even 
for materials with a small temperature coef- 


ficient of electric resistance, 
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EQUATION OF STATE OF SOLID BODIES AT 
SUPER-HIGH PRESSURES* 
IU.N. RIABININ 
Physics Institute of High Pressures of USSR Academy of Sciences 
(Received 10 August 1959) 


In a number of papers [1-3] it was show 
that in a certain interval of super-high 
pressures, the dependence of volume of solid 
bodies on pressure, at constant temperature, 
can be described by a condition equation. 


(p-+5)-V" = (p, +=) VI. (1) 


Here n and 7 are coefficients, which charac- 
terize the material, and can approximately be 
considered as constants; V4 is the volume 


occupied by the material at p, initial pres- 


sure, 

The values of coefficients n and m were de- 
termined [3] by working out the experimental 
data of Bridgman [5-11], who established the 
dependence of volume of elements in the 
periodic system on the pressure up to 100,000 
kg/em2. 

The condition equation (1) is an equation 
with empirical coefficients. They should be 
used when calculating the dependence of volume 
on the pressure in view of the fact that there 
are no strict condition equations available, 
describing the behaviour of the material under 
super-high pressures, It should be mentioned 
that calculation by this equation gives values 
of volumes which coincide favourably with ex- 
perimental data in a wide range of pressures 
of 5000-100, 000 ke/cm? [3]. 

Proceeding from this, we considered it pos- 
sible, of course with a well-known approxima- 
tion, to carry out extrapolation in the range 
of higher pressures, making the volume calcu- 
lation of a number of elements of the periodic 
system under pressures of up to 500,000 kg/cm? 
[4]. As a result of these calculations, an 
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estimation was made in respect of changes in 
compressibility and atomic volumes of elements 
depending on the atomic number under pressures 
of up to 500,000 kg/cm?. At that time, we did 
not know to what extent the calculated values 
of material volumes, obtained by such an ex- 
trapolation, would differ from the actual 
values under the given pressures, since we did 
not know whether dependence V = f (p) will 
satisfactorily be expressed by equation (1) 

as before, and whether coefficients n and 7 
will remain unchangeable also in this pressure 
range, 

The experiments carried out recently by 
Walsh and co-workers [12] in respect of de- 
termination of p - V dependence in case of a 
number of elements under pressures of up to 
500,000 kg/cm?, makes it possible to estab- 
lish the applicability of equation (1) in this 
pressure range and explain the accuracy of the 
extrapolation made by us earlier [4]. They 
studied p - V dependence by a dynamic method, 
The results obtained were reduced for 
Hugoniot’s curve and for an isotherm at 20°, 
Using the latter, we could check the appli- 
cability of condition equation (1) in the 
pressure range of 100, 000-500, 000 kg/cm, In 
the figure, a function of volume/pressure for 
copper, constructed by us, is shown, JV. con- 
tinuous curve was calculated by us in accord- 
ance with equation (1) by using coefficients 
n= 6.18 and 7 = 224,000, as mentioned in 
paper [3]. The dotted curve V, was construc- 
ted by the data of Walsh and his co-workers 
[12]. The small circles - are the data of 
Bridgman 

As is apparent from the figure, up toa 
pressure of 150,000 kg/cm? the calculated 
curve coincides with the experimental data 
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both of Bridgman and Walsh with co-workers, 
When further increasing the pressure the cal- 
culated curve begins to diverge somewhat from 
the dotted curve, This divergence, however, 


is not great — at a pressure of 500,000 kg/em2 


kg/om? it is Te =+ 2.3% in all, 

e 
Similar comparisons were made by us for 
the elements, studied by the authors in- 
dicated, for which the n and 7 coefficient 
values were given by paper [3]. It was found 
that, from 22 elements, which could have been 
compared with each other, for 19 elements the 
volume values, calculated by equation (1) 
differ from the data of Walsh and his co- 
workers by + 10% maximum. Such a relatively 
smal] divergence of calculated results and 
experimental data verifies the fact that 


100 200 300 400 506 
p, thousand kg/cm”. 


Fig. 1. Function of volume/pressure for copper. 


equation (1) can describe satisfactorily 
enough the volume dependence of solid bodies 
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on pressure in the range of 5000 to 500,000 
kg/cm? at constant coefficients of n and 7. 
From this exposition, it follows that the 
extrapolated volumetric calculations made by 

us earlier, and the dependence of compres- 
sibility and atomic volumes of elements on 
the atomic number under pressures of 500,000 
kg/cm2, are correct, as is also confirmed by 
the experimental data. 
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PROBLEM OF LIQUID ANTIMONY STRUCTURE* 
IA. I. DUTCHAK 
I. Franko State University, Lvov. 
(Received 17 August 1959) 


Up to the present, there are no quantitative 
data in the literature on the character of 
short-range order in liquid antimony, 

Liquid antimony was studied by us using 
X-rays near the melting point (640°). The 
X-ray photographs were taken with copper 
radiation, motiochromatized by means of dif- 
ferential filters. The specimen of the anti- 
mony studied was placed in a ceramic micro- 
furnace, set up in a chamber, and melted. The 
melting temperature was checked by means of a 
chromel-alunel thermocouple, During the whole 
experiment, the specimen was kept in an atmos- 
phere of hydrogen. The X-ray photographs ob- 
tained were measured on a visual microphoto- 
meter MF-2. 
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Intensity curve of X-ray dispersion of 
liquid anitmony. 


Fig. 1. 
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The intensity curve (Fig.1) of X-ray dis- 
persion of liquid antimony is characterized 
sin $ 


= 0.250, a 


by three maxima, When 
secondary maximum is observed, 


pir) 


6 nA 


Curve of radial distribution of atoms in 
liquid ant imony. 


Fig. 2. 


Conclusions about short-range order are 
drawn from curves of the radial distribution, 
for the construction of which the following 
equation is applied: 


(r) = + s xi (s) sin srds, 
0 


where i(S) = —1; 
is the intensity observed, expressed 
in electron units; 
f - is the atomic form factor; 
is the mean density. 


sin $ 


| 
| 
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The curve of radial distribution (Fig.2) is 
characterized by maxima, when r = 2.85; 4.0 
and 5.65 & From the area under the first 
maximum the co-ordination number was deter- 
mined to be 6.8. 

Tatarinova 1 studied antimony in an amor- 
phous condition and found 4 atoms on the first 
co-ordinate sphere (r = 2. 854). In crystalline 


antimony there are 3 atoms at a distance of 
r= 2.854, 


Thus, proceeding from the results 


obtained, it can be assumed that antimony in 
crystalline, amorphous and liquid state is 
characterized by different structures, 
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THE STRUCTURAL CHARACTERISTICS OF VANADOUS OX1DE™ 
P.V. GEL’ D, S.I. ALIAMOVSKIY and I.I. MATVEHENKO 
Chemical Institute Urals Branch, Academy of Sciences USSR 


(Peceived 26 December 1959) 


Vanadium forms with oxygen twelve different 
oxides, the structural characteristics of 
which have recently become the objects of 
numerous researches. In these, the greatest 
divergence is apparent in the evaluation of 
the characteristics of the lower oxide phase, 
From the results of previous researches (see 
the survey in Reference [1]), it would be 
possible to conclude that the lower oxide 
phase has a lattice of the sodium chloride 
type and is characterized by a wide region of 
homogeneity (~ g- VO, 3). From the results 
obtained by Gurevich and however, 
it appears more correct to assume that there 
are, adjacent to the compounds investigated, 
three stable phases: two of (B at 
where x 0.1; and 6-W, _9) have a 
lattice structure of the ae chloride type; 
while the third (¢-VO, ,-VO, 37) is face- 
centred. Later, Vol’ f “Tolkachev and Kozhina 
[2] established the existence of only two, 
lower oxide phases with a lattice of sodium 
chloride type o5 and 27)» 
the curve of concentrations of the parameters 
of which is practically a straight line, with 
a small jump (of 0.01kX) in the neighbourhood 
of the composition VO, 05 

References [1,2] give no indications of the 
nature of the phases of variable composition 
investigated, 

It was found interesting to make a supple- 
mentary investigation of the structural charac- 
teristics of the lower vanadium oxides, These 
investigations have been made by us on samples 
of varying composition (from VOo 5 to VO, 74)» 
prepared by vacuum sintering of” a Lidaeitce 
mixture of powdered metallic vanadium and its 
trioxide. Sintering was performed at 1400° 
for 60-76 hr, with, intermediately, one re- 


x? 
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peated briquetting. Control tests confirmed 
the equilibrium stability of such preparations 
and also that the lattice parameters of their 
component phases are influenced by the dura- 
tion of sintering. 

The X-ray structural analysis was made with 
Cr-Ka and Cu-KafB radiation, using chambers 
(cameras) of 57.3 and 143.3 mm diameter. The 
density of the samples was determined by 
pyknometer (the containers being vacuum sealed 
with kerosene (paraffin) or carbon tetra- 
chloride) with an accuracy within 0.7 per 
cent. The results obtained are summarized in 
Table 1. 

As will be seen from Table 1 the samples of 
VOo 15 and VO; 39 were two-phase; the first 
of these, in addition to VO it, contained V,0 
and the second The limits 
of the stability of the vanadous oxide were 
more accurately defined in the usual] manner 
graphically. It was then found that a rela- 
tionship between the lattice parameters and 
the composition existed only in the interval 
from VOo_ 5 to vO, , which agrees fairly 
well with the reunite of Vol’f, Tolkachev and 
Kozhina [2]. As regards the B and { phases 
[1], these could not be identified. 

The possibility of the existence of a Cphase 
presented particular interest; the fact being 
that oxides of the composition 
having a cubically face-centred lattice en 
unknown, Considering the geometrical limits 
of stability of structures with different co- 
ordination numbers, it is demonstrable in the 
particular case that the formation of a phase 
having a sodium chloride type lattice was to 
be anticipated. Finally, it was found remark- 
able that the spectrogram of the sample simul- 
taneously containing both the 8 and ¢ phases 
[1] could be identically indicated in a lattice 
of the sodium chloride type with an anomalous 
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TABLE 1 


Composition, Lattice Periods, Densities and Number of Particles in the Ele- 
mentary Nucieus of Vanadous Oxide 


Total No. 


- No. of 
Gross Lattice X-ray mayors: of par- No. of 
mental particles 
compo- period density dikaiie ticles in se particles 
3s the elemen- of oxygen 
kx g/cm? vanadium 


tary nuclea 


6.12 


3. 020 


6. 58 
6. 58 
6. 64 
6. 33 
5. 97 
5. 42 
5.32 
5. 32 


4.015 
4.016 
4.047 
4.064 
4.087 
4.122 
4.130 
4. 130 


6.09 
5. 68 
5.76 
5. 58 
5. 55 
5.40 
5. 30 
5.18 
5. 16 


2. 93 
3. 33 
3. 33 
3.51 
3. 61 
3. 92 
3. 94 
3. 93 


3. 45 
3. 36 
3. 36 
3. 34 
3. 25 
3.18 
3.14 
3. 14 


6. 38 
6.49 
6. 69 
6.85 
6. 86 
7.10 
7.08 
7. O7 


defects; 


relationship between the intensities of a 
series of lines, 

In the same connexion, an investigation was 
made of carefully-homogenized samples with a 
composition corresponding to VO, 93) VO; 39 
VO, 39 and VO; 34) which should be single- 
phase (according to Reference {1]). Exposures 
in chromium radiation furnished spectrograms 
analogous to those described by Gurevich and 
Ormont [ 1]. In this regard, it was to be 
assumed that these were, in fact, two-phase 
samples + vo, The anomalous re- 
lationship of the intensities of the (200) and 
(111) lines, as well as (222) and (311) to the 
lower oxide phase with a sodium chloride lat- 
tice (disclosed by photographs under chromium 
radiation) should be explained not by the 
presence in the sample of two, lower-oxide 
phases ( § and {[1]), but by the fact that 
the wave-lengths of the K-edge of vanadium 
absorption and the K-radiation of chromium are 
closely adjacent. In this regard, in the se- 
lection of the atomic dispersion function for 
vanadium, it is necessary to take account of 
Hohn] (Khen1) correct ions[ 3], which enable 


The density has been calculated on the assumption that the vo, 00 lattice has no 
compositions of the type WO > 1 09 have defects in the cationic part, 
and those of the type VO — 100° in the anionic part, of the lattice. 


the observed interference pattern to be cor- 
related to the assumption of the presence in 
the sample of only one phase with a structure 
of the sodium chloride type. This is con- 
firmed by the fact that in spectrograms re- 
corded in a copper radiation, the ratio of 
the intensities of the lines in the X-ray 
spectrogram leads to the same conclusion. 

A point of considerable interest is the 
comparison of the calculated and experimen- 
tally-measured densities of the samples inves- 
tigated. The differences may be explained by 
the assumption that, from the structural 
aspect, VO, +,, i.e. contains defects in the 
subordinate lattice structures, both of the 
metal and the oxygen. Our data (see Table 1) 
show that in the region of homogeneity of the 
vanadous oxide, the concentration of vacant 
Places in the vanadium sub-lattice changes 
for instance from 12 to 22 per cent; while in 
the oxygen sub-lattice, the change is from 
25.5 to 3.0 per cent. In a stoichiometric 


preparation of VO, the number of defects of 
either type is very nearly identical and 
attains a value of, for instance, 16%. 
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The absence of extra-structural lines in the 
spectrograms indicates a statistical distri- 
bution of the vacancies (contrary to the case 
of NbO in which the deficiency reaches 25% 
but is characterized by strictly regular 
order). It would appear that this peculiarity 
in the structure of vanadous oxide (as well as 
TiO) is responsible for the ease of substi- 
tution of the oxygen by carbon and the forma- 
tion of a wide range of oxycarbides [ 1], not 
observed in the ordered phase of Nb0. 

Finally, as was to be expected, the concen- 
tration relationship of the thermo-e.m.f. of 
vanadous oxide in the neighbourhood of the 
compositions corresponding stoichiometrically 
to VO changes sign. 

In conclusion it should be mentioned that 
the assumption made inf 1] of the considerable 
extent of the region of homogeneity of V0, 


from VO; 4 to VO, 7) is not confirmed by the 
results of our investigations. The latter 
show that vanadium trioxide is stable from 
VO,; 44 to VO ¢4 69 which agrees well with 
the results obtained by Anderson[4]. In any 
case, the compourd VO, g5 was found to be two- 
phase and contain V,0, (the fundamental phase 
component) as well as V.03. 


. Gurevich and Ormont: Zhurnal neorganicheskoy 
khimit, 2, 2581 (1957). 

. E. Vol’f, S.S. Tolkachev and I.I. Kozhina: Vest- 
nik Leningrad universiteta, ser. fiz. t khim., 
2, 87 (1959). 

. R. James, Opticheskiye printsipy difraktsti 
rentgenovskich luckey (The Optical Principles 
of X-ray Diffraction), II* (1950). 

. G. Anderson, Acta chem.scand., 8, 1599 (1954). 
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Silicon - a common constituent of ferrous 
alloys - exerts a substantial influence on 
the kinetics of many diffusion processes 
taking place in the heat treatment of steel 
and cast-iron; in particular on the speed of 
cementation and graphitization, Several 
papers have investigated the influence of 
silicon on the value of the coefficient of 
diffusion of carbon in austenite, which is an 
important factor of the kinetics of diffusion 
processes in ferrous alloys [1-3]. 

In the references [1,2], the measurements 
were made in the customary manner, in the 
temperature range between 1000-12009. In 
reference [3], the metallographic method was 
applied; the measurements were made at 880- 
950°. It was found that the results of [1,2] 
and [3] were mutually contradictory. In the 
one case [1,2], the silicon retarded, and in 
the other case [3], accelerated the diffusion 
of the carbon. The discrepancy between these 
results gave rise to the existing confusion in 
this regard. Thus Bunin [4], under reference 
to [1], maintains that silicon retards the 


THE CHARACTERISTICS OF THE 
THE DIFFUSION OF CARBON 
M.A. KRISHTAL 
Tula Institute of Mechanics 
(Received 3 December 1959) 


TABLE 1 


INFLUENCE OF SILICON ON 
IN AUSTENITE 


diffusion of carbon in conditions favouring 
graphitization; whereas graphitization fun- 
damentally takes place at temperatures below 
950°. 

Having regard to the above said, it appeared 
to be expedient to repeat more accurately the 
measurements made in [3] and supplement them 
by high-temperature measurements, 

piffusion annealing was performed at 860, 
880, 920, 950, 1000, 1050 and 1100°. The ex- 
perimental method and the experimental alloys 
were the same as in [3]. The results obtained 
are summarized in Tables 1 and 2. 

The data in Table 1 show that at 1100° an 
increase in the silicon content depresses the 
value of the coefficient of diffusion (which 
agrees with the findings of [1] and [2]; at 
1000° and 1050°, it has little influence on 
D.; and at 950° and below, accelerates the 
rate of diffusion, 

The figures given in Table 2 show a reduc- 
tion in the energy of activation and the value 
of the pre-exponential term, when the silicon 
concentration is increased. 


Values of the Diffusion Coefficients DY x 107cm2/sec, for samples of 


varying silicon content at different temperatures 


Silicon 


Temperature °C 


Content % 


1100 1050 1000 


950 920 880 260 


0.30 13.5 8.52 

0. 64 13.1 8.38 4.00 
0.93 12.9 8.70 5. 39 
1. 22 12.6 8.91 5. 62 


2.95 

3.19 2. 35 1.56 1.19 
3. 62 2. 83 1. 84 1.46 
3.98 3.19 2. 24 1.72 


* Fiz. metal. metalloved., 9, No.2, 319, 1960. 


Letters to the Editor 


TABLE 2 


Energy of Activation Q and Pre-Exponent ial 
Terms A, for samples with varying 
silicon centent 


Silicon Q cal 
Content % g.at 


0.152 
0. 104 
0.0354 
0.0237 


0.30 32. 000 
0. 64 31. 000 
0.93 28. 000 
1.22 26. 300 


Thus silicon accelerates the diffusion of 
carbon at low temperatures and retards it at 
high temperatures; which agrees with the 
findings of all three references: [1], [2] 
and [3]. 

This unexpected influence of silicon on dif- 
fusion is worthy of note. It is already 
known that some elements, for example, man- 
ganese and molybdenum, contrary to silicon, 
accelerate the diffusion of carbon in austen- 


ite at high temperatures and retard it at low 
temperatures [2,5]. The peculiar action of 
silicon described above may be explained by 

an abrupt acceleration of the spontaneous 
diffusion of the vacant spaces [6] and, 
apparently, their concentration in alloys with 
Silicon, At high temperatures, the carbon 
dissolves in the vacancies [7, 8], which may 
retard its diffusion, 


Translated by L.J. Goodlet 
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CORRECTION OF AN ERROR* 


B.Ia. PINES and DEN-GE-SEN 


Vol.8 No.4, of Fiz. metal, metalloved., con- 
tains a paper by the above authors on the 
“Investigation of the Internal Friction in 
\etalloceramic Bodies”. The text of this 
paper contains some incorrect statements, 
founded on a regrettable error in regard to 
the determination of the energy of activation 
corresponding to the ‘‘background’’ of the curve 
of internal friction. This error was noticed 
by us even before the paper had been printed, 
We sent the Editor a new, corrected text of 
the paper, to which were appended new and 
corrected Fig.3 and 9. Unfortunately, the 
Editor published the old, original text of 
the paper, containing the errors in question, 
with the new and corrected Fig.3 and 9; which, 
as will easily be seen, contradict the pub- 
lished text. 

In actual fact, the values of the energy of 
activation determined from the ‘‘background’”’ 
of the curve of internal friction are found to 
be (as shown by the Figs.3 and 9 of the pub- 
lished paper) considerably less (by 3 to 5 
times) than the values of the energy of acti- 
vation determined by the frequency shift of 
the maxima (peaks) of the internal friction. 


Consequently, the ‘background’’ must be inter- 
preted as determined by a mechanism other 
than that controlling the peak values, In 
the corrected text, the proposition is demon- 
strated that the ‘* background’’ is conditioned 
by the so-called ‘‘creeping” of the disloca- 
tions (disturbances), as well as by the dis- 
placement of other defects of the lattice 
structure, or of individual atoms, possessing 
markedly increased energy levels; while the 
‘“* peak’’ corresponds to “viscous slip along 
the grain boundaries’’. The statements in 
the published text disagreeing with the above- 
said are founded on an error permitted to 
occur in the calculation of the energy of 
activation of the ‘‘ background’’ whereby a 
value was obtained for this energy of acti- 
vation corresponding to the value of the 
energy of activation in the peak. 

The authors feel it their duty to apologize 
to the readers in that the efforts made to 
obtain a timely correction of the error have 
been unsuccessful, 


Translated by L.J. Goodlet 
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A SUPPLEMENT TO THE PAPER ON 
"AN INVESTIGATION OF THE PROCESS OF 
COAGULATION OF CARBIDES IN CARBON STEELS* 


V.I. PSAREV 


Chernovitsy State University 


(Received 19 June 1959) 


The paper published by me on ‘‘ An Investi- 
gation of the Process of Coagulation of Car- 
bides in Carbon Steels’’ (Fiz. metal. metal- 


loved., 1959, 7, 551) requres to be supplemen- 


ted. 
On page 552, sixth line from below, after 


the words: ‘‘...in the presence of negative 
values of v’’, it should read: However, the 
latter may also take place when » >0O, in the 
presence of an alternative solution of Ea. (2) 
in the form: 


However, in such case, the quantity ~ at 


first grows, reaches a maximum at v = me 
and then falls, which is not characteristic 

for the process of coagulation in micro-dis- 
perse phases, in which the said value decrea- 


ses uniformly. 
Translated by L.Jd. Goodlet 
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THE ANISOTROPY OF GALVANO-AND THERMOMAGNETIC EFFECTS IN N-TYPE GERMANIUM * 
I.M. TSIDIL’KOVSKII and V.P. SHIROVSKII 
Physics of Metals Institute of the Academy of Sciences of the U.S.S.R. 
(Received 21 July 1959) 


In this paper the galvano-and thermomagnetic effects are calculated for n-type germanium 
taking the structure of the conductivity bands into account. 


In a number of theoretical and experimental studies made in recent years' data on the form of 
the energy spectrum of the current carriers in germanium have been obtained which are in agree- 
ment. One can now, apparently, consider it as firmly established that in n-type germanium the 
fermy surface represents a combination of four ellipsoids situated on the main diagonals of the 
cubic cell. (Symmetry considerations show that these are rotation ellipsoids). 

For the calculation of the galvanomagnetic effects this model was first used by Abeles and 
Meiboom [2]. They calculated the Hall effect and the change in the resistance in a magnetic field an 
obtained results which agree well with the experimental data. 

Since galvano-and thermomagnetic effects have acquired great importance as a method for study- 
ing electron semi-conductors it appears useful to find out how their are affected by the anisotropy 
of the effective mass of the electrons. 

Below we give the results of the calculations of all galvano-and thermomagnetic effects for 
electron germanium. The following assumptions were made in the calculation. 

1. The energy surface has four extrema situated along the diagonals of the cube, and in the 
neighbourhood of each of these extrema the energy as a function of the quasi-impulse has the form 


9 
h? 


4242), (1) 


where fis the Plank constant divided by 27, m, and m, the transverse and | ongitudinal effective 
masses respectively, the axis z is directed along the diagonal of the cube. We note that the precise 
position of the extremes on the diagonals is not important for the calculation of the galvano-and 
thermomagnetic effects. 

2. The kinetic effects are due solely to the transitions between states which relate to one extreme. 
In this approximation the carrier currents are independent for each extreme and the total current is 
the sum of the currents due to the individual extrema. 

3. Processes due to collision are described by the relaxation time 7 which is isotropic and depends 
only on the energy « of the electrons. 


(2) 


where the exponent p is determined by the scattering mechanism and & is the Boltzmann constant. 
4. The effects of the trapping of electrons by phonons are not taken into consideration. 
The electric current j and the heat flow @, carried by the electrons can be calculated for every 
minimum from the known formulae: 


* Fiz. metal. metalloved., 9, No. 3, 321-326, 1960. 
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N-type germanium 


j= 


Q, = 


where 


1+ (= (mH-H) (5) 


found from the solution of the kinetic equations; H is the strength of the magnetic field applied; m™ 
is the tensor of the reciprocal effective masses, e is the charge of the electrons, c the velocity of 


light, 


EZ the strength of the electric field, Ke T the temperature gradient, fy the distribution function of the 
particles in the absence of an external field (for an undegenerated semiconductor this is the Maxwell- 
Boltzmann function 


fy () = exp 


where p is the chemical potential). 

To find the expression for the density of the total currents j and 6. it is necessary to write the 
expression for the density of the electric current and heat flow due to the individual extrema in one 
and the same system of co-ordinates and to add them up over all the extrema. Since we are interest- 
ed in the galvano-and thermomagnetic effects as functions of the direction of the magnetic field to 
the axes of the crystal and at the same time it is convenient for the calculation of the effects to as- 
sume that the magnetic field is directed along one of the co-ordinate axes (e.g-, along the z axis), 
we must select several co-ordinate systems with different orientations to the crystallographic axes. 

In this paper we examine three cases: 

1) the x, y, z co-ordinate axes coincide with the main axes of the cube; 

2) the z axis is directed along one of the diagonals of the face, and the x and y axes have the 

same inclination to the main axes of the cube; 

3) the z axis is directed along one of the diagonals of the cube, and the x and y axes are equal- 

ly inclined to the main axes of the cube. 

The results of the calculations are given in Tables 1, 2 and 3 in which the following designat- 
tions are used: 


3g = euN is the specific electric conductivity; 
To 9 ] 
3 Vs. Hoe = (/2+P) is the mobility of the electrons, 


N= 


= 9, + p)T is the heat conductivity, 


is the total heat conductivity, 


Netype germanium 


_3Ve y— 2 ge, 


Qn 
16 75, 


TABLE 1. Galvanomagnetic effects 


Effects Weak fields | Strong fields 
Ey 
Ix 50 +. 
(isotherm.) 
Ey 
9 | 
oT Jay kT kT 
E, ] 
c 
is —{ 
Fx. a”? 2 
(adiab.) P A 79 
OT /dx 
5S kT 
x 
(isotherm.) hy 
99 
kT by hy p(5— 
5 — p) 
eh 5/o+p 2 (5/2+p) 5kT 
x 
2 
jz So pt 
k 
Noth, 


3 
J. 
c 


N-type germanium 


TABLE 2. Thermomagnetic effects 


Strong fields 


Effects Weak fields 
OT /dy p? + 2p+*/s Ay 
(isotherm. ) 
k 24+ 2p+5/, 
Ey — pa, — 
OT /ox P(p+?/2) ? 
\ OT kT +p) p OT kT + 
f 8 2 4 
(isotherm. ) ap | ¥ 
8p? 
2(°/2+p) 
2 2 249n+5/,)2 5/,)2 
lo+p P+*/s h + ep Ag 
E, 
k 
OT /dx q—p (26, 
(isotherm. ) 
k 
E, ) |— 
OT] x re >> 
5/, - 
/2 +P 
5/44+3p+6p2 
OT */a+p 
E; k/e 
d 
oT/0, | a| P q pr q 


(Table 3 on the next page) 


The tables show that the parameters which describe the anisotropy of the effects enter only 
as coefficients to the terms which depend on the scattering mechanism, that is, the formulae for the 
galvano-and thermomagnetic effects can in the anisotropic case be formally obtained from the corres- 
ponding formulae for the isotropic case* by simply reforming of the coefficients a,, by and cp. 

Since in the formulae for all the effects the parameters responsible for the anisotropy enter side 
by side with the terms containing the magnetic field and with the coefficients which depend on the 
scattering mechanism, it is very difficult to determine these parameters from experiments in a trans- 
verse magnetic field. Among the effects which in strong magnetic fields tend to saturation only the 


* This does not, of course, refer to the longitudinal effect in a longitudinal magnetic field which in the 
isotropic model is altogether absent. 


vc 
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N-type germanium 


TABLE 3. 


Direction of the magnetic field 


Coefficient 
[001] [O11] [111] 


37 (y+2) 37 (4 +2) 3y (1+2) 
(24+)? (24+1)2 (2y +1)? 


3y (y+2) 3y(5y2+8y7+5) 1 (8y2+11y +8) 
(2y+1)? (27+1)* 


(2y+1) (2741) (4745) 
37 (y+2) 6y 37 (+8) 


67 (y—1)? 21 (y—1)? 
(2y+1)8 (24+ 1)8 (2y+1)8 


(2y+1) (y+2) (2y+1)? (2y+1) (¥+8) 
Sy 31 (y+2) 3 (74 +2) 


resistance yields a value which depends sufficiently on the direction. The coefficients 


(27 + 1)? 21+) (47 +5) 


+2) 3y (y + 8) 


in the expressions for os. are given in Fig. 1 as functions of y = m;/m, (curves 1, 2, 3 respectively). 
These curves can serve for the determination of the anisotropy parameter y from the known saturation 
value of p+, 

As we have noted above, in the isotropic model longitudinal ef ects in a longitudinal magnetic 
field should be altogether absent, but in the case of an anisotropic effective mass they are very 
noticeable, as the tables show. Precisely for this reason, the longitvdinal effects in a longitudinal 
magnetic field are most convenient for the study of the anisotropy of the energy spectrum. The aniso- 
tropy of the effects in weak magnetic fields are described by the parameter 


(2y + 


it is given in Fig. 2 as a function of y (curve 1). The form of the curve permits us to assert that in 
general the coefficient 8, changes little as a function of y and it is, therefore, very difficult to obtain 
an accurate value for y experimentally when the behaviour of the longitudinal effects are studied in 
weak magnetic fields. 

At the same time it comparatively easy to determine the degree of the anisotropy of the energy 
spectrum from the saturation value of the longitudinal effects in strong longitudinal magnetic fields. 
In addition it should be noted that among the longitudinal effects there are some for which the satura- 
tion value does not depend on the scattering mechanism at all. The tables show that the anisotropy 


of the effects are determined by the coefficients 


Oy 3 (77 + 2) 


the curves for these coefficients as functions of y are given in Fig. 2 (curves 2, 3, 4 respectively). 


5 
by | 
cp 
Cp 
by 
VOL. 


N-type germanium 


FIG. |. FIG. 2. 


From the curves of Fig. 2, which in essence represent the ratio et /p! one can determine the value 
of y from experimental data. 


Translated by B. Ruhemann 
REFERENCES 


1. G.I. Fen, Progress of Physical Science, 64, 733 (1958); 65, 112 (1958). 
2. B. Abeles and S. Beiboom, Phys. Rev. 95, 31 (1954). 


| | | 
3 
5 10 15 20 
T 
| 
VO 
9 
19 


ON THE THEORY OF THE STARK EFFECT AND EXCITONS IN ION CRYSTALS * 
A.N. PETROV, G.G. TALUTS and M. Sh. GITERMAN 
Physics of Metals Institute of the Academy of Sciences of the U.S.S.R. 
(Received 12 September 1959) 


The shift in the energy levels of an exciton with the external electric field is examined 
taking into account inter-electron and electron-phonon interactions. The latter reduces the 
order of magnitude of the Stark effect. 


In paper [1] we examined the interaction of exciton excitations in a multi-electron system with 
the lattice vibrations. The purpose of the present paper is to apply this calculation to the more 
general case of the presence of an external electric field. The shift in the energy levels of an 
exciton in an external field was studied as a single particle problem in papers [2-4], but inter- 
electron and electron-phonon interactions which, generally speaking, can change the nature of the 
shift in energy level with the field strength, were not considered there. In [2-4] the exciton was 
regarded as a quasi-atom of hydrogen (more accurately, of positronium), whereas a careful analysis 
of the experimental data shows that the exciton should be considered as a system more like a com- 
plex than a hydrogen atom [5]. {n the present paper excitons are regarded as collective excitations 


of a Bose type of multi-electron system. 
In the absence of an external field the Hamiltonian system has the following form: 


i i i ix 


where r; are the co-ordinates of the electrons, g, the normal co-ordinates of the ion oscillations 
which correspond to the oscillation frequencies @,, V (r) the periodic potential, ¢ (r;, r;) the energy 
of inter-electron interaction and W (r;, q,) the energy of the interaction of the electrons with the 
phonon field. In the presence of a homogeneous electric field directed along the Oz axis additional 


terms appear in the Hamiltonian which are equal to ef z,. 
Let us subjected (1) to secondary quantization, we get 


H = Ly ap ane + (PAP) af ane + 
+3 K (Paps) + + 


* Fiz. metal. metalloved., 9, No. 3, 327-331, 1960. 
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2m 


=| (r—/) 


Ly = A, (r —f) (r — f) dr = ef E \ (1) dr + 


A+V Oye (r —f) dr; 


cE \ A, (r) dr; 
K = Q, (r —/) A,e"”” Oye (r — f) dr; 


| 2ne*hw, C, 
V 


The last two terms in (2) describe the Coulomb and exchange interaction of the electrons respect- 
ively *. 

As in [1] we shall assume that there is on the average one electron at each node of the lattice, 
which may be either in the fundamental (A = 0) or in the excited state (A = 1): 


ny, Ny =]; = an (3) 


Further, we assume that 
S (4) 


As the basic representational functions of the secondary quantization we select the Wanier funct- 
ions [6] and the usual oscillatory functions of the phonon field. Assuming that the crystal has an 
inversion centre and using the properties of the Wanier functions we get 


(frPX’) Ay Oar: L, = 


5 


And hence, taking the aforesaid into account, we have 


H Hey t+ He + Ky, 


Hel = Ay an aA + 
fr fit 


Hg = Sho, Aye = DK (fr, akan + 
% 


* To simplify the calculation we shall in future neglect the exchange effects. Within the limits of the 
scheme we are examining their calculation does not represent any dificulties, but they have here 
hardly a meaning, in view of the qualitative nature of the calculations. 
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For the further calculation it will be convenient first to diagonalize the additive part of H,,, i.e. 
to re-norm the electron vacuum. For this purpose we introduce a linear substitution for the operators: 


A py = gy + 


=U yy % (7) 


The coefficients u;; are determined from the system of equations 


! | 
+ Uy, Uy, = O, 


Nig =). 


The solution of this system has the form 
Nog =U =U, =— Uy, = 0; 


2 
{1 -! (A, —- Ag) + 


Let us further introduce the operators 
b; + 
f= Of = Oy, 


which in the approximation (4) satisfy the transposition correlations of the Bose statistics. 
For these approximations a simple calculation leads to the following expression for the 


Hamiltonian of the system: 


H = Hexs + Hg Fyz, 


Aexs= {[(Ay — Ay)? + 4 |Ez,,7]* +R +Q, + D,} 6, + 
+ (Q, + D,) (b, + bf b+,): 


Hg = Lhw, Hes = (x) + EE) + 


x 


W (x) = K (PP) K (PAA); 


Ko: (4) = (AAs) Wyo Ure 
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Kio (*) = wri too; 


Q, = {u*v? [F,, (0000) — F,, (1111) —2F,, (1010)] + 


h 


+ (u? —v*)? F,, (1100)} 
uv —v*) [F,, (1000) + F, (0001) — F, (0111) —F,, (1110)] 
h 


R = ¥ {(v? — uw) [u? F, (0000) —v?F (1111)] — 8u2v®F (0011) + 
h 
+ (u? —v*) F, (1010) + 2u3v [2F, (1000) + F, (0001) — 
— F,(1110)] + [F, (1110) + 2F, (0111) — F, (0001)}}; 


ikf, pt —ikf. 


Fg = F fii fads); =h—h. 


Assuming weak interaction of the electrons with the phonons and using the results of paper [1] . 
we get 


H = ete, + 


where @/ is the renormalized frequency of the free phonons. 


(k, 


My, = V Ao)? +4 +R + % + + 
1+ By 

[(1— (1 — |” 

Mp — — +4 

+ Dr 


W’ (k, )=W (1) 


B, = 


From (11) one gets as particular cases: 
when E = 0 (in the absence of an electric field) the results of paper [1]; 
when K = 0 (no electron-phonon interaction) the results of paper [7]; 
when Q; = D, = K = 0 (both inter-electron and electron-phonon interaction absent) the ordinary 
Stark effect in the atom. 
For weak electric fields 


|Ezo| 


the shift in the energy levels is proportional to the first and second powers of the field: 
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(4) =V (A: —A,* + 4 + + 


+ | (2) [Kin — Koo] 
— + ho, 

(4 Q% + hw,)* 


| 4.0(E%), 


Di = IF, (1000) + (0001) — F, (0111) — F, (1110)] 
h 


Qi = YF, (1100) R’ = IF, (1010) — F, (0000)). 
h h 


As these expression show, taking the inter-electron and electron-phonon interactions into 
account leads to the appearance of linear by the side of the quadratic effect, i.e. we get a reduction 
of the order of the Stark effect. 

Fields which satisfy the condition 


> Ay — Ag, 


are not attainable in crystals, but we shall examine this case in order to get an indication of the 
shift in energy levels in the region of the maximum possible electric fields. 
It follows from (11) that in the case of very strong fields the energy spectrum of the excitons 


has the form 


4 \Ko1 (*)|? 
hk) = (4 +R*}}"* — 


Qi = + (0000) + (1111) — 2, (0101) 
h 
R’ (1000) + F, (0111) — 2F, (001 
h 


Hence, inter-electron interaction leads to the appearance of a more complex dependence on the field, 
of a less than linear order. 

Thus, electron-electron interaction leads to a reduction of the Stark effect for excitons compar- 
ed with the ordinary effect of the shift of the levels in an external field. 

For a numerical estimate of the effect one must know the wave functions accoding to which the 
splitting up occurs. One might use the approximate atomic functions for this purpose, as has been 
done, e.g., in paper [1] to estimate the reduction in the energy of an exciton which interacts with 
polarized crystal vibrations. Such a calculation cannot, however, claim quantitative accuracy 
because of the coarseness of the model and the very orientational nature of the wave functions used. 
In the case of the Stark effect the position is made still more complicated by the fact that not only 
the transitions between the initial states 0 and 1, but also transitions between the sub-levels of 
the states 0 and 1 themselves, formed when the degeneration is removed, affect the amount of the 
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effect *. In weak fields (E < 10° V/cm) the main contribution to the amount of the shift will be made 
precisely by the transitions between such sub-levels. 

Existing experimental data do not make it possible to decide whether the dependence of the shift 
of the levels on the field is a linear or a quadratic function, but they decidedly indicate a lower order 
of the Stark effect for excitons compared with isolated atoms. For a quantitative comparison of the 
theory with the experiments careful experimental investigations of the exciton spectrum are required. 

With a similar method one can also study the Zeeman effect in excitons. Taking into account 
the exchange interaction of the electrons with one another one gets the qualitative form of the de- 
pendence of the amount of the shift in level on the strength of the magnetic field. 


Translated by B. Ruhemann 
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INTRODUCTION 


Investigation of the magnetic properties of ferri- 
magnetic chromium sulphide CrS, ,, has shown that 
by its magnetic structure this substance can be 
classed as a ferrimagnetic. This is confirmed by the 
low value of the saturation magnetization which at 
a temperature of absolute zero is 0.35 Bohr magnet- 
ons per chromium atoms [1], and also by the hyper- 
bolic form of the function 1/x of the temperature 
[1, 2]. The possibility of dividing the crystal lattice 
of CrS, ,7 into two magnetic sub-lattices is derived 
from paper [3]. 

The electric properties of chromium sulphides 
have been studied in a wide range of temperatures by 
Fakidov and Grazhdankina [4]. It turned out that the 
ferrimagnetic chromium sulphide has electric conduc- 
tivity which depends on the temperature like that of 
a metal, and a low value for the specific resistance 
(p 10% cm). 

Thus, by its electric properties CrS, ,, differs 
from the more widely spread ferrimagnetics, the fer- 
rites, which are semiconductors. 

At present there exist only a few papers dealing 
with the study of the magnetic properties of ferri- 
magnetics near the Curie temperature (5, 6]. Yet, 
such studies are of interest because the mechanism 
of exchange interaction in substance with uncomp- 
ensated antiferrimagnetism is more complicated than 
in ordinary ferromagnetics, which gives rise to cert- 
ain peculiarities of the ferrimagnetic transformation 
in such substances. 

We therefore undertook the investigation of the 
magnetocaloric effect and the magnetization in the 
chromium sulphide CrS, ,,. As we know, such mea- 
surements enable us to study the spontaneous mag- 
netization as a function of the temperature near the 
Curie temperature. 


* Fiz. metal. metalloved., 9, No.3, 332-336, 1960. 


PREPARATION OF THE SPECIMENS AND 
METHODS OF MEASUREMENT 


The ferrimagnetic chromium sulphide was obtain- 
ed by sintering finely ground powders of chromium 
and sulphur according to the method described in 
paper [4]. The initial materials were the same as in 
that work. From the alloy thus obtained a specimen 
in the form of an ellipsoid was prepared, the semi- 
axes being 2.75 and 5.6 mm long. This specimen 
was glued to a thin stick of glass fastened to a 
ground joint and placed inside a silvered glass tube; 
the latter was surrounded by a copper jacket which 
was placed in the space between the poles of an 
electromagnet (Fig. 1). Water heated to the required 
temperature in a Hepler thermostat circulated through 
the jacket. The measurements of the heat effect 
were made in a vacuum of 10™ mm hg created by an 
adsorption pump in which activated charcoal was 
used as the adsorbent. To measure both the temper- 
ature and the change in temperature during magnet- 
ization a thermistor with an inertia of the order of a 
few hundredths of a second or so was used. The 
thermistor had the following parameters: R,= 4736; 
B = 2409°K. The temperature coefficient of the re- 
sistance at a temperature of 20°C was 2.8% per 
degree. The resistance of the thermistor was mea- 
sured with a MTB bridge with an accuracy of + 0.02 
0. The sensitivity of the measuring arrangement 
changed with changing temperature because of the 
non-linear dependence of the thermistor resistance 
on the temperature and was not less than 0.0005°C 
per mm. The measurements were made both during 
magnetization and demagnetization. The change in 
temperature during demagnetization was always 
equal to the temperature change during magnetization. 
The error in the determination of At was 4-5 %. 


DISCUSSION OF THE RESULTS 


We studied the magnetocaloric effect as a function 
of field and temperature and also obtained magnetiz- 
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FIG. 2. Magnetocaloric effect as a function of the temper- 
ature in magnetic fields of various strengths: 


effect: 
1 — molybdenum leads; 1 — 14,400 oersted; 
2 — 10,970 oersted; 


2 — silvered glass tube; 
3 — copper jacket; 3— 9070 oersted; 
4— 7460 oersted; 


4 — thermistor; 
5 — specimen. 5— 4150 oersted. 


FIG. 1. Apparatus for measuring the magnetocaloric 
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FIG. 3. Magnetocaloric effect as a function of the square of the magnetization at 
the temperatures: 
1 — 24°; 2 — 22.2°; 3 — 20.4°; 4 — 18.5°; 5 — 17.25°; 
6 — 16.359; 7— 14°; 8 — 11.4°; 9 — 9.2°; 10 — 7.7°C. 


agrees well with the data obtained from electric and 
magnetic measurements [4]. Since the adiabatic 
change in temperature occurs at the expense of the 
change in the value of the spontaneous magnetiza- 
tion under the influence of the external field, the 


tion isotherms. Fig. 2 shows A¢ as a function of the 
temperature for various strengths of the external 
magnetic field. At a temperature of 32.6°C the curve 
has a maximum. This is the Curie temperature of the 
chromium sulphide which we studied. Its value 
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FIG. 4. Magnetocaloric effect as a function of the square of the magnetization 
at the temperatures: 

3 — 31.3°; 4 — 29.7; 
7 — 25.2°C. 


2 — 36.8°; 5 — 28.2°; 


1 — 34.9; 


in the form of the equation 


0; G/cm?® 
6.0 


a-At'+3-At?=H. 


To determine the spontaneous magnetization the 
sad curves for At as a function of a? (see Figs. 3, 4) 
were plotted. As we know [8], extrapolation of the 
linear part of these curves to the axis of abscissae 
gives the value of the spontaneous magnetization 
at the given temperature. 
| L2 The values of the spontaneous magnetization can 
| r also be determined with the aid of treatment of the 
[05 092 094 096 098 100% magnetization isotherms in the region of the para- 

process by the method of lines of equal magnetiza- 

tion. The results obtained by the two methods des- 


36 


24 


FIG. 5. Dependence of the spontaneous magnetization 
(curve 1) and of the square of the magnetization 
(curve 2) on the temperature: 

e — obtained by the method of lines of equal magnet- 

. ization; 
o — obtained from the magnetocaloric effect. 


cribed agree well with each other. The temperature 
dependence of the magnetization is shown in Fig. 5. 
As this figure shows, the function o? = o? (¢) is a 
straight line. Thus, in accord with the thermodyna- 
mic and microscopic theories [9], near the Curie 


temperature the spontaneous magnetization as a 
function of the temperature can for ferrimagnetic 
chromium sulphide be written in the form 


function Az = Az (H) should be governed by the basic 
laws of the paraprocess [7]. 

Indeed, as the analysis of the experimental data 
showed, the following dependence on the field holds 

fort < 0, At~ H; 

at the Curie point (t= 0), At ~H%, 

and for t > 0, At ~ H?. 

In the intermediate temperature region the dependence 
on the field is more complicated and can be written 


The coefficient € in this formula indicates the 
speed of the ferromagnetic transformation. It follows 
from the Frenkel-Heisenberg theory [9] that for all 


ferromagnetics € = 3. 
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Since in chromium sulphide at a temperature of 
— 120°C yet another magnetic transformation occurs 
[2] and since in the temperature region below this it 
becomes non-ferromagnetic, we would not determine 
this coefficient with sufficient accuracy. An estim- 
ate shows, however, that & lies between 0.4 and 

1.6. Hence, this coefficient is considerably smaller 
than 3, i.e. than the value which is to be expected 
from the elementary theory. 

Further development of the theory showed that 
two factors affect the quantity ¢ in the main; the 
first of these is the presence of a kinetic energy in 
the electrons which take part in the ferromagnetism. 
As has been shown in paper [10], taking account of 
the interaction between the internal, localized d 
electrons and the external, non- localized s elect- 
rons increases é, which is in fact observed in metal- 
lic ferromagnetics. The second factor is the inter- 
action between the magnetic sub-lattices. As Néel 
has shown in paper [11], and also Vlasov and 
Ishmukhametov in [12], in ferromagnetics the coef- 
ficient € is a complicated function of the parameters 
which describe the exchange interactions between 
the magnetically active atoms. The numerical estim- 


ate made by Vlasov showed that this factor decreases 


the coefficient é. 

Indeed, Belov, Bol’shova and Elkina have shown 
that the transition to the paramagnetic state in fer- 
rites is more continuous and for the specimens they 
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MAGNETIC TEMPERATURE HYSTERESIS IN SINGLE CRYSTALS OF FERROSILICON* 
L.V. KIRENSKII, D.A. LAPTEI, A.I. DROKIN and R.P. SMOLIN 
Physics Institute of the Siberian Division of the Academy of Sciences of the U.S.S.R. Krasnoiarsk 
(Received 1 July 1959) 


This paper describes the results of a study of the magnetic temperature hysteresis of single 
crystals of ferrosilicate along the main crystallographic directions. An analysis of the results of the 
study is made in the light of the domain structure and the temperature change in the anisotropy para- 
meters and of the magnetostriction in these directions. 


INTRODUCTION 


When the temperature of a ferromagnetic which is 
placed in a constant magnetic field is changed its 


magnetization may change as the effect of the follow- 


ing three causes: 

1) a change in the spontaneous magnetization /,; 

2) a change in the magnetization due to the rota- 

tion of the vector /,; 

3) a change in the domain structure. 

Changes in the magnetization due to changes in 
the numerical value of the vector /, or its rotation 
in the crystal are reversible and do not cause hys- 
teresis effects. Changes in the magnetization due to 
changes in the domain structure are of a very pro- 
nounced irreversible nature. 

Therefore, the study of hysteresis effects, includ- 
ing magnetic temperature hysteresis, should be ac- 
companied by a parallel observation of the domain 
structure, which is most conveniently done in single 
crystals. As far as we know, all previous work on 
magnetic temperature hysteresis has been done on 
polycrystalline specimens [1-3 a.o.]. 


SPECIMENS STUDIED AND RESULTS OF THE 
MEASUREMENTS 


The study was made on single crystal specimens 
of ferrosilicate (3.8% Si). The specimens were cut 
out by etching along the main and intermediate crys- 
tallographic directions and had the form of plates of 
5.4 x 0.43 x 0.076 cm size. In the process of treat- 
ment they lost weight. Before the measurements the 
specimens were annealed in vacuo at a temperature 


of 1100° for 4 hr and then slowly cooled. The crystal- 


* Fiz. metal. metalloved., 9, No. 3, 337-344, 1960. 


lographic orientation of the specimens was deter- 
mined with X-ray photography by the Laue method. 
Three of the nine specimens had an angle of inclina- 
tion of 1-2°, the six remaining of 10-12° with the 
(110) plane. 

The measurements were made in an A cycle 
(heating — cooling) in the temperature interval bet- 
ween 50°C and @ in a vertical astatic magnetometer 
with the method described in paper [4]. 

The chief results of the hysteresis measurements 
along the crystallographic directions [100], [110], 
[111] are given in Figs. 1-3. Fig. 1 a-f shows that 
in the direction of easy magnetization in weak mag- 
netic fields the heating and cooling branches have 
two maxima and a minimum. On the heating branches 
the magnetization at first increases (up to about 
150°) and then drops sharply; at 450° it reaches its 
lowest value. When the temperature is further in- 
creased the magnetization increases again to rough- 
ly its initial value and drops to zero at the Curie 
point. On the cooling branches the change in the 
magnetization is similar to that on the heating 
branches, except that the extreme values of the mag- 
netization are displaced to the side of lower temper- 
atures by 50-70°. This dependence of /, (¢) along the 
[100] direction occurs in fields of up to 10-12 oersted. 
In stronger fields the minimum disappears first on 
the cooling branches, then on the heating branches 
(at H = 15 oersted), and the function /, (t) assumes 
a monotonous nature. 

It is characteristic for these curves that the heat- 
ing and cooling branches have several points of 
intersection. The intersecting of the curves only 
disappears in a field of 5 oersted. As the field in- 
creases, the heating and cooling branches come 
closer together and in a field of 75 oersted the 
hysteresis has virtually disappeared. 

For specimens cut along the crystallographic 
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FIG. 1. Curves for the temperature dependence of the magnetization of ferrosilicon in the 
[100] direction in various fields: 


a — 0.14, b — 0.8, c — 5.0, d — 10.0, e — 15.0, f — 100 oersted. 
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FIG. 2. Curves for the temperature dependence of the magnetization of ferrosilicon in the 
[110] direction in the magnetic fields: 
a — 0.14, b — 0.8, c — 5.0, d — 10.0, e — 15.0, f — 100 oersted. 
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FIG. 3. Curves for the temperature dependence of the magnetization of ferrosilicon in the 
[111] direction in the magnetic fields: 


a — 0.14, 6 — 1.5, c — 15.0, d — 30.0, e — 75.0, f — 150 oersted. 
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FIG. 4. Dependence of the amount of magnetic tempera- FIG. 5. Relative change in the magnetization with the 
ture hysteresis on the field for the directions: field for various directions: 
1-[iod, 2-[(110, 1-1100, 2-L110, 3-111), 
4 — 40° to the | 100] direction. 4 — 40°, 5 — 15° to the [100] direction. 
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directions [110] and [111] the temperature function 
I, (t) is quite different in weak fields from that for 
the [100] direction. Up to 3 oersted the heating 
branches have one very pronounced maximum, the 
Hopkinson maximum. In stronger fields only a drop 
in the magnetization is observed with increasing 
temperature. On the cooling branches the magnetiz- 
ation in the [110] direction changes in a more com- 
plicated fashion. 

The course of the curves for /, (t) in the [111] 
direction recalls very much the curves for this func- 
tion in the [110] direction. Here one must pay atten- 
tion to the presence of a magnetization maximum in 
strong fields (Fig. 3). This maximum does not occur 
at a definite temperature but with increasing field 
strength shifts to lower temperatures. 

The hysteresis measurements on specimens cut 
along the intermediate directions (15, 40 and 75°) 
show that a deviation of only 15° from the direction 
of easy magnetization has a strong effect on the 
temperature course of the magnetization and also on 
the amount of hysteresis itself. At angles of 40, 55, 
75 and 90° to the direction easy magnetization, the 
temperature curves of the magnetization correspond- 
ing to the same fields qualitatively differ little from 
one another. 

From these ineasurements the amount of the mag- 
netic temperature hysteresis was calculated by 
estimating the area enclosed by the heating and 
cooling branches (Fig. 4) and expressing it as a 
product of Gauss x degree [5] and also the relative 
change in the magnetization A //],% = (/,—1,)/ 
1,.100% (Fig. 5), where /, and /, are the magnetiza- 
tion at the initial temperature at the beginning and 
énd of the cycle respectively. 

Fig. 4 shows that in weak fields the amount of the 
hysteresis is small, that is increases with increas- 
ing fields and reaches a maximum value in fields 
of 3-5 oersted. A further increase in the field 
strength causes a monotomous drop in the hysteresis. 
In fields of 75-100 oersted it virtually disappears. 

It is to be noted that in weak fields (up to 3-4 
oersted) the hysteresis is least in the [100] direct- 
ion. In fields of over 5 oersted it reaches its high- 
est value for the [100] direction, but its lowest for 
the [111] direction. In the [110] it has an interme- 
diate value both in weak and in strong fields. The 
hysteresis maxima occur in that region of fields 
where the virgin magnetization curves begin to 
change in a non-linear manner with increasing field 
strength (beginning of the region of rotation). 

Fig. 5 shows that the relative amount of hyster- 
esis diminishes with increasing magnetic field for 
all specimens and is greatest in the [111], least in 
the [100] direction. In paper [2] it was pointed out 


that in the process of the experiment the ferrosili- 
con specimens are changed as a result of the thermo- 
magnetic treatment. We studied this the main cryst- 
allographic directions. After the hysteresis measure- 
ments in a field of 150 oersted, repeated measure- 
ments in a field of 3 oersted showed that in single 
crystal specimens the effect of heat treatment is 
very slight. 


ANALYSIS OF THE RESULTS OF THE 
MEASUREMENTS 


Comparing the results obtained with the known 
data on the temperature dependence of the para- 
meters of the magnetic anisotropy and of magnetos- 
triction and taking account of the initial domain 
structure, let us try to explain the peculiarities of 
the temperature curves /, (t) which we have found. 

We know [6] that in the case of 180° proximity 
the position of the inter-domain partitions is deter- 
mined by the strength of the external magnetic field 
and the gradient of the boundary energy y 


whence 
a A 
y+ + OK 


where A is the exchange integral, a the lattice 
parameter, A, the saturation magnetostriction, b a 
constant, K the parameter of the magnetic anisotro- 
py, o the internal strains. 

If at a certain fixed strength of the external mag- 
netic field a change in the temperature of the spe- 
cimen occurs, this causes the destruction of the 
equilibrium conditions: Py = P,, because of the 
change in K, As, o and /, (here Py =1,H, Py =dy/ 
dx). The destruction of the equilibrium conditions 
causes a shifting of the boundaries which in turn 
causes either an increase or a decrease in the re- 
sulting magnetization. 

Measurements made by Shturkin [7] for ferrosili- 
con have shown that the magnetostriction in the 
[100] direction increases with increasing tempera- 
ture and reaches a maximum value at 450-480°. At 
the same time the anisotropy parameter diminishes 
monotonously right to the Curie point [8]. This 
causes P, to increase and Py to decrease, i.e. the 
equilibrium condition. To preserve the equilibrium 
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FIG. 6. Dynamics of the domain structure in a single crystal of ferrosilicon for 
magnetization along the [110] direction. He is: 


a — 0, b — 0.8, c — 1.5, 
condition the boundary shifts to a new, stable posi- 
tion which causes a decrease in the resulting mag- 
netization in the [100] direction right to 450-480°. 
Above the temperature A, rapidly drops and K is 
practically small, therefore, with increasing temper- 
ature Py decreases and the boundary returns to its 
previous position; in this temperature interval the 
magnetization increases rapidly. 

In fields of 15 oersted and more, the number of 
boundaries in the [100] crystal is reduced and this 
effect in the change of the magnetization as a func- 
tion of the temperature disappears. The change in 
the magnetization will in this case depend on the 
course of /, (¢). 

In the [110] and [111] directions the change in the 
resulting magnetization with the temperature depends 
primarily on the temperature change in the parameter 


d steal 4.3, 


e — 18; f — 30 oersted. 


of the magnetic anisotropy. At temperatures close 
to the Curie point the energy of the magnetic aniso- 
tropy is low. If in that case the external field is 
strong, then at this temperature the vector /. will 
turn through a certain angle ¢ from the direction of 
easy magnetization. A reduction in the temperature 
will cause the energy of the magnetic anisotropy 

to increase which in turn can cause the angle ¢ to 
decrease, and, hence, the magnetization to drop. The 
stronger the magnetic field, the longer the vector 

1, should evidently stay in the direction of the 
field, and its return to the direction of easy mag- . 
netization should occur at lower temperatures. This 
can explain the appearance of the maxima of the 
magnetization on the heating and cooling branches 
and their shifting to lower temperatures with in- 
creasing field strength when the hysteresis is 


|; b 
e 
c > d 
e f 


studied in the [111] direction. 

The course of the curves represented in Fig. 4 
corresponds to the nature of the processes which 
occur in technical magnetization. In fields in which 
the magnetization occurs mainly on account of the 
irreversible shifting of the boundaries the amount of 
the hysteresis is at a maximum for all directions 
(both main and intermediary). A further increase in 
the strength of the magnetic field causes the role 
of the shifts to become smaller generally, which 
finds reflection in the total reduction of the hyster- 
esis with increasing field strength. 

Earlier [9] it was shown that magnetic temperature 
hysteresis determined by relative changes in magnet- 
ization has its highest value when the role of the 
shifting processes is great and disappears when 
only rotation processes are present. Calculation of 
the relative change in the magnetization in our case 
(Fig. 5) shows for the main and intermediate direct- 
ions that the relative amount of hysteresis is least 
for the [100] direction where only shifting preces- 
ses occur, and is greatest for the [111] direction. 

The apparent contradiction between the regular- 
ities in the changes of the relative amount of hys- 
teresis observed here and the results of paper [9] is 
easily explained by the difference in the position of 
the axis of easy magnetization in the specimen. In 
paper [9] the external mechanical stresses (the ex- 
pansion of the nickel) directed the axis of difficult 
magnetization along the specimen, hence, the pro- 
cesses of technical magnetization should with such 
a texture, occur by rotation of the vector /, which 
would naturally cause the hysteresis to decrease. 

For specimens cut out along the [110] and [111] 
directions the nature of the magnetization processes 
proved to be somewhat different from that for the 
distended polycrystalline nickel, since in this case 
the axis of easy magnetization forms angles with 
the direction of the field of 90 and 55° respectively. 
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For these directions, therefore, in addition to the 
main processes (shifting, rotation) new processes of 
reconstruction of the domain structure, different from 
the ones known hitherto, may occur, as the study of 
the domain structure showed (Fig. 6). In weak fields, 
approximately up to 3 oersted, only the ordinary 
shifting of the boundaries occurs, as can be seen 
from a study of the dynamics of the domain structure 
(Fig. 6). When the field strength is increased to 4 
oersted and more, the shifting process continues, 
but in addition individual portions of the boundaries 
are destroyed and in their place there appear new 
boundaries with a different direction which thus 
create a new domain structure. This process of the 
reconstruction of the domain structure is irreversible. 
Apparently this reconstruction, in addition to the 
irreversible shifting of the boundaries, is to blame 
for the magnetic temperature hysteresis effect. It 
also probably causes the more considerable hyster- 
esis in the [110] and [111] directions compared with 
the [100] direction where only shifting processes 
occur. 

The course of the curves for /y (¢) for polycrystal- 
line specimens of ferrosilicon [2] strongly recalls 
the corresponding curves for single crystals in the 
[110] and [111] directions. This is explained by the 
fact that in polycrystalline specimens there are more 
crystallites with these directions or directions close 
to them than in the [100] direction. This would make 
understandable the “breakdowns” which are some- 
times observed in the course of / (t) for textured 
specimens which previously were difficult to ex- 
plain. 
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THE ANTIFERROMAGNETIC PROPERTIES OF THE ALLOY Ni,Fe DUE 
TO ATOMIC ORDERING * 
M.V. DEKHTIAR 
Moscow M.V. Lomonosov State University 
(Received 17 August 1959) 


The magnetic properties of the ordered alloy Ni;Fe were measured as functions of the tempera- 
ture and compared with the anomalous temperature change in the magnetic properties of the unordered 


alloy. 


It is shown that the previously observed [1, 2] antiferromagnetic exchange interaction in the alloy 


Ni;Fe appears in the unordered state above 510° and up to the temperatures of the transition to the 
paramagnetic state irrespective of whether the specimen was ordered before the experiment or not. At 
room temperature and up to ~ 300° weak fields destroy the antiferromagnetic link between the spins 

in the unordered alloy, but not in the ordered alloy. As the temperature increases the degree of short 
range order increases in the unordered alloy and antiferromagnetic exchange interaction appears, caus- 
ing a great reduction in the magnetic moment in weak fields. 


Antiferromagnetic exchange interaction has been 
observed in an alloy of the ferromagnetic alloys 
nickel and iron in the papers [1-3]. This was un- 
expected, since Ni;Fe and the alloys close to it in 
composition have been studied repeatedly and were 
believed to be ferromagnetic right up to the temper- 
ature of the transition to the paramagnetic state 
[4-7]. Recently, Nessbitt, Wernick and Corenzwit 
[8] have shown that antiferromagnetic exchange in- 
teraction occurs in the alloys of the ferromagnetic 
metals cobalt and gadolinium and also of iron and 
gadolinium. 

A possible mechanism for antiferromagnetic ex- 
change bonds in metallic alloys is indicated in the 
paper by Owen, Browne, Knight and Kittel [9]. 

It may be suggested that the super-exchange bond 
is effected by the conductivity electrons. 

Leaning on this concept of the mechanism of the 
antiferromagnetic bond between the atoms and as- 
suming that ferromagnetic ordering occurs on account 
of the s-d exchange interaction [10], Pratt [11] de- 
veloped the theory of the molecular field‘. A result 
of that theory is the possibility of a ferromagnetic- 
antiferromagnetic transformation below the temper- 
ature of the transition into the paramagnetic state. 


* Fiz. metal. metalloved., 9, No. 3, 345-352, 1960. 

t The possibility that an antiferromagnetic bond due to 
negative exchange forces may exist side by side, with 
a ferromagnetic bond due positive exchange forces 
in one and the same substance has been indicated 
by Landau [12]. 


Such a sequel of transformations apparently occurs, 
as we have shown, in the unordered Fe,Ni alloys 
[1, 2] and in alloyed permalloy [3]. 

In the present paper the earlier established con- 
nexion [1-3] between atomic and antiferromagnetic 
ordering in Ni-Fe alloys is given greater precision. 
For this purpose the magnetic properties of an or- 
dered alloy Ni,Fe was studied as a function of the 
temperature. This function was compared with the 
previously found anomalous temperature change in 
the magnetic properties of this alloy in the unorder- 
ed state [1, 2]. Together with the earlier results 
obtained in strong fields, these measurements, which 
were made in weak fields, provided material proof 
of the antiferromagnetic bond of the spins in an 
alloy of two ferromagnetic metals: Ni and Fe. The 
experiments made showed that the appearance of 
short range order in an unordered alloy, a long way 
from the temperature of the transition into the para- 
magnetic state (580-600°) and considerably below 
the temperature of ordering (~ 510°), is accompanied 
by a sharp change in the value of the magnetic 
moment. The effect of the degree of short range 
order in the distribution of the atoms of the compon- 
ents of the alloy on its magnetization has been not- 
ed in the papers by Vonsovskii [13]. 


METHODS OF MEASUREMENT AND 
TREATMENT OF THE SPECIMENS 


The curves for the magnetization (the magnetic 
moment of the unit volume) as a function of the 
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FIG. 1. Residual magnetization of NisFe as a function of the temperature of measurement: 
1 — ordered alloy annealed at 480° for 60 hr; 
2 — unordered alloy annealed at 1200° for 2 hr, then quenched in water; 
3 — magnetization of the unordered alloy in a field H = 135 oersted. 


x —heating, 0 — cooling. 
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FIG. 2. Coercive force of the alloy Ni,Fe as a function of the temperature: 
1 — unordered alloy annealed at 480 for 60 hr; 
2 — unordered alloy annealed at 1200 for 2 hr, then quenched in water. 


temperature given in Figs. 4-5 were plotted from the 
isothermal curves / (H) measured at various temper- 
ature in the interval between room temperature and 
the temperature of the transition of the alloy into 
the paramagnetic state. These curves were measur- 
ed after the specimen had been held for an hour at 
the temperature of measurement. In the region above 
275° the isothermal curves were taken at intervals 


of 10°. 
In the unordered state the alloy is obtained in the 


following manner. 

A specimen of 200 mm length and 0.5 mm diameter 
was placed in a thin quartz tube. The latter was 
evacuated to a pressure of 10mm hg and sealed 
off. After 2 hr holding at 1200° the quartz tube with 
the specimen was quickly immersed in water of 
room temperature for quenching. For the magnetic 
measurements the specimen inside the quartz tube 
was placed in a platinum furnace with bifilar wind- 
ings placed inside the coil of an astatic magneto- 
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FIG. 3. Maximum susceptibility of Ni,Fe as a function of temperature; 
1 — ordered alloy; 
2 — unordered alloy. 
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FIG. 4. Magnetization of the ordered alloy as a function of the temperature in weak fields of 
0.2-0.4 oersted and in a strong field H = 135 oersted: 
A — 0.2, O — 0.24, e—0.28, x 0.32, 
o — 0.36, — 0.4, A — 135.0 oersted. 
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FIG. 5. Magnetization of the unordered alloy as a function of the temperature 
in weak fields of 0.12-0.36 oersted and in a strong field H = 135 oersted: 


A 0.12, 
e — 0.32, 


x — 0.16, 


meter (the magnetic field of the earth was compens- 
ated). To equalize the temperature along the speci- 
men the thin quartz tube was surrounded by a non- 

magnetic metallic tube inside the platinum furnace. 

After completing a full series of measurements of 
the magnetic properties as functions of the temper- 
ature in an unordered specimen the latter was held 
at 480° for 6 hr. 

On a specimen ordered by such annealing the 
magnetic properties were measured as functions of 
the temperature which are given in Figs. 1-3 and 4. 

The residual magnetization /, and the coercive 
force H, were measured after magnetization of the 
specimen in a field H = 135 oersted. 

From the curves H,(T) (Fig. 2) one can see that 
the ordered alloy has a maximum coercive force 
H, x 0.27 oersted at room temperature; H, of the 
unordered alloy is at a maximum near the tempera- 
ture of the transition from order to disorder and 
reaches H, = 0.14 oersted. Therefore, even at tem- 
peratures where H, is at a maximum, the magnetiza- 


A — 0.2, 
0 — 0.36, 


+ — 0.24, A — 0.28, 


o — 135.0 oersted. 


tion field of H = 135 oersted exceeds the coercive 
force by more than two orders of magnitude. 


THE TEMPERATURE DEPENDENCE OF THE 

MAGNETIC PROPERTIES OF THE ORDERED 

AND UNORDERED ALLOY Ni;Fe BELOW THE 
TEMPERATURE OF DISORDERING 


The residual magnetization /,, the coercive force 
H, and the maximum susceptibility y,,,, as func- 
tions of the temperature are shown in Figs. 1-3. In 
each figure the temperature change of one of these 
quantities is shown side by side for the ordered and 
the unordered state of the alloy Ni,Fe. 

Fig. 4 shows the magnetization as a function of 
the temperature / (7) in weak fields for the ordered 
alloy and Fig. 5 the same for the unordered alloy. 

The curves / (7) measured in a strong field 
H = 135 oersted are entered in Figs. 4 and 5 for 
purposes of comparison. 

The curves shown in Figs. 1-5 exhibit a peculiar, 
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anomalous change in the magnetic properties as a 
function of temperature in the interval from ~ 300 
to 450° for the unordered alloy only. 

The residual magnetization (Fig. 1, curve 2) and 
the coercive force (Fig. 2, curve 2) of the unordered 
alloy are almost trebled and its maximum suscepti- 
bility almost halved (Fig. 3, curve 2). For the order- 
ed alloy this anomaly is not observed (Figs. 1-3, 
curves 1). Figs. 1-3 show that /,, H, and ie 
change, when the unordered alloy is heated, in such 
a way that at about 450° they approximate the values 
of these quantities for the ordered alloy. There is no 
doubt left that the anomalous temperature change of 
the magnetic properties of the unordered alloy in the 
interval 300-450° is caused by the process of order- 
ing *. 

It is material that the approximation of the mag- 
netic properties of the unordered alloy when heated 
to the properties of the ordered alloy occurs with 
brief holding periods (about an hour) at temperatures 
of 380-450°. This is considerably below the temper- 
ature of 500-510° where long range order arises, and 
it becomes possible to observe the superstructure 
of Ni,Fe [16] with lengthy annealing periods of from 
50-200 hr. Haworth [17] has shown that a superstruc- 
ture is not observed [16] in Ni,f'e even after anneal- 
ing at 425° for 100 hr. Leech and Sykes [18] have 
observed a decrease in the heat capacity and Dahl 
[19] has observed a minimum electric resistance on 
heating a rapidly cooled alloy at about 425°. 

On the basis of the above quoted data from differ- 
ent experiments one can draw the following conclus- 
ion: the sharp change in the magnetic properties of 
the unordered alloy considerably below the temper- 
ature of the formation of the superstructure which 
occurs with comparatively brief holding periods is 
cause by the formation of short range order in the 
distribution of the Ni and Fe atoms over the nodes 
of the crystal lattice. 

The shifting of the lower part of the curve / (7) 
taken in a strong field of H = 135 oersted (Fig. 5) 
shows that the newly emerged structure with short 
range order has a higher temperature of the transit- 
ion to the paramagnetic state. This was to be ex- 
pected from the theoretical calculations of Vonsov- 
skii which show that the temperature of the magnetic 
transformation depends on the degree of short range 
order [13]. 


THE MAGNETIC PROPERTIES AS FUNCTIONS 
OF THE TEMPERATURE NEAR AND ABOVE 
THE TEMPERATURE OF DEORDERING 


Above 450° (see Fig. 1) the temperature depend- 
ence of the residual magnetization is distinguished 
by a sudden drop in /,. Near 510° the residual mag- 
netization drops to zero. This is characteristic both 
for the alloy ordered by 60 hr annealing at 480° 
(Fig. 1, curve 1), and for the unordered alloy (Fig.1, 
curve 2) in which, as we have seen, a short range 
order structure is formed when it is heated to 450°. 

At 450° /, is about 300 G, i.e. ~ 50% of I, at 
this temperature. The considerable drop in I, from 
~ 300 G at 450° to zero at 510° (Fig. 1), as we have 
noted previously [1, 2], shows that an antiferromag- 
netic orientation of the magnetic moments develops 
near the temperature of deordering. 

A no less convincing demonstration of this is the 
form of the temperature dependence of the magnetiz- 
ation measured in weak fields Figs. 4 and 5). The 
curves / (7) for the ordered alloy (Fig. 4) in fields 
of 0.2-0.4 oersted has a form characteristic for an 
antiferromagnetic exchange bond with a maximum 
near the temperature of deordering. In a strong field 
(H = 135 oersted), in the interval between room 
temperature and ~ 500°, the curve / (7) has the form 
which is characteristic for a ferromagnetic. This 
indicates the destruction of the antiferromagnetic 
spin bond in the ordered alloy in strong fields. 
Above the temperature of deordering a compensa- 
tion point (after Néel [20] ) indicating the antiffero- 
magnetic nature of the exchange bond in the unorder- 
ed alloy above the temperature of the transition from 
order to disorder (~ 510°) is to be observed on the 
curve / (7) (Fig. 1, curve 3) even when taken in a 
strong field (H = 135 oersted). This is confirmed by 
the form of the curves for / (7) (Fig. 5) measured for 
the unordered alloy in weak fields. 

Above 500° these curves, in fields of 0.2-0.4 
oersted, also have a form characteristic for the anti- 
ferromagnetic spin bond with maxima the position of 
which on the temperature scale depends on the 
strength of the magnetic field. For H = 0.36 oersted 
the maximum lies at T = 550°. In a field of H = 0.12 
oersted the maximum is observed at 570°. Extra- 
polation to the field H = 0, as shown in Fig. 5 by 
the dotted line, gives the Neel point on the temper- 
ature axis near 580°, which agrees with the results 
of previous measurements on an unordered alloy 
in strong fields [1, 2]. 


* An anomalous temperature dependence of the magnetic 
properties linked with the process of ordering was 


—- demonstrated py us for alloyed and unalloyed 
i-Fe alloys |14, 15, 1-3]. 
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FIG. 6. Residual magnetization /, and coercive force H, as functions 
of the annealing temperature: 


a —I, of the ordered alloy; 
b —H, of the ordered alloys; 
c —I, of the unordered alloy; 


THE ANTIFERROMAGNETIC STATE OF THE 
UNORDERED ALLOY 


One must distinguish between the unordered alloy 
in the state of complete disorder at very high tem- 
peratures and the state immediately above the temp- 
erature of deordering ( ~ 510°). For the latter it is 
characteristic that the disappearing long range order 
gives way to short range order *. 

When an unordered Ni,Fe alloy after having been 
heated to high temperatures ( ~ 1200°) and rapidly 
cooled is heated the short range order in it arises 
twice: first on ordering, as we have shown above 
and previously [1, 2] near 400°, then after the disap- 
pearance of the ordered structure, above 510°. In 
the previous paragraph it was shown that in an un- 
ordered alloy with short range order antiferromagnetic 
exchange interaction appears above 510° as can be 
judged from the form of the curves for / (7) (Fig. 5). 
Fig. 5 shows that in weak magnetic fields of up to 
0.24 oersted a second maximum is observed on the 
curves for / (7) in the region of 450-500° which 
characterizes the antiferromagnetic structure with 
short range order which arises in the unordered alloy 
near 400°. 

In an Ni,Fe alloy heated to very high temperatures 
complete disorder is attained. But on quenching in 
water ‘a slight degree of short range order develops 


d —H,, of the unordered alloy. 


nevertheless which generates a very weak antiferro- 
magnetic interaction. The latter reveals itself in the 
absence of a magnetic field in the very low residual 
magnetization of a rapidly cooled alloy at room 
temperature and up to ~ 400° (Fig. 1, curve 2). Even 
in a weak field of 0.32 oersted (Fig. 5) the antiferro- 
magnetic spin bond is destroyed, and near room 
temperature and up to ~ 400° the curve for / (7) has 
the form characteristic for a ferromagnetic. 

Let us compare the magnetic properties of the 
ordered alloy (Fig. 4) and the unordered alloy (Fig. 
5) in weak fields of 0.2-0.4 oersted. 

At room temperature the magnetization of the or- 
dered alloy in, e.g., a field of 0.32 oersted is 
~ 250 G, while the magnetization of the unordered 
alloy in the same field is considerably greater and 
equal to 530 G. This difference in the magnetic 
moments is explained by the fact that in the ordered 
state the antiferromagnetic spin bond is not destroy- 
ed by weak fields at room temperature (see Fig. 4). 
This evidently explains the low permeability of the 
ordered alloy (Fig. 3). 

When the unordered alloy is heated to 300-400° 
one observes a sharp drop in the magnetic moment in 
weak fields (Fig. 5) because of the increasing de- 
gree of short range order and the intensification of 
the antiferromagnetic spin bond. 


* We know that on heating the short range order in the 
distribution of the atoms is destroyed much more slow- 
ly than the long range order (see e.g. [21] ). 


t Because the specimen is quenched when sealed in the 
evacuated quartz tube. 
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EFFECT OF THE ANNEALING TEMPERATURE 
ON THE MAGNETIC PROPERTIES OF A 
RAPIDLY COOLED AND ORDERED Ni;Fe ALLOY 
MEASURED AT ROOM TEMPERATURE 


Fig. 6 shows /, and H, as functions of the anneal- 
ing temperature. The measurements were made at 
romm temperature after an hour’s annealing at vari- 
ous temperatures up to 600°. 

The values of /, and H, for the unordered alloy 
after comparatively brief holding (for an hour) at 
400-450° approach the values of /, and H, for the 
ordered alloy. 

Similar effects were observed when these quanti- 
ties were compared in the process of heating, at 
high temperatures (see ref. 2). 

Hence, the values of /, and H,, which increase 
when the unordered alloy is heated, are preserved 
on cooling to room temperature. This also confirms 
that the changes in I, and H, when the alloy is an- 
nealed in the region of 400-450° are caused by struc- 
tural changes in the alloy, namely the formation of 
short range order. 

Annealing in the interval above 450° and up to the 


temperature of the transition to the paramagnetic 
state (580-600°) causes sharp changes in /, and H, 
(Fig. 6) of the same kind irrespective of the initial 
treatment of the alloy. /, for the ordered alloy de- 
creases from 480 to 40 G, H, from 0.3 to 0.04 
oersted in the interval of 450-520°. This reduction 
in /, and H, cannot be due to the removal of strains 
in the said temperature interval for two reasons: 

1) the temperature of recrystallization of Ni,Fe 
lies considerably higher [22]; 

2) in the interval of 450-520° nuclei of the unorder- 
ed phase appear and grow and coherent stresses ap- 
pear because the lattice parameter of the unodered 
alloy is 2x 10° A greater than that of the ordered 
alloy {16]. Therefore, the observed effect that in the 
supercooled state (from a temperature above 510°) 
the alloy has a low /, can only be explained by that 
antiferromagnetic exchange interaction of the spins 
due to the short range order structure in the alloy 


Ni,Fe. 


Translated by B. Ruhemann 
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THE CRYSTALLOGRAPHIC TEXTURE AND THE ANISOTROPY OF THE MAGNETIC 
PROPERTIES OF HOT ROLLED DYNAMO STEEL * 
V.V. DRUZHININ and G.V. IGNATOVA 
Verkh-Isetsk Iron and Steel Works 
(Received 11 July 1959) 


Hot rolled dynamo steel has a marked crystallo- 
graphic texture (25-30%) which causes a noticeable 
anisotropy of its magnetic properties [1]. The ani- 
sotropy of the magnetic properties in this steel is 
of a two-fold nature: in certain sheets the best pro- 
perties are obtained in the direction of rolling, in 
others at an angle of 30-45° to the direction of roll- 
ing. 
This difference in the anisotropy of the magnetic 
properties of dynamo steel is due to the different 
crystallographic texture in the steel. The cause of 
the formation of different crystallographic textures 
in different sheets of dynamo steel were not clear. 
It was only known that different crystallographic 
textures were found not only in sheets from one lot 
of steel, but also in sheets from the same pack. 

The present paper deals with the study of the 
anisotropy of the magnetic properties and crystal- 
lographic texture in individual sheets of packs rol- 
led by different methods. 


METHOD OF INVESTIGATION 


At the Verkh-Isetsk iron and steel works dynamo 
steel is hot rolled by the pack method. Two billets 
are rolled and then doubled up, giving four sheets, 
a so-called “foursome”. After the last pass two 
“foursomes” are placed one on the other and an 
“eightsome” is rolled (Fig. 1). 

With this rolling method the metal flow in sheets 
1, 2, 5 and 6 during the rolling process goes in a 
different direction after doubling up than before — 
(reversing rolling), while in sheets 3, 4 7 and 8 it 
always goes in the same direction both before and 
after doubling (direct rolling). This method of rol- 
ling we shall call method No. 1. 

To study the effect of the method of rolling on the 
crystallographic texture and the anisotropy of the 
magnetic properties the packs were also rolled by 
method No. 2 which is illustrated in Fig. 2. In this 


* Fiz. metal. metalloved., 9, No. 3, 353-357, 1960. 


case the first four sheets were, after doubling, rol- 
led by the reversing method, the other four by the 
direct method. 

In addition, some of the packs were rolled without 
doubling (method No. 3). In this case all 8 sheets 
were rolled directly. 

The original thickness of the billet was 10.2 mm, 
the final thickness of the sheets 0.5 mm. The sheets 
were rolled in 11 passes. 

To study the crystallographic texture specimens 
were cut from each sheet in the form of disks of 
40 mm diameter. The curves for the torque were 
taken by the magnetometric method in a magnetic 
field of a strength between the pole shoes of 3000 
oersted. The torque was determined when the disk 
was magnetized at various angles to the direction 
of rolling (¢). The torque per unit volume of the 
specimen is proportional to the angle of the twist 
of an electric thread expressed in scale division =a 


M= ka. 


In our experiments k = 5 x 10 erg/cm! per scale 
division. 

To determine the type of crystallographic texture 
the function M (¢) was plotted. 

To study the anisotropy of the magnetic induction, 
strips (250 x 30 mm) were cut from the sheets at 
various angles to the direction of rolling and the 
magnetic induction measured in a permeameter with 
a magnetic field strength of 25 av/cm. 

The study of the anisotropy of the hysteresis 
losses and losses through eddy currents was made 
on half sheets magnetized along the rolling direct- 
ion and transverse to it. 


RESULTS OF THE MEASUREMENTS 


Study of the curves for the torque in sheets rolled 
with method No. 1 showed that the crystallographic 
texture of sheets 1, 2, 5 and 6 was different from 
that of sheets 3, 4, 7 and 8 (Fig.3). 
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FIG. 1. Sheet rolling in packs with doubling with 
method No. 1. 


90 


FIG. 3. Curves for the momentum of the sheets of a pack 
rolled with method No. 1. 1-8: order of the sheets in 
the pack. 


From the form of the curves for M (¢) one can 
conclude that for sheets 3, 4, 7 and 8 a texture close 
to the orientation {100}<110> is obtained. In this 
type of texture the axes of easy magnetization in 
crystallites with preferential orientation are situat- 
ed in the sheet at an angle of 45° to the rolling 
direction, and, hence, the best magnetic properties 
should correspond to this direction. This is confirm- 
ed by the direct measurement of the anisotropy of 
the magnetic induction B ,, (Fig. 4). 

The curves M (¢) for sheets 1, 2, 5 and 6 differ 
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FIG. 2. Sheet rolling in packs with doubling with 
method No. 2. 
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FIG. 4. Magnetic induction Bs at various angles to the 
direction of rolling in sheets of a pack rolled with 
method No. 1. 1-8: order of sheets in the pack. 


in form and sign from those for sheets 3, 4, 7 and 8, 
and, as can be shown, reflect two types of tecture: 
{110}; <100> and {100}; <110>, the first type pre- 
dominating. For such a complex structure the maxi- 
mum value of B,; for sheets 1, 2, 5 and 6 is obtain- 
ed in the direction of rolling (Fig. 4). 

Thus, the crystallographic texture and the aniso- 
tropy of the magnetic properties in sheets of hot 
rolled dynamo steel differ according to whether the 
sheets are rolled by the reversing or the direct 
method. This is confirmed by rolling packs with 
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TABLE 1. Difference in the specific losses AP 9 750 = P90° — Po® in pack 
sheets for different rolling methods, W/kg 


Rolling No. of sheet in the pack 
method 
| 2 3 4 5 6 7 8 
1 0.35 | 0.40 | 0.20 | 0.20 | 0.34 | 0.33 | 0,18 | 0,20 
3 0,3! | 0.35 | 0.30 | 0,28 | 0,12 | 0.13 1 G.11 ] 0.15 
v0 40 
4 
wok 2 ~Y 
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FIG. 5. Curves for the torque of sheets of a pack rolled 
with method No. 2. 1-8: order of sheets in the pack. 


methods No. 2 and No. 3. When the sheets are rolled 
with method No. 2 the first four sheets are rolled 
with the reversing method, and the last four by the 
direct method. The curves for the torque M (¢) of 
sheets obtained by reversing and direct rolling dif- 
fer in the same way as on rolling with method No. 1 
(Fig. 5). When the packs are rolled with method No. 3 
all sheets were rolled directly and the curves for 
M () have the same form (Fig. 6). It should be noted 
that for the first and fifth sheet the curves M (¢) 
have a slightly different form from those for the other 
sheets. Such a deviation was also occasionally noted 
when the sheets were rolled with methods No. 1 and 
No. 2. 

The different nature of the crystallographic text- 
ure in sheets of hot rolled dynamo steel shows itself 


FIG. 6. Curves for the torque of sheets of a pack rolled 
with method No. 3. 1-8: order of sheets in the pack. 


not only in the anisotropy of the magnetic induction 
but also in the anisotropy of the specific losses. 

Table 1 shows the difference in the specific los- 
ses P ,9,.9 in the rolling direction and transverse 
to it for sheets rolled with the first two rolling 
methods. These data confirm the effect of direct and 
reversing roiling on the anisotropy of the magnetic 
properties and agree with the measurement of the 
crystallographic texture of the steel. 

This study of the crystallographic texture was 
made on sheets of dynamo steel which had been 
annealed after rolling. As we know, the crystallo- 
graphic texture of silicon steel after rolling and 
after annealing may not be the same. With the hot 
rolling method, however, when the temperature at 
the end of rolling is higher than the temperature of 
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recrystallization, the rolling texture changed into 
the recrystallization texture during the process of 
cooling of the rolled packs. Indeed, the curves of 
the torque for sheets of dynamo steel after hot rol!- 


ing and after annealing proved to be virtually identic- 


al. This indicates that annealing dynamo steel at 
temperatures of 800-850° makes practically no 
change in the crystallographic texture of hot rolled 


dynamo steel and that all the regularities in the crys- 


tallographic texture which we obtained must be due 
to the conditions of rolling the hot rolled dynamo 
steel. 

Sheets of hot rolled dynamo steel are usually rol- 
led in two-high stands with one driving roll. As one 
can see from the rolling arrangement [2], the direct- 
ion of the roll force on the rolled metal will in this 
case not be normal but at an angle diiferent from 
90° to the plane of the sheet. This can cause a 
change in the deformation texture for direct and 
reversing relling. 


CONCLUSION 


1. The different nature of the crystallographic 
texture and of the anisotropy of the magnetic proper- 
ties in hot rolled dynamo steel is due to the doubl- 
ing of the sheets in the rolling process. 


In directly rolled sheets the crystallographic 
texture was found to be of the {100} <110> type. In 
sheets produced by reversing rolling the crystallo- 
graphic texture is more complex and can convention- 


ally be represented by two types of texture: {110} 
<100> and {100} <110>, the first type predominat- 
ing. 

2. The different nature of the crystallographic 
texture causes the difference in the anisotropy of 
the magnetic properties, In sheets with {100}<110> 
texture the best properties are found when the steel 
is magnetized at angles of 30-45° to the direction 
of rolling. 

In sheets with {110} <100> and {100} <110> 
texture the best properties are obtained in the dir- 
ection of rolling. In each lot of dynamo steel pro- 
duced with the pack method of rolling and doubling 
the number of sheets with each type of texture is 
the same. 

3. The different crystallographic texture of the 
steel with direct and reversing rolling is to be ac- 
counted for by the rolling conditions in two-high 
stands with one driving roll, where the force of the 
roll pressure on the sheet is directed at an angle 
different from 90°. 

4. The explanation of the mechanism of the form- 
ation of different crystallographic textures in hot 
rolled dynamo steel requires further study. 

The authors express their gratitude to engineer 
A.V. Serebrennikov and A.G. Korsunskii for the 


experimental rolling of dynamo steel. 


Translated by B. Ruhemann 
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STUDY OF REACTION DIFFUSION IN SYSTEMS “METAL-COMPLEX GAS” 


ll. THE SYSTEM CHROMIUM-SULPHUR DIOXIDE*t 
V.N. KONEV, N.G. BOGACHEVA and V.I. ARKHAROV 
Urals A.M. Gor’ki State University 


This paper is one of a number of studies of the 
et | mechanism of reaction diffusion in complex 
systems of the type “Solid metal - mixture of chemic- 
ally active gases” which are being made in our 
laboratory. Knowledge of the physical mechanism of 
reaction diffusion in systems of this type is absolut- 
ely necessary for a scientific approach to the search 
for new methods of producing refractory coatings 
for metals and alloys and also for the understanding 
of the mechanism of the destruction (oxidization) of 
the coatings in practical use, which, in turn, helps 
us to select the best regime for treatment and for 
the control of the production process of the coatings 
itself. 

In this work the reaction diffusion in the system 
chromium-oxygen-sulphur is studied. Technical 
chromium served as the initial material. The gase- 
ous medium was sulphur dioxide. Specimens of 
chromium in the form of parallelipipeds with a 
length of the edge of 1.0-1.5 cm were suspended on 
a Nichrome hanger in a sealed quartz tube which 
was placed in the electric furnace. The arrange- 
ment for the experiment and the manner of carrying 
out the individual operations were similar to those 
described in our papers on the study of reaction 
diffusion in other systems [2-6]. The investigation 
was made at temperatures of 600, 700, 800, 900, 
1000, 1100 and 1200°C. 


RESULTS OF THE EXPERIMENTS ON 
DIFFUSION IN THE SYSTEM CHROMIUM- 
OXYGEN-SULPHUR 


1. After diffusion annealing of the chromium spe- 
cimens in an atmosphere of sulphur dioxide a very 
dense, thin film of scale of a black colour forms on 
their surface which is firmly fixed to the metal. We 
did not succed in removing the scale from the 
chromium by mechanical means. 


* Fiz, metal. metalloved., 9, No. 3, 358-361, 1960. 
t See the previous communication 1). 


(Received 2 November 1959) 


The kinetic curves for the saturation of chromium 
in an atmosphere of sulphur dioxide are given in 
Fig. 1. At 600° no increase in the weight of the spe- 
cimens was observed even for very long holding 
periods (up to 6 hr). At temperatures of from 700 to 
1100° the specimens increased in weight after a 
certain time (as can be seen from the figure, this 
time depends on the temperature of the experiment), 
and then the increase in weight virtually stopped 
even with prolonged presence in the sulphur dioxide 
atmosphere at the temperature of the experiment. At 
1200° a continuous increase in the weight of the 
specimens was observed, but we did not succeed in 
plotting a kinetic curve for this temperature because 
the scale flaked off in the diffusion annealing pro- 
cess. The log K (see Fig. 1) for the points where 
the kinetic curves reach their horizontal section is 
plotted as a function of the reciprocal temperature 
in Fig. 2. 

2. Qualitative X-ray phase analysis showed that 
for brief holding (on the ascent of the kinetic cur- 
ves, Fig. 1) a phase is formed on the chromium 
specimens the diffraction picture of which fully 
agrees with the position of the lines for the rhombo- 
hedral chromium oxide Cr,0,. With increasing hold- 
ing time (where the curves of Fig. 1 reach their 
horizontal section) a new phase appears with line 
positions in the X-ray photograph which differ from 
those for the chromium oxide Cr,0, and the known 
sulphides. So far we have not been able to decipher 
the structure of this phase since we did not succeed 
in producing a scale separate from the metal. 

On chromium specimens oxidized in sulphur di- 
oxide at a temperature of 1200° only the rhombo- 
hedral chromium oxide Cr,0, was observed with 
X-rays, whereas two layers are visible on a metal- 
lographic section. On the X-ray photographs of the 
inner layer a doubling of some of the lines is ob- 
served (Fig. 3a-b). 

Texture photographs taken of the surface of the 
oxidized specimens at all temperatures did not 
reveal any signs of texture in the outer layer of the 
scale. 
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FIG. 1. Curves of the additional weight of chromium 
specimens as a function of the time at various 


temperatures: 
1 — 700; 2— 800; 3 — 900°; 4 — 1000°; 


1100 1000 900 800 700°C 
i J T 


54 


52 
50 


075 080 085 090 095 100 


FIG. 2. Log K of the curves in Fig. 1 as a 
function of the temperature. 


FIG. 3. X-ray photograph of the outer (a) and inner (b) layer of the scale 
on chromium when it is oxidized in sulphur dioxide at a temperature of 


1200° (Ka Cr). The X-ray photograph (b) was taken with a greater angle 
of rotation of the section. 


Chemical analysis of the scale from chromium, 
oxidized in sulphur dioxide, revealed the presence 
of bound sulphur to the amount of 9.23 % weight *. 

Attempts were made to synthesize the phase which 
emerges on chromium in sulphur dioxide at high tem- 
peratures. Mixtures of Cr,0, and CrS powders and of 
Cr,0, and Cr,S, powders were carefully ground in an 
agate mortar and sintered in evacuated ampoules at 
& temperature of 800° for 8-10 hr. The compositions 
of the mixtures are given in the table. X-ray phase 
analysis showed that new phases are not formed in 
these systems, and that, if one can judge from the 
position of the lines and their intensity, solubility 
of chromium sulphides (which were produced by sin- 
tering sulphur and chromium powders in certain 


* The chemical analysis was made in the mineral salts 
laboratory of U.N.I. Khim. 


proportions) in chromium oxide was not observed. 
2. HEAT RESISTANCE TEST 


Chromium specimens treated in sulphur dioxide 
with the above described method at temperatures of 
800, 900 and 1000° for the periods necessary for the 
formation of the new phase on the metal surface 
(see Fig. 1) were tested for oxidizability in an 
atmosphere of room air at 1000 and 1100°. The spe- 
cimens were suspended on a Nichrome hanger from 
one of the pans of an analytical balance and placed 
in a furnace which was heated to the temperature of 
the experiment. Observations of the change in weight 
of the specimens were made continuously. In 12 hr 
of being in the furnace at 1000 and 1100° in an 
atmosphere of room air the chromium specimens 
which were previously treated in sulphur dioxide 
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TABLE 1. Composition of mixtures of sulphides with chromium oxide 


System 


Composition, % 


CrS—Cr,0, 


10— CrS + 90 — Cr,Q, 
90— CrS + 10—Cr,0, 


10— CroS,+90— 
90— CreS.+10—Crs0, 


virtually retained their initial weight. The external 
appearance of the specimens did not change. The 
new phase formed during the annealing in sulphur 
dioxide was preserved. 


3. DISCUSSION OF THE EXPERIMENTAL 
RESULTS 


The process of the interaction of chromium with 
sulphur dioxide at temperatures of 700-1100° can 
be divided into two stages. 

The first stage corresponds to the ascent on the 
kinetic curves (Fig. 1) during which interaction 
occurs primarily between oxygen and chromium and 
the chromium oxide Cr,0, is formed, Other phases 
did not show up in the X-ray photograph. 

The second stage corresponds to the region where 
the curves reach their straight, horizontal section 
and a new phase is formed by a reconstruction of 
the one formed earlier (during the first stage), i.e. 
of the chromium oxide into a new phase (possibly 
sulphoxide of chromium). 

At 1200° only the chromium oxide Cr,0, is formed. 
The mechanism of the formation of two layers in 
the scale and the observed doubling of the lines in 
the X-ray photographs (either a change in the basis 
of the lattice or the presence of two Cr,0, phases 
with different parameters) is not yet clear. This 
question will be studied further. 

The rate of oxidation of chromium in sulphur 
dioxide is an entire order of magnitude less than in 
air [2, 5, 7]. 

2. The fact that the scale is very firmly fixed to 
the metal indicates that at the border between the 
scale and the metal there ia no porosity or flaking. 
As the X-ray examination showed no growth texture 
is observed in the outer layer. From this peculiarity 
of the scale one may conclude that the process of 
reaction diffusion in the system chromium-oxygen- 
sulphur occurs in the temperature region of 700- 
1100° by the diffusion of oxygen through the scale 
to the metal. It is possible that in the first stage 
of the diffusion process sulphur also takes part. 


With increasing sulphur concentration in the scale 
a reconstruction of the Cr,0, lattice into the lattice 
of a new phase takes place. 

It is interesting to note that in the binary system 
chromium-oxygen [2, 5] oxygen plays the primary 
role in diffusion; in the binary system chromium- 
sulphur [9] a two sided diffusion of sulphur and 
chromium is observed. In the ternary system chrom- 
ium-oxygen-sulphur, as was pointed out above, no 
chromium diffusion is revealed. In addition, after 
the formation of the new phase in the scale the 
diffusion of the atoms of the gaseous components 
through the layer of the reaction products virtually 
ceases. This is evidently due to the structure of 
the new phase which is being formed. 

3. The results of the test of chromium previously 
treated in sulphur dioxide for heat resistance give 
grounds for thinking that this new phase in the 
scale on chromium reliably protects the chromium 
against oxidization in air at temperatures of up to at 
least 1100°. The production of such a protective 
cover may in future prove to be a method for protect- 
ing chromium (and perhaps also high cnromium 
steels) against oxidization and against saturation 
with nitrogen when heated in air during thermome- 
chanical treatment (chromium actively absorbs the 
nitrogen of the air at high temperatures [2, 4, 8] ). 


CONCLUSION 


1. The oxidization of chromium in sulphur dioxide 
begins at a noticeable rate at 700°. 

2. The process of chromium oxidization in sulphur 
dioxide is divided into two stages: first, the forma- 
tion of the oxide Cr,0, on the chromium surface; 
then, the formation of a new phase and the virtual 
cessation of the weight increase of the specimens, 
which indicates a slowing down of the diffusion of 
the atoms of the gaseous components through the 
new phase which is being formed, in contrast to the 
process where the scale only consists of Cr,0,. 

3. On the basis of the structural features of the 
scale one may conclude that the reaction diffusion 


2. The system chromium-sulphur dioxide 


in the system chromium-oxygen-sulphur is effected 4. The diffusion coating formed by the combined 
by the diffusion of oxygen and sulphur through the diffusion of oxygen and sulphur into chromium re- 
scale to the metal. When the sulphur concentration liably protects the chromium against oxidization in 
in the scale increases to a certain level a new phase __air right up to 1100°. 

emerges after which the diffusion of oxygen and 

sulphur through the scale layer virtually ceases. Translated by B. Ruhemann 
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PURIFICATION OF ELECTROLYTICALLY PURE CADMIUM BY THE METHOD OF ZONE 
MELTING AND VACUUM DISTILLATION * 


B.N. ALEKSANDROV and B.I. VERKIN 
Physico-Technical Institue of the Academy of Sciences of the Ukr. SSR. 


This paper deals with the study of the possibilities 
for further purification of electrolytically refined 
cadmium of the Institute of General and Inorganic 
Chemistry of the Academy of Sciences of the Ukrain- 
ian S.S.R. by zonal smelting and ordinary distilla- 
tion t. The electrolytic cadmium had the following 
chemical composition: Tl, As, Sb, Bi, Ni, Cu less 
than 1 x 10%% each; 2 x 10*% Pb, (3-5) x 10%% Fe, 
(5-7) x 10% % Zn. Thus, the purity of the cadmium 
(from the difference) was greater than 99.998 %. 


It is well known that [1-3] the ratio 5 = Ry ./Rioom> 


where R, . is the electric resistance of the metal at 
the temperature of boiling helium (4.2°K) and R.oo, 
the electric resistance of the same specimen at 
room temperature (~ 20°C), and the length of the free 
path of the electrons in the region of helium temper- 
atures [3, 4] are sensitive indicators of the total 
quantity of chemical impurities which play an im- 
portant role in the electron theory of metals [4]. In 
view of the great chemical purity of electrolytic 
cadmium it was of interest to estimate the above 
properties of this metal. 


The quantity 5 was measured with the aid of a 
low ohm compensator and a highly sensitive galvano- 
meter on several polycrystalline wires of 2-3 mm 
diameter after annealing at a temperature of 120°C 
in air for 6-10 hr (to remove possible stresses which 
could increase the value of 6 [1] ). 

The estimate of the length of the free path was 
made with the known method [5, 6] of measuring 5 
as a function of the thickness Ah of a plate of elec- 
trolytically pure cadmium at a temperature of 4.2°K. 
The plates were made by rolling in rollers between 
textolite plates and were then etched and annealed 
at 120°C in air for many hours. After annealing the 
size of the grain was greater than the thickness h 
of the plate. The results of these measurements are 
given in Fig. 1b. Using Fuchs’ theoretical table 
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[7] for the case of diffuse scattering of the electrons 
at the boundary of the specimen and taking for a 
massive specimen that 5 ,, = 1.5 x 10“, we succed- 
ed in getting good agreement between the experi- 
mental data and the theoretical curve for a length 

of the free path of the electrons of A = 0.4 mm 

(Fig. 1a). Using the well known formula [4] 


(where ny is the number of atoms in the unit volume 
of the metal; o,, the specific electric conductivity 
of the metal calculated from the known value of the 
specific conductivity of the metal at room tempera- 
ture), one can calculate n, the number of electrons 
per metal atom, which in this case is 0.1. The 
result of the estimates for the quantity 5 and the 
length of the free path of the electrons in cadmium 
of varying chemical purity are given in Table 1. 

Since the purer the metal, the smaller the ratio 
R, 2/Rroom 2nd the greater the length of the free 
path at the same temperature, it can be seen from 
an examination of Table 1 that the electrolytic 
cadmium of the Institute of General and Inorganic 
Chemistry of the Academy of Sciences of the Ukr- 
ainian S.S.R. is purer than other cadmium speci- 
mens for which data on their physical properties 
have been published in the physical literature. 

Zone melting of a cadmium billet (150-170 g) 
was effected in small boats of tantalum sheet (of 
1 mm thickness) 350 mm long which were placed 
inside a quartz tube (of 35 mm diameter and 1200mm 
length); around the outside of the tube three ring- 
shaped resistance heaters were placed (each of 
~ 200 W capacity) which simultaneously produced 
three liquid zones of 40 mm length each. The rate 
of crystallization was 25 mm/hr. To prevent the 
metal mass from overflowing at the beginning of the 
billet due to repeated recrystallization [11] the 
boat was tilted at approximately 1-1.5° to the hori- 
zontal. 

Because of the high volatility of cadmium at the 
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TABLE 1. 


Brand, factory 
firm 


Remarks 


Technical 


Polycrystal 
(this paper) 


Kahlbaum 


5] Polycrystal 
[9] Poly- 
crystal 


[3] Single 
crystal 


Johnson 
Matthey 


[10] 


Inst. Gen. and 

Inorg. Chemistry | > 99 

Akad, Nauk Ukr. 
S.S.R. 


Polycrystal 
(this paper) 


2 


025 O50 O75 


20 2,5 


FIG. 1. 6 as a function of the thickness of cadmium plates 
a — (x) experimental points for annealed cadmium 


specimen; 


b — curve 1: unannealed specimen; 
curve 2: specimen annealed in air at 120°C for 


10-72 hr. 


temperature of fusion the purification was done in 
an atmosphere of argon at a pressure of 760 mm Hg. 
To estimate the effect of the number of recrystalliz- 
ations, 15 and 30 recrystallizations were carried 
out. The results of purification of two billets are 
given in Fig. 2 by a graph in which the length of the 
billet L is entered on the axis of abscissae and the 
ratio d= R, oom which indicates the purity of 


the metal. The broken lines shows the purity of the 
original cadmium billets. The ratio 5,, of the origin- 
al material varies from billet to billet within limits 
of from 1.5 x 10 and 2 x 10™, in this instance 6,, 
of the original cadmium was equal to 2 x 10°}. The 
graph shows that as a result of zone melting the 
impurities collect at the end of the billet which 
crystallizes last, while its first section (up to 
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Purification of electrolytically pure cadmium 


oe 


curve 1: 15 recrystallizations; 


about 60% of the total length) has a 6,, = 5 x 10°. 
One may accodingly think that the cadmium in this 
part was four times purer. The shifting of the im- 
purities in the direction of the movement of the 
zones agrees with the known phase diagram of cad- 
mium with Te, Bi, Pb, Cu, Sb, Zn, from a study of 
which one can see that the coefficient of the distri- 
bution for these impurities is K < 1. 

Doubling the number of recrystallizations virtual- 
ly does not change anything. The decrease in the 
amount of the impurities at the end of the billet can 
be explained by the partial evaporation of impurities 
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FIG? 2. Distribution of impurities along the cadmium billet after zonal recrystallization: 
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curve 2: 30 recrystallizations. 


which are more volatile than cadmium. 

The distillation of the cadmium was done in a 
quartz tube in a vacuum of 10~* mm at 400-500°C. 
It was found that after distillation the cadmium had 
a 0,, = 7x 10%, i.e. in this case we succeeded in 
making the metal three times purer. 

In conclusion the authors express their profound 
gratitude to D.P. Zosimovich who provided the 
electrolytic cadmium prepared by him. 
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THE INFLUENCE OF ULTRASONICS ON THE STRUCTURE OF FILMS OF 
BERYLLIUM AND ZINC OBTAINED BY EVAPORATION IN A VACUUM* 
B.E. POPOV 
Physico-Technical Institute Academy of Sciences Ukr. S.S.R. 

(Received 4 August 1959) 


It has been shown by numerous investigations, 
that the use of ultrasonics on solid bodies and crys- 
Converter 


tallizing melts leads to many recognized metallurgic- | Le 


al effects, among them: grain refinement, degasifi- 


Generator 


effect of ultrasonics on the structure metals which 

are condensed from the vapour phase. This problem a | eee 

is of considerable interest, both as regards the © : al 

physics of ultrasonics, and for practical application. oa ul 
The work here described was undertaken for the 

purpose of explaining the extent of the influence of 

ultrasonic oscillations on the formation of the siruc- ‘FIG. 1. Diagram of apparatus. 

ture of a film produced by evaporation in a vacuu. 


cation of the fusion, formation of new alloys, acce- T Wel 
leration of the ageing process, and so on [1-4]. — ai | 
However, no study has been made to date, of the 


System 


THE EXPERIMENTS AND THEIR RESULTS sary for the precipitation surface was created by a 
tube furnace 4 and controlled by thermocouple 5. 

Beryllium and zinc were used in these experi- The cycle selected for the furnace heating of the 
ments as the operative metals. Ultrasonic oscilla- rods and crucible was so arranged that, at the mom- 
tions were supplied by a magnetostriction converter, ent of fusion of the metal in the crucible, a predeter- 
itself supplied from a 10 kW generator. mined temperature was established on the condensa- 

Fig. 1 shows a diagram of the apparatus. The tion surface. After this the ultrasonic generator was 
metal evaporated from crucible 1 was precipitated switched in, cut-off 6 was removed and precipitation 
on to the end faces of rods 2 and 3, diameter 20mm, __ began. 
which were disposed symmetrically above the cru- During the process of precipitation the temperature 
cible. Rod 2, the control, was firmly secured to the of the condensation surface was kept constant while 
cooling water flange while the other, 3, served as that of the furnace was varied. In the experiments 
a two-wave sound conductor and its upper end was using Be the range was 600-650°C. The rate of con- 
connected to the concentrator of the converter. The densation was determined by the depth of the preci- 
rods were made of steel St. 3 and the operative ends _ pitate and the time it took to deposit. The minimum 
were polished. was 50 p/hr and the maximum, 700 p/hr. 

The system composed of the converter with its When precipitation of the metal was completed 
concentrator and the removable sound conductor, the crucible was closed; the generator was connec:- 
supplied a resonance frequency of 16-20 kc/s. The ed up and the heat in the crucible and furnace grad- 
converter power was maintained at such a level ually lowered. Further cooling of the condensate 
that the mixing amplitude of the operative end of was continued, together with the furnace, to room 
the sound conductor was the same for all experi- temperature. [he metal deposits were easily removed 
ments, amounting to 15 yp. The temperature neces- from the rod, in the form of fiiins. 

From the samples of film chtained, metallographic 

specimens were taken both «ith and without ultra- 
* Fiz. metal. metalloved., 9, No. 3, 366-368, 1960. sonics. Their microstructure was clearly visible in 
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FIG. 2. Effect of ultrasonics on grain size of beryllium precipitated at 600° 
and a rate of 6 f4/min; x 340: 


a — without US; 


~ 
a 
oO 
S 
Q 


6 — with US. 


20 60 100140 160 200 260.300 340380 


Depth of film and direction of growth, 


FIG. 3. Relation between grain size and depth of film: 
a —film produced under continuous action of ultra- 
sonics. Precipitation temperature 650, precipit- 


ation rate 11.5 /min; 


6 — the same without ultrasonics. 


polarized light. 

Figs. 2a and b show photographs of micro-speci- 
mens of beryllium film. It can be seen that the film 
which was precipitated under the continuous action 
of ultrasonic vibrations has a much finer structure 
than the other one. 

The experiments showed that the refining action 
of the ultrasonics was by no means equal through- 
out the specimen. The surface in contact with the 
condensation surface has an extremely fine-grained 
structure. The size of the crystals increases as the 
opposite side is approached. 

Fig. 3 shows the change in average grain size in 


Be in relation to the depth of the layer of a layer 
precipitated at 650°C and a rate of 11.5 /min. The 
oscillation amplitude of the precipitation surface 
was 15 and the frequency was 17.2 kc/s (curve a). 
The dotted line 5 expresses the same conditions, 
but without ultrasonics. 

Radiographic analysis of the structure of the 
beryllium film with and without ultrasonics showed 
that ultrasonics breaks up the preferred orientation 
of the crystals, i.e. it prevents the formation of a 
clearly defined texture. A second series of experi- 
ments was devoted to the precipitation of zinc in 
conditions similar to those obtaining for the bery]- 
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FIG. 4. Microstructure of zinc precipitated from the vapour phase at 300° and 
condensation rate of 20 44/min; x 210: 


a — without US: 6 — with US. 


jected to ultrasonics, are taken to be cavitation 
and the oscillating movement itself [5], then the 
influence of cavitation is ruled out in the case of 
the crystallization of a metal from the vapour phase. 

As in the experiments described crystallization 
was localized in the node of pressure (antinode of 
displacement), the pressure in the crystallization 
will always be zero. It is therefore difficult to ex- 
plain this refining effect by applying the usual 
reasonings regarding the elastic deformation caused 
by the scattering of a wave. 


lium. The only difference was in the temperature of 
the precipitation surface. [t was 300°C for the zinc. 

Figs. 4a and b show photographs of the zinc in 
polarized light. The refining action of the ultrasonics 
is very apparent. The extent for refining was rough- 
ly similar to that obtaining for the beryllium films. 

Summarising what has been said above it may be 
said that that ultrasonic vibrations with a frequency 
of 16-20 kc/s and amplitude of 15 cause refining 
of the structure of a precipitation obtained by evapor- 
ation in a vacuum. 

The physics of this phenomenon are still not suf- 
ficiently clear. If the main factors which influence 
refining, when crystallizing precipitates are sub- 
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INFLUENCE OF THE PLASTIC DEFORMATION OF NICKEL ON THE RATE OF 


DIFFUSION IN THE SYSTEM Ni-S * 
B.Ya. PINES and E.F. CHAIKOVSKII 


Kharkov State University i/n Gor’kii 


(Received 10 July 1958) 


The formation has been studied of the layer of sulphides on the surface of polycrystalline nickel  _ 


in saturated sulphur vapours at temperatures of 440, 500 and 600. It is explained that preliminary cold 


It is known that the lack of equilibrium in the 
crystal lattices of metals, which is connected with 
the irregular structure such as may be due to plastic 
deformation, will on heating with the accompanying 
(closing up) of the lattices, lead to the formation of 
higher excess concentrations of vacancies, which 
considerably accelerates the diffusion processes 
(1, 3}. 

Most of the experimental and theoretical works 
in which the influence of the distortion of the crys- 
tal lattice on the kinetics of the diffusion process 
is explained, deal with self-diffusion or hetero- 
diffusion in binary metal alloys. 

According to current statements, the mechanism 
of re-agent diffusion is somewhat different from the 
mechanism of the ordinary self-or hetero-diffusion, 
although it may also occur by displacement of the 
vacancies by atoms [4, 5]. The investigation of the 
influence of a distorted crystal lattice on the kine- 
tics of re-agent diffusion is of some interest. 

For the investigation the system nickel /sulphur 
was selected, as experiments with this are fairly 
easy to set up and the equilibrium diagram is known 
to be fully reliable. This system is already deserv- 
ing of attention due to the publication of the paper 
[6] in which it is affirmed that plastic deformation 
of the nickel leads to the slowing up of the process 
of re-agent diffusion in the system nickel /sulphur. 
This conclusion is opposed to the established 
views on the influence of plastic deformation on the 
rate of diffusion processes and it is therefore well 
worthwhile testing it out. 

Testpieces in the form of rectangular bars size 
5x5 x 10 mm were made from technical nickel. To 


* Fiz. metal. metalloved., 9, No. 3, 369-373, 1960. 
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working of the nickel hastens the reaction diffusion !. 


remove the distortions which would have occurred 
in the testpieces during their mechanical working, 
they underwent preliminary annealing in a reducing 
atmosphere of hydrogen at 1000° for 1 hr. After this 
they were subjected to compression and the extent 
of the deformation was determined according to the 
formula 


» H-h 
"100%, 
H /0 (1) 


where // is the initial thickness of the testpiece; 

h is the final thickness after compression. 
Maximum deformation in our experiments was 80%. 
After deformation the testpieces underwent diffus- 
ion annealing in sulphur fumes. Testpieces with 
different degrees of deformation underwent anneal- 
ing at the same time. To determine the rate of dif- 
fusion of the sulphur in the nickel, the depth was 
measured of the layer of sulphur compounds which 
formed on the nickel during isothermal annealing. 
This depth was determined on the polished ends of 
the testpieces by means of the metallurgical micro- 
scope MIM/6, according to the sharply varying 
boundaries between the nickel and its sulphur com- 
pounds, and also by means of a micrometer (the 
sulphur compounds are easily chipped away from the 
surface of the metal). 

Two systems of annealing were tried out. In the 
first system it was conducted in the same way as 
in paper [6]. The testpieces together with the pounc 
ed sulphur were put into a crucible which was care 
fully packed with sand. The lid was closed and it 
was put into a furnace which had been previously 
heated to 700°C. It remained in the furnace for 
15 to 60 min. However, this method of annealing 
did not produce sufficiently reliable results. The 
fact is that at 700° the pressure of the saturated 


vapours of sulphur reaches ~ 10 at (kg/cm?) [7] and, 
of course, the sulphur is quickly volatilized by the 
sand packing and burns away. For this reason the 
pressure of the sulphur vapours in which the anneal- 
ing was conducted, was continually changed from a 
certain maximum to minimum which was, to all in- 
tents and purposes, close to zero for combustion of 
the sulphur. 

Besides this, as can be seen from the equilibrium 
diagram for the system Ni-S [8] at 700° (or more 
precisely, above 645°) there occurs the formation of 
the liquid phase at small concentrations of sulphur. 
For this reason some of the sulphur compounds with 
the nickel ran off the testpiece and formed beads 
along the lower part. The existence of liquid inter- 
mediate layers between the metal and the sulphur 
vapours may to a considerable extent alter the kine- 
tics of the diffusion process, which is assumed to be 
taking place in the solid phase. 

Due to all this, the reasons for the depth of the 
layer of nickel which reacts with the sulphur, de- 
pends on a number of virtually uncontrollable factors 
and may to a very considerable extent have an ac- 
cidental character. 

In order to get more precise data another method 
of annealing nickel in sulphur vapours was tried. In 
this method the annealing was carried out in a spe- 
cial simple vacuum apparatus, in which it was pos- 
sible to control reasonably well the pressure of the 
sulphur vapours independently of the temperature of 
the diffusion annealing. The apparatus had two 
Nichrome heaters mounted on one vertically fitted 
porcelain pipe. The lower heater was the sulphur 
evaporator, and the upper the diffusion annealing 
furnace in the centre of which were placed the test- 
pieces in a holder. Above the second heater was a 
condenser (cooling was by water flow) on which the 
sulphur vapours precipitated *. After each annealing 
the sulphur was removed from the walls of the cooler 
and collected in the lower furnace evaporator. The 
amount of sulphur in the evaporator was adjusted so 
that at maximum duration of annealing the sulphur 
in it could not completely evaporate. The upper sec- 
tion of the porcelain tube, through which went the 
ends of a thermocouple in hermetic packing, was 
connected to a nozzle for evacuation and for control 
of the pressure in the apparatus. Evacuation was 
carried out by a 4-vacuum pump, pressure in the ap- 
paratus above the cooler was about 10° mm hg dur- 
ing the annealing. The temperature of the evaporator 
furnace was maintained around 300°C which allowed 


* The stability of the flow of sulphur vapours round the 
testpieces is maintained by keeping the temperature 
constant in the evaporator furnace and condenser. 
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ay 
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FIG. 1. Diagram of the apparatus for the diffusion an- 
nealing of nickel testpieces in sulphur vapours: 
1 — evaporator furnace for the sulphur; 
2 — diffusion annealing furnace for testpieces; 
3 — sulphur; 
4 — testpieces; 
5,6 — inlet and outlet tubes of condenser; 
7 — evacuation tube and pressure control; 
8 — thermocouple leads. 


for the pressure of sulphur vapours within the furnace 
of about 50 mm hg [7]: Temperatures in the evapora- 
tor furnace and the diffusion annealing furnace were 
adjusted by two nickel-nichrome thermocouples with 
protective porcelain tubes. A diagram of the instrum- 
ent is given in Fig. 1. 

Diffusion annealing in the apparatus was conduct- 
ed at 440° for 1 hr, at 500° for 1 hr, at 600° for 
15 and 30 min. Control experiments were carried out 
at annealing temperatures of 700°C. These tests con- 
firmed the negative results obtained when annealing 
the testpieces in the crucible. After annealing the 
diffusion zone seemed to have extended, that is 
sulphur vapours were diffused not in the crystal, but 
in the liquid. 

The results of the experiments completed on our 
new method, are set out in Fig. 2. It can be seen 
from Fig. 2, that the depth of the layer of nickel 
sulphides increases according to the extent of the 
previous deformation. Attention is drawn to the 
depth of the reacting layer, which is fairly large for 
these temperatures and durations of annealing. The 


> 


45 
777] 
N = 
| | 
a: 
+, 
= 


Plastic deformation of nickel 


20 40 60 806% 


FIG. 2. Relationship between depth of layer / of sulphur 
compounds with the nickel and the degree of previous 
deformation of the testpiece; 

1 — annealing 1 hr at 440°C; 
2 — annealing 1 hr at 500°C; 
3 — annealing 30 min at 600°C. 


probable explanation of this is given below. 

The relationship discovered by the experiment 
between the depth of the layer of sulphur and nickel 
compounds and the degree of deformation makes it 
possible to determine the change in the coefficients 
of diffusion D of sulphur through this layer with 
growth of o. To determined the value of D the ratio 


(2) 


was used [5], where / is the depth of the phase 
occurring as a result of the re-agent diffusion, in our 
case the depth of the layer of sulphur and nickel 


compounds; ¢ is the periodic of isothermal annealing. 


Using the usual method — plotting the relationship 
logD1/T — from the values found for D the energy 
of activation was calculated of the process of dif- 
fusion of sulphur fumes through the layer of nickel 
sulphides in the process of formation. The energy 
of activation falls with increased deformation from 
19.3 kcal/mol for an undeformed testpiece to 8.9 
kcal/mol for a testpiece which had undergone pre- 
liminary plastic deformation of 74%. 

Generally speaking the figures for the coefficients 
of diffusion D (representing the diffusion of the 
sulphur through the layer of sulphides) are very high 
where diffusion is in the solid phase. Unfortunately 
we are not able to compare our figures with the 
results from similar investigations undertaken by 
other research workers, as no such research work 
has been done. In one of the papers [9] devoted to 
the study of the kinetics of diffusion in the system 
Ni-S, the coefficients of diffusion in the nickel 


cm? /sec 


l 4 
0 20 40 60 805% 


FIG. 3. Relationship between coefficient of diffusion 

of sulphur through a layer of sulphur compounds with 

nickel and the degree of previous deformation for a 
testpiece annealed at 600° for 30 min. 


lattice have been measured but not in the lattice of 
the sulphur compounds with the nickel as has been 
done in our case. In this paper [9] the diffusion of 
sulphur in nickel was investigated by the method 
which uses radioactive isotopes (the gamma active 
isotope °5S was used as an indicator) at very low 
concentrations of sulphur — about 0.006%. For a 
temperature of 1000° the coefficient of diffusion 
found in this work was 0.9 x 10° cm?/sec, and the 
energy of activation calculated from the figures for 
D for three temperatures, was 90 kcal/mol. 

In our case, as inpaper [6], the depth of the layer 
of sulphide compounds with the nickel was probably 
determined mainly by the extent of the flow of sul- 
phur atoms which passed through this layer to the 
surface of the metal. The high coefficients discover- 
ed in the experiments for the diffusion of sulphur 
through the layer of nickel sulphides (and conse- 
quently the low energy of activation) would seem to 
be evidence that the crystal lattice of the emerging 
sulphur compounds with the nickel have a high con- 
centration of vacancies on the sulphur nodes, i.e. it 
is possible that a substitutional solid solution is 
forming similar to that which occurs in the oxidation 
of iron. The high concentration of vacancies in the 
sulphide layer may be the reason for the high degree 
of the flow of sulphur atoms to the surface of the 
nickel, which also causes the rapid growth of the 
layer of sulphides on it. 

The relationship found between the depth of the 
sulphide layer and the extent of previous plastic 
deformation in nickel must be interpreted as meaning 
that due to the higher energy of the plasticly deform- 
ed metal, sulphides with a more defective lattice 
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are liable to be produced. This interpretation is 
perfectly feasible although some details are still 
not clear and further experimental and theoretical 
investigations will be carried out in order to clear 
them up. It is interesting that the influence of cold 
working on re-agent diffusion at 600° is smaller than 
at 500°. It is possible that the full explanation of 
this question may lie in a detailed layer structural 
investigation of the testpieces, which has not so 
far been carried out. 


RESULTS 


1. The time relationship has been investigated 


experimentally of the layer of sulphides which form 
on the surface of the nickel in sulphur fumes at 
temperatures 440, 500 and 600°. 

2. It has been shown that preliminary cold work- 
ing of the nickel accelerates reaction diffusion in 
the system nickel/sulphur. 

3. The effective coefficients of diffusion have 
been determined of sul phur through the layer of 
sulphides at temperatures of 500 and 600° in rela- 
tion to the degree of cold working of the nickel. An 
interpretation of the effects observed has been 
suggested. 


Translated by V. Alford 
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INVESTIGATION OF THE MELTING POINTS OF THIN CONDENSED LAYERS OF Sn AND Bi* 
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Kharkov State University i/n Gor/kii 
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Increase in the role of surface effects due to the 
reduction of the size of the particles to the colloid 
degree of dispersion changes not only the physical 
chemical properties of a substance, but also the 
thermodynamic conditions of phase equilibrium in the 
particles. It has been shown in papers [1, 2] that 
the melting temperature 7’, of small particles should 
be below the melting temperature 7’, of massive crys- 
tals. It seems that similar propositions could be 
made with regard to the temperaturesiof other phase 
transformations. 

In papers [2, 3] a formula was obtained for the 
change in melting point of small spherical particles 


(1) 


where 7, is the melting point of a massive metal; 
L, is the heat of fusion (/1 g); 
pis density; 
r is the radius of the sphere. 

The value Ao = o,—0, represents the change in 
in the specific surface energy on fusion; o, and o, 
are the specific surface energies of the crystal and 
liquid phases. 

In papers [2, 3] Ao is taken as equal to the inter- 
phase specific surface energy 0,,. This observation 
is inaccurate, as generally speaking, the values Ao 
and o,, may differ even in their order [7]. 

We have generalized formula (1) for particles of 
arbitrary form. The most favourable kinetic condi- 
tions for the fusion of non-spherical particles is a 
minimum area for the separation surface of the crys- 
talline and liquid phases. 

In this case 


* Fiz. metal. metalloved., 9, No. 3, 373-378, 1960. 


where 2r is the average size of a particle in the 
section which coincides with the separa- 
tion surface of the crystalline and liquid 
phases on melting; 
is the coefficient calculating the devia- 
tion of the shape of cross-section from 
the circular. 

The size 2r may be variable. In this case an aver- 
age value for 2r should be taken and the relevant 
correction inserted in the coefficient K. 


K>4 


TABLE 1 


Depth of 
Metal 


layer 


Pb 500 
50 
Bi 50 
Sn 50 


In paper [3] it has been confirmed by experiment 
that there is a reduction in the temperature of fus- 
ion of high dispersion particles formed by condensa- 
tion of a metal in a vacuum. The author of paper [3] 
made electrographical recordings of the fusion mom- 
ent of metal condensates and obtained the results 
set in Table l. 

The experimental data given [3] are insufficiently 
precise and inaccurate for qualitative calculations 
by formula (1). Besides this the depth of the layer 
still gives no idea of the actual size of the particles 
of the condensate. 

It has been shown by electro-microscopic invest- 
igations [4] of the structure of fine layers obtained 
by condensation in a vacuum, that in the initial 
period the condensate consists of separate particles 
without contact. The amount of condensed metal in 
this state may be determined by the specific surface 
density g (g/m?) or the nominal depth 5 = q/p (cm). 
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FIG. 1. Fusion front in the stepped condensate of tin. The curve represents 
the stationary temperature gradient on the plate. The table sets out the 
values of specific depth and the average size of the crystallites 2r. 


On reaching critical depth 
(So 1077 — cm) 


the particles of condensate, as a result of growth, 
begin to find contact among themselves, growing 
further to form a continuous layer. Depth 


55 (59 — 10°* cm) 


may be recorded with a sharp increase in the electric 
conductivity of the layer of condensate. Investiga- 
tion of the melting points of high dispersion particles 
of condensate may be carried out for the thicknesses 
< bo. 

We investigated condensates of tin and bismuth. 
The method of conducting the experiments was as 
follows. A gradual condensate of the metal was pre- 
pared by precipitation of the molecular beam on a 
glass plate. For this a screen was placed between 
the evaporator and the glass plate, and was period- 
ically moved in the process of condensatior. Then, 
without destroying the vacuum, the glass plate was 
heated from one end, with the result that a station- 
ary temperature gradient was obtained on it. The dis- 
tribution of -emperature along the plate was record- 
ed by means of five copper constantan thermocouples 
(diameter of leads 0.1 mm). In the stationary state 
the isotherms were in the form of lines which were 
practically straight, and intersected the condensate 
perpendicularly to the steps. 

After cooling the fusion boundary on each stage 


was marked and could easily be recorded by the 
jump in the optical density of the condensate (Fig. 
1). The change in the optical density of the con- 
densate on fusion is the result of the change in the 
shape of the particles when the metal contracts into 
a drop (most probably also by the coalescence of 
the drop). From the rate of condensation and the 
duration of exposure of each stage, and also by 
measuring the optical density of the condensate [5], 
the specific surface density of the condensate q 
was determined or the nominal depth. 

Let us see how the average size of the particle 
in the condensates may be calculated. It has been 
shown in papers [4, 6] that when a metal vapour is 
precipitated in a vacuum particles of the condensate 
emerge practically simultaneously, and their numeric- 
al density n (cm™) do not change on further conden- 
sation. Thus the distribution of the particles accord- 
ing to size is in the form of a sharp maximum, while 
n may be taken as a constant. 


Therefore for all 5 < 5, 


q = 60 =n (2r)3o. 


(3) 


If 1, is the average size of the particles in the ad- 
jacent area at the moment when conductivity appears 
in the layer, n can be determined as: 
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FIG. 2. The changes in melting point of tin condensate 
related to the average size of particle. 


Where the particles in a condensate of thickness 
are equiaxial 


na (5) 


From equations (3), (4) and (5) we get; 
A) for equiaxial particles 


3 
or => V 
B) for non-equiaxial particles 


3 


To determine the critical depth 5, recordings were 
carried out of the electric conductivity of the layer 
of condensate in the process of the precipitation of 
the metal at a constant speed of condensation. The 
continuous recording was made on the instrument 
EPD-07, which is designed for the automatic record- 
ing of electric resistance. Besides this electro- 
graphic prints were made of the layer of condensate 
of depth 59, by means of which the value of /, was 
determined from the half depth of the interferential 
maxima. When Bi and Sn are precipitated at room 
temperature of the substratum /, ~ 200 A, the con- 
ductivity of the Sn layer appears at 5, = 200 A, while 
for Bi at 5, =~ 40 A. 

From a comparison of the figures obtained by the 
electric conductivity and electro-graphic analysis 
methods, it follows that the particles in the tin 
condensate 5, in depth are equiaxial, while in the 
bismuth condensate they are laminar. Therefore the 
calculation of the average size 2r of the tin crystal- 
lites is conducted by formula (6), and for bismuth 
by formula (7). 


The results of the examination of the relationship 


A 
10 200 JOO 


FIG. 3. The same as Fig. 2 for bismuth. 


between melting point and size of particles for con- 
densates of tin are set out in Fig. 2. The points 
obtained plot quite a good hyperbola 


2r 


(8) 


If we take 7, = 505°, p = 7.3 g/cm’, Ls =14.4 
cal/g = 6.03 x 10° ergs/g and K = 4, then it is 
possible to find the approximate figure for the 
change in the specific surface of energy of the tin 
particles on melting; Ao ~ 100 ergs/cm?. 

The figures for bismuth are set out in Fig. 3. The 
relationship 57 and 2r are expressed by the equa- 
tion 


T = 2.6x10 (0) 


If we take Ty = 544°, p = 9.84 g/cm’, L, = 14.1 
cal/g = 5.9 x 10* ergs/g and K = 4, then it appears 
that Ao x 70 ergs/cm?. 

The results of calculation of Ao are perhaps 
somewhat exaggerated, as we have taken K = 4, i.e. 
no allowance has been made for the deviation in 
the shape of the crstallites from an equiaxial 
cylinder. 

The figures obtained for the change in specific 
surface energy Ao on the fusion of crystallites in 
condensates of Sn and Bi are noticeably higher 
(2 to 3.5 times) than the figure for Ao which one 
might expect on calculating by the formula in [7]; 


(10) 


i 


(L; is heat of evaporation). 

However, it should be noted that fusion of Sn 
and Bi is accompanied by change in the co-ordinate 
number [8, 9]. This may also be the reason why we 
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reduction in the melting point has been observed; 
for tin ~ 40°, and for bismuth ~ 55°, 

2. The relationship between melting point and 
size of crystallites in Sn and Bi satisfies formula 
(2). Using formula (2) an approximate value may be 
calculated for the change in specific surface energy 
on fusion of the crystallites in condensates of Sn 


have obtained higher figures for Ac than would be 
obtained from the formula (10) [7]. 


CONCLUSIONS 


1. The melting point of high dispersion isolated 
crystals of Sn and Bi obtained on the condensation 


of a molecular flow in a vacuum, is a function of the and Bi. 
size of the condensate crystallites. The maximum 


Translated by V. Alford 


REFERENCES 


6. L.S. Palatnik and Yu.F. Komik, Dokl. Akad. Nauk 


1. V.K. Semenchenko, Povernostnye yavleniya v 
SSSR, 126, 74 (1959). 


metallakh i splavov (Surface effects in metals and 

alloys), State Publishing House of Technical and 

Theoretical Literature, (1957). 

H. Freundlich, Kapillarchemie, Leipzig, 465 (1930). 
. M. Takagi, J. Phys. Soc. Japan, 9, 359 (1954). 


. B.Ya. Pines, Zh. tekh. fiz., 22, 1985 (1952). 


. T.A. McLauchlin, et al. Canad. J. Research, A, 28, | 


530 (1950); 

Canad. J. Phys., 30, 370 (1952). 

. L.S. Palatnik and G.V. Fedorov, Dokl. Akad. Nauk, 
113, 100 (1957). 


. A.I. Bublik, .Kristallografiya, 


2, 249 (1957). 


. A.I. Bublik and A.G. Buntar, Fiz. metal. metalloved., 


5, 53 (1957). 


51 
2 
9 
1960 


INVESTIGATION OF SOME OF THE PHYSICAL PROCESSES OCCURRING ON THE 


SURFACE OF CRYSTALLINE BODIES AT HIGH TEMPERATURES * 
IV. CALCULATION OF THE KINETICS OF “AUTOMATIC CLOSING-UP” OF INTENTIONALLY 
CREATED DEFECTS ON THE SURFACE OF SOLID BODIES't 
Ya. Ye. GEGUZIN and I.0. KULIK 
Kharkov State University 
Kharkov Branch of IREA 


1. INTRODUCTION 


At high temperatures processes occur on the sur- 
faces of monocrystals and polycrystalline bodies 
which cause reductions in free surface energy. 
Among these processes are the “natural surface 
roughness” of the surface of a crystalline body (1, 
2], the formation of intergranular “troughs of therm- 


al etching” [3, 4] and also the levelling of the sur- 
face of a monocrystal on which there is macroscopic 
unevenness [5], and various others. 

This paper sets out the results of the calculation 
of the kinetics of high temperature “automatic 
closing-up” of intentionally created defects on the 
surface of crystalline bodies. The calculation of the 
kinetics of the automatic closing-up (levelling) of 
surface flaws which have a definite initial shape, 
could be of particular interest for the experimental 
study of this effect. 


2. THE PROBLEM AND THE BASIC EQUATIONS 


The calculations set out below concern a surface 
flaw on a crystal body in the form of a line (Fig. 1). 
This shape has been selected for the flaw because 
it is very simple and can be produced by scratching 
the surface. 


In the case of crystalline bodies automatic closing- 


up may occur as a result of three different mech- 
chanisms: volumetric diffusion, surface diffusion 
and transfer of the substance through the gaseous 
phase (re-condensation)*t. In the ordinary way all 
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three processes exist at the same time. We how- 
ever, will consider the role of each of them separ- 
ately for the purpose of explaining the conditions 
under which the process in question may be decisive. 

A comparison of the role of volumetric diffusion 
with surface diffusion may be done on the basis of 
the following considerations (see [3, 6] ). With the 
given gradient for the definition of diffusion flow, in 
the problem on hand the ratio of the flows of volu- 
metric diffusion (J,,) and surface diffusion (/, is 
Dy L 


where L is the width of the scratch; A is the depth 
of the layer in which the surface diffusion flow 
takes place (the value of the lattice parameter in 
fields of temperature close to that of melting point). 
L~ 10% cm; AX 10° cm; D,/D, x 10° — 10° cm?/ 
sec; = 10° — 10°, i.e. the diffusion flow by the 
volume is insignificant compared to the surface dif- 
fusion flow. We note that in the case of a scratch of 
substantial dimension (L ~ 107% — 10 cm) this 
conclusion may not be suitable. Bearing this in mind, 
let us consider further the problem of the closing- up 
of a scratch, assuming that two mechanisms are ef- 


fective: that of surface diffusion and re-condensation. 


In the case of both these mechanisms, the exist- 
ence of the chemical potential gradient along a line 
from the flat sector of the crystal to the centre of 
the scratch acts as a stimulant to the process of 
closing-up [3, 5]. 


* Fiz. metal. metalloved., 9, No. 3, 379-384, 1960. 

t The first in this series are articles |2, 7, 8}. 

tt In the case of amorphous bodies closure will take place 
because of viscous flow. From dimensional consider- 
ations it follows that the “half closure” time will in 
this case be determined by the formula 


t A, 
where @ is the coefficient of surface tension; 
1) is the coefficient of ductility and h is the depth of the 
scratch. 
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FIG. 1. Cross-sectional shape of a surface scratch. 


The basic considerations with regard to the 
equations which define the change in profile of a 
flaw symmetrically disposed along axis Y (see 
Fig. 1), have been set out in [3]. Mullins has consi- 


dered the kinetics of the development of a symmetric- 


al groove in the contact area of two grains in a poly- 
crystal. His differential equations are fully applic- 
able to the case of the closing-up of scratches; 
they are as follows: 

1. “The re-condensation” mechanism 


2. The mechanism of surface diffusion 


oY 
ry (2) 
The constants in the equations *, have the follow- 
ing meaning: 


Ds 
(4) 


Here P is the equilibrium vapour tension; V is the 
volume of 1 atom in the lattice; m is the mass of 
the atom; n is the surface density of the atoms; D, 
is the coefficient of surface diffusion; & is the 
Boltzmann coefficient; T is the absolute tempera- 
ture; o is the coefficient of surface tension which 
is assumed to be isotropic in the calculations: 


* This equation is correct for Y* X l. 


hit) 


06 


? 


B 
A 


OS 10 45 20 25 30 45 


FIG. 2. Graphs showing the relationship between h (t)/ho 
and undimensional time for the case of (B) “re-condensa- 
tion” mechanism, and (A) the surface diffusion 
mechanism. 


6 is the distance between adjacent atoms (the para- 
meter of the crystal lattice). The specification of 
our problem in the solution of (1) and (2) must be 
the formulation of the appropriate initial and limit- 
ing conditions. 


3. THE CLOSING-UP OF THE SCRATCH BY 
MEANS OF THE “RE-CONDENSATION” 
MECHANISM 


If the process of closing-up takes place by virtue 
of the “re-condensation” mechanism, then to find 
the shape of the scratch (Y (x,t)) in a moment of 
time ¢, equation (1) must be solved for the following 
initial and limiting conditions: 


(x, 0) =Y,(x), 
Y’ (0, t) =0. (5) 


We will seek the solution on the assumption that 
the initial profile of the scratch Y, (x) is as shown 
in Fig. 1. 

The solution to equation (1) may be written in the 
form: 


wie l re 


“ 


(At) e 4At/j—e 4At 
2 


As the change in the depth of the scratch is likely 
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FIG. 3. The shape of the profile of a scratch where ciosure takes place 
by the mechanism of re-condensation. 


FIG. 4. The shape of the profile of a scratch where closure takes place 
by virtue of the mechanism of surface diffusion. 


to be the simplest experimentally, we will write the 
equation for h in a given moment of time, which can 


easily be obtained from (6) 


and represents an unmeasured period in time. The 
graph for the time relationship of A (t)/ho, as calcul- 
ated according to formula (7), is shown in Fig. 2. 

Where T has high values the following asymptotic 
formula takes place 


2 


1 


Turning our attention to the fact that at 


T /2, 


the following equation for half closing time may be 
expressed: 


(8) 


We note that, having determined ¢® experimentally, 
it is possible (at known vapour tension) to define 
the coefficient of surface tension by means of the 
formula 


4P, 


Using the general formula (6), the form may be plot- 
ted for the profiles of a scratch at different values 


of undimensional time r. The relevant graphs are 
shown in Fig. 3. 
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4. THE CLOSING-UP OF THE SCRATCH BY 
MEANS OF THE MECHANISM OF SURFACE 
DIFFUSION 


The profile of a scratch in a moment of time ¢ in 
the case in question, may be determined if equation 
(2) is solved at the following initial and limiting 
conditions: 


Y (x, 0) = Y,(x), 
¥"(0, a0) 
y” (0, t) = 0. 


The latter condition indicates a zero flow of atoms 
in the apex of the scratch. As before the initial 
shape of the scratch is that shown in Fig. 1. The 
general solution of equation (2) at the given initial 
and limiting conditions has the form 


2 
Brit (11) 
—]Je™ coskxxdx 


From this equation it is possible to obtain the 
formula which defines the change in the maximum 
depth of the scratch with time 


h 2 sinS \? 


has the meaning of undimensional time. We note that 


where 
621, 


can be determined by the following asymptotic 
formula: 


i.e. the ~—_ of the scratch changes with time accord- 


ing to the law h (t" 1/4. Fig. 2 shows the graph for 


the relationship 


As before where 
h 1 


the time of half closing may be determined by the 


relation 


(13) 


from which, using (4) the formula follows for the 
coefficient of surface automatic diffusion 


(14) 


Thus examination of the automatic closing-up of 
scratches, where this is determined by the mecha- 
nism of surface creep of atoms, may provide inform- 
ation on the coefficient of surface automatic dif- 
fusion *. 

The nature of the change in the profile of the 
scratch with time, is set out in Fig. 4. 


5. THE REAL PROCESS OF CLOSING-UP OF 
A SCRATCH 


The relative roles of the two mechanisms under 
consideration in the closing-up process may be 
judged by observation of the time /half closure 
relationship 


T= ~ Ds (1s) 
Attention is drawn to the fact that the relative role 
of the two mechanisms under comparison depends 
on the width of the scratch, that is, the re-condens- 
ation mechanism which may not exist at the begin- 
ning of the process, but which may be the decisive 
kinetics in the final stages of closure. Physically 
this is connected with the fact that the diffusion 
path grows with increase in the width of the crack, 
at precisely that time when transfer via the gas 


* A more promisingD, may be determined by superimpos- 
ing the experimental curve in the co-ordinates h/h»y —t 
with the theoretical in co-ordinates h/h, C. This can 
be done by finding the multiplier which converts 
t into 2. 
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phase is not dependent upon it. Unfortunately, as 
there is absolutely no data concerning D, it is not 
possible to make a quantitative analysis of the 
value y. It is however, possible to state that as the 
melting point is approached, the role of “re-condens- 
ation” should become greater for all cases as both 
P, and D, grow with temperature according to an 
exponential law, and the heat of evaporation always 
exceeds the energy of activation of the process of 
surface automatic diffusion. It can be seen from the 
very approximate calculation which we have set out 
below, that for metals with a low vapour tension 
(Cu, Ag, Au, Ni and others) the re-condensation 
mechanism should not, according to calculations, 
exist even very close to the melting point. Actually, 
assuming that D, ~ 10% — cm?/sec, n 
cm, /~ 10% cm, the following figures for y for 
some metals may be obtained close to their melting 
points: yc, 10%, 10°, Yay = 10°, 
YNi— 10°. 

To simplify the calculations the following as- 
sumptions were made: 

a) the coefficient of surface tension is isotropic, 

b) the crystal lattice near the scratch is “equal”, 
that is, it is free of micro-distortions. 


The reason for the considerable difference 
between the phenomenon described and that which 
actually occurs, may lie in the neglect of the aniso- 
tropy of the coefficient of surface tension. Actual- 
ly, as has been found from experiments with the 
monocrystals of rock salt [5], in which the anisotro- 
py o is clearly reflected, a floor is formed in the 
apex of the scratch, which is an outcrop of plane 
(100) with minimum surface tension. 

Although the straight experiments [5] show that, 
in the case of NaC] transfer of substance in the 
region of the scratch occurs to a considerable ex- 
tent by the mechanism of re-condensation, it is 
clear that the surface migration of atoms also in- 
fluence the kinetics of closure, as the appearance 
of the flat bottom in the early stages of the process 
cannot be due to re-condensation only. 


Translated by V. Alford 
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THE X-RAY K ABSORPTION SPECTRA OF CHROMIUM IN SILICIDES* 
S.A. NEMNONOV and A.Z. MENSHCHIKOV 
Institute of the Physics of Metals Academy of Sciences Ukr. S.S.R. 
(Received 9 June 1959) 


This paper describes the examination of the X-ray K absorption spectra of chromium in its 
silicides. The essential changes in the structure of the basic K absorption boundary have been 
found for chromium due to changes of the concentrations of silicon in silicides. On the basis of 
the experimental data obtained and observation of a number of other physical characteristics of 
these compounds an opinion is given on the character of the interaction between atoms. 


The silicides of transition metals are of great 
scientific interest for a number of research workers. 
A problem of particular interest is the nature of the 
interaction between atoms. Some authors [1, 2] have 
come to the conclusion that these compounds are 
essentially mechanical and should be regarded as 
coming within the compas of zonal theory. The 
basis of this, as shown by Robins [1], is contained 
in the following: 

1) The electric conductivity of silicides is except- 
ionally high and, in a number of cases, is greater 
than that of the relevant pure metals. 

2) The temperature coefficient of resistance is in 
most cases positive and of the same order as for 
the transition metals. 

3) The silicides are paramagnetic materials with 
low dependence on susceptibility on temperature. 

On the other hand, Pauling and Soldate [3], 
having made a calculation of the length of bonds 
and number of electrons per bond in the crystal lat- 
tice of iron mono-silicide (FeSi), have come to the 
conclusion that a similar type of compound fits in 
very well with the idea of a resonating covalent 
bond. It is natural that an X-ray spectral analysis 
should be of special interest for a more detailed 
study of the character of the bonding forces in the 
silicides of transition metals. 

In this work the X-ray K absorption spectra were 
studied, of chromium in silicides. Samples for the 
investigation were presented by the Institute of 
Powder Metallurgy and Special Alloys, AS Ukr. 


S.S.R.* Chromium forms a number of compounds with 


silicon. The existence of 4 silicides has been very 
reliably established: Cr,Si, Cr,Si, (CrsSi,),* CrSi 
and CrSi,. The crystal structure and a number of 
physical properties of these compounds are set out 
in Table 1. 


RESULTS OF THE INVESTIGATIONS 


The experimental conditions in our work were 
the same as those described in paper [9]. Photo- 
graphs of the spectra were obtained on a spectro- 
graph with Johanne focussing in the first order 
reflection from the plane (1340) of a quartz crystal. 
Linear dispersion was 2.5 XE/mm. 

The illustration shows the K absorption edges of 
chromium in metallic chromium and the 4 silicides. 
Along the abscissa is plotted the energy calculated 
from an arbitrarily selected zero, and along the 
ordinate, a value proportionate to the coefficient of 
absorption. 

The energy position of the main sectors of the 
principal absorption edge may be characterized by 
certain points: 

b is the centre of the initial absorption field 

(sector abc); 

¢ is the centre of the whole absorption stages; 

A is the first absorption maximum. 

Points c, m, d, e indicate bends in the limits of the 
main edge. 

It can be seen from the illustration that the curve 
of the absorption coefficient of chromiun in silici- 
des and in pure chromium is not the same, i.e., the 


* Fiz. metal. metalloved., 9, No. 3, 385-389, 1960. 

t The authors are extremely grateful to G.V. Samson for 
submitting the samples for investigation and for his 
interest in the work. 


* Many authors have affirmed the existence of the sili- 
cides Cr,Si, [4, 5]. In paper [5] the parameters have 
been determined and symmetry suggested. In later works 

(continued cn the next page) 


Chromium in silicides 


TABLE 1. Type of crystal structure and some physical characteristics of chromium silicide 


18, 
VOK 


Type of Symmetry Parameter of 
Compound lattice group nucleus A 
Cr, Si Cub. O; a=4.55 
(Cr5Sis) Tetr. a=9.16 
c=4,64 
CrSi Cub. Ti a=4.62 
CrSle Hex. Dé a=4.42 


c=6.53 


3.4** 
4.0 


3.3 


* Data for electrical conductivity from paper [8]. For CrsSi, (CrsSi;) it corresponds to that 
for Cr,Si compounds, close to CrsSi; in composition. There are no available figures for 
the structure of Cr,Si and the authors of paper [2] were apparently dealing with Crs Si,. 

** Magnetic susceptibility taken from [8]. 
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of absorption. The height of initial absorption 


changes continuously from the lower to the higher 
silicide. The centre of the whole absorption edge 
(C) for the silicides of chromium, with the exception 
of CrSi,, is displaced in the direction of the long 
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FIG. 1. Main K absorption edge in silicides. 


position of the characteristic points of the edge 
change considerably both in energy, and in intensity 


20 30 


wave length side. 


(continued from previous page) 
[6, 7] the parameters of the unit cell were accurately 
measured and the symmetry of the crystal lattice was 
satisfactorily defined. These data coincide quite well 
with those in paper [5]. However, the stoichiometric 
composition agrees better with the formula Cr;Si; than 


with Cr, Si. 


chromium atoms. 


Yo 


A particularly substantial change is suffered by 
the second half of the main edge. The two maxima 
in the spectrum Cr,Si, (Cr,Si;), A and A’ merge into © 
one wide maximum on transition to the compound 
CrSi, while for dislicide CrSi,, this maximum becomes 
more precise and corresponds to an energy of about 
27 e.V, while for pure chromium it is about 19 e.V. 
The shift in the energy is about 8 e.V. 

A single unchangeable characteristic of the edge 
is the point b, The energy position of which appears 
to correspond to the first unoccupied states of the 


Besides the X-ray absorption spectra, we studied 
the nearest neighbours of the chromium atom in the 


| | 


Chromium in silicides 


TABLE 2. Calculation of length of the bond and numbers of bonding electrons 


Cr —€r bond 


Cr —Si hond 


Compound 


Cr,Si 


2.55 0.45 


Ist type of 


2.43 0.72 


environment 
Cr,Si, (Crs Sis) 
2nd type of 
environment 


Cr,Si, (Crs Si;) 


N  -—number of close neighbours of this type of atom; 
No} — number of electrons of the chromium atom participating in the bond; 
rnp — total number of electrons of the chromium atom participation in the 


bond (valency). 


crystal lattices of the compounds in question. From 
Pauling’s data [10] the length of the bond and the 
number of electrons in the bond between neighbour- 
ing atoms Cr-Cr and Cr-Si were calculated. The 
results of the calculation are set out in Table 2. 
Obviously this calculation does not pretend to pro- 
vide a precise quantitative analysis of the number 
of electrons per bond but offers only a quantitative 
picture of the redistribution of the bonding electrons 
between the atoms Cr-Cr and Cr-Si. 

The calculation of the number of atoms taking 
part in a bond, conducted according to the empirical 
formula composed by Pauling, R, = R, — 0.3 Ign, 
where R, = the length of the bond, in which n elec- 
trons of the given atom participate; R, is the length 
of a single bond. For the length of a single bond for 
the chromium atom the covalent radius of chromium 
has been taken as equal to 1.172 A, and for the 
silicon atom, the covalent radius equal to 1.173 A 


[10]. 
EVALUATION OF RESULTS 


It can be seen from Table 2, that with increased 
silicon content in the silicides of chromium, the 
number of electrons taking part in bond Cr-Cr is 


reduced, while those taking part in the bond Cr-Si 
are increased. Consequently, on transition from the 
low to the high silicide, the bond Cr-Si becomes the 
predominant one. This conclusion made from observ- 
ation of the crystal structures, is extremely import- 
ant for an understanding of the main K absorption 
edge of chromium in these silicides. Actually the 
main K absorption edge of chromium undergoes some 
considerable changes. In the case of the silicide 
Cr,Si, where the Cr-Cr bond already appears to a 
considerable extent, the curve of the absorption 
coefficient is very little different from that for pure 
chromium. However, further increase in the concent- 
ration of silicon leads to considerable change in the 
main absorption edge. Thus, for example, for the 
silicide CrSi,, where Cr-Si is the predominant bond, 
the absorption coefficient has a completely differ- 
ent curve from that for pure chromium. It seems 
sufficiently clear therefore, that changes in the 
main K absorption edge for the silicides of chrom- 
ium are conditioned by the strong interaction of the 
chromium atoms with those of silicon. 

There is reason to suppose that there is a coval- 
ent metallic bond between the atoms of chromium 
and silicon (the covalent resonating bond, accord- 


ing to Pauling). 
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The steady increase in the Cr-Si bond which can 
be traced from the number of electrons of chromium 
atom participating in this bond (for Cr,Si it is about 
1.8; for Cr,Si, on an average 3.1; for CrSi it is 4.4 
and for CrSi, it is 5.2), is apparent in all the char- 
acteristics of the main absorption edge (initial 
region of absorption, centre of a whole edge, first 
absorption maximum). 

The long wave shift of the centre of the whole 
absorption edge (¢) due to the great absorption of 
energy in this region, may be determined it seems, 
by the great hybridization of the wave functions of 
the chromium atom with the wave functions of 9 
symmetry of the silicon atom. Due to the increase in 
the p character of the hybridized orbit the probability 
of transition is increased, and consequently the in- 
tensity of absorption. We are reminded that the op- 
posite effect has been observed for ion compounds, 
i.e., the characteristic point of the edge ¢ shifts in 
the short wave direction [9]. 

The regular reduction in the height of the initial 
absorption region is probably also due to the strong 
interaction of the chromium silicon atoms. It is pos- 
sible that the formation of unlocalized covalent 
atoms between the chromium and the silicon atoms is 
accompanied by a reduction in the number of free 
3d 4s constitution chromium atoms; this leads to 
reduction in initial absorption as the latter is due 
to the change of the cast-out K electron to this con- 
stitution. Besides this, attention is drawn to the 
relationship between the reduction in the height of 
initial absorption and the increase in the distance 
between the chromium atoms on its transition from a 
lower to a higher silicide (see Table 2). Which of 
these two factors is dominant (as regards their in- 
fluence on the extent of the initial region of absorp- 
tion) is a difficult problem to decide from absorp- 
tion spectra alone. 

As has already been pointed out, besides the 
absorption maximum A, the clearly expressed maxim- 
mum A appears for the higher silicides which fails 
by 8 e.V to coincide, as regards energy position, 
with the first absorption maximum for pure chromium. 
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AN INVESTIGATION INTO THE TEXTURE AND ANISOTROPY OF THE 
MAGNESTOSTRICTION IN Fe-Al AND Fe-Cr ALLOYS * 
M.M. BORODKINA, Z.N. BULYCHEVA and YA.P. SELISSKII 
Institute for Precision Alloys, Central Research Institute for Ferrous Metals 
(Received 16 September 1959) 


X-ray methods were used to study the dependence of the textures of deformation and recrystalliz- 
ation of magnetostrictive alloys Fe-Al (10% Al), Yul0 and Fe-Cr (14% Cr), Kh14 on the rolling and 
annealing treatments. Textured alloys were obtained with the [100] direction in the rolling direction, 
in which the magnetostriction is greatest equaling, 42 x 10% for specimens of the Yul0 alloy and 
32 x 10° for the Kh14 alloy. Further improvement in the properties could only be achieved by in- 


creasing the degree of perfection of the texture. 


Due to the increasing application of ultrasonics 
in various branches of engineering, requirements 
have arisen for alloys with high magnetostriction. 
Those most extensively used have been iron-cobalt 
alloys (K65 and K50F 2), having high magnetostrict- 
ion in the polycrystalline state (70-90 x 107°). 

These alloys contain a large amount of rare and 
expensive cobalt and cannot be recommended for 
large scale application. Of considerable interest in 
this respect are iron-aluminium alloys containing 
8-10 % aluminium, where the maximum magnetostrict- 
ion occurs in the [100] direction in the monocryst- 
als, equal to 95 x 10~, for other direction it is low 
(for the [111] direction it is 3 x 10°, for the [110] 
direction it is 26 x 106) [1, 2]. It is obvious that if 
a polycrystalline material is prepared with prefer- 
ential orientation of the [100] direction in the roll- 
ing direction (the type (011) [100] or (001) [100] ), 
it will be possible to obtain a readily deformable 
cheap magnetostriction alloy, whose properties are 
comparable with Fe-Co alloys. The formation of this 
type of texture in Fe-Cr alloys (12-14 % Cr) makes 
it possible to increase their magnetostriction in the’ 
rolling direction up to the level of nickel and to 
recommend them as a magnetostriction material for 
hydro-acoustics instead of nickel. 

As yet there are no rules which can be used to 
obtain certain orientations in a sheet. Preferred 
orientations can be obtained by selecting the type 
of hot working, the purity of the metal, the compo- 
sition of the alloys, the degree of deformation dur- 
ing cold rolling and the annealing conditions. It is 


* Fiz. metal. metalloved., 9, No. 3, 390-399, 1960. 


rather difficult to obtain a texture of the type (011) 
[100] and (001) [100] in metals with a body-centered 
cubic lattice to which the alloys in question belong. 
This problem has been studied in greater detail for 
the Fe-Si alloys for which the Goss texture (110). 
[001] [3] was obtained by repeated cold rolling with 
reduction to 50-60 % with intermediate heat treat- 
ment at about 900°. Recent references in the Americ- 
an and German literature [4-6] indicate that a clear 
cubic texture (100) [001], has been obtained for Fe- 
Si alloys which was previously known only for 
metals and alloys with a face-centered cubic lattice. 
In paper [7] it was shown that alloys cf systems with 
a body centered lattice Fe-Co, Fe-Cr and Fe-Al, 
rolled with a 96.7% degree of reduction, have a 
texture in which the preferred orientation is (001) 
[110]. This orientation, causing the crystallographic 
[110] direction to be at an angle of 45° to the rolling 
direction, is retained after annealing but its sharp- 
ness decreases. 

In the present paper we considered the possibili- 
ty of obtaining textures of the type (110) [001] and 
(100) [001] in Fe-Al alloys with 10% by weight of 
Al, (Yul0) and Fe-Cr with 14% Cr (Kh14) by chang- 
ing the cold rolling and final heat treatment as well 
as the texture. Studies were made of the anisotropy 
of the magnetostriction conditions after various 


types of heat treatment. 


PREPARATION OF ALLOYS 


The chemical analyses of the alloys are given in 
Table 1. 

The alloys were melted in a 30-kg induction 
furnace at the experimental factory of the Central 
Research Institute for Ferrous Metals. The ingots 


Magnetostriction in Fe-Al and Fe-Cr alloys 


TABLE 1 


Content of elements, wt % 


No. Alloy 


8— 8573 
8 —8575 
8— 10795 
8—10804 


0.004} 0,003 
0.903) 6.003 
0.004} 0.003 
0,002) 0,003 


were forged into billets measuring 25 x 100 x 200mm 
at 1100-1050°, subjected to hot rolling at 100-1500° 
to 2.5-3.0 mm, and then cold rolling to 30-100 p with 
the following three variations: 

1. Repeated cold rolling with reduction of 50-60% 
to 0.10 mm and several intermediate heat treatments 
in hydrogen at 900° for 20 min. 

2. Double cold rolling with reductions of 80 and 
90% with intermediate heat treatment in hydrogen 
at 850°, 1% hr. 

3. Cold rolling with a total reduction of 95.6-99.0% 
(without intermediate heat treatment) to 30-100 yu 
strips. 


EXPERIMENTAL METHOD 


The texture was studied both after rolling to a 
final thickness of 30-100 yp and after intermediate 


reductions and annealing at a thickness of 3.0-0.2mm. 


Since the thickness of X-ray specimens should 
not exceed 0.1 mn, the thick specimens were sub- 
jected to electrolytic polishing. The X-ray photo- 
graphic method was used for studying the textures, 
pinhole photographs being taken with Mo, Kg, 8° 
radiation and an integrating Laue camera arranged 
so that an area of 69 cm? of the specimen, in the 
form of a strip, was irrediated. 

To construct pole figures of strip specimens up to 
0.1 mm thickness, another integrating camera was 
used, in which from 1] to 2 metres of film was wound 
from one spool to the other during the exposure, 
intersecting the X-rays. 

The orientations were mainly evaluated qualitativ- 
ely from single X-ray diagrams. 

After cold rolling and heat treatment with various 
arrangements, the magnetostriction was measured 
by the method of wire strain gauges on sheets mea- 
suring 0.10 x10 x 100 mm withfolded edges to give 
rigidity for 3 directions in the strip: along, across 
and at an angle of 45° to the rolling direction. 


RESULTS OF THE EXPERIMENT AND 
DISC USSION 


a) X-Ray Studies of Texture 


Table 2 gives the results for the analysis of 
orientations observed in specimens rolled with the 
first arrangement. figs. 1 a-j give the most character- 
istic X-ray diagrams. A consideration of the data 
of Table 2 and Fig. 1 shows that the deformation 
texture is characterized by 3 orientations: (100) 
[011], (111) [112] and (112) [110]. With increase in 
the number of intermediate treatments there was a 
weakening in the main orientation of the (100) [011] 
texture of deformation and an increase in the second 
degree orientation (111) [112] (Fig. 1c, h) and after 
annealing the appearance of a weak Goss type text- 
ture (110) [001] and cubic (001) [100] (Fig. 1 d, i) 
and a further increase up to the mean intensity with 
increase in the number of reductions. A weak (011) 
[011] orientation is observed in the annealed speci- 
mens as well as the Goss and cubic type orienta- 
tions. 

A clearer recrystallization texture is obtained 
after final annealing at 850-900° for 2 hr (alloy 
Kh14) and 900° for 10 hr (Yul0 alloy, melt 8573, 
Fig. d, j). With increase in the annealing tempera- 
ture, the character of the texture does not change 
but there is an increase in the dispersion of the 
texture, presumably connected with the process of 
accumulating recrystallization. 

Figs. 2a-b give the {110} and {200} pole figures 
for a 0.1 mm thick specimen of Yul0 alloy, rolled 
according to the second system and annealed in 
hydrogen at 1100° for 2 hr and cooled at a rate of 
50°/hr. The analysis of the orientations showed 
that the texture in the case of rolling with large 
reductions, differs sharply from the texture of a 
specimen rolled according to the first system: the 
cubic and Goss type orientations are absent and 
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Yy 


e—(1)123] vs A—(wi) s O-(130)(3/2] av a-(#/0) [001] v-w 
@-(112)[351] s &-(100)[03/| s o-(100) (001) w 


FIG. 2. Pole figures { 110} (a) and {200} (6) of a Yul0 alloy (melt 10795) 


treated according to the second system. 


FIG. 3. X-ray diagrams for Kh14 and Yul0 alloys, 30 microns thick, treated 
according to the third system: 
a — Yul0 alloy, 98.8% deformation; 
b — Yul0 alloy, annealing 900 for 2 hr; 
c — Kh14 alloy, 99 % deformation + annealing 900° — 2 hr. 
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TABLE 3. The saturation magnetostriction A, 10™ for three directions in 9.1 mm thick sheets of 
Yul0 and Kh14 alloys rolled according to the first system and annealed at various temperatures’ 


Method of annealing 


To angle g lg Ee, 
old rolled 1°. 
Alloy Yul0, Melt 8573 
C 120 | 31.0} 42.3 |} 44.1 | 30,0 | 34.2 | 21.5] 26.1] 19.0] 15.5 
45 12.8 | 17.3 | 17.5 | 21.3 | 12:0 | 15.5 | 5.5] 11.8] 7.9] 11.9 
90 190 | 30.0 | 33.7 | 338.0 | 27.7 | 33.2 | 24.1 | 24.7] 18.8 | 14.5 
Alloy Kh14, Melt 8575 
0 22.5 | 24.4 | 24.8 | 20.8 | 23.9 | 32.2 | 29.6 | 31.4 | 15.3 | 24.4 
45 | 15.5 | 12.0 | 13.8 | 15.7 | 12.2 | 17.0} 10.8 19 | 9.9} 11.4 
3 | 24.8 | | 18.6 | 21.9 | 20.4 | 217 | 18.4 | 


TABLE 4. Position of the crystallographic axes in the rolling plane for various treatment systems 
in the alloys with body-centred cubic lattice 


Direction 


Orientation calling 


Transverse 
direction 


45° 


Av, w (100) [011] [O11] 
s (111) [11] [112] 
w (112) [110] [110] 


Av (i10) [001] [001] 
Av (100) [001] [001] 


Av (111) [112] [112} 
Av (112) [351] [351] 


w (130) [312] [312] 


First system of rolling 


a) deformation texture orientation 


b) recrystallization texture orientation 


Second and third system of rolling 


Av (111) [123] 123] ~18°[101]} ~10°f11C 


{O11} 
[110] ~ [132] 
(111] [021] 


110 
toto 


[110] ~[312] or 
15° [101] 
~ [311] ~ [312] 


[130] [210] 
(315) ~ 12° [001] 


the orientation is (111) [113], (112) [351], (111) 
[123], (100), [031] and (130) [312], of which the first 
three are the most intense. In this case the direct- 
ion of the [100] edge of the cube lies neither in the 
rolling direction nor in the transverse direction, but 
at an angle of 45°. 

A study of the texture of 0.1 mm, 50 and 30 p 
thick specimens, rolled according to the third sys- 
tem without intermediate annealing, indicated that 
the specimens have a clear (110) [011] texture. In 
50 and 30 p thick specimens, rolled with reductions 
~ 98-99 %, in contrast to 0.1 mm thick specimens 
reduction ~ 97%) there is a sharp increase in the 


(112) [110] orientation at the expense of (111) [112] 
orientation (Fig. 3a). 

After annealing, orientations which do not create 
the required anisotropy appear together with the 
(100) [011], the same as during rolling according to 
the second system. With increase in the degree of 
deformation, the unfavourable orientations become 
stronger. They are particularly clear in 50 and 30 p 
thick specimens of Yul0 alloy in which the (100) 
[011] orientation is almost completely overwhelmed 
(compare Figs. 3b and 3c). These complex orient- 
ations are apparently formed from the (112) [110] 
orientation of deformation texture, which increases 
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FIG. 4. The relationship between magnetostriction and magnetic field 
intensity for three directions in the sheet: 
a — Yul0 alloy, melt 8573; 
b — Kh14 alloy melt 8575. 
1 — along the rolling direction; 
2 — across the rolling direction; 
3 — at an angle of 45° to the rolling direction. 


sharply with large reductions. 


b) Results of Measurements of Magnetostriction 


Table 3 gives the results for measurement of 
magnetostriction of Yul0 and Kh14 alloys after cold 
rolling according to the first system and annealing 


at temperatures of 850, 900, 1000, 1100 and 1200° 

with soaking for 2 and 10 hr. After cold rolling, the 
greatest magnetostriction is observed in the trans- 
verse direction; along the sheet and at an angle of 


45°, the magnetostriction values are almost the same. 


The presence of strong (111) [112] orientation and 
weak (100) [011] orientation in the deformation text- 
ure explains the character of the anisotropy. It fol- 
lows from the data of Table 4 that in the rolling 
direction there are the [112] + [011] directions, 
whereas the transverse direction has [110] + [011]. 

After different types of heat treatment (annealing 
at 850, 900, 1000 and 1200° with soaking for 2 and 
10 hr) the maximum magnetostriction is observed 
along the sheet and is somewhat less across the 
sheet; at an angle of 45°, the magnetosiriction is at 
a minimum. This type of anisotropy can be explain- 
ed by the presence of (110) [001] and (100) [001] 
orientations, where along the rolling direction are 
the [100] + [100] axes, and across the rolling dir- 
ection [110] + [100], at an angle of 45° [111] + [011]. 
Rolling according to the first system therefore leads 
to the formation of a recrystallization texture with 
(110) [001] and (100) [001] orientations, ensuring 
the positioning of the [100] edge of the cube in the 
rolling direction and therefore high magnetostiction 
in this direction. 

The value of the magnetostriction in the rolling 


direction in this case is twice that when rolling 
according to the third system, which will be shown 
below, and almost twice (42 as against 24 x 10~) 
greater than for an untextured specimen. Figs. 4a 
and 4c give the magnetostriction as a function of 
the intensity of the magnetic field for three direct- 
ions in Yul0 and Kh]4 alloys respectively. 

Table 5 gives the results for the measurement of 
magnetostriction in Yul0 and Kh14 alloys rolled 
according to the second system — with large reduct- 
ions and with one intermediate annealing, for thick- 
ness of 0.1] and 0.2 mm. 

After cold rolling, the greatest magnetostriction 
of the 0.1 and 0.2 mm sheets is observed for both 
alloy at an angle of 45°, which is due to the pres- 
ence of strong (100) [011] orientation in the deform- 
ation texture, for which the [100] axis is at an 
angle of 45°. After annealing at 1100° for 2 hr 
(cooling at a rate of 50°/hr) the character of the 
magnetostriction anisotropy of the Yul0 alloy is 
different for 0.1 and 0.2 mm thicknesses: for a 
0.2 mm thickness the maximum magnetostriction is 
observed in the rolling directions, in the other two 
it is almost the same; for 0.1 mm, the magnetoatrict- 
ion decreases in comparison with 0.2 mm thick 
sheets for all directions; along the direction of roll- 
ing and at an angle of 45° the magnetostriction is 
the same, for the transverse direction it is some- 
what smaller, which agrees with the results for the 
analysis of textures. 

To explain this fact we will consider the arrange- 
ment of the crystallographic axes in the sheet 
(Table 4). In 0.1 mm specimens there are a number 
of complex orientations for which the [001] axis 
lies neither in the rolling direction nor in the 
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TABLE 5. Saturation magnetostrictionA, x 10%for Yul0 and Kh14 alloys rolled according 
to the second system and annealed at various temperatures 


To angle of | Thickness of cold } 
rolling rolled specimens 


direction 


Method of annealing 


Vacuum Vacuum 


1100°, 2 hr 900°, 2 hr 


0.1 mm | 0,2 mm 


0,1 mm | 0.2 mm } 0.2 mm 


Alloy Yul0, 


7.3 
19.5 
9.4 


Khl4, 


18.2 
26,8 


Melt 10795 


27.5 39.1 
28.4 
18.6 25.8 


Melt 10804 


19,2 17.8 
21,0 18.1 


10.4 


13,9 19.1 


TABLE 6. Saturation magnetostriction A, x 10% for 0.1 mm specimens of Yul0 and Kh14 
alloys treated according to the thi:d system 


Cold rolled Annealed in hydrogen at 


specimens 


1100° for 5 hr 
cooling rate 25°/hr 


Angle t 


o rolling direction 


45 


90 45 90 


YulO Melt 8573 
Kh14 Melt 8575 


29.! 
34,7 


4.7 14.8 
9.8 30.0 


transverse direction nor at an angle of 45°. For 

0.2 mm thick sheets, the degree of deformation at 
the last reduction is less (80%) than for 0.1 mm 
sheets (90%), the complex orientations shown in 
Table 4 are therefore expressed less clearly and in 
the recrystallization texture the cubic orientation is 
retained, which provides high values of magnetos- 
triction in the rolling direction. For 0.1 mm sheets, 
the degree of rolling is high, which led to the deve- 
lopment of unfavourable orientations. For Kh14 
alloy, the values of the magnetostriction did not 
differ very much for the three directions in sheets 


of 0.1 and 0.2 mm thickness. 


In 0.1 mm specimens of Yul0 and Kh14 alloys 
(97% reduction) 1. \led according to the third system 
(with a large total reduction without intermediate 
annealing), the maximum magnetostriction is observ- 
ed at an angle of 45° to the rolling direction (Table 
6), which can be explained by the formation of a 


(100) [011] type deformation texture. 


After heat treatment, the character of the anisotro- 
py does not change, although it is expressed less 


clearly, which is due to the diffusion of the (100) 
[011] texture and the formation of unfavourable 
orientations. With increase in the percentage deform- 
ation to 98-99 % (strips of 50 and 30 u thickness), 

as has been shown, a still greater development is 
observed in these complex unfavourable orientations, 
which should lead to a reduction of the magnetostric- 
tion anisotropy. The measurement of magnetostrict- 
ion for these thin specimens, however, is difficult 
and was therefore not carried out. 


CONCLUSIONS 


1. The deformation texture of the alloys studied 
is characterized by three main orientations: (100) 
[011], (111) [113] and (112) (110). 

2. A definite connexion exists between the 
orientations of the deformation texture and the re- 
crystallization of the alloys studied: 

a) intensification of the (111) [112] orientation 
leads to the development after annealing of (110) 
(001] and (100) [001] orientations, which is achieved 
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by rolling with small total reduction (50-60% ) and 
with several intermediate annealings. Increase in 
the number of these reductions strengthens the text- 
ure, which ensures maximum magnetostriction in the 
rolling direction and in a transverse direction; 

b) rolling with lage reductions (80-90% ) and one 
intermediate annealing leads to a strengthening of 
the (112) [1T0] orientation, and after final annealing 
to the development of complex orientations, which 
do not provide the required anisotropy of the mag- 
netostriction in the sheet; 

c) single rolling with 90-96% reduction without 
intermediate annealings gives strong (100) [011] 
orientation, which is partly retained after annealing, 
the maximum magnetostriction in the alloy studied 
being obtained at an angle of 45° to the rolling 
direction; 

d) increasing the degree of deformation to 98-99% 
with single rolling leads, as in the case of double 


rolling with large reductions, to a strengthening of 
the (112) [110] orientation and after annealing to the 
development of complex unfavourable orientations 
of recrystallization textures. 

3. Only repeated rolling with a large number of 
reductions to 50-60% reduction and several inter- 
mediate annealings ensures the development of 
(100) [001] and (110) [001] orientations in the Yul0 
and Kh14 alloys, which makes it possible to obtain 
anisotropy of the magnetostriction in the sheet for 
which its maximum values are observed in the roll- 
ing direction. In the case of the Yul0 alloy, the the 
maximum value is 42 x 10°, and for Kh14 it is 
30-32 x 10~*, which is almost twice the magnetostict- 
ion for untextured specimens. 


Translated by J. Thompson 
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INTRODUCTION 


The process of carbide formation in the system 
iron-carbon has been systematically investigated 
both by metallographers and organic-chemists. Or- 
ganic chemistry has investigated the carbide phases 
forming on the surface of iron catalysts at synthesis 
of hydrocarbons from CO and H,, and metallography — 
the carbide phases which form at tempering of quench- 
ed carbon steel. Furthermore, the character of iron 
carbide phases and conditions of their formation 
were thoroughly studied in the process of cementa- 


tion of iron. 
Many sides of this complex process have remain- 


ed arguable to the present time, however, the argu- 
able points are quite different in metallography and 
organic chemistry. 

The fundamental results of organic chemists and 
of the authors who studied synthetic carbide phases 
of iron, were given in a number of works [1-3]. In 
these processes (synthesis, cementation) the forma- 
tion of the three carbide phases has been observed: 
low-temperature hexagonal e-carbide with the Curie 
point 380°, high-temperature X-carbide with the 
Curie point 265° and cementite with the Curie point 
210°. The lattice of X-carbide has not been exactly 
established, however, numerous works offer indica- 
tions that it is similar to that of cementite [4-6]. The 
transition of carbide phases with increasing temper- 
ature of process can be described as: ¢ > X > Fe,C; 
in given temperature regions there can exist both 
two carbide phases (e + X), (X + Fe,C) and all three 
of them. 

In organic chemistry the formation of the three 
carbide phases in the system Fe-C is generally 
admitted, the arguable point being the role of ¢-and 
X-carbides in the synthesis of hydrocarbons [2, 7]. 

In order to explain the character of the contra- 
dictions existing in the theory of tempering it is 


* Fiz. metal. metalloved., 9, No. 3, 400-414, 1960. 


expedient, initially, to classify the experimental 
data of the works carried out by the methods of 
X-ray structural investigations and electron diffract- 
ion analysis. The character of the obtained exper- 
imental data makes it possible to classify these 
works in two groups. The first group [8-17] points 
at the formation of two carbide phases — e-carbide 
and cementite. The structure of e-carbide has been 
identified as that established by organic-chemists; 
in a number of these works e-carbides were also 
identified by chemical composition. 

The most systematical development of the pro- 
gress of carbide formation with increasing tempera- 9 
ture of tempering was given in the works of Jack 
[8, 9, 14]. He described the change of structural 
composition by a number of isomorphous hexagonal 
structures and cementite 


The author considers that e-carbide as close to 
cementite by its chemical composition as it is, has 
somewhat enriched carbon content compared to ce- 
mentite (y > 0). With increasing temperature of tem- 
pering a gradual impoverishment of e-carbide on 
carbon takes place and on approaching to cementite 
carbon concentration (y > 0) it endures a crystallo- 
graphic transformation to cementite. As the latter 
has different Jattice it is not included in the line of 
isomorphous e-structures. 

The works of second group [18-21] uphold the 
view-point that numerous carbide phases which form 
at tempering are isomorphous only with cementite. 
Arbuzov explains certain deformations of cementite 
lattice, observed at low and mean tempering temper- 
atures, by the character of the conjunction of this 
phase with a-solution the shape and stressed state 
of cementite particles and by a slight impoversh- 
ment of cementite lattice on carbon. Marion and 
Faivre [18] estimated this impoverishment. The 
transformation of carbide phases was described by 
the line of isomorphous structures 
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FegC_y, FesG,-y, FesC. 


With increasing temperature of tempering y changes 
from 0.29 to zero, i.e. a gradual enrichment of ce- 
mentite on carbon proceeds up to the point when its 
normal composition and lattice has been achieved. 

Thus, among the authors utilizing the methods of 
X-ray investigation and electron diffraction the basic 
question leading to the disagreement of view-points 
on the process of carbide formation at tempering is 
the question of the formation of low-temperature 
e-carbide. 


The experimental data obtained by magnetic method 


of structural analysis prove the formation of three 
iron carbide phases at tempering of quenched carbon 
steels: cementite, high-temperature carbide X Fe, C 
and low-temperature carbide eFe,C with the Curie 


points 210°, 265° [22-25] and 380° [3, 5, 26] * respect- 


ively, i.e. with the same magnetic properties as 
those of the iron carbide phases forming on the sur- 
face of iron catalysts at the synthesis of hydro- 
carbons and cementation of iron. Furthermore, the 
magnetic method shows there is the same subsequen- 
cy in the formation of these carbide phases which 
have the same relative stability, temperature regions 
of their existence and the products of their decompo- 
sition both at tempering and at the synthesis and 
cementation. The magnetic analysis confirms also 
the data of organic-chemists according to which 
e- and X-carbides have greater carbon content than 
cementite [22, 30-32]. These data make it possible 
to described the transition of carbide phases, which 
proceeds with increasing temperature of tempering, 
by the sketch equal to that of organic-chemists: 
«+ X->Fe,C [3, 25, 26, 33, 34]. 

The perfect agreement of the experimental data 
of magnetic analysis with the data of organic- 
chemists and the authors who investigated the 
process of carbide formation at cementation make it 
possible to conclude that in the system Fe -C at de- 
finite temperature conditions the formation of the 
same iron carbide phases proceeds non-depending on 
the character of process (tempering, synthesis, ce- 
mentation). The comparison of these data with data 
of the above mentioned two groups of works in which 
the methods of X-ray investigation and electron dif- 
fraction were used determine the second contradict- 
ion attending the theory of tempering. This contra- 
diction lies in the disagreement of the viewpoints on 
the formation of high-temperature X-carbide. 


* A qualitative conclusion on the existence of this 
carbide was obtained by magnetic method in a great 
group of previous works [27-29]. 


It should be mentioned that the X-ray structural 
investigations failed to point at the possibility of 
a change in the sketch of carbide formation process 
when the carbon content of investigated steel 
changes. In distinction from this the magnetic ana- 
lysis indicates at the absence of the formation of 
X-carbide in low — carbon steels (< 0.4% C) [3, 34]. 
Thus, the second contradiction, previously mention- 
ed, in the theory of tempering concerns only those 
works in which the investigation of high-carbon 
steels were made since the studies of low-carbon 
steels by both magnetic [3, 26, 34] and X-ray [11- 
13, 15, 16] methods give the same data on the form- 
ation of carbide phases — the same values for the 
upper temperature limit of the existence of e-carbide 
(250° - 300°) and establish the same character of its 
decomposition products (e Fe,C). Besides that, 
the experimenta! data published in a number of 
recent works [5, 35] and earlier works [4, 36, 37] 
devoted to the study of the process of carbide form- 
ation in the tempering of high-carbon steels and ce- 
mentation of thin iron sheets [38] should be consi- 
dered the aid which helps to draw together the 
viewpoints of the authors employing radiation and 
magnetic investigation methods, since these works 
confirm the data of magnetic analysis on the forma- 
tion of high-temperature X Fe, C carbide phase. 

In spite of this, the fact should be considered 
that the data of magnetic analysis have not yet 
been generally recognized, thus the contradictions 
attending the theory of tempering deserve a wide- 
spread discussion. The necessity of this, as we 
think, is also caused by the fact that this problem 
being unsolved begins to check its further develop- 
ment. It is enough to note that the controversy of 
data on the structural composition of tempered steel 
and its change with increasing temperature of temp- 
ering impedes both the sound statement of the ques- 
tion of the mechanism of phase transformations and 
the solution of the question of nature of the changes 
in properties observed at tempering. The signific- 
ance of this question increases when we take into 
account that the attending contradictions refer not 
only to carbon but also to alloyed steels. The con- 
tradictions also affect in the same measure the 
theory of isothermal decomposition of super-cooled 
austenite and a number of other metallographic 
problems. It compels us to produce a number of ad- 
ditional arguments in order to support the experi- 
mental data, obtained by magnetic analysis, on the 
formation of high-temperature carbide at the temper- 
ing of mean- and low-carbon steels and to make a 
number of remarks on the conceptions of the authors 
of works [8, 18, 19] about general nature of car 
bide formation at tempering. 
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PHYSICAL BASES OF MAGNETIC 
STRUCTURAL ANALYSIS 


The magnetic method though widely used in the 
practice of metallographic investigations has been 
used at present for semiquantitative solution of a 
very limited number of problems. It, obviously, 
helped to spread among metallographers the opinion 
that this method belongs to indirect auxiliary 
methods of investigation. They hold that the radia- 
tion methods are the only direct methods which make 
it possible to obtain indisputable opinions on the 
presence of one or another phase in the system 
' being investigated. It by itself denies the possibili- 
ty of the use of magnetic methods for particular des- 
cription of the processes which take place on tem- 
pering and together with this it denies the possibi- 
lity of detection and estimation of the amount of a 
ferromagnetic phase by its magnetic properties — the 
Curie point and saturated magnetization. 

Being fully aware that none of the investigation 
methods, taken singly, can completely solve any 
problematic task of metallography, we hold the 
viewpoint that the estimation of the magnetic invest- 
igation method given by certain metallographers is 
not right. In connexion with this, we consider, it is 
necessary to note the following most important con- 
clusion of the theory of ferromagnetism which make 
up the physical basis of magnetic structural analys- 
is. 

(a) Spontaneous magnetization and Curie point 
are the macro characteristics related to the crystal- 
line structure of investigated phase and electron 
structure of its atoms. 

(b) Spontaneous magnetization at temperatures far 
from Curie point slightly depends on the intensity 
of the magnetic field and in practically accesible 
fields (10°-10* oersteds) it does not change its 
value. 

(c) On magnetization of ferromagnetics, in a range 
far from para-process, the effect of the field reduces 
in such a way that it does not increase the sponta- 
neous magnetization but only helps to overcome the 
external causes which conceal its presence in ferro- 
magnetic bodies of macro dimensions [39]. 

(d) The minimum linear dimension of a ferromag- — 
netic particle at which it retains normal magnetic 
properties (the values of spontaneous magnetization 
and Curie point) are of the order of 10 cm [40]. 

Theoretical calculation [39] and experimental 
verification [41-43] show that a body loses its ferro- 
magnetic properties at particle dimensions = 10 A. 
With increasing dimensions of particles up to 100- 
200 A the magnetic properties are restored. (The 
Curie point and spontaneous magnetization raise to 
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their normal values). A further increase in particle 
dimensions exerts no influence on the magnetic 
properties. Since carbide particles at low tempering 
have a dimension of =~ 10% cm [44, 45] it can be 
concluded, on the basis of the above mentioned data, 
that the growth of the particles with increasing tem- 
perature of tempering cannot affect their magnetic 
properties. 

(e) Spontaneous magnetization and Curie point 
depend slightly on the stressed state of the body. A 
change of magnetization under the action of stresses 
in the vicinity of the Curie point is of the order 1 G 
mm?/kg and at room temperature of the order 0.1 G 
mm?/kg. The change of Curie point is 10-107 
C mm?/kg [46, 49]. 

Such properties of saturated magnetization and 
Curie point have made it possible to choose them 
for phase characteristics. If X-ray analysis can be 
used to identify the phases of this system by their 
crystalline lattice then the magnetic properties of 
ferromagnetic phases can be used with the same 
right to achieve this aim. The peculiarity of these 
physical magnitudes lends the reliability and sim- 
plicity required to explain the picture observed in 
investigations of the system in which the distribu- 
tion, shape and stressed state of phases, change in 
a wide range depending on one or another condition 
of heat treatment. Exactly those factors which strong- 
ly deform the picture obtained by X-ray structural 
investigations exert no influence on values of the 
phase characteristics in magnetic analysis. 

(f) Spontaneous magnetization is a simple funct- 
ion of temperature. If a change in magnetization is 
caused only by temperature then the curve J, (¢) 
describing the temperature dependence of magnetiz- 
ation is reversible. 

The non-dependency of saturated magnetization 
on the shape, distribution and stressed state of 
phases results in the fact that the magnetic moment 
of a heterogeneous system obeys the additive rule. 

Since saturated magnetization is a simple tem- 
perature function, on heating of a heterogeneous 
stable or metastable system to a temperature below 
that of the phase transformation of first order, the 
curve J, (¢) should display a reversible behaviour 
at subsequent cooling of the system. If some of the 
ferromagnetic phases have Curie points lying below 
the temperature of heating then the magnetization of 
these phases will drop sharply in the region of Curie 
point, resulting in the characteristic jumps of the 
J, (t) curve *. This is a consequence of the additive 


* It is the very cause of a rise in H, on the curves 
H, =f (¢) in the Curie points of the phases present in 
a heterogeneous system. 
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rule of saturated magnetization of a heterogeneous 
system 


JO = Jal, 


i 


here p; — equals % of ferromagnetic phases, by 
volume; J/,; — their saturated magnetizations. The 
identification of Curie points by characteristic 
jumps of the reversible curve J, (¢) is one of the 
methods of magnetic analysis for the detection of 
ferromagnetic phases in the system being studied. 

(g) The magnetization curve plotted in co-ordinates 


6 

i.e. when magnetization is expressed by that at 
absolute zero and temperature by that of the Curie 
point is the same for all ferromagnetic bodies [ 46, 


50, 51]. 
This makes it possible to use the universal 


relation 


(1) 


resulting from Heisenberg’s approximation for the 
extrapolation of room temperatures in the separate 
parts of curve Js (t) corresponding to the change in 
magnetization of separate phases of a system [52, 
53]. This in its turn reveals the possibility of com- 
pletion of both the qualitative analyses of curves 
J, (¢) with the object of determining the structural 
composition and the quantitative determination of 
the ferromagnetic phases in the system being consi- 
dered. Moreover, the theoretical calculations of the 
curves J, (t) are possible if the amount of phases 
and their properties (J,, 6) are given. The determin- 
ation of the nature of ferromagnetism and magnetic 
structure of ferromagnetics, the nature of magnetic 
characteristics (J,, @) and of the processes occur- 
ing at magnetization and heating of ferromagnetic 
bodies reveal the possibilities for the use of the 
theory of ferromagnetism for more extensive deve- 
lopment of the qualitative and quantitative methods 
of magnetic analysis and their use for the solution 
of many metallography problems. 


THE EXPERIMENTAL DATA INDICATING AT 
THE FORMATION OF HIGH-TEMPERATURE 
X-CARBIDE ON THE TEMPERING OF 
CARBON STEEL 


In Fig. 1 are seen the curves J, (¢) of U 10 
steel after annealing and tempering for 10 hr at 
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FIG. 1. Curves J, (¢) of U 10 steel after annealing and 
tempering for 10 hr at different temperatures: 
1 — after annealing and tempering at 650°; 
2 — after tempering at 600°; 


3 — at 500°; 
4— at 450°; 
5 — at 400°; 
6 — at 350°C. 


650° -350°. Such prolonged staying was chosen in 
order to achieve, already after the tempering at 
350°, a high degree of impoverishment of a-solution 
on carbon. The construction of these curves as well 
as all the following was made in a field H = 7500 
oersteds; on the ordinate axle are the readings of a 
ballistic galvanometer which are proportional to 
saturated magnetization. 

All the curves have reversible paths, consequent- 
ly, the sharp drops of magnetization in a region of 
210° observed on the first curve should character- 
ize the decomposition of domain structure of a ferro- 
magnetic phase and the sharp drops in two regions 
(210° and 265°) seen on the next curves indicate at 
the decomposition of domain in structure of two 
different ferromagnetic phases. Since the drops 
were found on the reversible curves J, (¢) it allows 
us to ascribe them to the Curie points of given 
phases — cementite and X-carbide. 

According to the data of Jack, at tempering tem- 
peratures above 350°, the structure of tempered steel 
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is characterized by only two phases (Fe,C + a- 
solution), therefore, he objects to the interpretation 
of the effect on curves J, (t) in a region of 265° 
which is offered by magnetic analysis. His object- 
ions are based on the data produced by Wilson [54, 
55] who observed analogous effect on the curves 

J, (t) of deformed specimens. Accepting the con- 
clusions of the author who explained the drop observ- 
ed in a region of 265° on curves J, (t) as a result 

of the displacement, under the action of stresses, of 
the Curie point of cementite from its normal value 

of 210° to 265° K. Jack has widened this explanation 
to the tempered state of steel. Since the stressed 
state of cementite, according to Jack, is built by 
compression or tension forces from surrounding 
a-phase the stresses should have character of the 
second order. 

In the first place we note that such a great dis- 
placement of the Curie point (A 6 = 55°) was justi- 
fied neither by theoretical estimation of the value of 
this effect nor by data of the tests carried out to 
check it [46-49]. At such a value of the displace- 
ment, the stresses in cementite should have an order 
of 10°-10* kg/mm but experimental data show that 
the stresses of second order in a-phase after a low- 
temperature tempering, already, reach values of the 
order of 10? kg/mm? and after tempering at tempera- 
tures above 300° they reduce down to values of the 
order of 10 kg/mm? [56, 57]. If it were only for this 
it could serve as a proof that the stresses cannot 
be responsible for so great displacement of the 
Curie point of cementite and especially in the 
samples tempered at high temperatures (> 350°). 

Assuming despite all of this that the effect is 
conditioned by stresses in cementite then we should, 
obviously, expect a continuous change of the Curie 
point from 265° to its normal value of 210° on relax- 
ation of sample (at its heating to higher tempera- 
tures). The test showed completely, different be- 
haviour of the effect. In Fig. 1 it can be seen that 
the drop on curves J, (¢) remains in the same region 
of 265° at increased temperatures of tempering but 
the part of magnetization ) contributed by 
X-phase to the total value of magnetization gradual- 
ly diminishes. Such a behaviour of the effect can 
only be linked with a decrease in the amount of 
X-carbide, since 


is the value proportional to the amount of X-carbide 


present in a sample. 
Jack does not regard the question of the character 
of changes in the curve J, (t) of the sample preli- 
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FIG. 2. Change of curves J, (t) of U 10 steel with 
increasing temperature of tempering: 
1 — after tempering for 10 hr at 350°; 
2 — at 650°. 


minarily tempered and then heated to higher temper- 
atures (below A, point). According to the author’s 
conception of the nature of the effect observed in a 
region of 265° on curve J, (t), the qualitative charac- 
ter of the effect should be as follows. On such heat- 
ing it is possible to expect, firstly, changes in the 
curve J, (t) in the temperature region of 265° since 
the reduction of stresses in cementite can give rise 
to a change in its magnetization. In the second, the 
relaxation of cementite should be characterized by 
its gradual return to the lattice in equilibrium state 
without any noticeable change in its amount and in 
the amount of a-phase. Consequently, the run of the 
curves J, (t) at temperatures above 265° should 
practically be the same, i.e. as drawn in the top 
right corner of Fig. 2. 

As seen in Fig. 2 (and in Fig. 1. also) the mag- 
netization of a high-tempered sample (curve 2) is 
lower than magnetization of the sample tempered at 
350° (curve J) both at temperatures below 265° and 
at temperatures above it. Since both the curves are 
reversible, which makes it necessary to regard the 
drops at 210° and 265° the Curie points of iron car- 
bide phases, the nature of the change in curves 
J, (¢) points at the transition from the ternary to the 
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binary system, 
(Fe. + FexC + Fe,C) (Fe. + Fes3C), 


i.e. heating of the sample to higher temperatures of 
tempering leads to the decomposition of X-carbide. 
The relative position of the curves also indicates 
that the transformation of the high-temperature car- 
bide phase is attended by an increase in the amount 
of cementite by a value of 


1 ” 
Ap, = = — Aa.) = 9,8% (by volume) 


and decrease in the amount of a-phase by a value 


of 


Apr — =2,6% (by volume) 


If the effect on curves J, (t) in a region of 265° 
characterizes a stressed state of the cementite with 
normal stoichiometric composition, then the observ- 
ed change in the amount of cementite and ferrite 
could be linked with prolonged impoverishment of 
a-phase on carbon. Such a supposition leads to the 
conclusion that the carbon concentration in a-solu- 
tion after tempering at temperatures 350°- 400° is 
considerably higher then it can be concluded from 
the data of X-ray investigation [58]. 

In the case being considered this concentration 
appears to be equal to 0.215 % C whilst the data of 
X-ray structural investigation point to a value be- 
low 0.1% C [59, 60]. 

It is also impossible to connect the decrease in 
magnetization of a-phase with the change of its 
magnetic properties resulting from the relaxation of 
stressed state. This follows, firstly, from the fact 
that an increase in the amount of cementite was 
simultaneously observed, secondly, the sense of 
magnetization change does not correspond to it (a 
decrease with increasing temperature of tempering, 
i.e. with relaxation of a stressed state of a-phase) 
and thirdly a great value of this change (2.6%). If 
one omits to note the sense of the magnetization 
change of the a-phase, remembering that it is never- 
theless, conditioned by the relaxation of stresses, 
then such a value of the magnetization change ac- 
cording to theoretical and experimental estimations 
[46, 49], leads to the conclusion that the stresses 
in the a-phase after tempering at 350° should have an 
order of 450 kg/mm’. This does not agree with ex- 
perimental data on the magnitude of the stresses of 
second order [56, 57]. Moreover, the orders of the 
magnitude of stresses in the a-phase estimated by 
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FIG. 3. Verification of experimental curve J, (¢) of U 10 
steel after tempering for 10 hr at 350°: 
a — the presence of X-carbide ignored; 
b — the presence of X-carbide is taken into 
account; 
o — experimental points, 
x — calculated points. 


the displacement of the Curie point and by the 
change of magnetization do not agree (5.5 x 10° and 
4.5 x 10? kg/mm?, respectively). 

The opinion of Jack on nature of the effect on 
curves J, (t) in a region of 265° is without founda- 
tion as is shown by the following. If the effect was 
conditioned by the stressed state of cementite then 
it would mean that the run of the curve J, (¢) in the 
range 20°- 265° was a result from a change in mag- 
netization of two phases: 

a-solution and “stressed cementite with the Curie 
point 265°”. 

It is possible to check this supposition by the 
use of Heisenberg’s approximation [52, 53] which 
allows us in the first place to make a theoretical 
verification of the run of the experimental curve in 
this range and secondly, to determine how much the 
change in magnetization of “stressed cementite” 
which occurs at changing temperature agrees with 
the universal relationship (1). 

The results of such a verification we illustrate 
by the analysis of the curve of U 12 steel sample 
tempered at 350° for 10 hr (Fig. 3a). The part of 
magnetization attributed to cementite, accoding to 
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Jack, should be represented by a value A a (¢,) 
which appears to be the difference between the 
values of total magnetization of the sample and the 
value of magnetization of the a-phase at a given 
temperature, (Fig. 3a). We note that the results of 
the calculation should be non-dependent on the tem- 
perature at which the value A a (¢,) was chosen. 

Theoretical construction of the curve among which 
the first one was calculated by the ordinate A a (¢,) 
(at t, = 220°) and the second by the ordinate A a(¢,) 
(at t, = 150°) gives different results, so that neither 
the first nor the second curve coincide with the expe- 
rimental curve. Maximum deviation of the calculated 
curve ] from the experimental one (in a region of 
room temperatures) is about 5 % and of the curve 2 
(in a region of 210°) — 3% which strongly exceeds 
the relative error of measurements which was about 
1%. 

The reconstruction of the curve A a (¢) in the 
section from 20°- 265° made in relative co-ordinates 


supposing that the path of this curve characterizes 
a change of magnetization of “stressed cementite 
with the Curie point 265°”, displays a sharp devia- 
tion from the general relationship (Fig. 4). As a 


comparative curve for comparison purposes the ex- 
perimental curve of iron produced in work [51] was 
used. 

The results of the verification have a completely 
different meaning if we assume that the run of curves 
J, (t) in the range of 20°- 265° displays a change of 
magnetization of the three phases: a-phase, X-carbide 
and cementite, i.e. that the jumps at 210° and 265° 
are the Curie points of cementite and X-carbide. The 
extrapolation of the curve J, (t) of the a-phase in 
the above mentioned range was made by the value 
of its magnetization at 350°, X-carbide by the parts 
of total magnetization attributed to this phase at 
220° and 240° (A ay (¢,), A ay (t,)); cementite by 
its part of total magnetization A a, (¢,) at 150°. The 
results show a good agreement between the experi- 
mental and calculated * points and the reconstruct- 
ion in relative co-ordinates, of the curves J, (¢) 
describing the temperature dependence of magnetiz- 
ation for X-carbide and cementite gives evidence 
that the temperature dependence of the magnetization 
of these phases obeys the general law of ferromag- 
netism (Fig. 3b, 4). 


* The part of curve ] (Fig. 3b) in the range 210° -20 
should be considered, in the given case, the continua- 
tion of the experimental part of the curve in the range 


265°- 210°. 
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FIG. 4. Temperature dependence of magnetization for 


a-phase, X-carbide, cementite and carbide phase 
by Jack. 


The following experimental facts also indicate 
the impossibility of explanation of the effect in the 
region of 265° by the stressed state of cementite 
(a-phase). 

1. If a stressed state of cementite would strongly 
affect its Curie point this phase could be observed 
by the magnetic method (by the normal Curie point 
equal to 210°) only in the samples subjected to 
high-temperature tempering. Experimental data show 
that the Curie point of cementite (210°) is clearly 
seen in the samples tempered both at low and at 
high temperatures [3, 30]. Therefore, the conclusion 
can be made that an increase in tempering temper- 
ature which leads to a change in stressed state of 
steel has no effect on the Curie point of cementite, 
resulting only in an increase of its amount, in the 
beginning due to the decomposition of e-carbide 
and afterwards owing to the decomposition of 
X-carbide [3, 25, 26, 33]. 

2. In alloyed steels relaxation of the stresses of 
second order in a-solution takes place at higher 
tempering temperatures compared to carbon steels. 
It suggests that the effect at 265° on the curves 
J (t) should be more stable in them. Experimental 
data lead to the opposite conclusion. In steels 
alloyed with chromium, manganese, vanadium, 
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FIG. 5. Curves J, (¢) after tempering for 1 hr at 650°, 
describing the influence of molybdenum in steels with 
1% of carbon upon stability of the effect at 265°. 
1— 2%; 

2— 1.2%; 

3 — 0.6 %; 

4 — 0.3% Mo. 


tungsten and molybdenum this effect was eliminated 
at lower temperatures for more alloyed steels [61- 
63]. This result we illustrate by the curves J, (¢) 
in Fig. 5 in which it can be seen that in the steel 


with 2% of molybdenum after tempering for 1 hr at 
650° X-carbide completely decomposes, whilst a 


decrease in molybdenum results in a greater amount 
of the retained X carbide. This is pointed out by an 
increase in the part A ay of total magnetization 
attributed to this phase. 

3. If the effect at 265° was conditioned by a stres- 
sed state of cementite it would be impossible to 
observe its intensification with increasirg tempera- 
ture or time of tempering. The curves in Fig. 6 show 
exactly the opposite picture, an intensification of 
the effect (increase in the value A ay proportional 
to the volume of X-carbide) was observed both with 
increasing the time of residence (the curve 1, 3 and 
4, 5) and with increasing temperature of tempering. 
It should be mentioned that for all steels in which 
the formation of X-carbide takes place an increase 


400 TC 


FIG. 6. Curves J, (¢) characterizing the intensification 
of the effect at 265° with prolonged tempering of steel 
(1% C, 2% Mo) 

1 — tempered at 350°, residence 3 min, 

2 — residence 30 min; 

3 — residence 600 min; 

4 — tempered at 400°, residence 3 min; 
5 — residence 360 min. 


in the amount of X-carbide (due to the decomposition 
of e-phase) was initially observed with increasing 
temperature of tempering with a subsequent decrease 
resulting from the transformation X Fe,C > Fe,C. 

A number of other objections to the opinion of 

Jack and also of Wilson was raised by us in work 
[31]. 

A completely different interpretation of the effect 
on curves J, (¢) in a region of 265° was offered by 
the authors of work [18]. They consider that the 
changes of magnetization of a sample in the range 
20° - 265° is conditioned by a change in the magnetiz- 
ation of a-phase and quasi-continuous line of ce- 
mentite phases the Curie points of which lie in the 
range 265°- 210° due to the various concentrations 
of carbon in them. In spite of the fact that such an 
explanation of the effect differs essentially from 
that of Jack, it should be mentioned, all the same, 
that the influence of increasing temperature of 
tempering on this effect should be very similar to 
that which follows from the conception of Jack. 


0 100 200 300 


Let us consider the changes which can be observed 
in the curve J, (t) of the sample previously tempered 
at 350° if the temperature of tempering gradually 
increases to higher values. Since the main process 
occuring in steel on such heating according to the 
viewpoint of these authors, is a gradual enrichment 
of cementite phase on carbon up to its normal com- 
position the following changes in the curve J, (t) 
should take place as a result of redistribution of 
carbon between a-solution and cementite. 

(1) A gradual enrichment of cementite on carbon 
should be accompanied by the continuous displace- 
ment of the Curie point from the value of 265° to 
210°. 

(2) Since the solid solution has been impoverished 
on carbon to a concentration lower than 0.1%, as a 
result of previous tempering at 350°, the subsequent 
heating which causes further redistribution of car- 
bon between a-solution * of a-phase. The magnetiza- 
tion of a-phase might be slightly increased owing to 
its impoverishment on carbon, i.e. the curve J, (¢) 
after high tempering should rise slightly at tempera- 
tures higher than 265° comparing to the curve of the 
initial sample. 

As already mentioned, the test does not justify 
such suppositions (see Fig. 1, 2). 

In addition to that already mentioned it is possible 
to point out that extrapolation of the part of curve 
J, (t) in the range 210°- 265° to room temperatures 
gives the same result when choosing any ordinate 
A ax (t), out of this range, for calculation purposes, 
while on the basis of data of Marion and Faivre a 
change in the value of the ordinate used for calcul- 
ations, at a constant value of the Curie point 
(6 = 265°), is illegal giving rise to different results 
of the extrapolation (Fig. 3b). 

The opinions of Jack, Arbuzov, Marion and Faivre 
i.e. their conception, taken as a whole, of the nature 
of the process of carbide formation have not been 
verified by the data of magnetic analysis. 

Suggesting the opinion of the line of isomorphous 
carbide phases and admitting the influence of car- 
bon content and stressed state on the Curie point, 
to maintain the logic, Marion and Faivre should not 
limit the range of scattering of cementite Curie 
points to the interval 210°- 265° but should widen it 
from 210° to 380°. The change in the chemical com- 
position of cementite from Fe,C 0.71 to Fe,C on 
increasing temperature of tempering, should be at- 
tended by a continuous displacement of the Curie 
point from 380° to 210°. 


* And cementite should not lead to a change in the 
volume. 
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FIG. 7. Curves J, (¢) describing the stability of the 
Curie points of e- and X-carbide and decomposition 
of these phases with increasing temperature of 

tempering (residence | hr). 
a — of steel with 1% C; 1% W; 
b — of steel with 1% C, 1.5 % Cr: 
1 — tempered at 250°; 


2 — 300°; 5 — 250°; 
3 — 350; 6 — 350°; 
4— 550; 7-450; 8—500. 


An analogous effect should result from the con- 
ception of Jack: A continuous displacement of the 
Curie point in the range 380° - 265° should result 
from the change in chemical composition of e-phase 
and in the range 265°- 210° as a result of relaxation 
of the stressed state of cementite. Nitride phases 
with changing nitrogen concentration [65] and ce- 
mentite phases with a changing concentration chrom- 
ium, manganese and boron [6], 63, 64! can serve as 
an example of a continuous displacement of the 
Curie point caused by a change of chemical composi- 
tion of a phase which belongs to a line of isomor- 
phous structures. 

The magnetic analysis has not justified these 


_ opinions since it points at discreet values of the 


Curie points of carbide phases and at a completely 
different character of the elimination of the effects 
observed at 380° and 265° compared to that which 
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follows from the conception of these authors. The 
experimental data obtained for carbon, chromium, 
manganese, vanadium, tungsten [3, 61 - 63], nickel 
and silicon steels of various composition show that 
with increasing temperature or time of tempering 
the effects remain at the same temperature but the 
slope of corresponding parts of the curve (in the 
regions 380°- 265° and 265°- 210°) gradially dimin- 
ishes. The discretion of the observed values of 
Curie points and nature of the elimination of the 
effects at 380° and 265° are clearly seen in Fig. 1 
and Fig. 7 which was often mentioned in our pre- 
vious works: 

Such a nature of the elimination of the effects 
makes it possible to consider them the Curie points 
of two different ferromagnetic phases and gives 
evidence that the decomposition of these phases is 
accompanied by a decrease in the amount of them, 
whereas their magnetic properties i.e. their struc- 
ture and chemical composition remain unchanged. 


CONCLUSIONS 


(1) The magnetic analysis based on strict physic- 
al principles is the investigation method as object- 
ive as X-ray structural analysis. The technique 
which has been worked out makes it possible to 
perform a qualitative and quantitative analysis of 
the structure of complex systems. The reversible 
curves of temperature dependence of saturated mag- 
netization J, (t) are, in certain sense, analogous 
to X-ray patterns and can be called — magnetic 
patterns (magnetograms) since they help to obtain 
both the data on nomenclature of ferromagnetic 
phases and their amount, i.e. part of the data offer- 
ed by the analysis of X-ray diffraction patterns. 

The nature of Curie point and the saturated mag- 
netization which are choosen as phase character- 
istics in the magnetic analysis offer a particular 
advantage to magnetic analysis over X-ray invest- 
igation because the values of these characteristics 
are practically non-dependent on the shape, distri- 
bution and stressed state of a phase which is of a 
spécial significance in investigation of the systems 
in which these phase parameters can change in wide 
regions depending on one or another factor of heat 
treatment. 

(2) The use of magnetic analysis for investiga- 
tion of the structural composition of tempered car- 
bon steels allows one to approve the formation -in 
them of three carbide phases F'e,C, XFe,C and 
eFe,C with the Curie points 210°, 265° and 380°, 
respectively. 

(3) The magnetic analysis does not verify the 


conceptions of the authors of works [8, 18, 19] on 
the formation of a number of isomorphous hexagonal 
and cementite structures in tempering, indicating 
only to the formation of the three discreet carbide 
phases. 

(4) The theory of ferromagnetism and the experi- 
mental data available do not permit one to link the 
effect (drop) on curves J, (¢) in a region of 265° 
with a displacement of the Curie point of cementite 
under the action of stresses. This effect can be 
connected, only, with the destruction of domain 
structure in a ferromagnetic carbide phase which 
differs from cementite by crystalline lattice or also 
by chemical composition, i.e. it is the Curie point of 
this phase. 


Translated by J. Smajic 
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STRUCTURAL TRANSFORMATIONS IN THE AGEING OF COPPER = TITANIUM ALLOY * 
E.G. NESTERENKO and K.V. CHUISTOV 
Institute of the Physics of Metals of the Ukr. S.S.R. Academy of Sciences 
(Received 7 July 1959) 


The structural transformations at the decomposition of copper-titanium alloy have been invest- 
igated. It has been shown that the formation of a new metastable phase takes place in the process 
of decomposition of the alloy. The data are given of the structure and lattice parameters of the 


observed new phase. 


Numerous investigations into the decomposition 
of super-saturated solid solutions showed that in 
most cases the formation of intermediate “metas- 
table” phases precede the precipitation of a stable 
phase [1-4]. The structure corresponding to them 
can be obtained only in the decomposition process. 
On the other hand the composition of intermediate 
phases in most cases appears to be close to that 
of the respective stable phase [5, 6]. 

Hence, the trend of alloys to form intermediate 
phases in the decomposition process might be ex- 
plained by the tendency of system to achieve a 
more stable state without the high energy losses 
required for the formation of interphase boundaries 
(intermediate phases are usually coherent with 
matrix) and transport of atoms on comparatively long 
distances. 

On increasing the temperature of ageing, when the 
mobility of atoms increases, the lattice of an inter- 
mediate phase will transform into the lattice of a 
stable phase. Since a considerable improvement in 
properties of the alloy (strength, magnetic proper- 
ties etc.) has been observed at the temperatures 
preceding the formation of intermediate phase during 
decomposition and at the temperatures of its forma- 
tion, in order to understand the processes resulting 
in such changes, it is necessary to reveal the struc- 
tural transformations which accompany the process 
of decomposition. 

In our earlier work [7] we showed that in the ini- 
tial stages of the decomposition of the alloy copper- 
titanium (with 4.5 % Ti) a redistribution of titanium 
in solid solution takes place leading to the forma- 
tion of a modulated structure i.e. to the formation in 
crystal of the regions enriched and impoverished on 
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titanium which periodically follow one after the 
other. 

In the present work the results are given of the 
investigation into structural transformations in the 
same alloy in the process of ageing at higher tem- 
peratures, i.e. in a temperature region in which the 
formation of extra phases occurs. 

The investigation of polycrystalline specimens 
was carried out by use of X-ray methods. 

In Fig. 1 a-b, d, microphotograms are given of the 
X-ray patterns of the Cu-Ti alloy testpieces harden- 
ed and aged for 1 hr at 500° and 600°. It is seen that 
after decomposition at 500° every line of the X-ray 
pattern appears split into two others. 

The ageing at temperatures above 600° results in 
the disappearance of the split lines of the X-ray 
patterns but beside the reflections from the impover- 
ished solid solution there appear the lines related 
to stable B-phase (Cu,Ti). 

On the basis of these data it was possible to 
conclude that an intermediate phase with tetragonal 
face-centered lattice forms during decomposition of 
the copper-titanium alloy. The split lines (AAA) 
points exactly to the formation of the intermediate 
phase and not to a change in the crystalline lattice 
of matrix. 

In order to expound the structure of the interme- 
diate phase we have electrolytically precipitated 
particles of this phase. In Fig. lc a microphotogram 
is seen referring to the intermediate phase precipit- 
ated from a Cu-Ti alloy testpiece hardened and 
aged for 1 hr at 500°. From the microphotogram it 
follows that the intermediate phase has a tetragonal 
face-centred lattice with the lattice constant 
c/a <1.1In Table 1 are presented the measured 
reflection angles (0) of various planes and calculat- 
ed from them the interplane distance (d) and the 
lattice parameters referring to axes a and c. 
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(111) (200) (220) (311) (222) 


Solid solution 
(s.s.) 


I] 


(203) (223) (014) 
(490) (420)(421) 


FIG. 1. Microphotograms of the alloycopper-titanium: 

a — of hardened sample; 

b — aged for 1 hr at 500°; 

c — electrolytically precipitated aphase of a sample 
aged for 1 hr at 500°; 

d — aged for 1 hr at 600°; 

e — electrolytically precipitated B-phase of a sample 


aged for 1 hr at 700°. 
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TABLE 1 


Calc. Values 


It was found that the lattice parameters of the 
intermediate phase are 


a = 3.691 + 0.019A, c= 3,622 + 0,011A 


and that the lattice constant of axis C is almost 
equal to the lattice parameter of the initial solid 
solution (a = 3.620A). Hence, the intermediate phase 
was named by us — a -phase. As follows from this 
table the values of d and @ calculated assuming that 
a = 3.691 A and c = 3.622 A agree well with analog- 


ons values obtained immediately from X-ray patterns. 


As a~phase which forms in the decomposition 
exists in a considerable temperature range (450°- 
550°) it was possible to expect that the dimensions 
of its crystalline lattice continuously change in the 
process of ageing, i.e. after ageing at 450° the para- 
meter a will be smaller than after ageing at 500°- 
550° which is the cause of energetical preference of 
the formation of aphase. The measurements show- 
ed, however, that the reflection angles for various 
planes of the precipitated aphase were practically 
non-dependent of the temperature and time of ageing 
of the alloy Cu-Ti and that they agree well with the 
calculated values 6 (Table 2). 

Thus, from the data presented it follows that there 
cannot exist a continuous transition from the lattice 
of solid solution to the lattice of a=phase, since 


being of the same symmetry the lattices can be 
coherent without significant deformations, only in 
the direction of the C axis. 

It was possible to hold that the structure of 
a’-phase or its lattice parameters change during elec- 
trolytic precipitation. But as measurements showed 
neither the structure nor the lattice parameters of 
a’-phase have changed during its precipitation from 
a piece of the alloy (see Fig. 1b, 1c and Table 3 
in which the measured reflection angles are present- 
ed of planes of a’-phase existing in the alloy 
piece). 

In the case of decomposition of supersaturated 
solid solutions [4] the metastable intermediate 
phases forming have a composition close to that of 
stable phase, therefore, the formation of an inter- 
mediate phase is conditioned by the alloy trend to 
retain in its crystalline structure the correlation 
between extra phase and matrix [8]. In our case the 
correctness of the conclusion that the intermediate 
phase has a composition close to that of the stable 
phase has been confirmed by determining the tita- 
nium concentration in the regions enriched in tita- 
nium by the intensity of basic and satellite reflect- 
ion of X-ray patterns in earlier stages of the decom- 
position [7], as well as by the fact that the amount 
of a-phase makes 25 % of the total amount of dif- 
fracting matter* (see footnote on the next page ) 
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TABLE 2 


$ 6 Calculated for 

hkl a=2,691 A, 

450° C/h | 450° C/20h, 500° 550°C/h A 
111 93°91” 21°24’ 21°48" 91°31" 21°15’ 
200 24 32 24 38 24 32 24 38 24 38 
C02 25-02 25 O& 25 08 25 08 24 52 
220 36 09 36 03 36 U6 36 08 
022 36 36 56 48 36 48 no aD 
311 44 44 43 51 44 43 05 
3. 44 44 44 48 44 44 44 45 44 42 
222 46 45 46 51 46 42 46 45 46 44 
331 65 65 12 65 08 
66 24 66 27 66 28 


$ 


Akl 


450-500-550°C/A 


6 Catculated for 
a=3,691 A, 
cm 3,622 A 


21° 02’ 


200 24 53 
220 36 41 
311 44 04 


46 55 


- 
24 38 
36 08 
43 50 
46 44 


As previously mentined, after decomposition of 
the alloy Cu-Ti at 500°, every line of the diffraction 
pattern splits into two others. It was possible to 
think, by drawing an analogy to alloys of Cu-Ni-Fe 
[3], that in our case the alloy decomposes into two 
phases with tetragonal lattices. Thus, we assumed 
that e/a <1 in metastable a-phase and c/a > 1 in 
matrix and that the respective (h&/) interplanar dis- 
tances are similar for matrix (a-phase) and a@phase, 
i.e. that the superposition of tetragonal indices 
takes place as shown in Fig. 2. 

Afterwards, the relative intensities of the compon- 
ent were calculated for the two cases: 


(a) in the a-phase c >a, in the a-phase c’ <a’ 


(b) in the a-phase c =a, in the a’-phase c’< a’ 


The amount of the a@phase in the alloy was assumed 


* The amount of a’-phase was determined from the intensi- 
ty of reflections (111) of the a phase and matrix. It was 
found that the amount of the a’-phase after ageing of the 
alloy Cu-Ti for 1 hr at 500° was 25.7% and after ageing 

for 1 hr at 550°- 23.5 %. 


to be 25 percent. 
The results of such calculation are given in 
Fig. 3 (the calculated intensities of the treatment 
components of a pattern are given as numerators and 
the measured ones as denominators.) 
The error of the assumption that the a-phase has 
a tetragonal lattice with the lattice constant c/a> 1 
follows from the comparison of Fig. 3 with Fig. 1b. 
In fact, in that case, a discrepancy in the relative 
intensity of the components of the pattern for the 
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reflections (220) and (331) * can be seen right away. 


Furthermore, the agreement between the calculated 
and measured relative intensities of tetragonal is 
worse. 

As the measured intensities of the tetragonal 
components of the pattern differs from that calculat- 
ed we assumed that the difference was conditioned 
by the presence in matrix of great deformations of 
the third order. The existence of such deformations 
in the matrix should be expected as the coherency 
between the particles of the a-phase and matrix 
cannot exist, as previously mentioned, without a 
sharp distortion of the crystalline lattice around the 
particles of the a@phase. 

The calculation made by the intensity of the 
reflections (311) and (113) showed that in our case 
the distortions were 


u* = 0.044 A?, 
The calculation of u? was made by use of the fol- 


lowing relations. If we denote the intensity of the 
reflections from the a=phase (311) — S,, (113) — S,, 


* The reflection (331) is not seen in Fig. 1b due to its 
slight intensity which cannot be registered qualitative- 
ly by use of a microphotometer. 


and then the intensity of the reflection (311) from 
matrix — S, then we can write (see Fig. 4.) 


Si+ Sy 


sxe 0.25, 
§:4+ 5,45 


since the amount of the a-pbase in the alloy was 


found to be 25 %, 


which follows from the test. 
Furthermore, S, = 2S, and by definition 


2 


From these relations u? can be easily determined. 
Let us note that such calculation can be made 
only if the 3rd order deformation in one of phases 
are small or completely absent (in the given case 
in the crystals of the a-phase). 
However, the usual calculation of the deformations 
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of the third order by use of standard formula show 
that these deformations are, in fact, small in the 
a™phase and great in matrix. 

In Table 4 are presented the measured intensities 
(J) of the reflections of copper powder and the matrix 
crystallites of the alloy Cu-Ti after hardening and 
ageing for 1 hr at 500°. 

From the data presented it follows that a change 
in the intensity of the reflections from matrix crys- 
tallites is conditioned by the presence of the defor- 
mations of the third order, their value being 


= 0.049 A2, 


Hence, as well as from a quantitative analysis of 
the intensity of the X-ray diffraction lines of the 
crystallites of the a-phase and matrix, it follows 
that the axial ratio (lattice constant) of the crystal- 
line lattice of the aphase c/a < 1 and remains un- 
changed in the process of electrolytic precipitation. 


CONCLUSIONS 


(1) In the decomposition process of the alloy 


copper-titanium (4.5 % Ti) the formation of an inter- 
mediate phase with tetragonal face-centred lattice 
takes place. The lattice parameters of that phase 
are 


a = 3. 691A. c= 3,622A, 


and are close to the lattice parameter of matrix 
a = 3.620 A. On account of that the intermediate 
phase has been named the a“phase. 

(2) The formation of the crystallites of the a~ 
phase results in the rise of appreciable deformations 
of the third order in the initial solid solution (matrix). 

(3) The electrolytic precipitation of the crystal- 
lites of the a-phase affects neither the structure 
nor the lattice parameters of the intermediate phase 
and allows to make a more particular analysis of 
the structure and state of the crystallites of the 
intermediate phase. 


Translated by J. Smajic 
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THE NATURE OF THE MINOR PHASES IN STAINLESS CHROMIUM-NICKEL- 
MOL YBDENUM-NIOBIUM STEEL * 
N.P. AGANOVA, F.P. BUTRA and S.N. VOTINOV 
(Received 4 November 1959). 


The steel we investigated (its chemical composi- 
tion is given in the tabular statement below) belongs 
to a group of stainless steels with stable austenite 
structure which does not undergo y > a transformation 
at a considerable degree of reduction by cold rolling 
and at prolonged soaking at temperatures up to 750°. 
This quality is beneficial for the strength properties 
and the stability against corrosion of the steel in 
working conditions. The steel, has however in its 
structure some minor phases, the quantity of which 
varies with the conditions of heat treatment. We ex- 
amined the nature of these phases. The test samples 
of the steel were subjected to austenization at 950- 
1300° with cooling in water and subsequent soaking 
for periods of 100, 400, and 1000 hr at temperatures 
of 500, 600 and 750°. 

Fig. 1 shows changes in the impact toughness, the 
electric resistance, hardness and dimensions of the 
grain with the temperature of austenization, while 
Fig. 2 — gives the changes in the yield strength, 
the relative elongation, impact toughness and hard- 
ness in relation to the temperature of annealing 
(ageing) for 1000 hr. After heat treatment the samples 
were dissolved electrolytically with separation of 
the minor phases which were then examined by means 
of chemical and X-ray structural analyses [1]. 

_ Figs. 3 and 4 present the changes in the relative 
content of the elements in the electrolytic residue 
in accordance with the results of the chemical ana- 
lysis and the general weight of residue, in relation 

to the temperature of quenching and ageing. X-ray 
structural analysis established the fact that the 
electrolytic residue of the minor phases obtained 
from the test samples quenched at 1200° and higher 
consisted mainly of niobium carbide — NbC (Fig. 5a) 
having a lattice period of 4.42kX. With the lowering 
of the temperature of quenching the relative quantity 
of carbide in the residue gets less (Fig. 3) while 

the quantity of intermetallic compound (MoNb) Fe, 
[2] increases, the latter having a structure vf the 


* Fiz. metal. metalloved., 9, No. 3, 420-425, 1960. 


MgZn, type, with lattice parameters a = 4.77kX and 
c = 7.80kX. There is an inflexion in the curves of 


the “general weight” of the relative content of ele- 


ments in the electrolytic residue at 1050-1150°. 
This, it would appear is related to the dissolving 
of the intermetallic compounds at those temperatures. 

The transition of the alloying elements from the 
dispersion phases to the solid solution in this 
range of temperatures is accompanied by some re- 
duction in the hardness of the metal, an increase in 
the specific electrical resistance and an increase 
(regardless of any grain size increment) of the im- 
pact toughness. After a 100, 500 and 1000-hr 
annealing (ageing) at 750° and a 1000-hr at 600° 
of test samples, preliminarily quenched from 1150° 
(that is to say at a temperature where intermetallic 
compounds are practically non-existent) the electro- 
lytic residue consists principally of intermetallic 
compounds of the same structura! type but the para- 
meters of the lattice decrease to a = 4.755kX, 

c = 7.738kX and on the X-ray photographs of these 
samples because of the dimensional change in the 
elementary cell the lines corresponding to the big 
angles of reflection (Fig. 5b) are widened to a 
large extent. The X-ray photographs were taken 
under K—Cr radiation. Prolonged annealing at 500° 
does not result in the precipitation of minor phases, 
at 600° the process moves more slowly than at 750°. 
Chemical analysis indicated a sharp drop of niobium 
in the residue and increase of molybdenum, chrom- 
ium and iron. These results justify the conclusion 
that the intermetallic compound should correspond 
to the compound Mo (Fe, Cr),. The Mo compounds 
precipitated in this fashion produce certain changes 
in hardness, limit of strength, relative elongation 
and impact ductility of the steel (see Fig. 2). 

It is noteworthy that in steel E1847, differing 
from that being examined by a larger carbon content 
(0.07 %) and smaller contents of molybdenum (2.9%) 
and niobium (0.8 %) the intermetallic compound of 
the electrolytic residue corresponds to the compound 
Mo Fe,. This, seemingly can be explained by the 
presence of a large quantity of carbon combining 
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TABLE 1. Chemical composition (wt %) of the investigated steel 


cs Si | Mn S | P Cr Ni Mo Nb Fe 
0.05 | 0,43 0.34 | 0.006 | 0.006 | 14.80 | 14.64 | 3.6i | 1,28 | Balance 
3 
$ 
Hg a 
26+ 150 A 
221 130 7 42u0 
20} 120 =, 2 24200 
16 +100 7 80 0 a. 
| 2 50 ° 
12} 60b 78 ; 
1000 1100 1200 1900 200 300 400 500 600 708 
Temperature of quenching, °C Temperature of ageing, °C 
| 
FIG. 1. Relation of impact ductility (a, ), the specific FIG. 2. Relation of the yield strength (0) ); relative 9 
\% Pp 


elongation (5), impact ductility (a, ) and hardness 


electrical resistance (p), hardness Hp and grain 
(Hg) to the temperature of ageing. 


dimension (1) to the quenching temperature. 


R 
(General wt General wt] 
< 15 430 1.Fe 
at LE, PY: 
. 
900° 200 300 400 500 600 700 800 
Temperature of quenching, °C Temperature of ageing, °C 


FIG. 4. Relation of the relative content of elements in 
the electrolytic residue and the general weight of the 
residue to the temperature of ageing. 


FIG. 3. Relation of the relative content of elements in 
the electrolytic residue to the quenching temperature. 


with all of the niobium 


Translated by J. Gibson 
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FIG. 5. X+ray photographs of the electrolytic residues of the test samples: 
a — quenched from 1200°; 
b — ageing at 750°. 
The NbC lines are arrowed. 
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THE AUTOCATALYTIC EFFECT IN MARTENSITE TRANSFORMATION * 
O.P. MAKSIMOVA and E.I. ESTRIN 


The Institute of Metallography and Physics of Metals of the 
Central Scientific Research Institute for Ferrous Metals 
(Received 9 November 1959) 


1. The change in the state of the initial austenite 
phase which takes place in the course of the mar- 
tensite transformation is unavoidable because of the 
specific features of this transformation: the strict 
adherence to principle in the reconstruction of the 
lattice and the co-operative mechanism of the trans- 
formation, due to its shear character, three-dimens- 
ional changes accompanying this process; the fact 
that the reaction takes place at relatively low tem- 
peratures under conditions which call for sufficient- 
ly high elastic properties in the medium [1-3]. 

What then is the character of those changes (dis- 
ruption of the regularity of the crystalline pattern of 
the lattice) which appear in the initial gamma-phase 
as the result of the martensite transformation ? In 
the process of formation of martensite crystals inthe 
gamma phase these appearances are not restricted 
to residual distortions, which partake of the char- 
acter of disruptions emerging during plastic deform- 
ation (fragmentation of the grains, breaking up of 
groups). In consequence of the high elastic proper- 
ties of the medium’ considerable accumulations of 
significant elastic distortions (stresses) are poss- 
ible in the course of transformation [4, 5]. 

In the case of transformation taking place with 
increase in volume it is also possible for substan- 
tial triaxial pressures to appear which is found to 
be due to the formation of martensite crystals on 
the portion of the gamma-phase remaining untrans- 
formed [6]. And should the residual distortions and 
triaxial pressures excercise an unfavourable retard- 
ing influence on the transformation then the appear- 
ance of elastic deformations (provided their sign is 
favourable) can make the further transformation to 
martensite easier, that is, it may lead to the activ- 
ation of austenite [7, 8]. 


* Fiz. metal. metalloved., 9, No. 3, 426-436, 1960. 

t The question of the distortions appearing in the crys- 
talline lattice of the newly-forming martensite alpha- 
phase is not investigated in the present study. 


Turning to the history of the question we have to 
remember that investigations laid emphasis above 
all else on the possibility of the appearance of un- 
favourable changes in the state of the austenite 
during the course of the martensite transformation. 
This factor received a great deal of attention. Thus, 
for instance, in the 30’s Shteinberg presented a con- 
cept, in accordance with which the fundamental 
cause of unfavourable changes appearing in the state 
of the austenite and responsible for the incomplete 
nature of the martensite transformation, appears to 
be the triaxial pressures being built up in the course 
of transformation and impeding the further formation 
of a new phase with a large specific volume [6]. This 
concept regarding the pressures was advanced pre- 
viously by Kurdyumov also (1941) to explain some 
of the features of the martensite transformation [1]. 
The appearance of unfavourable changes of another 
character is also possible. Investigations have 
established the fact that in portions of the initial 
phase bordered by martensite crystals, material 
plastic deformations may make their appearance, — 
signalling the disruption of the regular structure of 
the crystalline lattice of a residual character. Some 
results of metallographic investigations gave direct 
pointers in this direction, for instance in the works 
of Gulyaev and Alfimov [9] it led to the discovery 
of traces of plastic deformation in austenite zones 
in immediate contact with martensite crystals. A 
number of papers give evidence and confirmation of 
the effect of increase in microhardness in the austen- 
ite zones in contact with martensite crystals [10, 
11], and also the results of recent X-ray structural 
investigations by Golovchiner (the detection of the 
process of grain fragmentation and break-up of 
groups in the gamma-phase in the course of marten- 
site transformation. 

However all the changes of the nature described, 
which influence the development of the martensite 
transformation by retardation, unfavourable influ- 
ence (and, possible to a certain extent by incom- 
pleteness of the process of transformation-a very 
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Quantity of martensite, % 


“100-89 


FIG. 1. Martensite transformation curves of test samples 
in monolithic and powder form. Nickel steel 
(20% Ni, 0.5% Cr). Vide data in work [12]. 
— monolithic samples; + — powder samples. 


structural changes resulting in the slowing-up of 
the martensite transformation. 

The problem to be investigated now is the exam- 
ination of the part played by the elastic deformations 
(stresses) which make their appearance in the crys- 
talline lattice of the austenite in the course of the 
magnesite transformation, which are able, apparent- 
ly to exert a definite autocatalytic influence on the 
further development of the process right from its 
earliest stages. 

2. A large amount of experimental data is avail- 
able today to confirm the existence of the auto- 
catalytic effect during the martensite transformation. 

One of the earliest facts available to indicate the 
existence of this effect concerns the phenomenon 
of “bursting” during the martensite transformation 
inherent in some materials, especially in nickel 
steels and alloys [12]: after formation of an inap- 
preciable quantity of martensite the subsequent 
transformation in these materials continues at ex- 
tremely high velocities with a bursting character 
(for instance, less than 10™ sec.), which affects 


60 
70 
60 
50 
40 
30 
20 


Quantity of martensite, % 


10 


l 


| 
[97-20 ~60 -80 ~100 ~120 ~160 ~180 -200 °C 


FIG. 2. Martensite transformation curves for samples in powder form of alloy 
Fe-Ni (30.2%), for different particle size. Vide data in work [13]. 


1 — less than 37 p; 
4 — 53-62 p; 


2 — 37-44 p; 
5 — 62-74 p; 


3 — 44-53 
6 — 74-88 p; 


7 — 88-105 p. 


responsible feature) and plastic deformation and, 
the more so, triaxial pressure, may become signifi- 
cant and may fill a substantial role in the process 
of martensite transformation, but only in its later 
stages when the main part of the austenite has 
already been transformed. In the present paper we 
shall not dwell in any detail on the above-mentioned 


the whole volume of austenite present (see the con- 
tinuous line curve in Fig. 1). 

This process is generally accompanied by a 
fairly strong acoustical effect. 

The more intensive course observed in the trans- 
formation of a whole (monolithic) sample by compar- 
ison with a sample broken up into separate small 
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pieces [12] is also a fact proving the appearance of 
activating changes in the austenite during the mar- 
tensite transfo mation. Additional proof is provided 
by the analogous fact of the less intensive course 
of transformation when the sample is in powder form, 
in comparison with a monolithic sample; this was 
first established for nickel steel by Machlin and 
Cohen [12]: in the sample made from the powder the 
“bursting” effect inherent in the monolithic sample 
of this alloy is eliminated (Fig. 1). Cech and 
Turnbull a year or two back [13] carried out some 
very elaborate, in a methodical sense, and extensive 
experiments with an alloy in powder form of iron- 
nickel, in various degrees of fineness (from 25 to 
100 »). The authors demonstrated convincingly that 
with decrease in particle size of the grains there is 
a regular diminution in the intensity of the marten- 
site transformation observable during continuous 
cooling (Fig. 2). 

Both the effects described can be explained by 
the decrease of the sphere of reaction of a crystal 
of martensite on the austenite when the monolithic 
sample is broken up into individual pieces or gran- 
ules. 

One of the outstanding experimental facts indic- 
ating the existence of the autocatalytic effect in 
martensite transformation is that established by 
Shih, Averbach and Cohen [14] regarding the lack of 
uniformity in the course of the isothermal martens- 
ite transformation in a sample having some “initial” 
amount of martensite (appearing on approach to the 
isotherm) and in a sample free from such an “initial” 
effect. In the case where the isothermal soaking of 
100% austenite was retained at the beginning, the 
transformation proceeded with a clear incubation 
period and a gradually increasing velocity. However, 
in the case where the approach to the isotherm was 
accompanied by some “initial” quantity of martens- 
ite, prroof of autocatalytic influence on the trans- 
formation the process proceeded right from the first 
moments of the soaking with maximum velocity 
(Fig. 3). 

Taken by itself the possibility of the course of 
isothermal martensite transformation proceeding at 
velocities increasing with time [14, 15] can be, 
seemingly, investigated as a fact supporting the 


autocatalytic nature of the martensite transformation. 


Actually the course of isothermal transformation 
with increasing velocity so customary in normal 
phase transformations (realized at the expense of 
the formation of new crystals or of the growth of 
crystals already in being) in the case of martensite 
transformations (realized practically only at the 
expense of the formation of new crystals) can only 
be explained on the basis of adopting a presentation 
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FIG. 3. Curves for the isothermal conversion at given 
temperatures for test samples possessing no “initial” 
quantity of martensite (continuous line curves), and 
for test samples possessing a 1.5-2% content of 
“initial” martensite (broken line curves). Alloy Fe-Ni 
(23.2% — Mn (3.6%). In accordance with data from 
work [14]. 


showing the stimulating influence of the products 
produced in the transformation on the further course 
of the reaction. 

Finally, let us examine the phenomenon of the 
activation of austenite under the influence of pre- 
liminary deep cooling investigated by Gulyaev and 
Akshintseva [16] and also in our research work [17]. 
The essence of this phenomenon is the observed 
fact that after deep cooling which leads to the 
formation of a certain quantity of martensite the 
process of the subsequent heating up to room tem- 
perature proceeds more intensively than during 
cooling (Fig. 4a). 

The cited work [17] shows that activation of this 
kind is not linked with the appearance of thermal 
stresses of the first order and seems to be the re- 
sults of processes occurring during cooling in the 
actual martensite range of temperatures and not in 
the region of temperatures higher than Ties Rapid 
deep cooling in the range lower than the martensite 
point not only assists increases in the speed of 
the isothermal martensite transformation at some 
relatively higher temperature (Fig. 4b), but also 
widens the transformation range, appreciably rais- 
ing the martensite point and lowering the lower tem- 
perature limit for the transformation (Fig. 4c). These 
changes become increasingly more marked with 
lower temperature for the preliminary deep cooling 
and with speeding up of the cooling. Maksimova and 
Ponyatovski put forward the hypothesis that the 
dominant part in the development of this phenomenon 
is played by the stresses, the basis for which appear 
to be the uneven axial growth of the martensite 
crystals combined with the increase of the specific 
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FIG. 4. Curves showing the appearance of austenite activation due to the 
effect of preliminary deep cooling: 


a — more intensive process of transformation during heating than during 
cooling Mheat > Mcool)s 

b — increase in the velocity of isothermal transformation at — 60° after 
deep overcooling at different temperatures (7 ’) resulting in the for- 
mation of different amounts of M;_ i434); 

c — character of the change of the temperature relation to the velocity of 
the isothermal martensite transformation after deep overcooling at a 
different temperature (7'’); increase of velocity and widening of the 
transformation’s temperature range. Alloy Fe-Ni (22.4%) Mn-(3.4 %). 


volume in the phase transition. The favourable in- 
fluence exercised by rapid cooling can be accounted 
for by the fact that in such conditions any material 
relaxational processes fail to develop and the elas- 
tic distortions making their appearance are conserv- 
ed to a greater extent [17]. 

Together with the experimental data there are 


In accordance with data from work [17]. 


today available theoretical investigations as well. 
It is possible to arrive at certain conclusions, on 
the basis of the results of these investigations 
regarding the appearance during the course of the 
martensite transformation of activated disruptions 
in the structure of portions of the austenite surround- 
ing martensite crystals. 
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Investigation of the above question, recently 
completed by Lyubov and Roitburd [18] showed that 
in the process of martensite transformation elastic 
deformations make their appearance in the gamma- 
phase on the edge of the growing martensite crystal, 
which should affect the further growth of the crystal 
by autocatalytic action. It was established at the 
same time that for the appearance of such a form 

of distortion of the crystalline lattice volumetric 
changes in the phase transition are not obligatory; 
it is quite sufficient to have in evidence transform- 
ations of a shear character (with strict conditions 
regarding the full co-operation of its mechanism). 

We thus see that there is a fairly large amount of 
experimental material at our disposal together with 
the determined results of the theoretical investiga- 
tions as evidence of the existence of the autocataly- 
tic effect in martensite transformation. 

3. The numerous indications of the existence of 
this effect and the importance of the part it plays in 
the course of the martensite transformation led us 
to the conclusion that it would be expedient to 
take up the investigation and analysis (from this 
point of view) of the large mass of experimental 
material on the kinetics of the martensite transforma- 
tion with deep cooling and subsequent heating. This 
material has accumulated in the past few years 
during studies on martensite transformation alloys. 
The clarification of the points as to whether there 
are linkages between the intensity of the transforma- 
tion with deep cooling and subsequent heating to room 
temperature, whether there isa principle involved in 
the change of correlations between these magnitudes 
and does this support the deduction of the large 
part played by the autocatalytic effect in the mar- 
tensite transformation process are matters of inter- 
est. 

To obtain solutions for these points use was made 
of experimental data obtained previously on a series 
of alloys of the iron-nickel-manganese system for a 
study of the influence of preliminary plastic defor- 
mation, of phase cold hardening and so forth on the 
kinetics of martensite transformation. For a number 
of alloys, which had been investigated in more de- 
tail in the past and therefore with a wide range of 
experimental material available on them, calculat- 
ions were made for the value of the relation M).,,/ 
Mooi» that is of the effects of transformation ob- 
tained by heating from — 196° to room temperature 
to the effects of transformation obtained as the 
result of previous cooling to — 196°. These relations, 
computed for widely differing states of the austenite, 
expressed the relative intensity of transformation 
heating, after partial transformation by cooling. It 
stands to reason that in the calculations only those 
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effects of M.oo, and Meg, were used which were 
obtained from observations indicating identical 
velocities for the cooling and the heating (10° min 
— was the standard rate of change of temperature 
generally adopted by us in the experiments). This 
procedure resulted in our obtaining 50-150 values 
for the relation My .a:/Meoo for each alloy. Subse- 
quently all the calculated values were transferred 
to curves, common for each alloy, expressing the 
dependence of the relation Mpeat/Meoo] on the ef- 
fect M.oo) (see Fig. 5). 

The results of this method of treatment of the 
experimental data, presented graphically, confirmed 
our hypothese in full. When examining the curve 
the first fact to hold ones attention is that in all the 
experimental data used, all the computed values for 
Mieat/Mcoo] fit in excellently on a single curve and 
conform to the general principle when allowing for 
the most differing states of the austenite due to an- 
nealing, plastic deforming in various ways, condi- 
tions of phase cold hardening of varying degree — 
with subsequent annealing to a definite temper- 
ature or without annealing). As a consequence a ful- 
ly determined regular linkage is established between 
the effects of transformation during cooling and dur- 
ing subsequent heating; this bond, as was assumed, 
was by its character of a nature which distinctly 
points to the large part played by the autocatalytic 
effect in the development of martensite transform- 
ation. The gradual increase of the deep cooling ef- 
fect M.oo] results in a sharp upward lift of the 
curves, to begin with, that is to say a rapid increase 
of the relative intensity of transformation during 
heating. If some martensite, in a comparatively 
small quantity (of the order of 0.8- 1%), is present 
the curves attain their maximum and then drop, grad- 
ually getting closer to the abscissa axis. The above 
character for the curves — with a clearly shown 
maximum — was found to be a common feature for 
all the alloys investigated. 

4. Let us attempt to explain what the conditions 
are which govern the development of the curves. To 
begin with, it is demonstrable that the fact, even 
when taken by itself, that the relation My oa:/Mcoo] 
is higher than unity on nearly the full length of the 
curves is clear proof of the autocatalytic character 
of the martensite transformation. Indeed, what should 
the relationship be between the intensity of trans- 
formation during heating and during cooling in the 
case where no account is taken of the possibility 
of change in the state of the austenite and there- 
fore to base ones conclusions solely on the change 
of quantity in the initial austenitic phase (its grad- 
ual exhaustion as the transformation developed) ? 
If the state of the austenite does not change during 
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FIG. 5. Change in the relation between the transformation effect with heating 
and with previous cooling M}..44/Mcoo] in dependence on the magnitude 


of Boo) for various states of the austenite. 


the transformation the intensity of transformation actually transformed into martensite during the 
during heating should be less at all temperatures period of cooling the relation of the effects of trans- 
than the intensity of transformation during the pre- formation during heating and during cooling could 
ceding cooling, because from the moment of com- be a variable: in the case where the whole of the 
mencing the heating part of the austenite is already austenite capable of conversion was transformed 
being transformed. In regard to what proportion of during cooling, no transformation would take place 
the whole austenite capable of transformation is during heating (M).., = 0) and the relation M),.4,/ 
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FIG. 6. Diagram showing the changes in the relation between the 


transformation effect with heat Mj.,; and with cooling Mog] as 


M.oo] would be equal to zero. On the other hand, 
should only a small part of the austenite capable of 
transformation be transformed during cooling, permit- 
ting the decrease in the amount of austenite to be 
disregarded, then the intensity of transformation 
during heating might be only inappreciably smaller 
than the intensity of transformation during cooling, 
with the consequence that the effect of transforma- 
tion during heating would be practically on a parity 
with the effect of transformation during cooling 
(curve (a) in Fig. 6). Consequently, in this case the 
relation My might approach unitary value. 
It follows, that if in the process of transformation 
there is no change in the condition of the austenite, 
and its ability to be transformed, the relation My) ea:/ 
M90] could only vary within the limits of zero and 
1. The relation can only exceed 1, and then only in 
the case where in the course of transformation the 
velocity of the process increases, that is when the 
process bears an autocatalytic character. 

An essential prerequisite to ensure that the rela- 
tion My cat/Mcoo] Shall be > 1, apart from all other 
considerations, appears to be to secure a sufficient- 
ly small velocity for the transformation during cool- 
ing. In the opposite case the original amount of 
austenite capable of being transformed is used up 
during cooling and we shall never succeed in realiz- 
ing Mieat/Mcoo] > 1. (It follows, incidentally, that 
high values for the relation My — appreci- 
ably greater than unity — could serve as reliable in- 
dicators of the low velocity of the isothermal mar- 
tensite transformation of the material under invest- 
igation). 

Thus, an analysis of the results, obtained by 
working over the experimental data leads us to a 


the magnitude for M..,) approaches the ceiling. 


well defined conclusion: martensite transformation 
possesses a clearly expressed autocatalytic char- 
acter. An examination of the curves in Fig. 5 gives 
easy and convincing proof of the high degree of 
activation of the austenite, appearing directly in 
the course of transformation. By increasing the cool- 
ing effect of the whole by 1% the effect of the sub- 
sequent heating increases by 20 or 30 times. At 
points, corresponding to the maxima on the curves, 
the Moa, effects exceed the M,,) effects by more 
than 50 and 20 times (on Figs. 5a and 5b, respect- 
ively). For all the alloys investigated, irrespective 
of their preliminary treatment — be it plastic de- 
formation or phase cold hardening, with subsequent 
annealing or without — the autocatalytic effect is of 
such a magnitude that the complete exhaustion of 
the austenite capable of being transformed (and this 
quantity may be as much as 30, 40 or 50%) always 
commences during heating in those cases where at 
the moment of completion of the cooling cycle only 
0.8-1.0% of martensite has been formed. This is 
also the explanation for the fact, that at the given 
relatively small magnitude for Moool the curves 
reach their maximum and do not go any higher for 
greater magnitudes of M) .4:/Mooo]- Actually it is 
easy to grasp if we have reached the “ceiling”, that 
is Moo) + Mheat = ME = const, then with further 
increase of M.,,) the hyperbolic principle: 
Mieat/Mcool = — 1. The hyperbola 
y = 52/x—1, shown as a broken line on Fig. 5a, 
has a “ceiling” taken as equal to the total effect of 
the MX transformation of a highly annealed test 
sample (52%). The good convergence of this hyper- 
bola with the experimental curve confirms the as- 
sumption that the presence of the descending branch 
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of the experimental curve is an indication of the 
attainment of the “ceiling” in the transformation. 


CONCLUSIONS 


This concludes the present study on the pheno- 
menon of the autocatalytic effect in martensite 
transformation, carried out by means of analysis and 
mathematical treatment of the large mass of experi- 
mental data available on the kinetics of martensite 
transformation in alloys of the type iron — nickel — 
manganese N23G3. It has been demonstrated that 
the primary emergence of martensite crystals exer- 
cises an autocatalytic action on the subsequent de- 
velopment of the transformation. The following find- 
ings have been established: up to the point where the 
development of the process is not limited by short- 
age of loci capable of undergoing transformation, 
the relative intensity of transformation during heat- 
ing up to room temperature increases sharply ac- 
cording to the increase of effect of the previous 
deep cooling; at a given effect of the cooling the 
effect of the subsequent heating is a constant mag- 
nitude for each alloy, not dependent on its previous 
treatment, that is to say, on the character of the 
structural state of the austenite (highly annealed, 
plastically deformed, condition of phase cold hard- 
ening and so forth); in all cases the full exhaustion 
of the austenite capable of undergoing transformation 
sets in during heating even in the case where in 
the course of cooling the amount of martensite 
formed is only 0.8 to 1.0%. The findings obtained 
strengthen our views regarding the autocatalytic 
nature of the martensite transformation, the extent 
of the activating changes and the role they play in 
the transformation process, and indicate the un- 
doubted expediency of inaugurating further invest- 
igations in this field of research. 

Additional investigation of the autocatalytic 
effect inherent in the martensite transformation will 
find its maximum application in intimate conjunct- 
ion with the study, directly bound with it of the 
phenomenon of the thermal stabilization of austen- 
ite — one of the most important characteristics of 
martensite transformation which up to the present 
time has never been adequately or satisfactorily 
explained. The aggregate data we possess today 
regarding the principles underlying the martensite 
transformation process, confirm the correctness of 
our presentation of the phenomenon of the thermal 
stabilization of austenite, as also of the process of 
the gradual relaxation of those activated elastic 
deformations which make their appearance in the 
ervstalline austenite lattice as the result of partial 


transformation [7, 8]. This relaxation process, it 
would seem should be investigated not only as a 
process of elimination of disruptions activating the 
austenite, but also as the formation (as the result 
of the migration of atoms taking place) of a type of 
structural imperfections which exercise a retarding 
influence on the martensite transformation. An ex- 
planation of the conditions affecting both the deve- 
lopment of the autocatalytic effect at the moment 
of transformation (activation) and the velocity of 
the course of the relaxation processes with subse- 
quent soaking (stabilization), — the temperature 
conditions in transformation, the features of the 
initial state, in conjunction with various forms of 
preliminary treatment of the alloys and so forth — 
appears to be urgently required at this stage. 

The existence of the autocatalytic effect in mar- 
tensite transformation is bound up with special 
conditions for the course of this transformation and 
its special mechanism, which govern the emergence 
of elastic deformations of the austenite crystalline 
lattice in the vicinity of the crystals of martensite 
being formed. Fundamental causes for the emergence 
of elastic distortions are, apparently the co-opera- 
tive mechanism of transformation and the strictly 
regular character of the atoms’ migration, in which 
the motion of each atom is closely linked with the 
migration of neighbouring atoms, leading inevitably 
to the development of appreciable deformations due 
to shear in the austenite matrix; the relatively high 
value of the austenite’s limit of yield at sufficient- 
ly low temperatures corresponding to martensite 
transformation; the weak course taken by the relax- 
ation processes at relatively low temperatures. A 
definite role in the development of this phenomenon 
can also be played by the increase in the specific 
volume in the phasal transition, combined with the 
uneven-axis form of the martensite crystals (due to 
the uneven rate of growth in the longitudinal and 
transverse axis directions). 

In conclusion the fact should be noted that the 
results obtained in this study also have a specific 
methodical meaning. They show that the most direct 
characteristic of austenite stability is the cooling 
effect Mo) and not the total effect of the convers- 
ion MX = Mooo) + Mheat- The best defined charac- 
teristics of austenite stability are, the “real” 
martensite point (the commencing temperature of the 
isothermal transformation) and the commencing 
velocity of the isothermal transformation. 


Translated by A.J. Gibson 
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The study of phase transformations in titanium 
alloys is of great interest both for the creation of 
new alloys and the perfection of processes for treat- 
ing known alloys, as well as for understanding the 
mechanism of phase transformations in general. In 
systems Ti-Mn and other alloys of titanium with 
transition elements, several metastable phases are 
formed, including the w phase which leads to a very 
strong increase in the hardness and embrittlement 
of the alloy. 

The w phase was first discovered by means of 
X-ray diffraction in 1954 [1, 2]. It forms when temper- 
ing hardened alloys with a B-phase structure. With 
insufficiently drastic hardening of these alloys, or 
in alloys with a lower concentration of /3-stabiliz- 
ing alloying element, the w phase forms in the hard- 
ening process itself. It was shown by X-ray diffract- 
ion methods [3, 4] that the w phase has a hexagonal 
lattice, and that in the most varied alloys and with 
different concentrations of the alloying element the 
parameters of its crystal lattice are nearly the same. 
The lattices of the w and f phases are mutually 
orientated, however “neither the shape nor the dim- 
ensions of the w-phase formations inside the A- 
phase have been established” [3]. In view of their 
small dimensions w-phase precipitations cannot be 
seen with the aid of a metallographic microscope. 
Electron microscopy data of various researchers on 
the shape of the w-phase precipitations are contra- 
dictory. Thus, Frost et al [1]', Holden et al [6] *t, 
and the ASTM E.4 Committee (7) consider that 
w-phase precipitations are equiaxial; Saulnier [8] 
and Saulnier and Syre [9] consider that they are 
tabular in form. 


* Fiz. metal. metalloved., 3, No. 9, 437-440, 1960. 

t The electron microscope investigation made by Frost 
et al [1] in 1954) on Ti-Cr alloys was conducted by 
the two-stage method: a Formvar solution was deposit- 
ed on the negative print made of cellulose nitrate 
varnish, that is both films were varnished. The shape 
and size of the @-phase particles could therefore be 
slightly distorted. Nevertheless, it is surprising that 


The present work is also devoted to an electron 
microscope study of §-phase transformations when 
tempering hardened Ti-Mn and Ti-Cr alloys. 

For the investigation binary alloys with § stabi- 
lizing elements were selected: Ti-Mn (10.5% Mn) 
and Ti-Cr (9.4% Cr). The alloys were prepared from 
titanium sponge type TGO, manganese type MR1 
and chromium type KHO. The ingots were prepared 
by the double vacuum melting method. For the alloy 
containing manganese, the second melting was car- 
ried out in argon. The composition of the alloys is 
set forth in Table 1. 

The ingots were subjected to hot deformation: rol- 
ling or forging. 

The alloys were quench hardened from 850° (from 
the 8 field) in water. The heating time in harden- 
ing was 30 min. Tempering was carried out at tem- 
peratures of 400-550° and soaking from 1 to 25 hr 
with subsequent cooling in air. 

For reproducing the structure of the alloys, single- 
stage carbon impressions — replicas — were prepared 
[10]. The specimens were first of all chemically 
polished in boiling orthophosphoric acid anhydride 
for 1-2 min. The etching was carried out in a mix- 
ture of acids: hydrofluoric 20% and nitric 20% plus 
glycerine 60%. The etching time varied from a few 
seconds to | min. If etching products had remained 
on the specimens, these were removed by submerg- 
ing in concentrated nitric acid before washing in 
water. Parallel with electron microscopy the Rock- 
well hardness was measured, using a diamond cone 
at a load of 150 kg. 

Ti-Mn alloy (10.5% Mn). Specimens after rolling. 
Tempering at 400° leads to considerable increase in 
hardness. After 1 hr Hp __ = 45.5 units, after 5 hr — 
48 units and after 25 hr— 49 units, as againstHp = 

C 
34 units after quench hardening. 


Frost (5) at a symposium in 1956 declared that the @- 
phase cannot be seen in either an optical or an electron 
microscope. 

tt The electron diffraction photographs given in work [6] 
are not of very high quality. 
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TABLE 1. Composition of the alloys investigated 


Content of elements (%) 


No. of alloy 
Ny Hy 


0.9494) 0.065 0.0074 
| 0.075 


FIG. 1. Microstructure of Ti-Mn alloy (10.5 % Mn). 
a — after quench hardening and tempering at 400° for 1 hr; 
b — after quench hardening and tempering at 400° for 5 hr; 
c — at 400° for 25 hr; d — at 550° for 1 hr; 
e — at 550° for 10 hr; f — at 550 for 25 hr; x 21000. 


100 
2 
VOL 
\ 9 
\ 
WANS: 


Study of structural transformation 


FIG. 2. Microstructure of Ti-Cr alloy (9.4% Cr). 
a — after quench hardening and tempering at 400° for | hr; 
b — after quench hardening and tempering at 500° for 25 hr; 
All photographs made from carbon replicas; x 21000. 


Fig. 1 (a-c) shows electron photographs of speci- 
mens after tempering at 400° for 1, 5 and 25 hours 
respectively. In Fig. 1 (6) and 1 (c) a very large 
number of highly disperse «phase platelets were 
observed, not more than 300-400 A thick and 0.1 mM 
long. However, what are seen in places on these 
photographs, and especially in Fig. 1 (a) are not 
platelets, but chains of equiaxed particles, and the 
individual equiaxed particles lead to the idea that 


the earliest w-phase formations are equiaxial in form. 


With further tempering, they collect into rectilinear 
chains and only then into platelets, similar to the 
decay pattern of the solid solution in aluminium al- 
loys. Silcock [4], on the basis of studying an X-ray 
photograph of w-phase formation in Ti-V, Ti-Cr and 
Ti-Mo alloys thinks that w-phase formations are 
plate-like in character, not only after ageing at 
400° when their thickness is ~ 300 A, but at the 
moment of formation immediately after quenching. 
Bagariatskii [3], on the basis of an X-ray picture of 
an alloy containing 5 % Cr, expresses doubt, how- 
ever, on the correctness of Silcock’s conclusions as 
to the shape and dimensions of w-phase formations. 

After tempering at 550° for 1 hr (Fig. 1 (d)), one 
finds, as in the case of tempering at 400°, very fine- 
ly dispersed platelets 300-400 A in thickness, but 
their length is not appreciably greater, equal to 
0.25-0.3 pu; and the most essential thing is that 
they are much more sharply defined — more divorced 
from the B-phase matrix — and also monolithic. 
Chains of equiaxed particles are no longer encount- 
ered. On the basis of these observations and of 
data from X-ray and dilatometric studies [3] it can 
be assumed that in this case we are already look- 
ing at a-phase platelets. 


After soaking at this tempering temperature for 
10 hr (Fig. 1 (e)) an appreciable growth in the 
platelets is observed, and with soaking for 25 hr 
(Fig. 1 (f)) coagulation of the platelets takes place, 
and massive plates are observed along the bound- 
aries of the grains and blocks. 

The hardness after tempering at 550° is lower 
than after tempering at 400° when w-phase platelets 
are observed, but it is still quite high nevertheless 
(42-44 units Rockwell). 

Ti-Cr alloy (9.4% Cr). After forging. After temper- 
ing at 400° for 1 hr, smali uniaxial w-phase precipit- 
ates (250 A in diameter) are seen on the photograph 

and in places these have collected into chains. Side 
by side with these there are also w-phase platelets 
300-400 A in thickness (Fig. 2 (a)). The hardness 
of this specimen is high — 48.4 units Rockwell. 

After tempering at 500° for 5 hr a-phase platelets 
had already appeared (hardness AR, = 45.8), but 
with increasing the duration of tempering to 25 hr 
the hardness decreased to 36.1 Rockwell. When is 
the case, a great number of large a-phase plates 
can be seen on the photograph. 


CONCLUSIONS 


Ti-Cr and Ti-Mn alloys were investigated. By 
electron microscopy it was possible to see the 
initial stages of B-phase transformation. After tem- 
pering at 400° the w-phase is observed in quench 
hardened Ti-Cr and Ti-Mn alloys. It is in the form 
of very finely dispersed platelets (300-400 Aand 
less in thickness). Chains of equiaxial particles 
which are seen in places, as well as individual 
equiaxial particles, allow us to make the assumption 
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that the w-phase in the earliest stages of its forma- _—for discussing the results of this work. 
tion is equiaxial in form. 
In conclusion, the authors wish to express their 


gratitude to IU.A. Bagariatskii and V.I. Dobatkin Translated by J.J. Cornish 
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ELECTRON DIFFRACTION STUDY OF CARBIDE FORMATION IN ALLOYED STEELS* 
S.S. D’IACHENKO, I.A. VASIS and N.A. KHARCHENKO 
Khar’kov Polytechnic Institute i/n V.I. Lenin 
(Received 16 November 1959) 


In spite of the large amount of works devoted to 
the study of the process of carbide formation in 
carbon and alloyed steels, a number of questions 
connected with this problem are still unsolved. In 
particular, some researchers cast doubt on the form- 
ation of special carbides directly from the austenite 
in the process of its isothermal decay, asserting 
that, regardless of the type of stable carbide, the 
initial carbide formed is cementite [1]. 

The controversy on this question is to a great 
extent explained by the fact that in all the known 
works, the structure of the carbide phase was deter- 
mined by the X-ray method, for which it is neces- 
sary to isolate the carbide from the testpiece. 
Naturally, in the initial stages of carbide formation, 
when the amount of carbides is small, one has to 
dissolve a considerable volume of metal to make it 
possible to carry out an investigation of the carbide 
phase. This invloves prolonged reaction between the 
solvent and the carbides, which can lead to decom- 
position of the metastable phases and to obtaining 
false results. Moreover, the carbide phases at the 
beginning of decay are highly dispersed and often 
less than 10% cm in size, which sometimes makes 
it absolutely impossible to employ the X-ray dif- 
fraction method. This explains the small amount of 
works devoted to the study of carbide formation in 
its early stages, especially in the lower part of the 
perlite range. It also explains the ambiguous inter- 
pretation of the results [1-3]. 

The electron diffraction method may be very pro- 
mising for the study of carbide formation; this 
method makes it possible to register very small 
amounts of highly dispersed phase (~ 10°’ cm). 

Isolated works devoted to the electron diffraction 
study of carbides are known in the literature. In 
some of these, the carbides were first of all preci- 
pitated out of the steel by electrolytic dissolution 
of the specimen and then deposited on a film [4]. 

In other works, the carbides were incorporated into 


* Fiz. metal. metalloved., 9, No. 3, 441-446, 1960. 


a film [5, 6] or else studied in reflection [7, 8]. 

The disadvantage of the first method is the com- 
plexity of dividing the conglomerates of particles 
and of depositing them on the film; another is the 
possible change in the carbide phase resulting from 
the length of the precipitation process. When study- 
ing specimens by the electron reflection method it 
is necessary to render their surface completely free 
of oxidation, and this cannot always be managed. 
Moreover, in this method, diffraction is obtained not 
only from the carbides but also from all those parts 
which are protuberances, in particular from the grain 
boundaries. The low resolving power of the electron 
diffraction camera in comparison with the X-ray 
method, and, in particular, the inaccuracy of deter- 
mining the interplanar spacing by electron diffraction 
pictures taken on reflection, as well as the pres- 
ence of lines not inherent to carbides, can make the 
interpretation of electron diffraction pictures sub- 
stantially more difficult and lead to errors. 

The most successful is the method of incorporat- 
ing the carbides into a film, which was suggested 
by Utevskii andhas been successfully employed for 
studying questions connected with temper embrit- 
tlement [5, 6, 9, 10]. 

We applied this method to studying the process of 
cerbide formation in steels 20 KHM and 1SKHIMI1F 
with isothermal ageing of the austenite and temper- 
ing at different temperatures (from 500 to 700°) and 
different soaking times (from 1 min to 10 hr). The 
chemical composition of the steels is presented in 
Table 1, the C-shaped curves in Fig. 1 (a, d). 

Austenitization of the specimens was conducted 
at 1100° for 1 hr. This ensured complete dissolution 
of the carbide particles, which was confirmed by 
microsctructural and electron diffraction analysis of 
the hardened specimens. For steel type ISKHIMIF 
the temperature of austenitization was in certain 
cases increased to 1300° to dissolve the stable 
vanadium carbides. The quench hardening was con- 
ducted in salt the subsequent tempering and isotherm- 
ic decay was conducted in a lead bath. The speci- 
mens were in the form of plates 3 mm thick, which 
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TABLE 1. Chemical composition of steels (%) 


Steel 


1SKH1IMIF 
20KHM 


2 


2 4 10204060 240 yo0100020006000 


b 


4 


——+ 


Temperature °C 


Va 


lon 


2 


Transformation time, sec 


FIG. 1. a — C shaped curves for steel 20KHM: 
1 — beginning of transformation; 


2 — 50% transformation; 


3 — end of transformation. 
b — C shaped curves for steel 1ISKHIMIF: 


1 — beginning of transformation; 


2 — 50% transformation; 


3 — 70% of transformation. 


ensured quick heating. 

For the electron diffraction study, structureless 
varnish films were employed. The etching of the 
specimens and detaching of the films was carried 
out by Popov’s well known method in electrolyte. In 
some cases when detaching the films the pole was 
changed after a short period of etching so that the 
specimen became the cathode. This considerably 
accelerated the process of detaching the film and 
prevented the electrolyte from acting on the carbide 
phase for too long. 

After detaching the films they were carefully 
washed from the residues of electrolyte, which is 
very important as the electron diffraction method is 


sensitive to the smallest quantities of matter, and 
various deposits from the electrolyte have often led 
researchers astray. 

The study was carried out with the aid of an elec- 
tron diffraction attachment to a microscope type 
EM-3. 

Inasmuch as the electron diffraction method has 

so far not been used for studying carbide formation 
with decay of the austenite in alloyed steels, it 

was necessary to make sure that the resolving power 
of the method when using our instrument would be 
sufficient for complex electron diffraction pictures 
to be interpreted, in particular, those obtained from 
such carbides as Fe,C and Cr,,C,. Each of these 
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TABLE 2. Interplanar spacings of phases which appear on electron diffraction 
pictures after isothermic decay of the austenite at 700° 


700°, 1 min 


700°, 30 min 


d, A Phase 


Phase 


Fe.Mo,C 


Fe.Moo( 
The same 


| 
= NSU 


Fes 
The same 
CrogCy 
The same 


» » 
Fe,Mo,C 
The same 
FesMosC, GfasC, 
The same 
Fe.Mo.C 
Fe,MosC, CrosC, 
The same 


x 


Fe, Mo, C 


FIG. 2. X-ray diffraction picture of the carbide phase in steel 20KHM 
after isothermic decay at 700°. Soaking time 2 hr. 


carbides gives a large number of lines, and more- 
over many of them have close interplanar spacings. 
Thus, for example, the strong line of Fe,C from the 
plane with d= 2.38 A is very close to the strong line 
of Cr,,;C, with d = 2.37 A. The lines of Fe,C corres- 
ponding to such planes as 2.00 and 1.97 A in the 
electron diffraction method may not split. The line 
of cementite with d = 2.06 A is very close to the 
line of carbide Cr,,;C, with d = 2.04 A and so forth. 
Investigations carried out on high temperature 
tempered carbon steel in which only Fe,C could 
form, and on annealed steel type 1KH13 in which 
the only carbide is Cr,,C,, showed that in spite of 
the closeness of many of the interplanar spacings 


and the coincidence of the corresponding interfer- 
ence peaks of both phases, the nature of the arrange- 
ment of the lines and their relative intensity differ 
substantially, which enables a single-values judge- 
ment to be made as to which of these phases formed 
with a given heat treatment. 


RESULTS OF THE INVESTIGATION 


As a result of the study which was carried out, it 
was established that in steel 20KHM at 700° a car- 
bide with a Fe,Mo,C structure is formed directly 
from the austenite. This carbide is registered on the 
electron diffraction picture after holding for 1 min 
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G. 3. Microstructure of steel 20KHM after isothermic transformation 


for five min; x 450; 


at the temperature stated. Judging by the strong 
blow-up of the lines, it can be concluded that the 
precipitated particles are very dispersed ~ 10°’ cm. 
Increasing the soaking time at this temperature to 
30 min leads to the appearance of a carbide with 

a Cr,,C, structure on a level with the other carbide 
mentioned above (the interplanar spacings of these 
phases calculated from the electron diffraction pic- 
tures are given in Table 2). Further very prolonged 
soaking at this temperature (up to 10 hr) does not 
lead to any change in the composition of the carbide 
phases. X-ray photographs taken of the carbide de- 
posit in these specimens confirm the presence of 
two types of carbide — Fe,Mo,C and Cr,,C, (Fig. 2). 

A similar decay character with the formation of a 
special carbide direct from the austenite is also 
found at lower temperatures right down to 600°. 
However, at 550° austenite breaks down to form 
cementite. Soaking at this temperature for 3 hr does 
not give rise to a change in the composition of the 
carbide phase, but the dispersity undergoes a mark- 
ed change, which is seen by the peaking of the lines 
on the electron diffraction picture. 

Comparing the data obtained with the character of 
the C-shaped curve and the type of microstructures 
which form as a result of isothermic transformation 
at temperatures of 550 and 600° (Fig. 3 (a, 5)), it 
can be concluded that the change in the type of 
carbide which precipitates directly from the austen- 
ite when it breaks down is connected with the trans- 
ition from the perlite field of transformation to the 
intermediate. 

It is interesting to note in the steel under invest- 
igation direct formation of a special carbide is also 
observed when tempering. Thus, tempering for 1 min 
at 700 and 650° leads to the appearance of a carbide 
with a Fe,Mo,C structure; with longer soaking, as 
in the case of isothermal ageing, Cr,,C, is found 


a — at 550° 


b — at 600°. 


side by side with F'e,Mo,C. However, the tempera- 
ture range of the formation of a special carbide with 
tempering is somewhat narrower than with isotherm- 
ic decay: tempering at 600° leads to the precipita- 
tion of Fe,C, whereas with isothermic transformation 
at this temperature the special carbide is still 
forming. 

Analogous results were obtained for steel 
15KHIMIF as well. With isothermal ageing in the 
range A,—600° a special carbide VC is first of all 
precipitated directly from the austenite, a little 
later Cr,,C, appears. Below 600°, with transition to 
intermediate transformation the austenite breaks 
down to form cementite. The region of the direct 
formation of special carbides with tempering, as in 
the case of steel 20KHM, is displaced to the side 
of the higher temperatures — above 650°. 

In this way, the direct formation of special car- 
bides from solid solution is confirmed by direct 
experiments. 

The appearance of a carbide with a Cr,,C, 
structure in a steel containing only 0.5 % Cr in all 
may appear somewhat unexpected. As is known, a 
carbide with a structure such as this normally forms 
in steels alloyed with chromium alone, with a 
chromium content of not less than 9%. However, a 
number of works bear witness to the fact that in the 
presence of other alloying elements, particularly 
molybdenum, the formation of a carbide with this 
structure is facilitated [11]. Moreover, the content 
of chromium in the carbides may be extremely small 
and may be practically the same as the average con- 
tent of this element in the steel. In this respect, 
works [12] and particularly [13] are interesting; in 
the latter, depending upon the conditions of carbide 
formation, cementite was observed containing 16% 
Cr, and a carbide with a Cr,,C, structure containing 
2.1% of chromium. In addition to this, a carbide 
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with this structure forms in steel alloyed with 0.65% 
molybdenum and containing no chromium at all [14], 
whilst the given structure is in general not inherent 
to molybdenum carbides. 

All the facts which have been set forth indicate 
that the forming of carbides with one structure or 
another should not be exclusively put down to satur- 
ation of the carbide phase with a given alloying 
element. By this fact, the most serious objection in 
respect to the possibility of direct formation of spe- 
cial carbides, an objection which is connected with 
the low diffusion coefficient of the alloying elements, 
can be eliminated. 

In certain conditions the formation of a special 
carbide with a large deficit of the alloying element 
is found to be more advantageous than the precipita- 
tion of carbides of the cementite type. In particular, 
as was shown in work [15], the formation of a cubic 
carbide with a Cr,,C, structure can be accomplished 
by means of an insignificant reconstruction of the 
crystal lattice of the austenite, and the saturation 
of the carbide with chromium is a secondary diffus- 
ion process. 

This also takes place in our investigation, as is 
testified by the substantially decreased lattice 
spacing of the carbide with the Cr,,C, structure 
(10.38 kX in comparison with the smallest value 
known in the literature of 10.51 kX). 

Apparently the considerations set forth are also 
applicable to the other carbides which are precipit- 
ated in the initial stages of decay in the steels under 


investigation, those such as Fe,Mo,C and VC, which 
also have a cubic lattice. Therefore, the formation 
of these carbides in the first seconds of decay, when 
considerable diffusion of the alloying elements could 
not yet have taken place, should not give rise to any 
perpelexity. 

The hysteresis which is observed in the existence 
of regions of direct special carbide formation should 
be explained by the different structural correspond- 
ence of the special carbides with a cubic lattice 
and of the cementite with respect to the decaying 
solid solutions — austenite and martensite. In the 
case of a martensitic structure, F'e,C corresponds 
more greatly with a solid solution, and this explains 
the widening of its region of formation when temper- 
ing in comparison with isothermic decay of austen- 
ite. 

In conclusion, we shall note that this investiga- 
tion is the first attempt to apply the electron dif- 
fraction method to the study of carbide formation 
with isothermic decay of alloyed austenite and its 
formation in the early stages of tempering. 

The authors express their gratitude to Prof. L.S. 
Palatnik for his valuable comments when discuss- 
ing the present work. 


Translated by J.J. Cornish 


REFERENCES 


. M.E. Blanter, Metalloved. i obrab. metal., No. 4 
(1955). 

- R.I. Entin, Metalloved. i. obrab. metal., No. 9-10 
(1956). 

. §.V. Tsivinskii, L.]. Kogan and R.I. Entin, 
Problemy metallovedeniia i fiziki metallov (Problems 
of metallography and the physics of metals) Iss. 4 
Metallurgizdat, (1955). 

N.V. Gudkov, E.I. Levina and V.A. Tolomasov, 

Fiz. metal. metalloved., 4, 500 (1957). 

L.G. Orlov, L.G. Sakvarelidze and L.M. Utevskii, 
Problemy metallovedeniia i fizika metallov 

(Problems of metallography and the physics of metals) 
Iss. 5, Metallurgizdat (1958). 

. L.IA, Gol’dshtein, Metalloved. i. obrab. metal., 
No. 11 (1956). 

- Heidenreich, Sturkey and Woods, J. Appl. Phys. 
17, 127 (1945). 

A.I. Rizol’, L.G. Sakvarelidze and L.M. Utevskii, 
Dokl. Akad. Nauk USSR, 105, 268 (1955). 


9. A.I. Rizol’ and L.M. Utevskii, Problemy metalloved. 
i fiz. metal. (Problems of metallography and phys- 
ics of metals) Iss. 4, Metallurgizdat, (1955). 


. A.S. Zav’ialov, L.IA. Gol’dshtein and M.I. 
Senchenko, Sboon. metallovedeniye (Metallography, 
a symposium) Sudpromgiz. (1957). 


. W. Crafts and C. Offenhauer, Met. techn. No. 1556 
(1943). 


. L.S. Palatnik, I.M. Liubarskii, A.P. Liubchenko 
and I.A. Tananko, Fiz. metal. metalloved., 1, 

500 (1955). 

. I.M. Liubarskii, A.P. Liubchenko and I.A. Tananko, 
Tekhnolog. transport. mashinostroeniia, No. 9, 
(1957). 

. B.IU. Mett and R.I. Entin, Problemy metalloved i 
fiz. metal. (Problems of metallography and physics 
of metals) Iss.2. Metallurgizdat, (1951). 

. H.J. Goldschmidt, /ron and Steel Inst. 160, 345 
(1948). 


107 
9 
960 
4 
12 
5 
13 
14 
8 15 


THE INFLUENCE OF PRESTRESSING AT 300°K ON THE MECHANICAL PROPERTIES 
OF WROUGH IRON AT 77°K * 
I.A. GINDIN 
Khar’kov Physico-Technical Institute of the A.N. Ukr. S.S.R. 
(Received 15 July 1959) 


The mechanical properties of wrought iron (0.03 %C) at the temperature of liquid nitrogen, after 
elastic and plastic straining at room temperature, are investigated. It is found that plastic flow de- 
velops and the ultimate strength at 77°K increases if the metal is elastically prestressed at 300°K 
and allowed to cool under load. It is demonstrated that a preliminary residual strain immediately 
beyond the flow jump does not improve the mechanical properties at low temperatures. 


The majority of metals possessing a hexagonal 
or a body-centred cubic lattice pass into the brittle 
state at low temperatures. The twinning theory of 
cold-shortness [1] has obtained wide currency. Ac- 
cording to this hypothesis, brittle cracks arise as a 
consequence of the high tensile stresses set up by 
the wedging action of the twinned bands. 


However, investigations [2-5] have shown that 
twinning by itself is not a primary cause of brittle 
fracture. The tendency of a metal to cold-shortness 
is determined by the nature of its crystalline lattice 
structure and the impurities present. 

The impurities having the most unfavourable in- 
fluence on the plastic properties of a metal are those 
which, like oxygen, nitrogen or carbon, enter into 
the composition of the primary solid solution [6]. 

Experiments with beryllium monocrystals [4, 7] 
have shown that impurities intensify the irregularity 
of the displacement along the slip band, as a conse- 
quence of which micro-cracks and interruptions of 
continuity occur in very early stages of loading. The 
irregularity of slipping increases with decreasing 
temperature and increasing rate of strain. In accord- 
ance with dislocation (disturbance) conceptions, the 
embrittlement of body-centred cubic metals is due to 
pinning of the dislocations by the dissolved impuri- 
ties, (Cottrell’s “atmosphere”) [8], or by other 
obstacles [9]. If these assumptions are correct, then 
it should be possible to lower the critical embrittle- 
ment temperature by reducing the effect of pinning 
on the dislocations by applying prestressing (prim- 
ary straining) in the temperature range in which the 


metal is still plastic, followed by cooling through 
the temperature range in which blocking (obstruct- 
ion) takes place. Such pre-treatment must obviously 
decrease the irregularity of the slip and lead to a 
more homogeneous state of strain at low tempera- 
tures. 

The present paper investigates the influence of 
prestressing and straining at room temperature 
(300°K) on the mechanical properties of wrought 
iron (0.03 %C) at the temperature of liquid nitrogen 
(77°K). 


SAMPLING AND EXPERIMENTAL METHOD 


Samples cut from the middle of a forging were of 
rectangular cross-section, 1.5 x 3.0 mm size and 
10 mm test length, with expanded heads for gripp- 
ing in the jaws of the tensile testing machine. The 
surface of the test bar was etched until the cold- 
hardened layer was completely removed and electro- 
lytically polished. 

Before testing, the samples were annealed at 
300°C for 4hr in a vacuum of 10°° mm Hg. The 
mechanical testing of the samples was performed in 
a tensile testing machine with photographic record- 
ing of the load-elongation curve [5]. The micros- 
tructure was examined by a MIM-6 optical micros- 
cope and a MII-4 micro-interferometer. Determina- 
tions were made of the grain size, nature of strain 
and distribution of the slip bands along the length 
of the sample in the vicinity of the break*. 

The surface relief of the strained samples was 


* Fiz. metal. metalloved., 9, No. 3, 447-455, 1960. 


* In the paper, the density of the twinning bands p and 


the general intensity of twinning / have been calculated 
(continued on the next page) 
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FIG. 1. Sample loading scheme. 
a — elastic (or plastic) pre-straining at 300°K. 
Rate of strain v, = 0.4 p/sec; 
b — slow cooling under constant load to a temperature 
of 77K. Rate of cooling = 5°/min; 
c — rupture of sample at 77°K. 
Rate of strain, v, = 30 p1/sec. 


examined without additional etching. 


The following sequence of mechanical and therm- 


al treatment was applied to the test bars (Fig. 1): 


a) Preliminary elastic loading (up to the oo limit- 


kg/mm? 


7 


3 


FIG. 2. Rupture curve of sample at 300°K in the 
co-ordinates 0g—5p. The points on the curve re- 
present the stress (7p) and strain (59) values of 
the pre-treatment. The number against each 
point is the number of the corresponding 
sample. 


TABLE 1 


Preliminary stress value at 300°K 


Oo, kg/mm? 


Elastic stress 


Plastic strain 
5o, % 


21.0 


(upper yield limit) 


Ruptured at 77°K without pre-treatment 


to 


ou 


Coo, 


(continued from previous page) 
by the following expressions: 


(2) 


where N = total number of grains in a length dx = 0.25mm 
of the microsection along the axis of the sample and a 
width 6 = 3 mm; N, = number of grains in the same area 
containing twinning bands. The density and total intens- 
ity were measured in an area of the microsection 4 mm 


ing stress) or plastic deformation (up to 5, elonga- 
tion) at room temperature (300°K) with a low rate of 
strain (v, = 0.4 p/sec *; 


long from the rupture cross-section. To eliminate 
purely superficial phenomena, the values of p and / 
were recorded both on the original surface of the 
microsection and after grinding off a layer of 

0.5 mm thickness. 


* The first loading was applied at a low rate to elimin- 
ate or suppress to a considerable extent irregularities 
(continued on the next page) 
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FIG. 3. Recorded curves of elongation before rupture at 77°K after pre-loading at 300°K. 
0» and Oy stress and strain values in the pre-treatment (1 mm on loading scale = 18 kg; 
1 mm on elongation scale = 451). 


—0o= 0; 
d 15.8 kg/mm’; 


7.1 kg/mm’; 
—09= 19.5 kg/mm’; 
21 kg/mm’; 


8.9 kg/mm’; 
f = 19.9 kg/mm’; 
h _ do = 1 %. 


%o 8, % 


DS) 


9 


POT | 
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FIG. 4. Relationship between the plastic properties of iron at 77K and the stress 
(@o) and strain (69) values in pre-loading at 300°K *). 
* o — percentage elongation 5 (@) and 5 (9); 
x — reduction of area W (09); 
A — percentage elongation of Sample No. 1. 
The figure against each point corresponds to the number of the sample. 


b) Slow cooling under load (at constant values of 
do and 5y) down to the temperature of liquid nitrogen 
(77°K); 

c) Tensile loading to failure at the temperature of 
liquid nitrogen with the usual rate of deformation 
(v, = 30 p/sec). 

The stress and strain values in the preliminary 
loading are given in the table and indicated by spots 


(continued from previous page) 
in the shearing deformation leading to the formation 


of micro-cracks and rupture in the first stages of 
deformation. 


on the diagrammatic curve of tensile failure of aniron 
sample at 300°K (Fig. 2.) Not less than three samples 
were tested in each stage of the treatment. 

The measurements covered the mechanical pro- 
perties of the iron at 77°K (yield point, ultimate 
strength, percentage elongation and reduction of 
area), in relation to the amount of prestressing 
and strain 


EXPERIMENTAL RESULTS 


Fig. 3 shows the machine records of the rupture 
of the samples at 77°K. For the batch of samples 
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FIG. 5. Change in the yield limit 0, and ultimate strength 0 of iron at 7K 
with increasing degree of preloading (o, 59) at 300°K. 
© — and a, (59); 
@ — 0} and Ob (80); 
A — brittle fracture of sample No. 1. 


tested with a grain diameter of 80-90 yp, the temper- 
ature limit of cold-shortness is above 77°K [10]. 
Hence, the rupture of several samples in liquid nitro- 
gen was brittle in character (Fig. 3a). 

Prestressing in the elastic and plastic regions 
respectively at 300°K has a substantially different 
influence on the mechanical properties of iron at 
77°K. Elastic stressing causes a considerable 
increase in the plasticity of the iron at 77K. The 
tensile test curves of the samples (Fig. 3b-e) show 
a smooth hump of no great height and an area of 
flow. The plastic deformation of these samples pro- 
ceeds without perceptible strain-hardening up to 
the rupture point. 

The percentage elongation 5 (0) and reduction of 
area w (a9) have peaks (Fig. 4) corresponding to the 
pre-loading stress value, equaling about half the 
yield stress value of the samples at 300°K. The ap- 
proporiate , maximum values of 5 and w respectively 
equal 10.5 and 22 %. 

The ultimate tensile strength 0, (0,) shows a 
similar relationship (Fig. 5). Elastic prestressing 
under optimum conditions (Sample No. 3), in addi- 
tion to increasing the plasticity, raises the ultimate 
strength of the iron. The increase in the yield 
strength compared with the brittle strength reaches 
20%. 

With the increase of o9 towards values approach- 
ing the upper yield points, the mechanical proper- 
ties of the sample deteriorate. Thus, in the case of 
Sample No. 7, the plastic characteristics approach 
zero (5 = 0.2%, w = 1.7%*). 

Pre-treatment in the elastic region produces a 


small decrease in the yield strength from 65 kg/mm? 
in the case of sample No. 2. to 57 kg/mm? for 
sample No. 6. 

After prestressing in the plastic region at 300°K, 
no plastic properties were observed at 77°K. The 
tensile curves have no peak or area of flow (cf. 
Fig. 3h) and in external appearance resemble the 
first part of the curve of a metal with a face-centred 
cubic lattice. The ultimate strength of the samples 
is slightly below the brittle strength and varies 
little for different values of 5o (0, = 64-67 kg /mm?). 
The yield point in particular is markedly lowered 
(09 2% = 50-52 kg/mm’). In spite of the substantial 
divergence between the tensile strength and the 
yield strength (cf. Fig. 5) the rupture is of a brittle 
character. The value of the permanent set is only 
1-2% (Fig. 4). 

A characteristic of the samples which ruptured 
plastically at 77°K (samples No. 2-6) is a change 
in the microstructure caused by the appearance of 
twinning bands and slip bands (Fig. 6a, b). An 
intermediate microstructural examination indicated 
the formation of strain bands at 77°K in the elastic 
region, long before the yield limit is attained. 

The distribution in density of the twinning bands 
along the gauge length of the sample from the break 
is shown in Fig. 7. Curve 1 represents brittle frac- 
ture, Curve 2 the most developed plastic fracture. 
As will be observed, the shape of the distribution 


* It should be noted that some of the plasticity of the 
samples in this group is due to deformation at room 


temperature [11]. 
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FIG. 6. Microstructure of an iron sample plastically ruptured at 77K 
after pre-loading to 8.9 kg/mm? at 300°K. 
a — twins and well-developed slip directly at the point of rupture; 
b — high density of the twinning bands at a distance of 1.5 mm 


from the rupture cross-section. Mag. x 100. 


curves is independent of the type of fracture. The 
curves show peaks at some distance from the fract- 
ure cross-section. The distribution of the twinning 
bands along the length of the sample changes with 
transition from the initial stage of uniform elonga- 
tion to the final stage of local deformation. Highly- 
developed slipping and blocking in the region of the 
constriction lead to a considerable increase in the 
resistance to twinning. The density of the twinning 
bands in the region of local constriction remains 
practically constant up to rupture of the sample. 
There is similarly little change in the twinning den- 
sity at the head of the test bar, by virtue of the 
blocking action of the expanded head. Consequently, 
the maximum density after rupture is found at a cert- 
ain distance from the constriction (neck). 

This circumstance points to the fact that the fun- 
damental causes of failure of the metal, whether by 
fibrous or by brittle fracture, are the distortions due 
to shearing deformation in the slip bands and block- 
ing, and not the mechanical action of twinning. 

Attention should be paid to the formation of thick 
twins (up to 8 » thick) in the samples fracturing 
plastically at 77°K, by contrast with the thin, 
Neumann lines (up to 1 » wide) usually observed in 
wrought iron after brittle fracture without pre-treat- 
ment. 


The general intensity of twinning varies with 
increased prestressing in the same manner as the 
plasticity characteristics; at first the intensity 
rises to a maximum in the sample with the highest 
plasticity, then falls and, in the sample failing by 
brittle fracture, becomes zero (Fig. 8). 

The traces of the slip bands are both straight and 
wavy (Fig. 9). The first are observed only in the 
initial stages of deformation of the individual grains 
in the macroscopically elastic region (down to the 
low-temperature yield point); an increasing degree 
of deformation produces waviness of the slip bands 
(Fig. 10). 

In the group of samples pre-loaded to the yield 
point (sample No. 7), slipping is considerably and 
twinning completely suppressed in low-temperature 
deformation. The principal change in the micro- 
structure consists of a thickening or coarsening of 
the grain boundaries, the appearance of a relief 
structure in their neighbourhood (Fig. 11) and brit- 
tle failure along these boundaries. 

Twinning is also absent in samples plastically 
prestrained at 300°K. 


DISCUSSION OF THE RESULTS 


From supplementary tests at different rates of 
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FIG. 7. Change in twinning density along the working 
length of the sample: 
1 — after brittle fracture at 77°K (sample No. 1); 
2 — after pre-loading at 300°K and plastic fracture at 
77K (sample No. 3); 
counting along the X-ray from the rupture cross- 
section of the sample. 


FIG. 9. Straight and curved traces of the slip bands 
in wrought iron. 


Sample No. 3. Elongation at 77K, 4%; x 166. 


deformation and cooling, it follows that the plastici- 
ty of iron at 77°K becomes evident only as a result 
of the conjunction of slow, elastic loading of the 
sample at 300°K with slow cooling under load. Such 
conditions favour the formation of shear centres by 
slipping and twinning in the overstressed micro- 
regions, without disturbing the continuity of the 


Twinning intensity /, % 


Pre-loading, Oo, kg/mm? 


FIG. 8. Relationship between the twinning density at 
77K and the value of the preliminary stress at 300°K. 
The number against each point corresponds to the 
number of the sample. 


FIG. 10. Carved slip bands. 
Region of local strain development at 77°K. 
Sample No. 3, 5 = 8%; x 360. 


material. 

Immersion in liquid nitrogen leads to the develop- 
ment of shear centres and to an increasingly homo- 
geneous plastic deformation, depending on the con- 
ditions of the applied pre-treatment. 

The appearance of peaks in the curves of the rela- 
tionship between the plasticity characteristics 
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(5 and w) and the magnitude of the prestressing may 
be explained by the simultaneous influence of the 
number of shear centres (nuclei) and distortions 
resulting from such centres (nuclei). At the same 
time, distortions at the boundaries of these centres 
(nuclei) appear and increase. 

At room temperatures, residual shear effects begin 
to become apparent near the yield point, which 
impede the development of the twinning nuclei dur- 
ing the process of cooling of the sample and at low 
temperatures act as stress raisers. It can be assum- 
ed that the initial stage of deformation, in particular 
defined by the number of shear centres (nuclei) and 
their condition (degree of imperfection) determines 
the degree of reserve plasticity and practical 
strength of crystalline bodies. 

Since stress relief before the application of tens- 
ion at 77°K (see dotted stress-relief line in Fig. 1) 
does not lead to brittle rupture, it can be assumed 
that the forming shear nuclei become “frozen”. Their 
blocking must promote the increase in the degree of 
inhomogeneity of the stress field in the vicinity of 
the various defects as the temperature becomes 
lower. 

The hypothesis of Wain and others [6], founded 
on a dislocation conception of the possibility of 
reducing the temperature threshold of brittle fracture 
by a preliminary, small plastic deformation, is un- 
founded. It would appear that, in the process of de- 
formation, a great number of overstressed, defective 
centres are created which, at low temperatures, play 
the part of micro-cracking nuclei. For this reason, 
the samples No. 9-12 show no increase in plastic 
properties at 77°K. 

It has similarly been found impossible to make the 
samples more plastic by subjecting them to prestressing 
directly up to the yield point (Nos. 7-8). The appearance 
of ayieldlimitis governed by complex processes which 
cannot be described by the simple hypothesis of the de- 
tachment of the dislocations from the Cottrell atmos- 
phere and the penetration by them of obstructions. 

Another unusual fact in the light of the theory of 
dislocations is the increase in plasticity after pre- 
loading in the elastic region. It becomes necessary 
to assume that elastic strain at 300°K favours the 

concentration at the obstacles of more formidable 
dislocation groupings than can exist at 77°K. Cool- 
ing under load preserves these groupings in a 
“frozen” state. Unloading of the sample in liquid 
nitrogen does not lead to an elastic regression of 
these dislocations into their initial positions, owing 
to the resistance, increasing with falling tempera- 
ture, of the “rearward” obstructions to the displace- 
ment of the dislocations. 
An increase in the number of dislocations, n, 
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FIG. 11. Micro-interference pattern of localized strains 
near (grain) boundaries and their coarsening. 
Sample No. 7, pre-loaded at 300°K to the 
yield point; x 360. 


retarded at each obstacle may lead to a lowering of 
the yield point and an increase in the plasticity of 
the metal. 

Starting with some particular value of 5, (and, 
consequently, of n) should lead to an increase of the 
stress level at the concentration sufficient for the 
formation of an incipient micro-crack. Thus, the 
curves of the relationship between 5 (04) and w (a9) 
must necessarily have a maximum. 

It does not appear possible to explain the high 
plasticity of iron at 77°K merely by a break-through 
of the dislocations. For this, it would be necessary 
to assume that the density of the dislocations in 
the annealed and understrained metal is equal to 
1 x 10'?/cm?, which is impossible. Apparently, in 
these conditions, at 77°K, the Frank - Read sources 
must become effective, ensuring the necessary dis- 
location density. It is important to note that, even 
before the upper yield point at 77°K is reached, a 
very considerable degree of plastic deformation is 
observed (expressed by the appearance of slip 
planes and twinning). This means that the escape 
of the initial dislocations from the Cottrell “atmos- 
phere” and the penetration of the obstacles must 
obviously take place at stresses below the elastic 
limit. 

The divergence between the analytical value of 
the relative stress and the measured, percentage 
elongation could be explained without having re- 
course to the Frank-Read theory by slip along the 
boundaries of the twinning bands, recently observ- 
ed in high-purity iron [12]. This is the more pro- 
bable in that the maximum of plasticity corresponds 
to the maximum intensity of twinning (cf. Fig. 4 and 
8, sample No. 3). 

The increase in the ultimate strength of the iron 
tested at 77°K after previous elastic loading under 
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optimum conditions is associated, as shown by spec- 
trographic X-ray analysis, with the disintegration 

of the blocking points in the theory of low-tempera- 
ture, plastic deformation. 


CONCLUSIONS 


1. It is demonstrated that technical wrought iron, 
after pre-loading in the elastic region at 300°K and 
-cooling under load, is transformed at this tempera- 
ture of 77°K from the brittle to the plastic state. 
This transition is accompanied by an increase in 
the reel, ultimate strength, compared with the brittle 
strength of untreated wrought iron. 

2. For the “optimum” pre-loading value (0) = 9 kg/ 
mm?), the magnitude of the proportional elongation 
can reach 10.5%, the constriction of the cross-sect- 
ion 23% and the increase in strength 20%. 

3. The transition of wrought iron into the plastic 
state is conditioned by the particular conditions of 
conception of the elementary slips, as a conse- 
quence of slow, progressive loading at high temper- 
atures and cooling under load. These conditions 
favour the accumulation of dislocations at the block- 
ing points and their brek-through without disturbing 
the continuity of the metal. 


4. It is demonstrated that the initial stage of the 
plastic deformation of iron at 77°K pre-treated at 
300°K continues to the upper yield limit. 

5. It is found that twinning is not the cause of any 
brittle failure of technically-pure, wrought iron: 
maximum plasticity corresponds to the maximum in- 
tensity of twinning in the material. Brittleness 
(embrittlement) is associated with discontinuities 
in the formation of nuclei of shear deformation and 
their development to slip bands. 

6. Plastic prestressing at 300°K does not lower the 
temperature threshold of the cold-shortness of tech- 
nically pure, wrought iron. 

Application of the methods of thermo-mechanical 
treatment — by elastic pre-loading with ensuing cool- 
ing under load — may be useful in obtaining higher 
mechanical properties at room temperatures in such 
metals as chromium, molybdenum, etc. 

_ In conclusion, thanks are due to R.I. Garber and 
B.G. Lazarev for discussion of the research results 
and a number of valuable suggestion and to V.E. 
Malkina, graduate of the Khar’kov State University 
and the laboratory worker, L.A. Chirkina, for assist- 
ance in the experimental work. 


Translated by L.J. Goodlet 
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LETTERS TO THE EDITOR 
THE FORM OF THE EQUATION OF MAGNETOSTRICTIVE ENERGY OF A 
FERROMAGNETIC SUBSTANCE * 
V.A. IGNATCHENKO and S.V. VONSOVOKY 
Institute of Physics of the Siberian Branch, Academy of Sciences U.S.S.R. 
Institute of Physics of Metals Academy of Sciences U.S.S.R. 
(Received 3 February 1960) 


In the derivation of the equation for the density 
of magnetostrictive energy by Becker and Doring 


[1], a small error has been made. The same error has 


been repeated in further expositions of this deriva- 
tion [2, 3]. We shall consider some elements in the 
derivation of this expression. 

That part of the energy of anisotropy which de- 


pends on the first powers of the constrained deforma- 


tions can be written as follows: 


= — aj Wj; — = 
(1) 


This disregards the dependence of f, on the net 
change in volume (for the case that 


=> Ugo => = 0, i k, 


we get f, = 0). Here, uj, represents the components 
of the tensor of the elastic deformations; a; are the 
directional cosines of the vector 1,3 c, and cy are 
the moduli of elasticity if the expression of the 
elastic energy is written in the following form: 


+ Cy Nii + Cg »> (2) 


i¢k 


It is known (cf.e.g. [2] or [4] ) that for a free, cubic 
crystal, the components of the deformation tensor 
are related to the components of the stress tensor 
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by the following expressions: 


v Sik 
ty, = —- 


Substituting (3) in (1), we get: 


\ 


9 
f. = — — — 
t i 


(4) 


M11 


ink 


In previous derivations, the term 
i 


was omitted since it does not depend on a;. How- 
ever, such an omission deprives the equation of 
clear, physical significance. In such case, there 
will not only be no independence of the net change 
in volume (for 


= Ugg = Uj, = 0, 


will not equal zero) but this dependence will not be 
fully evaluated. Consequently, it is suggested that 
the formula for f, be used in the form of equation 
(4). 

We shall now write the equations of f, for some, 
particular cases. If the crystal is subjected to uni- 
form tension (compression) in the direction y,, y2; 
Ys, then: 


Gin = 


and: 
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2.9 
i 


If the spontaneous magnetization is directed 
along the easy axis (along [100] for iron and along 
[111] for nickel), then: 


3 
/ 


ee | 
—— Asses + ——)} ( nickel ), 


where ¢ is the angle between the direction of tens- 
ion and the direction of magnetization. Finally, in 
the approximation of isotropic magnetostriction 


(Atoo = = A) 


for any orientation of the vector sf relatively to the 
crystallographic axes: 


Translated by L.J. Goodlet 
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AN INVESTIGATION OF THE FERRITE GARNETS OF YTTRIUM AND GADOLINIUM 
IN THE NEIGHBOURHOOD OF THE FERROMAGNETIC CURIE POINT * 


V.I. CHECHERNIKOV and R.F. YCHAIKINA 


M.V. Lomonosov Moscow State University 


In ferromagnetic metals and alloys as well as in 
ferrites with a spinel structure, the ferromagnetic 
transformation takes place over a fairly wide temper- 
ature range as can be shown experimentally [1]. In 
the transitional region there is a relationship bet- 
ween the magnetic susceptibility and the intensity 
of the magnetic field as well as the temperature. 

However, no investigations were made of the re- 
lationship between magnetic susceptibility, the 
temperature and the field intensity in the region of 
the ferromagnetic transformation for ferrites having 
a garnet structure. The research under consideration 
was intended to conduct such an investigation. 

The magnetic susceptibility was measured by the 
Faraday-Sucksmith method. The figure, based on 
measurements made by us, shows the temperature 
dependence of 1/X on 


< 8,<T). 


As experience showed, in this temperature region, 
X depends on H as well as 7. Differing from the 
ferromagnetic metals and ferrites with a spinel 
structure, the magnetization curves of garnet struc- 
tures have a pronouncedly non-linear character only 
at temperatures below the ferromagnetic Curie point 


(T <®,), 


that is, in the ferromagnetic region. On passing into 
the paramagnetic region, 


(T 28,) 


the isothermals of the magnetization curves tend to 
become straight lines and X is no longer dependent 
on H. In other words, the transitional region for 
ferrites with a garnet structure is appreciably nar- 
rower (8- 10°) while for the other ferromagnetic sub- 
stances, including ferrites, this region lies between 
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20- 100°. In this temperature range, the relationship 
of the specific magnetization o in the wide sense 


of H (2000-10000 oersteds) is described by the 


equation: 


H + 


As observations show, the coefficient a varies 
linearly with the temperature and at 7 = @ becomes 
zero, changing sign when passing through the Curie 
point. This circumstance has enabled us to deter- 
mine the values of @; which were found equal to 
562°K for both ferrites. The values of @; can also be 
obtained from data given by the figure, if the rela- 
tionship between 1/X and 7 is extrapolated to 
intersect with the temperature axis. 


y 
550° 590 630° 


FIG. 1. The relationship of the reciprocal molar 
susceptibility to temperature in ferrite garnets: 
1 — 3Y,0,5Fe,0,; 
2 — 3Gd,0,5Fe,0;. 
The values of @; obtained by the methods indicat- 
ed above practically coincide. The coefficient 8, 
on the other hand, being positive over the whole 
range of variation of 7 is in a more complex rela- 
tionship with 7. 
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Investigations of the temperature relationship of follows Neel’s known hyperbolic law [2]. For the 
paramagnetic susceptibility in the high-temperature yttrium ferrite, the values of C, o,, @ and 1/Xo 
range (up to ~ 1400°K) have shown that the depend- were determined at 58, 1550, 570°K and 30.5 
ence of 1/X on T over a wide temperature range respectively. 


(580- 1400°K) as in the case of ordinary ferrites Translated by L.J. Goodlet 
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X-RAY ANALYSIS OF SURFACE LAYER OF POLISHED EUTECTOID STEEL 
TEMPERED AT LOW TEMPERATURE * 
L.I. MIRKIN 
Scientific Research Institute for Automobile Technology 
(Received 22 June 1959) 


The structure of surface layers of polished mater- 
ials determines to a considerable extent the wear 
resistance and working properties of machine parts. 

A great number of papers, written by Terminasov, 
and his collaborators, deal with the study of fine 
crystalline structure of surface layers in polished 
annealed steels. The condition of surface layer in 
polished quenched steels, however, was hardly 
studied at all. 

The study of surface layer of quenched medium- 
carbon steel 45 (0.4% C) showed: [1] that the layer 
is heterogeneous and consists of several hardened 
and softened layers. 

The study of the surface layer of polished eutect- 
oid steel was of interest. In this layer as a result 
of high temperatures during mechanical working, 
two-phased austenite-martensite structure develops. 

The eutectoid steel U8 (0.8% C) studied was 
quenched at 800°, tempered at 180° (for 1.5 hr) and 
polished in accordance with the following system: 
longitudinal feed of 15-30 m/min, transverse feed 
of 0.01-0.05 mm/double passage. The layers were 
removed electrolytically at intervals of 0.005 mm. 

The study was carried out with an X-ray appara- 
tus URS-501, using Fe-radiation. The application 
of the ionization method of recording makes it pos- 

sible to obtain intensity curves for high reflection 
angles even for quenched, high-carbon steels. [2] 
The determination of lattice sizes and distortions 
of type II was made on the basis of lines (110) and 
(220) of the alpha-phase by a method of approxima- 
tion, [3] with the application of modified correction 
graphs, since the analytical functions, correspond- 
ing to the intensity curves both for the specimen, 
and for the standard, take the form of 


(1 + 


Together with determing lattice sizes and crystal- 
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line lattice distortions, a method is applied to de- 
termine the packing of lattice defects (dislocations) 
by the widening of lines on the X-ray photographs 
[4]. The density of dislocations was determined by 
the lines (111) of gamma-phase and (110) of alpha- 


phase, using an approximate correlation, 
p=A-—, 


where p is the density of dislocations, cm?/cm$ x 
10*1; 8 —the physical widening of lines, radian 
10°; A —coefficient, which is 0.2 for both lines. 

The experimental results showed that the rela- 
tion of widening of lines (110) and (220) of the 
alpha-phase is in all cases smaller than the relation 
of secants of slipping angles, i.e. the distortions 
of type II do not play any significant part in the 
widening of lines. The lattice sizes of the alpha- 
phase are of a value of 1.3 to 2.9 x 10° cm, where- 
upon the curves are of complex form, with one or 
two maxima, the same as in steel 45 [1]. These 
results particularly confirm the conclusion of paper 
[5] on the fact that in the fully hardened materials, 
the small value of distortions, type II, corresponds 
to the small lattice sizes. 

The alteration of dislocation density in the alpha- 
and gamma -phases for polishing conditions S, =30m/ 
min is shown in Fig. 1. 

When analysing the curves of the figure, the iden- 
tical shape of curves for the alpha- and gamma- 
phases has to be noted. This circumstance is appar- 
ently connected with the fact that the heat proces- 
ses during polishing leading to tempering of the 
alpha-phase, simultaneously lead to the softening 
of gamma-phase, and the hardening of alpha-phase by 
partial quenching or plastic deformation is accom- 
panied by hardening of gamma-phase as a result of 
plastic deformation and thermal stresses. It should 
be noted that, when analysing the data indicated, 
the comparison of only relative shape of curves is 
permitted and not that of the absolute values, since 
different materials (annealed steel 45 and nickel) 
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Dislocation density cm?/cm? x 10#* 
S 


001 Q02 003 
Depth of layer, mm 


FIG. 1. Distribution of dislocation density in alpha-phase (curve 1) 
and gamma-phase (curve 2) in the surface layer of quenched steel 
U8, polished by the system of S, = 0.05 mm/double passage. 


Srp = 30 m/min. 


were taken as standards for the alpha and gamma in the surface layer varies in the same way. 
phases. In order to make a detailed analysis of the dis- 

The shape of curves for other polishing conditions location mechanisms caused by polishing quenched, 
varies, but in all cases the curves for alpha-and high-carbon steel, further studies and improvement 
gamma-phases mainly follow each other. of calculation methods are essential. 


Thus, at the austenite structure formation, in the 
process of polishing quenched high-carbon steels, 
the fine crystalline structure of austenite and ferrite Translated by E. Semere 
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THE PROBLEM OF TRANSFORMATION OF MARTENSITE INTO AUSTENITE 
WITHOUT DIFFUSION * 


(In connexion with the article of B.K. SOKOLOV and V.D. SADOVSKII [1] 
“On austenite formation when heating steels by reverse martensite transformation” 
V.N. L’NIANOI and I.V. SALLI 
Dnepropetrovsk State University 


As is well-known, the reversibility of martensite 
transformation was first observed in bronzes [2-4]. 
The significance of this phenomenon is the fact that 
the lattice of martensite crystallites, formed during 
quenching a solid solution, changes again with rise 
of temperature into the initial solid solution lattice 
without diffusion. The martensite plate obtained in 
aluminium bronze [5], is the most typical example 
of such “thermoelastic martensite”. Its changes of 
size completely follow the temperature changes of 
the specimen. 

The discovery of this phenomenon caused many 
research workers to test the possibility of reverse 
martensite transformation in steel [1, 6, 7 etc]. 
Application, for this purpose, of high heating speeds 
together with thermal, magnetic and metallographic 
analyses has not so far given conclusive proof of 
the possibility of such transformation. One of the 
recent attempts in this direction is the work of 
Sokolov and Sadovskii [1]. In this work methods of 
vacuum metallography are applied to test the rever- 
sibility of martensite transformation. The idea of 
direct observation of the relief formation »:ocess 
itself, when heating the previously quenched and 
polished specimen, is fully acceptable; however, as 
will be shown below, the data given in the article 
are by no means proof of martensite transformation 
into austenite without diffusion. When the surface 
layer state is such that the transformation condi- 
tions in it differ in no way from the transformations 
inside the specimen, the emergence of needle-shaped 
relief, shown in Fig. 1 of the paper quoted, could 
serve as proof of reversible transformation. If we 
take into consideration the fact that, during mechan- 
ical working of the quenched specimen of steel 
40KhGS, the various structural surface components 
deform to different extents, it is natural that the 
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initial surface structure must affect the transforma- 
tion and, consequently, lead to the emergence of a 
certain relief. We shall not deal with the interpret- 
ing of the mechanism of this process, since it re- 
quires additional study; we shall show only that, in 
a similar experiment, at relatively low heating 
speeds, when the transformation of martensite into 
austenite is known to be taking place with diffusion, 
well- marked martensite relief appears. 

Fig. 1a shows a microphotograph of a specimen 
surface of steel U10, quenched in vacuum furnace 
from a temperature of 1050°. Mercury served as 
quenching liquid. The specimen was then polished 
and heated in the same furnace at a rate of 200°/ 
min. The microphotograph, in Fig. 1b shows that, 
on the surface, martensite relief formed again. This 
surface is, of course, much smoother, but its needle- 
shaped character, similar to the relief of the origin- 
al specimen, is conclusive. In addition, the heating 
speed applied leaves no doubt that the transformation 
was accompanied by diffusion. 

We shall give a direct proof of the fact that the 
martensite transformation into austenite is accom- 
panied by diffusion, even at much higher heating 
speeds, as this was described in paper [1]. In our 
opinion the best method of proving this is the study 
of changes which take place in the surface relief 
of the specimen, quenched in vacuo during sub- 
sequent heatings. In fact, in the reverse transforma- 
tion, the martensite needles formed on the surface 
of the specimen must transform into austenite with 
restoration of the original austenite volume and. 
consequently, complete smoothing of the relief. In 
other words, the relief must completely disappear 
and the surface look exactly as the steel specimen 
would look, heated into austenite range and cooled 
in vacuo at a speed below the critical value. 

Fig. 2a shows a microphotograph of an original 
surface of a specimen of steel U10 quenched in 
vacuo. Fig. 2b illustrates the same surface after 
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FIG. 1. a. Surface of steel U10 after vacuum quenching FIG. 1. b. Relief, obtained during heating with a speed 
in mercury, from a temperature of 1050°; x 150. of 200°/min of the polished specimen of stee! U10; 
x 150. Photographed at transverse exposure. 


FIG. 2. a. Martensite relief of steel after vacuum FIG. 2. 6. The same part of the surface, as in the 
quenching; x 340. previous figure, after heating with a speed of 
~ 800°/sec; x 340. 
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FIG. 2. c. Steel surface after an hour’s soaking at a temperature 
of 1000°; x 340. 


heating in vacuo witn a speed of ~ 800°/sec. In 


this case the cooling speed of the specimen was 

far from the critical quenching speed. Fig. 2. c. 
shows the surface of this specimen, soaked at a 
temperature of 1000° for 1 hr and cooled at the same 
speed. The specimens were heated with current from 
a transformer. 

As is apparent from the photographs, the marten- | 
site relief persists at all heating speeds from 200°/ 
min to 800°/sec. The relief almost disappears only 
after high-temperature soaking, sufficient for diffus- 
ion of cementite. Such a relief is maintained also by 
heating a quenched specimen below point A, and 
naturally it disappears in case of the experiment of 
the authors of paper [1], during soaking for 2 hr at 
600°. 

Thus, this exposition indicates that the results of 
experiments conducted by Sokolov and Sadovskii do 
not prove the transformation of martensite into aus- 
tenite without diffusion. It seems to us that such a 
transformation cannot take place at any heating 
speeds, owing to the special features of steels, in 
which the carbon atoms possess an enormous mobil- 
ity. If we analyse the direct and indirect data on the 
mobility of carbon in Fe-C alloys, it can be assum- 
ed that, in the majority of cases during cooling of the 
quenched specimen, cementite nuclei develop in the 


alloy. The boundary line of martensite-austenite 
can be the most favourable spot for their formation. 
The presence of cementite nuclei (even the small- 
est ones) on the martensite and austenite bound- 
ary must lead to the disturbance of lattice coher- 
ence. The heating of the specimen promotes com- 
plete destruction of coherence, without which re- 
verse transformation of martensite crystal into 
austenite cannot take place. The stresses, develop- 
ing at the boundary of crystallites of different 
phases in the quenched specimen, also act in this 


direction. 
This, of course does not contradict the assump- 


tions on the martensite transformation, which were 
made by the majority of research workers. On the 
contrary, the impossibility of such transformation 
proves the most important role of conservation of 
coherence in the reorganization of the lattice 
without diffusion, which is the foundation stone in 
the whole martensite transformation theory. 


Translated by E. Semere 
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ON THE PROBLEM OF POSSIBLE AUSTENITE FORMATION WITHOUT 
_ DIFFUSION WHEN HEATING STEEL * 
(In connexion with the article of V.N. L’NIANOI and I.V. SALLI 
“On the problem of transformation of martensite into auster. te without diffusion” [6] 
V.D. SADOVSKII and B.K. SOKOLOV 
Physics of Metais Institute of the U.S.S.R. Academy of Sciences 


In the published work L’nianoi and Salli [6] there In conclusion, it should be noted that the main 


are critical remarks concerning the possibility of a. circumstance that made us assume the possibility 
special mechanism of austenite formation without of a special mechanism (without diffusion) of 
diffusion during rapid heating of quenched steel. : austenite formation during heating quenched steel, 

In order to give additional proof of this assumption _ ig the regeneration of initial austenite grain, as 
we indicated the relief formation on the polished obseved in this case [4, 5]. 


surface of the quenched specimen during rapid heat- 
ing up to the condition of austenite [1]. 

L’nianoi’s and Salli’s main objection is the indic- 
ation of the fact that in case of reverse martensite 
transformation (during heating), the relief formed 
during direct transformation of austenite into mar- 
tensite (during cooling), should disappear, which 
was not observed in the experiments described by REFERENCES 
them. In this connexion, it should be noted, however, 
that relief should in fact disappear during reverse 1. 
transformation only in the case of thermoelastic, 
martensite transformation “without hysteresis”, 
which, of course, has no connexion oak the case 2. V.N. Gridnev, Zh. tekh. fiz., 1226, 11 (1941). 
discussed by us. The usual reverse martensite trans- , Kaufman and M. Cohen, Trans. AIME, 1393, 206 
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B.K. Sokolov and V.D. Sadovskii, 
Fiz. metal. metalloved., 549, 6 (1958). 


formation, connected with considerable temperature (1956). 
hysteresis, by no means leads to the disappearance 
of the relief. A microphotograph is shown as an 4. L.V. Smirnov and V.D. Sadovskii, 


Trud. Inst. fiziki metallov Urals Branch, 
Academy of Sciences, pp. 94, issue 17 (1956). 


example of the same part of the specimen of ferro- 
nickel (27, 8% Ni) after direct (Fig. 1a) and reverse 
(Fig. 1b) martensite transformation. 
The non-diffusional character of the reverse trans- 5. B.K. Sokolov and V.G. Gorbach, 
formation in this case leaves no doubt [2, 3]. Trud. Inst. fiziki metallov Akad. Nauk. SSSR, 
As to formation of relief, observed in the paper pp- 123, issue 22 (1960). 
L’nianoi and Salli at relatively slow heating (200°C/ 
min) of quenched steel U10, this may be connected 6. V.P. L’eianci and LV. Selli 
with volumetric changes, accompanying the temper- Bis. 
ing of martensite. issue, 3, 9 (1960). : 
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FIG. 1. Microphotograph of a ferronickel specimen after a direct and b reverse 
martensite transformation. 
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ON THE PROBLEM OF DETERMINING FROM DILATOMETRIC MEASUREMENTS 
THE DENSITY OF THERMAL VACANCIES FORMATION ENERGY AND ACTIVATION 
ENERGY OF THEIR RETENTION * 

S.D. GERTSRIKEN, N.N. NOVIKOV and B.F. SLIUSAR 
T.G. Shevchenko State University Kiev 
(Received 2 June 1959) 


In paper [1] attention is drawn to the fact that in 
papers [2, 3] for determining the energy of formation 
of thermal vacancies and their concentration, a dila- 
tometric method is used. In addition, if long speci- 
mens are used and change of length A/ is measured, 
the application of the following formula is inadmis- 
sible from the authors [1] point of view 


AV _3A! 

(1) 
where AV /V is the relative change of volume at the 
expense of formation or retention of vacancies. 

Assuming that, in the process of vacancy forma- 

tion during heating, the atoms appear on the surface 
(during annealing specimens, quenched from high 
temperature, the vacancies from this point of view 
must appear on the specimen surface), the authors 
note the formula 


AV Al Al Al 
(2) 
(where /,, 1, and 1, — are the linear sizes of the 
specimen in 3 measurements), which develops into 
formula (1) only in case of a body of cubic shape. 
In case of a wire for example, where J, is its length, 
Al/l, will be very small, and determining AV/V by 
the measurement of Al/I, will be erroneous. 
The authors [1] quenched from high temperature 
a gold specimen obtained from a plate of 100 mm 
length and 0.1 mm thickness, rolled in the form of a 
cylinder of 3 mm in diameter and observed practic- 
ally no change in its length during tempering. 
There are, however, a number of proofs of the 
fact that, during tempering quenched specimens, the 
vacancies do not appear on the specimen surface. 


According to paper [4] silver foil of 130 mm length, 
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0.03-0.05 mm thickness and 3 mm width, was quench- 
ed from temperature ~ 650°. At the same time it was 
observed that, in the vapour, the annealed and 
quenched foil develops force E, thermoelectric, 
which decreases during annealing. We define this 
thermoelectric force as E. It can be shown that, 
for ¢ short durations of annealing, assuming the 
vacancies to appear on the surface, the following 
correlation should apply 
E,—E\2 ht 

pat Eo (3) 
where D is the coefficient of vacancy diffusion; 
h — the foil thickness. 

However, when experiments were made with foils, 
three times thicker (= 0.1 mm) than the thinner foils 
under exactly the same tempering temperature con- 
ditions 

E,—E\* | 


remained practically unchanged, although a change 
of this value by a factor of 10 could be expected. 
The authors [4] came to the conclusion, that the 
dislocations serve as channels for vacancies. 

We would point out that in paper [5] th< authors 
came to the conclusion that the diffusion passages 
when annealing quenched gold specimens are small- 
er than the radius of the specimen by several orders 
of magnitude. 

In paper [6] by measur:ng the change (Ap) of the 
residual electric resistance Apo during annealing 
quenched gold wires, it was shown that the change 
of grain size several times does not influence the 
effect. 

If the vacancies do not emerge similarly to the 
change of volume during heating or cooling, it can 
be written: 


(4) 
2 
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(5) 


In paper [7] a study was made of the quenching 
and tempering of gold wires, 100 mm in length and 
0, 4-0, 8 mm in diameter. During isothermal temper- 
ing of quenched specimens, the reduction of their 
length is observed, whereupon 


Apo 


where K is constant. 
On the basis of the result indicated in paper [7] 


authors [8] give a formula 
0,98 


where 0.98 eV isthe energy of vacancy formation. 
Authors [8] consider that the dislocations are 
channels of vacancies. In paper [9] it is also observ- 
ed that the length of the quenched gold wire has 
changed during tempering. 

Thus, the dilatometric method can be used for 
solving the above mentioned problems. 

However, it remains obscure, why in paper [1] 
no change in length was observed during tempering 
the quenched gold specimen. 


Translated by E. Semere 


REFERENCES 


. B.G. Lazarev, O.N. Ovcharenko and I.P. Khvedchuk, 
Fiz. metal. metalloved., 154, 7 (1959). 

. S.D. Gertsriken, Ukr. fiz. zhurnal, 143, 2, 1 (1956). 

. P. Jongenburger, Phys. Rev., 66, 106 (1957). 

. S.D. Gertsriken and M.M. Novikov, Ukr. fiz. zhurnal, 
681, 5, 4 (1959). 

- B.G. Lazarev and O.N. Ovcharenko, Zh. eksp. teor. 
fiz. 60, 1, 36 (1959). 


6. F.J. Bradshaw and S. Pearson, Phil. Mag., 379, 
15, 2 (1956). 

7. J.E. Bauerle and J.S. Koehler, Phys. Rev., 1493, 6 
107 (1957). 

8. J.S. Koehler, F. Seitz and J.E. Bauerle, Phys. Rev., 


1499, 6, 107 (1957). 
. H. Kimura, R. Maddin and D. Kuhlmann-Wilsdorf, 
Acta met. 154, 3, 7 (1959). 


129 
since 
, 
9 
| 


THERMOMAGNE TIC TREATMENT AND ORDERING PROCESSES. IV. 
STUDY OF THE EFFECT OF THERMOMAGNETIC TREATMENT ON THE PARAMETER 
OF CRYSTALLINE LATTICE OF ORDERED SOFT MAGNETIC ALLOYS* 
A.A. GLAZER, L.M. MAGAT and Ia.S. SHUR 
Physics of Metals Institute of U.S.S.R. Academy of Sciences 
(Received 15 July 1959) 


1. It was experimentally established that thermo- 
magnetic treatment (cooling in magnetic field) of 
soft magnetic materials, which leads to development 
of magnetic uniaxiality in the ferromagnet, is effect- 
ive only in ordered alloys. In connexion with this, a 
number of research workers studied the direct rela- 
tion between the effect of thermomagnetic treatment 
and the ordering processes. On the basis of studying 
various magnetic characteristics [1] and electric 
resistance [2] of certain ordered alloys it was shown 
that, as a result of annealing in the ferromagnetic 
field, a special structural condition develops, which 
differs from the usual ordered condition. In the form- 
ation of this new structure, a small number of atoms 
take part, since the values of saturation magnetiza- 
tion and electric resistance at saturation do not 
change, although these characteristics are very 
sensitive to structual changes. 

It is well-known that, in many cases, the ordering 
of an alloy is accompanied by a change of the para- 
meter of its crystalline lattice. In connexion with 
this, importance is attached to the study of lattice 
parameter change of soft magnetic alloys during the 
special type of ordering induced by thermomagnetic 
treatment. As far as we know, no one has yet studied 
this problem. There is only a short report written by 
Li-Tsi and Kai-Iuan [3], according to which magnet- 
ic annealing of powdered specimens of an FeNiCo 
alloy leads to a significant reduction of the lattice 
parameter. However, the external field of 50 oersted 
applied by the authors during annealing is reduced 
so much as a result of the large demagnetizing 
factor of the powder grains that it can hardly lead 
to the formation of magnetic uniaxiality. Unfortunat- 
ely the authors did not measure the magnetic proper- 
ties and therefore it is not possible to judge the 
effectiveness of the treatment. It can be assumed 
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that the change of lattice parameter is not connect- 
ed with the effect of thermomagnetic treatment, but 
is promoted by certain secondary causes. 

2. In the work reported here, the lattice parameter 
was studied on alloys of 78-Permalloy (78% Ni, 
22% Fe) and Perminvar (34% Fe, 29% Co, 34% Ni, 
3% Mo). The specimens were strips of 60 x 4 x 0,2 
mm size. On these specimens the magnetic and elec- 
trical properties had been previously measured [1, 
2]. The lattice parameter was determined on speci- 
mens in the following structural conditions: dis- 
ordered, ordered, after thermomagnetic treatment, 
and after annealing without magnetic field. The 
disordered specimens were obtained by quenching 
from 700°; the ordered ones by annealing for 100 hr 
at 450°. The thermomagnetic treatment consisted of 
cooling the specimens from 700° to 300° in the pres- 
ence of an external magnetic field of 200 oersted. 
For comparison, annealing was carried out by the 
same method as in the thermomagnetic treatment, 
but without a magnetic field. 

To determine the effectiveness of the heat treat- 
ments indicated, the values of coercive force H, 
and magnetostriction at saturation A, where deter- 
mined. The first of these values gives an idea of 
the degree of development of order (H, increases 
with ordering) The second makes it possible to 
estimate the magnetic texture (A, decreases at the 
rate of development of ordering). 

3. X-ray determination of the lattice parameter 
was conducted by 2 methods — by the powder 
method with subsequent extrapolation and by a 
back-reflection method. The point is that as a re- 
sult of thermomagnetic treatment, the possibility 
of the appearance of distortions in the cubic sym- 
metry of the crystalline lattice is not excluded. In 
the back-reflection method, which is suitable for 
accurate measurement of the parameter of flat spe- 
cimens with large grains, (as used in our case), 
only one reflection is usually recorded and there- 
fore it is impossible to distinguish the displacement 
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TABLE 1 


78-Permalloy Perminvar 


Lattice Lattice 
para- para- 


meter at meter at 


20° A 20° A 


t 
Treatmen 10° 


Quenching from 700° 
(disordering); 
Annealing at 450° 
for 100 
(ordering) 


Cooling from 700° 


in field with a 


speed of 200°/hr; .. 


Cooling from 700° 
without field, with 
a speed of 200°/hr. . 


of lines, formed as a result of the parameter change 
of the cubic lattice from the displacement caused by 
distortion of cubic symmetry of the lattice. There- 
fore the specimens were first photographed by a 
special X-ray powder camera. The construction of 
the camera made it possible to turn the specimen in 
a plane coincident with its surface. Each specimen 
was photographed twice under two focusing angles. 
The effective camera diameter and the position of 
the edge of the shadow, from which the measure- 
ments were made on the single-emulsion X-ray pho- 
tographs, were determined previously by photograph- 
ing the cylindrical specimen with an assymetric 
placing of the film. The lattice parameter was deter- 
mined by extrapolation, for which dependence curves 
were constructed of the parameter a against cos? 0 
(0 is the Wolfe-Brett angle). The lattice parameter 
values were determined with an accuracy of approx- 
imately + 0.0003 A for Permalloy and + 0.0006 A for 
Perminvar. If cos? 6 is less than 0.5, the parameter 
values, calculated for cubic lattice, fall closely on 
a straight line for all specimens. This indicates the 
absence (within the limits of experimental error) of 
tetragonal lattice distortions as a result of thermo- 
magnetic treatment. 

To determine the parameter of the cubic lattice 
more accurately, the specimens were X-ray-photo- 
graphed by a back-reflection method in a KROS 
camera by turning the specimen and the cassette. 

Co radiation was used. The specimen — film dis- 
tance was determined by photographing a standard 
(of pure copper). The measurements were carried 


out with the lines (331) Kg. The error of + 0.1 mm 
in estimating the distance between the lines agreed 
with the accuracy of relative estimation of the lat- 
tice parameter of about + 0.0001 A for Permalloy 
and + 0.0002 A for Perminvar. The parameter values 
were recalculated to a temperature of 20°. Each 
specimen was photographed twice (in different loca- 
tions); the results were averaged. 

4. The results obtained are shown in the table 
(the lattice parameter values, determined by two 
methods, agree within the limits of experimental 
errors; the table indicates the data obtained by the 
method of back-reflection photography as being more 
accurate). From the data for 78-Permalloy it is 
apparent that in ordering the lattice parameter de- 
creases by 0.009 Aas compared with the disordered 
condition. This change qualitatively agrees with the 
well-known data of the literature. 

(4). After cooling from 700° at 200°/hr, the lattice 
parameter decreased somewhat as compared with 
the parameter of the disordered specimen. This is 
caused by the formation of partial order during such 
cooling (a certain increase of H, also indicates 
this). Cooling conducted under the same conditions, 
in the presence of an external magnetic field, leads 
to a parameter value which agrees, within the limits 
of experimental error, with the parameter value after 
annealing without field. Low values of H, and A, 
show that after this treatment magnetic texture de- 
veloped in the ferromagnet. This means that the 
presence of a field when cooling, although it leads 
to the formation of a new structure, does not cause 
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any additional change in the lattice parameters. 

From the data on Perminvar, it is apparent that 
ordered and disordered structures have the same lat- 
tice parameter values. It is natural that even a slow 
cooling from 700° does not lead to a change of this 
parameter. Cooling carried out by the same method, 
in the presence of an external magnetic field, does 
not change the lattice parameter either, although it 
forms a clearly indicated magnetic texture. 

5. On the basis of the measurements made it can 
be concluded that the thermomagnetic treatment, 
causing sharp change of magnetic characteristics 
owing to the formation of magnetic uniaxiality, does 
not change the lattice parameter (within an accur- 
acy of up to 1-2 x 10™ A) and does not lead to 
significant tetragonal nature. This indicates the 
insignificance of structural changes occuring during 


annealing in a magnetic field, and apparently veri- 
fies our assumption that in the mechanism of form- 
ation of magnetic uniaxiality during thermomagnetic 
treatment, only a small number of atoms take part. 

From the fact that the lattice parameter changes 
in the same way, both in the case of cooling in 
field and when cooling without field, it follows that 
the presence of field when annealing does not affect 
the ordering process. But this means that normal 
ordering does not play a significant role in the mech- 
anism of thermomagnetic treatment. 


Translated by E. Semere 
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TEMPERATURE DEPENDENCE OF SPONTANEOUS MAGNETIZATION IN THE LOW 
TEMPERATURE RANGE OF MANGANESE-FERRITE MONOCRYSTAL * 
K.P. BELOV and S.A. NIKITIN 


M.V. Lomonosov State University Moscow 
(Received 13 July 1959) 


In recent years several theoretical papers have 
been published on the quantum-mechanical calculat- 
ion of the temperature dependence of spontaneous 
magnetization in the range near O°K for ferrites [1- 
5]. In the majority of these papers as also for the 
metallic ferromagnets, 4 73/2 law” was obtained, 
but in some papers a “7? law” is given. According 
to the data of Tiablikov [3], in ferrites, the nature 
of the dependence of the magnetic non-equivalence 
of sub-lattices makes it possible that both laws can 
be correct. If the non-equivalence of magnetic sub- 
lattices is determined by the difference of number of 
units (the magnetic moments of ions in them are 
identical), the “73/2 law” must apply. If the mag- 
netic non-equivalence is dependent on the differ- 
ence of magnetic moments, the “7? law” applies. A 
magnetic non-equivalence determined by the combin- 
ation of the two causes indicated should lead to a 
“73/2 law”. In practice, we usually encounter fer- 
rites in which a third case is realized, therefore for 
the majority of ferrites the “73/2 law” is correct. 

It has to be noted, however, that up to now there are 
no experimental data to verify these conclusions of 
the quantum theory. 

The experimental data of Pauthenet [6] available 
in the literature as regards measurement of tempera- 
ture dependence of spontaneous magnetization of 
some polycrystalline ferrites, cannot be considered 
sufficient for such a verification. On the curves 
given by this author there are very few points, and 
in addition the measurements were carried out only 
up to nitrogen or hydrogen temperatures. 

In this report we give the results of our measure- 
ments of spontaneous magnetization of a manganese- 
ferrite monocrystal in the temperature range from 
4.2°K up to temperatures above room temperature. 
The manganese-ferrite monocrystal was grown by 
the Verneil method in the Institute of Crystallography 
of USSR Academy of Sciences by Popova [7]. The 
crystal was a cylinder of 35 mm length and 5 mm dia- 
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meter. The axis of easy magnetization [111] coin- 
cided with the cylinder axis. The measurements 
were carried out in a solenoid by a ballistic method. 
In the solenoid a cryostat was placed, the cons- 
truction of which is described in paper [8], The ac- 
curacy of magnetization measurement was + 1 %, 

and of temperature measurement was ¢ 0.5°C. Owing 
to the fact that the measurements were made in a 
[111] direction saturation magnetization even at 
helium temperatures was reached in relatively 

weak fields (Fig. 1). The magnitude of the sponta- 
neous magnetization was determined by extrapolation 
of sections of the magnetization isotherms in strong 
fields to zero magnetic field. 

From Fig. 1 it is apparent that the saturation mag- 
netization of the ferrite studied changes by approx- 
imately 1/3 of its nominal value between room tem- 
perature and helium temperature This circumstance 
is also extremely advantageous for verification of 
the conclusion of quantum theory with respect to 
the temperature dependence of spontaneous magnet- 
ization. Fig. 2 indicates the dependence of sponta- 
neous magnetization [3, 4]. 


Is 
Io 


=|]—,7"*, 


where /, is the spontaneous magnetization; /, — 
saturation magnetization at 0°K and a-constant. 

From Fig. 2 it is apparent that the experimental 
points fit well on the theoretical line in the range 
from 0°K to temperatures above room temperature. 
On the same figure the dependence of /, /], on T? 
is indicated with a dotted line. In this case the 
experimental points fit badly on the straight line. 
From the tangent of the inclination angle with 
“T3/2 line” value of a was determined, which ap- 
peared to be 6.3 x 10°. This agrees with the theor- 
etical calculations which give a value of a of the 
order of 10“- 107 [3, 4]. 

An interesting result of our experiments if the 
fact that the “73/2 law” is shown to be applicable 
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Fic. 1. Isotherms. of manganese-ferrite monocrystal magnetization in a 
temperature range of 4.2 to 319°K: 


78°: 109°; 4— 131°; 151°; 6 — 175°; 7 — 197°; 8 — 230°: 
9 — 253°; 'm.— 269°; 11 — 280°; 12 — 292°; 13 — 304°; 14 — 319°. 
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FIG. 2. Temperature dependence of spontaneous of ferrite- 
manganese monocrystal. Continuous line — “73/2 law”, 
dotted line — “7? law”. 


up to room which atures 0< < 1/2 0, where is the Curie temper- 
ature (our ferrite has © = 563°K). 


agrees with the conclusions of Dyson [9], in which 
it was established that the theory of spin waves, 
leading to a 73/2 law”, can be: extended to temper- 
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STABILITY OF THE CONDITION DEVELOPED DURING ORDERING IN THE 
COLD-WORKED ALLOY OF Fe,Al* 
Ia.P. SELISSKII 
Institute of Precision Alloys, Central Scientific Research Institute of Ferrous Metallurgy 
(Received 8 September 1959) 


The volumetric changes, connected with ordering, 
observed during the dilatometric study of alloys of 
iron-aluminium on quenched specimens, have already 
been described [1, 3]. Below we shall discuss cert- 
ain results, obtained during a study of these alloys 
in a cold worked state. 


200 =400 600 


200 400 600 0 


The dilatometric heating curves, obtained on the 
differential dilatometer of Shevenar with a photo- 
optical recording and magnification of 144 on the 
temperature axis and 304 on the length axis, are 
shown in the figure. The heating speed in the furn- 
ace of dilatometer was in each case 5 degree/min. 
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FIG. 1. Dilatometric curves of heating iron-aluminium alloys, obtained under 
various initial conditions. Heating speed is 5°/min: 
a — 19.9 at.- % Al, quenching; 
b — 19.9 at.-% Al, cold working; 
c — 21.3 at.- % Al, quenching; 
d — 21.3 at.- % Al, cold working; 
e — 24.4 at.-% Al, quenching; 
f — 24.4 at.-% Al, cold working. 


From alloys with 19.9; 21.3 and 24.4 at.-% Al 
two sets of dilatometric specimens were made. The 
first set of specimens, 3 mm in diameter, was turn- 
ed from forged rods of 8 mm diameter. After turning, 
the specimens were annealed at 850° and subsequent- 
ly quenched in water. The second set of specimens, 
2 mm in diameter, was cut from wire, drawn from 
forged rods with heating up to 650-700°. As a result 
of drawing, the wire was strongly cold worked as 
indicated by the increase of stability and elasticity. 


* Fiz. metal. metalloved., 9, No. 3, 472-473, 1960. 


Curves a, c, e of the quenched specimens have 
characteristic minima associated with the reduction 
of the volume during ordering and increase the vol- 
ume during disordering [3]. The depth of these mini- 
ma depends on the aluminium content. Curves 4, e, 
of cold worked specimens of alloys with 19.9 and 
21.3 at.-% Al have a different character. At point 
T,, owing to the ordering of alloys, the slope of 
the curve changes, which indicates the change of 
expansion coefficient. In the course of further heat- 
ing, however, practically no disordering takes place, 
point 7’, on the curves is absent and only an insi- 
gnificant increase of expansion coefficient takes 
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place at the point 7 ,, which corresponds to the 
critical temperature of transition of order-disorder 
during heating the given alloy. 

On curve f for alloy with 24.4 at.-% Al, the con- 
siderable expansion of section T,-T,y indicates the 
fact that the ordering process here takes place more 
completely than in the quenched specimen. This can 
be due to the fact that the specimen in the initial 
condition after cold deformation [4] is disordered to 
a greater extent than after quenching, as a result of 
an insufficiently high cooling speed in the latter 
case, [5]. The section of curve 71, however, 
is much less marked on curve f than on curve e, and 
consequently the volume increasing process, associ- 
ated with disordering during heating the cold worked 
specimen, here takes place considerably less intens- 


ely than in the case of quenched specimen. 

It was shown by X-ray studies [4, 6] that long 
range order in the cold deformed alloy of Fe,Al 
develops in the temperature range of 250-450°. 

The results of dilatometric experiments, describ- 
ed, can be explained as follows: the structural con- 
dition, formed as a result of ordering in the deformed 
lattice, is more stable during subsequent heating 
than the condition obtained as a result of ordering 
taking place in the initial structure, obtained by 
previous quenching. 


Translated by KE. Semere 


REFERENCES 


1. O.S. Ivanov, Zhurnal neorganicheskoi khimii, 
585, 3 (1958). 

2. Ia. P. Selisskii, Fiz. metal. metalloved., 191, 4 
(1957). 

3. Ia. P. Selisskii, Fiz. metal. metalloved., 534, 7, 
(1959). 


4. A. Taylor and R.M. Jones, J. Phys. Chem. Solids., 
16, 6 (1958). 

5. Ia.P. Selisskii, Inzhenerno-fizicheskii zhurnal, 
(at the printer’s). 

6. Ia.P. Selisskii, Inzhenerno-fizicheskii zhurnal, 
(at the printer’s). 


SOLUBILITY OF CARBON IN ALLOYS OF IRON WITH CHROMIUM AND SILICON * 
P.V. GEL’D and M.S. PETRUSHEVSKII 


S.M. Kirov Urals Polytechnic Institute 
(Received 9 November 1959) 


The statistical description of the properties of were studied: Cr-Si-C; Fe-Cr-C and also a number 
multi-component alloys requires data on the displace- of cross-sections of the following systems of four- 


ment heats of reagents. These data are available at components: Fe-Cr-Si-C (with proportional molar 

the moment only for a restricted number of binary concentrations of iron and chromium of 2.76; 0.935; 
systems. As is well known, in a number of cases 0.62; 0.4; 0.23 and 0.104.) 

estimated value of these amounts can be obtained The good reproducability of results obtained 

from data on the solubility of components in the should be noted, the errors did not exceed 3 %. 
alloy. Owing to the abundance of experimental data (over 


TABLE 1. The effect of silicon and chromium on the solubility of carbon 
in iron-chromium-silicon alloys at 1700° 


Ng | 2.76 | 0.935 | 0.62 0.4 0.23 0.104 | 0 


0 0.274 | 0,309 | 0,395 il ss sa ai 0 | 0.221 
0.05} 0.223 | 0.270 | 0.283 | 0,294 | 0.203 — | 0.05] 0.¥36 
0,10 0.194 0.230 0.243 0.2253 0.262 0,271 0.280 | 0.10 | 0.250 
0.15] 0.159 | 0.192 | 0.206 | 0.215 | 0.294 | 0/939 | 0.939 | 0.15 | 0.243 
0.20 0.157 0.170 0.179 0.187 0.195 0.200 | 0.20 | 0.276 
0.25} 0.098 | 0.125 | 0.135 | 0.143 | 0.151 | 0.158 | v.164] 0.25 | 0.287 
0.30] 0.07! | 0,094 | 0.103 | 0.110 | 6.116 | 0.193 | 0.198 | 0.30 | 0.299 
0.35 | 0.049 | 0.066 | 0.073 | 0.080 | 0.084 0.088 | 0.092 | 9.35 | 0.309 
6.40} 0.032 | 0.042 | 0.047 | 0.05! | 0.054 | vo 1057 | 0.050 | 0.40 | 0.320 
0.45} 0.920 | 0.024 | 0.027 | 0,039 | 0.931 | 0.032 | 0.033; — | — 
0.50] | | 0.014 | 0.015 | 0.016 | | — | — 


Having this in mind, and also wishing to accumul- _—150 experiments) in this report only selective, 

ate data on the correlation of energy of intermolecul- graphically averaged characteristics were given. 

ar reactions in multi-component metal fusions, we As is apparent from the data, indicated in Table 1, 

studied the solubility of carbon in alloys of iron the solubility of carbon considerably varies with 

with chromium and silicon at 1700°. the composition of alloys. It is maximum in pure 
The experimental fusions were conducted in an chromium and decreases with the increase of iron, 

atmosphere of carefully purified argon in closed and particularly silicon content in the system (ap- 

graphite crucibles. After one hour’s soaking, the proximately from 9.0 to 0.3 wt.- % of carbon at 

melt (to fix the carbon dissolved in it) was quench- changing the silicon concentration from 0 to 35 wt. - 

ed in water, crushed and analysed. %.). It can also be noted that the substitution of 
Thus the following systems of three-components chromium by iron has a greater effect on the solubi- 

lity of carbon in low silicon-containing alloys than 

in alloys of high silicon content. 

* Fiz. metal. metalloved., 9, No. 3, 473-475, 1960. The data obtained can apparently be explained by 
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the differences of energies of intermolecular react- 
ion of chromium, iron, silicon and carbon atoms. 

As was repeatedly pointed out earlier, the inter- 
molecular reaction of atoms of transitional metals 
and silicon have a considerable covalent character 
and are of high stability. That is just why the heats 
of solution of silicon in liquid metals and of form- 
ation of solid silicides are sufficiently high to be 
measured in tens of thousands of calories per gram- 
atom. On the contrary, carbon develops as a rule 
solutions which require much less energy for their 
formation. Owing to this, in the fusions discussed, 
inclusions form, some of which are more strongly 
enriched with the interacting particles (Metal and 
Si), whereas the remaining ones are forced into less 
stable combinations (Metal and C). With the increase 
of silicon concentration (Ns;) the volume of the lat- 
ter decreases, this leads to the decrease of carbon 
solubility. 

On the other hand, as is well known, the bonds of 
iron atoms with carbon (ere C) are considerably 
smaller than the analogous bonds between chromium 
and carbon ¢ > €Fe, C)- If we take this cir- 
cumstance into account and also consider that 
€Fe, Si > €Cr, Si» it is easy to understand also the 
cause of increasing solubility of carbon with the 
addition to the melt of chromium (% Si) = const. ) 

This is also apparently promoted by the fact that 
'Cr > Tre and the free volumes in the alloys increase 
with the increase of Nc,. 

Furthermore, in the light of the above, it is easy 
to explain the cause of the greater effect of replacing 


iron with chromium in the alloys of low silicon 
content. As a matter of fact, in the latter, a great 
number of inclusions are formed, enriched with 
metal and carbon atoms. Owing to this the substitut- 
ion of iron for chromium in them, affects the carbon 
solubility rather strongly. On the contrary, with in- 
creasing silicon content, the role of similar inclus- 
ion is reduced. In connexion with this the effect of 
Nye/Nc, on the carbon content in the melt 
decreases. 

It is natural that the decrease of carbon solubility 
with the increase of silicon content, depends not 
only on strengthening (and saturation) of Metal-Si 
bonds. Apparently, general importance is attached 
to the fact that substitution of Metal by Si is con- 
nected with the reduction of mean intermolecular 
distances and free volume. With the presence of the 
latter the formation of solutions introduced is direct- 
ly associated. 

We wish to point out, as a conclusion, that the 
above considerations on the relation of intermolecul- 
ar reactions between the atoms of iron, chromium 
and silicon are verified by direct measurements of 
displacement heats of liquid metals and silicon, the 
data on which will be given separately. 


Translated by KE. Semere 
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ON THE PROBLEM OF CHROMIUM SULPHIDE STRUCTURE * 
V.N. KONEV, N.G. BOGACHEVA and V.P. PAVLOVA 
A.M. Gor’kii Urals State University 
(Received 12 November 1959) 


The study of the phase composition of reaction 
diffusion products formed at high temperatures, in 
the majority of cases, is conducted after cooling 
the specimens to room temperature. On the other 
hand, in assigning certain ratios of components 
when synthesizing compounds, it is often consider- 
ed that, after annealing, compounds are obtained of 
a composition which agrees with the calculations, 
and the experimental data obtained as regards their 
properties are also attributed to compounds of stoi- 
chiometric composition. 


In the study of reaction diffusion, as conducted by 


us in the chromium-sulphur system [1, 2] under 
equal experimental conditions, the qualitative phase 
analysis of layers of reaction products did not 
always give identical results. Apparently the struct- 
ure of such layers depends on the cooling rate of 
the specimens. This paper has been written to test 
this assumption. For this purpose the chromium sul- 
phide structure was studied as a function of the 
cooling rate of specimens from these compounds 
after their formation at high temperatures. 


1. EXPERIMENTAL METHODS 


Chromium and sulphur powder was carefully mixed 
in certain weight proportions and the mixture placed 
in quartz ampoules which were then evacuated to 
~ 10% mm Hg. After this the ampoules were placed 
in an electric furnace, where they were heated even- 
ly to the annealing temperature for 6 hr. At the ex- 
perimental temperature the specimens were soaked 
for 5 hr for the completion of the reaction. The cool- 
ing rate from the annealing temperature was differ- 
ent for different specimens. Some specimens in am- 
poules were quenched in water (without breaking 
the ampoules) from a vertical furnace, others were 
cooled in a furnace. The specimens thus obtained 
were subjected to X-ray study in K -Cr-radiation by 
the Debye method with assymetric position of the 


* Fiz. metal. metalloved., 9, No. 3, 475-478, 1960. 


film. One part of the total weighed batch of speci- 
mens, quenched in water from the experimental 

temperature, was placed in new ampoules and after 
evacuation to ~ 10“ mm Hg were annealed at 300° 


for 10 hr. 
2. EXPERIMENTAL RESULTS 


The results of X-ray analysis are shown in 
Table 1. 

In the interpretation of the X-ray photographs of 
the fused products of sulphur and chromium powder, 
the data in [3] and the calculated values of inter- 
surface distances from the data obtained experi- 
mentally in [4] were used. 

On the X-ray photographs of the fused product 
with a charging composition of CrS (cooling in the 
furnace and quenching with a 300° anneal) the main 
system of lines agrees well with the data calculat- 
ed for phase Cr,S, with hexagonal lattice (a =5.980 
A; c = 11.508 A) [4]; moreover, chromium lines 
of relatively great intensity can always be observed. 

On the X-ray photographs of the products CrS, 
quenched from 800° or from 1000° all lines agree 
very well with the system of lines of the phase 
CrS (a = 12.00 A; c = 11.528 A), which according to 
Haraldsen [3] is a superlattice. 

For the product with charging composition CrS 
(after quenching) a displacement of lines is observ- 
ed in the direction of small Wolfe-Bragg angles 
with regard to the position of lines for the product 
of identical composition without quenching. Thus, 


€.g.: 


CrS without quenching (414) = 2.05, A 


CrS with quenching —d(s.q) = 2.08, A 

The X-ray photograph of the specimen, quenched 
from 800° and tempered at 300° for 10 hr is inter- 
mediate (with respect to the position of lines ) 
between the X-ray photographs of the non-quenched 


(cooling in the furnace) and quenched specimens, 
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TABLE 1. Composition and structure of chromium sulphides 


Results of the X-ray-structural 
phase analysis 


Conditions of obtaining | Subsequent heat treatment 


the compounds 


Stoichiometric composition 
of compounds 


CrS Heating the Cr and S Quenching in water, from | CrS superstructure according 


powder mixture to 1000° to [3 
1000° for 6 hr and 
soak ing for 5 hr . 
Heating the Cr and S Quenching in water from As above 
powder mixture to 800° 
800° for 6 hr and 
soaking for 5 hr 
As above Cooling in the furnace CrsS, according to [4] + Cr 


from 800° to room 
temperature 


As above Quenching in water from As above 
800° and annealing at 
300° for 10 br 


Cr,S; As above As above Cr,S, according to [4] 

As above Cooling in the furnace As above 
from 800° to room 
temperature 

As above Quenching in water from As above 
800° 

Heating the Cr and S Quenching in water from As above 
powder mixture to 1000° 


1000° for 6 hr and 
soaking for 5 br 


but even nearer to the X-ray photograph of the pro- CrS specimens (after quenching), line broadening 


duct without quenching. Thus, e.g.: was observed, which disappeared after annealing. 
A This effect was not observed on X-ray photographs 
CrS without quenching (114) = 2.05, A of this compound, when the specimens were cooled 
in the furnace from the fusing temperature. It is ap- 
CrS with quenching and parent that this is connected with the development 
subsequent tempering dj 15) = 2.06; A of stresses in the lattice of this compound obtained 
‘ in a non- equilibrium condition by quenching from 
CrS with quenching (114) = 2.08, A a high temperature. 


: ; The X-ray photographs of the phases in the com- 
Moreover, in the X-ray photographs of the speci- position corresponding to the formula Cr,S, were 


(stoichiometsic identical for all conditions and strongly agree with 
position CrS), chromium lines appear, which indicate 4, demnwh.i9. 4), 


the dissociation of the phase having the stoichio- 
metric composition CrS, retained by quenching, ap- 
parently according to the equation 


On the basis of the experiments, the conclusion 
can be drawn that the phase with the stoichiometric 
composition CrS is unstable at room temperature. 
The phase existing at high temperatures, with a 


6 CrS = Cr,S, -- Cr composition close to CrS, upon cooling, dissociates 
to the Cr,S, phase, which is less rich in chromium, 
This process takes place during slow cooling and to metallic chromium. 
of specimens (cooling in the furnace) and also The phase with a composition of Cr,S, is stable 
during annealing of quenched specimens at 300° at room temperature. 


for 10 hr. 
It must be noted that on the X-ray photographs of 
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VOLUMETRIC AND STRUCTURAL CHANGES DURING HEATING COLD DEFORMED 
ELECTROLYTIC AND REMELTED NICKEL * 


S.D. GERTSRIKEN, L.N. LARIKOV and N.N. NOVIKOV 
Metallophysics Institute of U.S.S.R. Academy of Sciences T.G. Shevchenko State University Kiev 


When studying nickel deformed by twisting, it 
was established that the changing of properties dur- 
ing heating takes place in two stages. [1, 2]. Dur- 
ing the first stage — relaxation simultaneously with 
the reduction of specimen sizes, a certain amount 
of latent deformation energy is liberated, the elec- 
trical conductivity increases and the hardness 
remains practically unchanged. 

During recrystallization, the liberation of the 
principal amount of latent deformation energy, further 
increase of electric conductivity and decrease of 
hardness correspond to the volumetric changes. 

The division of volumetric effects by stages, how- 
ever, proved to be difficult. To explain the cause of 
this it is necessary to compare the volumetric 
changes with the structural ones on the same speci- 
mens, with different methods of deformation. 

On the other hand, it is interesting to ascertain 
if the small gas impurities have the same effect on 
the temperature range of volumetric changes in the 
deformed nickel, as they have in respect of the 
speed of recrystallization-centre growth, in accord- 
ance with the X-ray data [3]. 

In the present paper a study was made of the 
volumetric and structural changes during heating 
different types of plastically deformed nickel. Elec- 
trolytic nickel, containing 99.99 % Ni was used as 
initial material. One part of this nickel was remelt- 
ed in vacuo to purify it from the gas impurities 
(mainly hydrogen). 

The deformation of annealed specimens was 
conducted at room temperature, both by broaching 
through draw plates of up to 0.5 mm diameter, and 
by twisting wires on the same diameter. 

Volumetric changes of specimens were determin- 
ed by means of an instrument, described in paper 
[4], in the course of continuous heating with a 
speed of 50°/hr. Simultaneously, on specimens 
heated to appropriate temperatures with the same 
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speed and on the same instrument, a study was 
made of the contraction of X-ray interference 
lines *. 

The increase of first recrystallization centres up 
to sizes of the order of 10™ was noted by the ap- 
pearance of separate intensive points on the back- 
ground of the Debye lines. This background disap- 
peared after completion of recrystallization by the 
treatment. 

The results obtained in the work are graphically 
indicated in Figs. 1 and 2. As is apparent from 
these figures, the volumetric changes during relax- 
ation and recrystallization are analysed more clear- 
ly on specimens deformed by broaching and which 
contain gas impurities. “Scattering” in a large 
temperature interval of these effects on the twisted 
specimens is connected apparently with the non- 
simultaneous occurrence of softening processes in 
the heterogeneously deformed volume. The small 
breaks on the curves (volumetric change — temper- 
ature) agrees with the relaxation and recrystalliza- 
tion process in the outer, most deformed layers of 
twisted specimens, which were the source of inter- 
ference photographs in the X-ray studies. 

On the nickel specimens remelted in vacuo and 
drawn, the volumetric effects during relaxation are 
not very clearly separated either from the appropri- 
ate effects during recrystallization. Here, however, 
this is connected with the closeness of temperature 
ranges of intensive relaxation and recrystalliza- 
tion processes. 

The presence of small gas impurities in the ini- 
tial electrolytic nickel leads to the clear distribu- 
tion of these processes. Although the volumetric 
changes corresponding to relaxation are completed 
at the same temperature as in pure nickel, they 


* The original width of lines was calculated by formula 
f? = B3 — b3, where By is the measured width of the 
specimen line, adjusted to Kg — doublet by) — standard 
line width, also corrected to Kg — doublet. Specimens 
were taken as standard, which corresponded to the 
end of relaxation. 
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Change of volume AV/V 104 


100 200 


300 400 300 600° 


FIG. 1. Relative change of volume AV/V during heating the following 
nickels deformed by twisting (1) electrolytic (nd/l = 0.30) and (2) 
nickel remelted in vacuo (nd/l = 0.25). Here, n is the number of revo- 
lutions, and d and / are the diameter and length of the specimen 
respectively. 
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FIG. 2. Relative change of volume AV/V and width £ (331 lines) during 
heating the following nickels; deformed by broaching (€ / 96 %) electro- 
lytic (1, 1’} and remelted in vacuo (2, 2 ‘). t is the appearance of 
“pricks” on the X-ray lines; + — disappearance of eroded 

background. 


take place in a narrower temperature range. A simi- 
lar contraction of temperature interval of volumetric 
changes is observed also in recrystallization, but 
the whole effect takes place in a higher tempera- 
ture range, with complete agreement with the X-ray 
data. * 


It is interesting to note that the presence of 
small gas impurities leads to a considerable dis- 
placement of the temperature range of X-ray inter- 
ference line contraction, which in this case takes 
place mainly after the first stage of volumetric 
changes. 


* In the literature the strong effect of hydrogen on the 
6 


temperature range of copper [5] and gold [6] recrystal- 


lization — was noted. 
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As a conclusion it should be pointed out that, in temperature range of volumetric changes with the 
accordance with the X-ray data, the second stage of __ recrystallization temperature range of the treatment. 
volumetric changes during heating deformed nickel 
is a result of recrystallization-centre formation and 
growth. This is verified by the correspondence of Translated by E. Semere 
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THE ROLE OF OBLIQUE EXCHANGE INTERACTION IN THE THEORY OF MAGNETISM 
OF TRANSITION METALS AND RARE EARTHS* 
Il ANTIFERROMAGNETISM 
B.V. KARPENKO, A.A. BERDYSHEV, R.B. ZAKS and L.M. NOSKOVA 
Gor’kii Urals State University 
(Received 25 January 1959) 


A second approximation to the theory of disturbance in s-d-exchange models of transition 
metals leads to the appearance of oblique interaction between d electrons. This interaction is 
contrary to the direct antiferromagnetic bond in such materials. The interaction of the conduct- 
ion electrons with spin waves in ferro- and antiferromagnetic materials leads to a change in the 
component of specific heat of the metal. 


In the previous work [1] the oblique interaction was investigated between d electrons in a ferro- 
magnetic problem. It was shown that the oblique interaction of electrons in the inner incompletely fil- 
led shells of the atoms of transition metals and rare earths leads to the formation of a ferromagnetic 
condition. In this work the problem is investigated of the role of oblique interaction in the establish- 


ment of an antiferromagnetic order. 
The Hamiltonian for antiferromagnetic materials in an s-d-exchange model has the form [2]: 


H =) E — JY — at + 
k,3 


<m, n> ky ko, p=(m, nj} 


+ (Sp—iSp) (—) + (Sp + iS}) a (—) a, + (S + S2) (—) (—)}, 


where a, and a, (—) are the Fermi operators of secondary quantization for electrons with moment- 
um & and with right and left orientation of spin respectively; 
ie is the spin operator for the n node of the lattice; 
J-d-d are the exchange integral between the two approaching neighbours; 
I-s-d is the exchange integral (in our approximation independent of the impulses of the 
conductivity electrons); 

V is the volume of the system; 
are the numbers of the nodes of the two sublattices; the symbols < > indicate 
summation for the closest neighbours; 
E, =Ak? is the energy of a conduction electron; 
A is the transfer integral [3]; 
S is the maximum spin for the node (for simplicity, it will be assumed hereinafter that 


S = % for one d electron). 
From the spin operators we will now turn to the Bose operators of spin deviation 


nandm 


* Fiz. metal. metalloved., 9, No. 4, 481-487, 1960. 
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for both sublattices respectively. Then, turning to the Bose operators in the space of the wave num- 
bers according to formulae 


we get a Hamiltonian in the form 


ke i. 


I 
(bx 6, — — (—) (—)} — 
ka 


+4) + bi) ig (—) (ct + at, (—) 


where z is the number of the nearest neighbours to the given atoms; 


] ip). 
=—)y 
. 4 


and p are the radius-vector from the given atom to the atoms which is its nearest neighbour. The 
portion of the Hamiltonian which is quadratic according to the Bose operators, may be easily diagon- 
alized by means of a linear substitution ; 


a= an bin baton. 


From the interchanged ratios for the operators and the necessity of returning to the zero of the coef- 
ficients for the non-diagonal portions of the transformed energy operator,the equations emerge for the 
determination of the coefficients of transformation 


one 23, = 231 + (Can + an) =0. 


Having covered these coefficients, we get the transformed Hamiltonian in the form 


H = x + Yea (en. + th — 


/ 
a, — at (—) a (—)) — — 
Ri 


+ (fiat ah (—) ae], 


where the inserted value 
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= 


is the energy of the spinwave and 


25 = a. 


The energy due to the non-diagonal portion of the Hamiltonian may be calculated by the method 
of perturbation theory [1]. Having found the correction for the interaction terms right up to the second 
stage of the theory of disturbance for the energy of the system in an external magnetic field H (0, 0, H) 
w have 


E= NE Nie) + + M2), (1) 


E,—— + 


4 () No, )- aH: 


2V — Ep — th 


= 


— Eg te, — Eg — & 


is the Lande factor; 
is the Bohr magneton; 
are the filling numbers for conduction electrons with momentum & and right and 
left spin orientation; 
N is the filling number of the spinwaves with momentum A. 
The free energy and magnetizability of antiferromagnetic materials will be calculated by the 
same method as that used in [1]. Let us write the statistical sum 


Z= exp | — atin +e2na)|| 


=0 Ni. <0 


In adding up the number of electrons required to complete the shell, we must allow for a constant 
number of conduction electrons. For this purpose we will insert below the symbol for the sum 5, 


the Kronecker symbol in the form 


k k 


Then the summation which interests us can be carried out and we shall obtain 


3 
where 
9 
1960 
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Ay, 


exp [In (1 +92) +1n(I 
k 


where 
gi = exp (ig — kT). 


The logarithmic functions in (2), may be approximated in the form [1] 


In(1 +95) =In + exp | 


where 


f(E, eH) = +exp(—is + 


This equation consists in the resolution of the functions in a series according to “parameter” 


and retaining only the linear terms according to the completion numbers md and n,). It is successive, 
insofar as the original Hamiltonian is taken in the same approximation; in its construction those mem- 
bers which are in a quadratic relation to the filler numbers n), have been discarded. We have limited 


ourselves here to low temperature fields. 
After regrouping the terms we can write the statistical sum in the form 


dz exp (—iNs) exp + exp (iz — 


aT 
+ inf + exp || (3) 
exp (Enna t+ Ean), 


where 


]2 
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ay _ S (ER +H) | 


Inserting the summation according to n) in (3) and calculating the integral by the transposition 
method we obtain 


Z=Z, 


kT 


Ey—pH — +-uH —~ 


Fy), 


Here, for the free energy of a system of electrons we find 


— + + exp (— 


{in (1 +In (! 


5 
En +An—A, 
... 4) 
where 
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is the chemical potential of the conduction electrons and is the root of the equation: 
kT exp (— ig + 
| 
where 


Oblique exchange interaction 


The magnetizability of the system of electrons is calculated according to the formula 


oF 
M OH M, 4- + Mya, 


M,=— OF ,/OH, M, = —96F, 0H, M,g = — OF ,/0H. 


It is easy to see that M, defines a known Pauli magnetism and that the addend M,q is equal to zero. 
We will now pay attention to the portion Mj, the magnetizability of the d electrons. The values E, 
and E, represent the energy of the spinwaves modified by the s-d int-raction. Having calculated 
A, A,, and A,) in the same approximation as that used for similar values in paper [1] (i.e. taking 
pH « Cand A <1 and limiting ourselves to values down to (//C)?, which is the second small para- 


meter in our problem), we get 


ry 
4 
Ao 


A =A oH, 
Ain=Ah + 
An =An + 


J} 


| 
An = 


The coefficient in front of A in the formula for the energy of the spinwave, mav be identified with the 
effective exchange of the integral and thus, in the absence of a magnetic field for the energy of the 
spinwave, equal to 


J 


The magnetizability of the d electron system is, according to (5), equal to 


where 


tere 


= H, 


eft 


6 
6 
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=g+A'" + 


from which the parallel sensitivity is 


Thus, the calculation of the interaction of spin waves with electrons of conductivity, leads to the 
fact that the interaction of the d electrons is characterized not by the d-d exchange integral J, but 
by the effective exchange integral J. 7. It can be seen from formula (6) for Jeff, that the second 
term reduces the absolute value of the effective integral. In the total absence of direct d-d exchange 
interaction, Jest is less than 0. This shows that the spin wave energy € = J-sfA is negative and 


consequently, no antiferromagnetic state can exist. 
Comparing the results achieved here with the conclusions of the previous paper [1], we have come 


to the conclusion that oblique exchange interaction is in general favourable to ferromagnetism, which 
is in agreement with Zener’s hypothesis [4]. 

We would observe in conclusion, that oblique interaction is also a sign of the electro-thermal 
capacity of transition metals. The thermal capacity of a system of electrons is determined through 
the free energy by means of the formula Cy = — 742" /dT?. Then taking from [1] the formula for 


the free energy of a ferromagnetic material, we find 


Cv=Cyt+Cv 


Cy= 0,22 =k (T/O,)'* 


Here ny is the density of the electron gas and 7, is the temperature of dis-solution of the gas of free 
electrons. Hoffmann and others [5] call the part Cy the “magnetic” portion of the thermal conductivi- 
ty of a metal and suggest in their work, a method for separating this “magnetic” portion from the gen- 
eral thermal capacity of a metal. Making use of this method, a second independent method may be 
obtained for the experimental evaluation of the effective exchange integral from the data for thermal 
capacity. The first method is known to be based on the use of the law 73/2, and uses the data for 
magnetic saturation. In papers [5, 6] the magnetic portion of the thermal capacity C} has been suc- 
cessfully separated in certain metals. It should be noted here that the value for the effective ex- 
change integral obtained from the thermal capacity data, is somewhat lower than that determined from 
the magnetizability although both values are very close to one another. Similar calculations for anti- 


ferromagnetic materials produce 


Ch == 


We will now take the formula for C? only for the cases of ferro and antiferromagnetic materials. 
It contains two addends, the first of which is the usual thermal conductivity of a gas of free elec- 
trons, and the second is the result of calculation of the interaction of conductivity electrons with 
the spin waves. This effect of change of the linear component in the thermal conductivity of a 

metal is completely analogous to the effect of Buckingham and Schafroth [7], who established that 


7 
eff 
VOL. 
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interaction of electrons with fluctuations of the lattice will lead to a change in the value y. With 
us this effect was determined by the interaction of conduction electrons with spin waves. The 
addend y’is not insignificantly small, as the disintegration temperature 7, in transition metals 

is lower in order than is the case with alkaline or precious metals [5] and, at a rough estimate, 

its value should reach certain percentages of the thermal capacity of the free electrons. It is pos- 
sible that this effect is partly responsible for the change in y in dilute alloys in the case of their 
ferro- or antiferromagnetism [8]. If this is so, then it should be possible after separating the linear 
term in the thermal capacity of the dilute alloy and comparing it with the linear term in the thermal 
capacity of the pure metal, to calculate the value of the exchange integral /. 


Translated by V. Alford 
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THE PHENOMENOLOGICAL THEORY OF ELECTRIC CONDUCTIVITY OF FERRITES AND 
ANTIFERROMAGNETIC MATERIALS * 
Ye.A. TUROV and Yu.P. IRKHIN 
Institute of the Physics of Metals Academy of Sciences U.S.S.R. 
(Received 3 August 1959) 


A study has been made, on the basis of symmetry and invariance, of the special features of 
the energy spectrum of current carriers in ferromagnetic and antiferromangnetic materials in connex- 
ion with the existence of a magnetic structure within them. Change in the energy spectrum of a cur- 
rent carrier, which occurs on passing through the Curie point T, may lead to the “anomaly” of tem- 
perature dependence for the electric resistance. These anomalies are studied and compared experi- 
mentally. A further new type of anomaly is prophesied for the electric resistance in ferrites, in 
which, at a certain temperature 7’, compensation of the exchange fields occurs, which effect the spin 
of the current quasi-particles from the magnetizability side of the different magnetic sublattices. 


1. INTRODUCTION 


On the basis of the most general observations it may be said that the ordering of the magnetic 
moments of atoms (ions) in magnetic materials which have a magnetic structure below the Curie tem- 
perature (i.e. in ferromagnetic, antiferromagnetic materials and in ferrrites), should in principle lead 
to a change in the energy spectrum of the quasi-particle current carriers, which are responsible for 
electric conductivity, as the latter themselves possess spin moment (usually s = 4). A conventional 
division may be made of the two effects which influence the energy of this kind of spin particle in a 
magnetic material. In the first place there may be a removal of the degeneration of the particle energy 
in the direction of the spin if the resulting magnetic moment of the crystal is other than zero (“ferro- 
magnetic” effect). Secondly, if non-equivalent nodes in the spin relationship occur on magnetic order-, 
ing ', as may occur for instance, in antiferromagnetic materials, then there will be a removal of the 
degeneration of the particle energy with a given direction of spin relative to its spacial position 
around these nodes (“antiferromagnetic” effect). Both these effects may occur at the same time in 
ferrites. 

The effects described may lead to a change in the structure of the energy zones in current 
carriers. The band may split up, change its width, change its effective mass and chemical potential 
of the particles, etc. etc. This in its turn may effect electric conductivity. As the ordering occurs 
on passing through Curie temperature, the anomaly in the temperature dependence of the electro- 
conductivity of magnetic materials may occur close to this point. This has been observed in many 
cases [1-8]. 

In a number of papers by Vonsonovskii and other writers [9-12], the influence of magnetic order- 
ing on the energy spectra of conduction electrons and on the electric conductivity of ferromagnetic 
and antiferromangetic materials and semiconductors has been studied on the basis of the simplest 
microscopic models in which the magnetic and the electric properties of the crystals have been 
calculated at the same time. It has been shown in these papers that the forces which may lead to 
the effects observed, have a dual character. The exchange interaction between the electrons respon- 
sible for electric conductivity and those which determine the magnetic structure of the crystal, may 
be described as “ferromagnetic” and antiferromagnetic” effects. Papers [9-12] which reveal the 


* Fiz. metal. metalloved., 9, No. 4, 488-497, 1960. 
t Non-equivalent in the sense of direction of magnetic moment of the atoms. 
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physical nature of the electric anomalies in ferromagnetic and antiferromagnetic materials are 
however, too vulnerable to criticism as they are based on a whole series of imprecise model 
hypotheses. It is‘the object of the present article to make a generalization from these papers, based 
on a more general semi-phenomenological approach, making use of the factors of symmetry and in- 
variance and being free from a number of limitations which are associated with model microscopic 
theories. This method has already been developed by one of the authors and Shavrov [13] with regard 
to ferromagnetic metals. Besides this, we shall consider in this article the case of ferromagnetic 
materials with two magnetic sublattices (i.e. ferrites), for which, as has already been stated, both 
effects — the ferromagnetic and the antiferromagnetic, may occur together. 


2. GENERAL REVIEW OF THE ENERGY SPECTRUM 


The energy operator for a current quasi-particle in a magnetic material which is in a paramagnetic 
state, is the operator H (7) which is periodic in the co-ordinate space in relation to translation a of 
the crystallo-chemical lattice (i.e. H (r +@) =H (7) ). We will characterize the magnetic state of 

the crystal below the Curie temperature by the densities of the magnetic moments of the sublattices 
ui, (+), where j takes the values of the numbers of the magnetic sublattices [14]. Then, allowing for 
spin, the energy operator for the quasi-particles under consideration in the magnetic ordered state 

may be written in the form 


(7) (r) j (7) (M;s) a) 


A. (r) also have functions which are periodical with regard to the elementary translation a of the 
crystallo-chemical lattice. At the same time the resulting operator Hp, (r) will already be invari- 
able in relation to the translations on the cycle of the magnetic elementary nucleus which in general 
does not correspond with the crystallo-chemical nucleus as generally speaking, 


M, 4M, (r). 


In formula (1) the second term of the phenomenological example describes the exchange interaction 
of the quasi-particle with the magnetic moments of the sublattice. The exchange interaction is iso- 
tropic (i.e. it does not depend on direction Mi, and s with regard to the crystallographic axis), which 
also determines the selection of the simplest invariants which describe this interaction in the form 
of the scalar derivatives DF and s- 

The total energy of a current quasi-particle system in a magnetic material is 


where integration occurs throughout the crystal and the sum is taken according to the two possible 
values for the spin variable s = + %. The full wave function of the peei-pestinte w (7, s) may be 
represented in the form of a solution by the Bloch wave functions wh (r (r), which refer to the indivi- 
dual magnetic sublattices; allowing for spin variables we have 


JG 


where C, (s) is the spin wave functions, and 0 = + % is the spin quantum number. In representing 
the secondary quantization of the decomposition coefficient a) in Equation 3 we have in mind the 
operators, which together with the accompanying operators Bhg + j satisfy the exchanged relation- 
~~ of the Fermi — Dirac statistics 


+a 


ula! 
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Entering Equation 2 through (1) the densities of the magnetic moments of the sublattices 

M. (+) may be expressed through the operator for the emergence and destruction of the spin waves 
(74]. Then that part of operator (2) which corresponds to the second term in (1) defines the inter- 
action of the Fermi quasi-particles with the spin waves. Spin-wave definition however, is only 
justifiable in the fields of low temperatures T K T¢ (Tc is the Curie temperature). In the present 
paper we are interested in a wide field of temperatures close to Curie point, in which the molecular 
field method is usually used to describe the magnetic system. The use of this method for our case 
consists in the substitution in (1) of the “local” magnetizabilities M. (7) with the values LF (T) 

which are dependent on temperature *. After this substitution, the energy of the system H will, accord- 
ing to (2) and allowing for (1) and (3), have the form 


ji’xe 


= —2 Bile? (x) o Mj- 
i* (5) 


Here a and 8 are the periodic functions of & with periods of reverse magnetic sublattices; M; is 
the mean magnetizability of sublattice j in the direction of the quantum spin axis (it is suggested 


that the quantum axes for all sublattices have a direction in one straight line). 
By means of linear conversion above the operators «. and a} (so that the j-wise non-diagonal 


terms are omitted) formula (4) can always be brought into a diagonal form, i.e. into the form of the 
sum of the energy of the independent quasi-particles — current carriers 


E' ni, 
Ke Ke (6) 


where E! is the energy of type i quasi-particles with quasi-impulse k and spin o, while mh is the 


k 
number of quasi-particles in this state. 
Below we will consider some simple cases in which this occurs in practice. 


3. FERROMAGNETIC (ONE SUBLATTICE) MATERIAL 


In the case of an ordinary ferromagnetic material there is one magnetic subiattice, so that 
M; = M and the indexes j, j’ and j” may be omitted from the formula (5). The energy of a quasi- 
particle in this case will, according to (5), have the form 


= %(k) — (x), (7) 


where = M/M, is the relative magnetization ability and B (& ) is different from 8 which is contain- 
ed in (5), with the multiplier M, = M (0). An analogous formula for the energy of a conduction electron 
in a ferromagnetic material was first produced in the well known paper of Vonsonovskii [9] for the 
s-d exchange model of transition metals. This same paper also paid attention to the anomalies of 
electric conductivity in ferromagnetic metals close to Curie temperature, which are due to the exist- 
ence in them of spontaneous magnetization capacity. 

When applied to semi-conductors, formula (7) means that the energy of activation and width of 
the conduction band (or the effective mass of the quasi-particles) are dependent on the magnetization 
of the crystal, which means that they are different for different directions of spin of the quasi- 
particle. For example, if the base of the conductivity band corresponds to k = 0, then the activation 


energy is 


* We will use the same symbol M; to describe this. 
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FIG. 1. Possible types of anomaly in‘electric resistance close to Curie point. 


Eo. = 2038p, (8) 


where Ey is the energy of activation in the paramagnetic state (at p = 0), and 8, = B (0). It is clear 
from formula (8), that independent of the parameter of exchange interaction 8, the conductivity band 
is divided into two sub-bands (corresponding to the two projections of spin o = + 4) in such a way 
that the energy of activation of one of them will be less than Eo. 

Let us assume that the electric conductivity of a ferromagnetic semi-conductor in the para- 
magnetic field is dependent on temperature according to the law 


6, = A, exp (— E,/@), (9) 


where A, is the pre-exponential multiplier, weakly dependent on temperature, and 0 = x T is the 
sanpenalaie in ergs. Then, weneaies Curie temperature, instead of (9) we shall have.a two-term formula 


0, = A, (c, 4c, 


in which at p = 0, the coefficients c, = c, = %, so that at Curie temperature o; = g,. 
Let us now observe the asymptotic behaviour of the electric resistance (alin Pp; = 1/o; in 
dependence on temperature considerably below Curie point, when » + 1 and By > 9. In this case * 


In —In (Apc) + (10) 


(the stroke above the symbol indicates the asymptote of the corresponding value). On the other hand, 
in the paramagnetic field 


Inp, =—InA,+ E,/8. 


* We assumed that {, > 0. At Bo < 0 in formula (10) c, must be substituted by c, and By by | Bo. 
The physical result will be the same. 
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Consequently, in the transition from the paramagnetic to the ferromagnetic field there should 
be a reduction in the tangent of the gradient of curve Inp (see Fig. 1). The parameter of exchange 
interaction By may be immediately determined from the extent of this reduction A E = — By. Ata 
sufficiently high level for By (8, > Eo) there may also be a change in the value of the temperature 
coefficient of electric resistance, that is transition to metallic conductivity (Fig. 1 c to d). 

Let us now make an extrapolation of the straight line sector Inpy represented by formula (10) 
up to Curie point © and let us calculate from the resulting values for inp, the value of Inp, taken 
from the same point 


6 = In Oy (8,) —In Pp (8,) —(Inc + 


(12) 


In this way the asymptotic straight line Jnp, will be subjected at Curie point to bounds, as well as 
fracture, compared with the straight line /np,. The direction of this bound (up or down) is determined 
by the value of the expression on the right-hand side of equation (12). As the second term in the 
bracket is always positive, the symbol 6 at a given measurement of 8, is determined, in the final 
analysis, by the value of c,. In particular, if it is assumed that c, is in general independent of tem- 
perature and remains equal to % in the paramagnetic field, then 


6< 0 when 89 > 8. In 2and& > when 30 < 2. 


The true curve /np,, which will be an immediate extension of the straight line Inp,, will, accord- 
ing to the extent of growth of » from 0 to 1 with reduction in temperature, gradually pass over into the 
asymptotic straight line /np;. Fig. 1 shows diagrams of some of the possible types of anomaly of the 
temperature dependence of /np (O,/@) in ferromagnetic semi-conductors close to Curie temperature *. 
In the case shown in Fig. 1b the jump /np is hard to discern. Where the precise Curie temperature 
is not known we can take anomalies of this type for a simple break in the straight line Jnp at the 
point of intersection of lines /npy and Inpp, below the Curie point. It should also be observed that 
the maxima in the curves Fig. 1c and 1g should not as a rule occur at the Curie point itself, but 
slightly below it. The position of the maximum may be determined approximately according to 
(9) Bo ~ Ep). 

We note that, from the experimental data for /np above Curie temperature and in a wide field of 
temperatures below Curie point, it is possible to define both the value of the exchange parameter 
Bo (from the break of the straight line np), and also the change in the pre-exponential multiplier c, 
(from the jump /np), from which it is possible to assess the change in the mobility of the current 
carriers on achieving ferromagnetic order. 


4. THE CASE OF TWO SUBLATTICES 


In the case of a magnetic material with two magnetic sublattices, the energy spectrum (6) of 
the current quasi-particles is even in its simplest form, represented by four branches 


xa 


The presence of the four bands of energy is here connected with the simultaneous appearance of a 
ferromagnetic and an antiferromagnetic effect'. 


* Here of course, no allowance is made for the observations of Krivoglaz and Rybak [15] regarding the 
mobility of current carriers at the Curie temperature, due to the dispersion of the latter on magnetization 
fluctuations. We assume that this feature is expressed weakly. 

t Strictly speaking, in ferrites with two sublattices the antiferromagnetic effect only (continued on the next page) 
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a) Antiferromagnetic semi-conductors. We will begin by applying formula (13) to antiferro- 
magnetic materials with two equivalent magnetic sublattices. Because of the equivalence of the 
sublattices for functions 


> > 
and.” 


which enter through (5) into energy (13), we have: 


As, in an antiferromagnetic material besides this, /, = — M, = M, we shall get, instead of the 


general formula (13) 


=a (Kx) + (x) + 1(K)2, 
(14) 


where = M/M, is the relative ~agnetisation of the sublattices and B = (8’— 8”) My. Formula (14) 
is a more general way of writing the corresponding equivalent for electron energy obtained in model 
theory [12]. 

Thus, the antiferromagnetic order of spin in a crystal will lead to the division of the conducti- 
vity bands into two sub-bands (according to the two symbols in front of the root in equation (14) for 
the energy of a quasi-particle). This splitting is completely analogous to the splitting observed by 
Smirnov [16] of the electron spectrum on ordering of the atoms in a binary alloy. 

If all the values of the quasi-impulse & in the basic zone are sorted according to the magnetic 
sublattice, equation (14) will give all possible values for the energy of the quasi-particle. Here 
the energy will be a two digit function of &. It is, however, possible to classify the possible values 
of energy (14) according to the state of & for the basic zone of the initial paramagnetic lattice* in 
such a way that the corresponding function E u (#) will be single digit and at p = O it will pass 
directly over into the function E (&) for the paramagnetic field. From this it follows easily that 
when antiferromagnetic splitting occurs, the whole of the lower half of the conductivity band will, 
with increased p, be shifted even lower, while the upper half will be shifted upwards. With the 
same ferromagnetic effect as that which we have seen above, each separate level of the band will 
be split into two sublevels (according to the two directions of spin of the quasi-particle). 

In the case of an antiferromagnetic semi-conductor, the difference indicated permits us to 
observe only the lower sub-band (corresponding in formula (14) to the minus symbol), as at temper- 
atures lower than that of degeneration, only the levels close to the bottom of this sub-band will be 
filled with quasi-particles. The lowering of the bottom of the conduction band leads to a reduction 
in the energy of activation which in this case can be written in the form 


In the paramagnetic field E, = ag — |y|. - 
Assuming that the temperature dependence of electric conductivity above and below the anti- 


ferromagnetic Curie point 8, is expressed according to the exponential formulae 


(continued from previous page) 
leads to further mixing of the energy bands, in accordance with the symbols “+” in formula (13), which 


already exist in the paramagnetic field because of the crystallo-chemical] non-equivalence of the nodes of 


the different sublattices. 
* This state is two times greater than the basic zone of each of the magnetic sublattices. 
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= A, exp (— E.,/@), A,c exp (— ‘A) 


(in the Curie temperature c = 1), for the asymptotic straight line InP ay, p> 1 we get: 


Ino, =—lIn c+ AE/®@, 


AE - 
Extrapolation this straight line up to Curie point we get a jump I/np at this point 


$=—Inc +AE/@,. (17) 


We note that, if the pre-exponential multiplier C in the antiferromagnetic field increases with reduced 


temperature, then always 6 < 0, as in this case ¢ > 1 and /nz > 0. 
From the analysis given it is possible to draw the conclusion that the antiferromagnetic effect 


in a semi-conductor may lead to anomalies in electric resistance, which are at any rate qualitative- 
ly analogous to the ferromagnetic anomalies represented in Fig. 1. We have already emphasised the 
fact that it is possible in an antiferromagnetic as also in a ferromagnetic material, to determine ex- 
perimentally the parameter of the exchange interaction , from the extent of the fracture of the 
asymptotic straight line /np , i.e. from A E, are from the extent of the jump /np the change in the 
pre-exponential multiplier c on transition from the paramagnetic field to that of magnetic order may 
be determined. 

b) Ferrites. In the case of ferrites, the lower energy level of a current quasi-particle with 


spin o may be represented in the form 


Eg = %9 — 26 + — 


V2 — 26 + + tts), 


where @, is the positively defined quadratic form according to p, = M,/Mo, and p, = M,/Mo;; 
coefficients of this type, and also the coefficients a,, a, and b,, b, are combinations of the exchange 
parameters 8! , (in b, and b, the parameters ;j are also included). 

It is eas¥ to see that the lower of the two levels in (18) will be omitted below the bottom of 
the conductivity band for the paramagnetic state E, = a) — /yo/, so that the energy of activation 
on transition to the ferromagnetic state will always be reduced. In this respect therefore, the pre- 
sence of the two sublattices in a ferrite does not alter the results of point 3, in which a ferro- 
magnetic semi-conductor was examined on the basis of one magnetic sublattice. Besides this, it is 
not hard to understand that the diagrams given in Fig. 1 of the electric resistance anomalies may 
also take place here. 

However, the presence of the two sublattices may in certain circumstances lead to further 
peculiarities in the temperature relationship of the electric resistance of ferrites. To explain this, 
let us for simplicity, observe a case where the change in energy of activation caused by the ex- 
change interaction on magnetic ordering, is small in comparison to the width of the conductivity 


band *. 


* If the parameters @ and yo in formula (18) are compared with the values of the Bloch single-electron 
at ee to a strong band), it can be shown that the width of the band roughly corresponds 
16). 


to Yo 
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FIG. 2. Additional anomaly in ferrites around the point 9, in which f, 1, + B, i, = OG. 


In this case it is possible to expand the root in (18) into a series, according to the ratio of the 
exchange parameters to yo which will be limited by the linear terms *. 


E, = Ey— 20 (341 + Bete), 


where f, and f, are the new exchange parameters. The reduction in the energy of activation 
will be 


—AE = + 


The possible feature of the two sublattices which we wish to study, consists in the following. 
The fact is that AE may be a non-monochromatic function of temperature in the case where the 
rate of change with temperature p, and p, are sharply different. This is possible where there is 
considerable difference in the properties of the magnetic sublattices (where there is considerable 
difference in My, and Mo, of the parameter of exchange forces which act on the sublattices and so on). 
Rare earth ferrites with the structure of garnet are an example of this type of ferrite. In these cases 
it is possible for E to return to zero not only at Curie point, in which p, = p, = 0, but also at a cer- 
tain intermediate temperature @, < @,. Physically this may be an indication that at 9p, the fields 

of exchange forces which effect the spin of a quasi-particle from the magnetic moments side of the 
sublattices, are compensating each other out. Around the point ©, peculiarities in the temperature 
relationship /np may also take place; one of these is represented in the diagram in Fig. 2. 


If 


then @, should be close to the point of magnetic compensation 8,, in which M, + M,=0. Ina 
general case 0, # @,. Nevertheless it appears that this effect is more likely to be discovered in 

ferrites which have precise compensation, as it is only in these that the necessary conditions are 
fulfilled for the non-monotone dependence A E on the temperature. 


5. COMPARISON WITH EXPERIMENTAL RESULTS 


There is a large amount of experimental work available at the moment [1-8] in which electrical 
resistance anomalies have been discovered close to the points of ferromagnetic and antiferromagnetic 
ordering. The propositions developed above conceming the possible types of anomaly, as represented 
in Fig. 1, have been qualitatively confirmed by experimental data. Experimental curves of the type 


* Close to Curie point this can also be regarded as an expansion on pt, X 1 and p, < 1. 
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shown in Fig. la have been precisely observed in manganese ferrites in the work of Belov, Popova 
and Talalayeva [2]. The break in /np close to the Curie temperature has already been discovered in 
some ferrites by Komar and Klyushin [1]. In some of them it is possible to discern a faint deflection 
of Inp of the type shown in Fig. 1a, while in ferrites in which only the break was observed it it pos- 
sible that anomalies of the type shown in Fig. 1b take place, or even that they belong to a type in- 
termediate between la and 1b. It is obvious that Suchkov [4] also observed an anomaly of the type 
shown in Fig. 1a, in a copper-zinc ferrite. Type 15 and also lc or ld anomalies were discovered 

by Folger in ferromagnetic compounds of manganese with the structure of perovskite. 

Similar anomalies in the temperature relationship close to the Curie point have also been repeat- 
edly observed in antiferromagnetic semi-conductors [5-8]. The experimental results of these works 
are analysed in detail in other articles by one of the authors and by Giterman [12, 17]. 

We do not know of any papers dealing with the investigation of the temperature relationship 
of electric resistance in ferrites which have a compensation point. 

In conclusion the following observations must be made. 

1). The results of our work are related to the case of the actual conductivity of semi-conductors. 
Here magnetic ordering always leads to a reduction in the energy of activation of the current quasi- 
particles. If we allow for the additional levels which may also be split under the action of the ex- 
change forces, then as has already been shown by one of the authors [12], there may sometimes be 
an increase in the energy of activation. 

2). We have not observed the influence of magnetic ordering on the pre-exponential multiplier 
in electrical conductivity. This influence may be shown both by the effective mass of the current 
carrier, and also through the further mechanism of dispersion of quasi-particles of the fluctuations 
of the magnetization of the sublattices. The latter mechanism in particular, leads to peculiarities 
in the mobility of quasi-particles in relation to the temperature at Curie point [15]. Unfortunately 
there is at the moment no single opinion (and no satisfactory theory) relating to the mechanism of 
transfer of the electric charge in semi-conductors with low mobility, to which type belong very many 


ferromagnetic and antiferromagnetic semi-conductors. For this reason it has not so far been possible 
to construct a satisfactory theory for the temperature dependence peculiarities of the pre-exponential 
factor. However, as the change index in the exponent in the formula for electric conductivity is gen- 
eral for all the mechanisms which are the result of spin degeneration, it is to be hoped that the 
results set out above may bear a general character from the qualitative point of view. 

The authors extend their thanks to S.V. Vonsovskii for his advice and discussion 


Translated by V. Alford 


REFERENCES 


. A.P. Komar and V.V. Klyushin, /zv. Akad. Nauk SSSR, ser. fiz., 18, 400 (1954). 
. K.P. Belov, A,A. Popova and Ye.V. Talalayeva, Kristallografiya (Crystallography ), 
3, 733 (1958). 


J. Folger, Sboon materialy. Collection. Semi conducting 
materials, Foreign Literature Publishing House, Moscow, p. 215 (1954). 


A.I. Suchkov, Fiz. metal. metalloved., 7, 317 (1959). 

. Y. Shimomura and I. Tsubokawa, J. Phys. Soc. Japan, 9, 19 (1954). 
E. Uchida, et al. J. Phys. Soc. Japan, 11, 27 (1956). 

. 1.G. Fakidov and A.Ya. Afanas’yev, Fiz. metal. metalloved., 6, 176 (1958). 
Ye. Yamaka and K. Sawamoto, Phys. Rev., 112, 1861 (1958). 


. S.V. Vonsovskii, Zh. eksp. teor. fiz., 16, 981 (1946); 
S.V. Vonsovskii and Ye.A. Turov, Zh. eksp. teor. fiz., 24, 419 (1953). 


Yu.P. Irkhin and Ye.A. Turov, Fiz. metal. metalloved., 4, 9 (1957). 
. Yu.P. Irkhin, Fiz. metal. metalloved., 6, 214; 586 (1958). 
. Yu.P. Irkhin, Fiz. métal. metalloved., 7, 3 (1959). 


. Ye.A. Turov, Fiz. metal. metalloved., 6, 203 (1958); 
Ye.A. Turov and V.G. Shavrov, Trud Institute of Physics of Metals 


| 
17 
VOL. | 
9 
1960 
1 
11 
12 


Theory of electric conductivity 


Urals Branch Academy of Sciences USSR, 20, p. 101 (1958). 
+o and Yu.P. Irkhin, /zv. Akad. Nauk SSSR, ser. fiz., 22, 1168 
1 

M.A. Krivoglaz and S.A. Rybak, Zh. tekh. fiz., 28, 940 (1958). 

A.A. smirnov, Zh. eksp. teor. fiz., 17, 730 (1947); 

M.A. Krivoglaz and A.A. Smirnov, Teoriya uporyadochivayushchikhsya 
splavov (The theory of self-ordering alloys), Moscow, para 28 (1958). 
M.Sh. Giterman and Yu.P. Irkhin, Ftt, 2, 1, 144 (1960). 


18 
14. 
15. 
16. 
17. 
VOl 
9 
19¢ 


THE TEMPERATURE DEPENDENCE OF HYSTERESIS AND EDDY CURRENT 
LOSSES IN ELECTRICAL ENGINEERING STEEL * 
V.V. DRUZHININ and N.I. MOKRUSHINA 
Verkh-Isetsk Metallurgical Works 
(Received 11 July 1959) 


The working temperature range of electric sheet 
conductors has in recent times been considerably 
widened, not only on the positive (+ 400°), but also 
on the negative side (— 100°). Examination of the 
temperature dependence of coercive force, specific 
losses, magnetic permeability and the temperature 
magnetic hysteresis of this steel has been made in 
papers [1-3]. 

In this report the results are set out of an invest- 
igation into the temperature dependence of the com- 
ponents of specific losses (losses due to hysteresis, 
losses due to eddy currents and additional losses). 
The study was carried out on hot-rolled electrical- 
engineering steel testpieces with 1 and 3.5- 4.0% Si, 
in which the ratio between losses due to hysteresis 
and eddy current varied. 


METHOD 


The testpieces were in the form of rings with ex- 
ternal and internal diameters of 6 and 4 cm and 
weighing 350- 400 g. 

Each layer of the magnetizing and measuring coils 
on the testpiece was insulated with glass tape, and 
the layers were not allowed to come into contact 
with each other inside. General losses (P;.) were 
measured by the absolute wattmeter method. Precis- 
ion of measurement for general losses was 2-3 %. 
Losses due to hysteresis (P;) were determined from 
the area of the static hysteresis loop, the measure- 
ment of which was made by the ballistic method. 
For the calculation of eddy current losses (P, 4) 
according to the known formulae [4], the width of the 
rings was fixed and the specific electric resistance 
was determined. The specific electric resistance at 
various temperatures was determined by the known 
temperature coefficient of electric resistance [5]. 
Measurement and calculation of losses P;,, P; and 
P.o, were made at Bray = 10,000 gs and f =50c/s. 


*Fiz. metal. metalloved., 9, No. 4, 498-501, 1960. 


Supplementary losses (P,) were determined ac- 
cording to the formula 


P, = Phe - Pa - 


To achieve the different ratios between hyster- 
esis, calculated eddy current and supplementary 
losses, the testpieces were produced with various 
grain sizes and various widths of sheet d (from 0.2 
to 2 mm). In all, ten transformer steel testpieces 
and eight dynamo steel testpieces were investigat- 


ed. 
RESULTS OF THE INVESTIGATION 


The variations in losses due to hysteresis and 
eddy currents in the dynamo and transformer steel 
testpieces in the region of —80 to + 250° have a 
somewhat different character. 

Fig. 1 shows the temperature course for general 
losses, hysteresis losses, calculated eddy current 
losses and supplementary losses for a dynamo steel 
sample 0.5 mm in width. From these data and from 
measurement of the remaining testpieces it follows 
that losses due to hysteresis at JT = 250° are lower 
than at room temperature by 10-15%. The reduction 
in calculated eddy current losses at the same tem- 
perature range amounts to 25-30%, and for “supple- 
mentary” losses it is 25-40%. In order to carry out 
a more precise study of the temperature dependence 
of the supplementary losses,testpieces of coarse- 
grain dynamo steel 1 mm thick were studied, in 
which the supplementary losses at point aren 
were 1.5 W/kg with general losses 4.5 W/kg. From 
Fig. 2 which shows the relative variations 


Pier Phe and 


according to the the temperature of the testpiece, it 
is obvious that the reduction in supplementary los- 
ses with increasing temperature is already consider- 
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FIG. 1. Variations in hysteresis and eddy current losses related to the 
temperature of dynamoc steel testpieces (d = 0.5 mm). 


TABLE 1. Hysteresis and eddy current losses in hot rolled dynamo steel testpieces 
at various temperatures 


No of 


testpiece Si, % 


Ratio of losses 
at point 
P 10/50 at 20, % 


P 10/50 (W/kg) at 


temperatures 


100° | 200° 


] 


32* 


ably more than the redaction in calculated eddy cur- 
rent losses. In all the dynamo steel testpieces 
which were studied, the dependence of supplement- 
ary losses on the temperature was closer to the cal- 
culated eddy current losses than to hysteresis los- 
ses. These data, together with the dependence of 
supplementary losses on the frequency of the alter- 
nating current and the specific electric resistance 
[6], is evidence that “supplementary” losses are in 
their nature much closer to eddy current losses than 
to hysteresis losses. 

As the eddy current losses in dynamo steel (1- 
1.2% Si) suffer a 2-2.5 times greater reduction with 
increasing temperature up to 250° than do hysteresis 


losses, the fluctuation in general losses must de- 
pend on the ratio between hysteresis and eddy cur- 
rent losses (Table 1). In the table P, + P, »= Py. 
If 70% of the general losses are to be attributed to 
hysteresis, then general losses should be reduced 
by 15 % with temperature changes from 20 to 250°; 
if the losses due to hysteresis account for only 30% 
of the general losses the change in this temperature 
range will amount to about 30%. | 

If the temperature of the testpieces is reduced to 
— 80° the increase in total losses is rather greater 
than the reduction in loses at increased temperature. 
Thus, for the testpiece shown in Fig. 1, if the tem- 
perature is increased above room temperature by 


20 
30 
20 
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| 10 
re P 
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a With of 
sheet 
mm 
] 20 0.5 70 30 2.95 | 2.60 | 2.40 | 2 30] 2.20 
2 20} 0.5 55 45 3.65 | 2,90 | 2.68 | 2.40 | 2.20 
3 30 | 1.0 30 70 5.50 | 4.37 | 3.90 J 3.20 | 3.00 
4 m6 2.0 15 85 == 8.10 | 7,15 | 6.00 | 5.60 
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FIG. 2. Relative variations in the components of specific losses in dynamo steel 
testpieces (d = 1 mm) with temperature change of the testpiece from — 80 to 250°: 
1 — general losses; 
2 — hysteresis losses; 
3 — calculated eddy current losses; 
4 — supplementary losses. 
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FIG. 3. Variations in hysteresis and eddy current losses related to the temperature 
of transformer steel testpieces (d = 0.35 mm). 


ance is reduced as a result of lower temperature, the 
eddy current losses will increase more rapidly than 
they would in a testpiece of the same value at in- 
creasing temperature, (P ~ 1/p). 

In transformer steel testpieces with 3.5- 4.0% Si, 


100°, the losses will be reduced by 7%, and if the 
temperature is reduced by 100° they will increase 
by 12%. This is explained by the law of eddy cur- 
rent loss fluctuation with variations in specific 

electric resistance; if the specific electric resist- 
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the reduction in eddy current losses with the temp- 
erature of the testpiece was considerably lower, as 
the temperature coefficient of specific electric re- 


sistance is reduced from 0.002 for 1.0% Si to 0.0007. 


As a result of this, when the temperature is changed 
by 100°, the eddy current losses at point P, 4,55 
changes by a total of several hundred W/kg. The 
temperature relationship of the losses in hysteresis 
in transformer steel, in the region of —100 to + 250° 
is also weaker than in dynamo steel: up to 200° the 
hysteresis losses at B,,4, = 10,000 gs are practical- 
ly unchanged (Fig. 3) and it is only above 200° that 
they start any noticeable fall. The change in general 
losses with change of temperature from — 80 to 

+ 250° is somewhat less than 10%. 

The weak dependence of hysteresis losses on the 
temperature of the testpieces in the range from — 80 
to’ 200° is explained by the fact that the coercive 
force in this temperature range is practically un- 
varied. Although the maximum field at B,.,, =10,000 
gs is considerably increased (by 60-80%) if the 
temperature of the test piece is increased to 200°, 
while the residual induction is reduced, the area of 
the hysteresis loop with unchanged H, remains 
virtually the same. 

The temperature dependence of the coercive force 
in dynamo steel and more especially in transformer 
steel was found to be weaker than the change in the 
antisotropy constant K, or even \/K,. If the fluctua- 
tion K,559/K4 99 for iron and silicon steel at 4.0% 
Si [7, 8] is 70-60% and VKy_56/VKing is 84-78%, 
then the value of H,,59/H, 2. must fluctuate in the 
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CONCLUSIONS 
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ture increase up to 250° at B..., = 10,000 gs and 
f= 50 c/s. 

a) the reduction in hysteresis losses amounts to 
10-15% while that of eddy current losses is 25- 
35 %; 

b) the reduction in “sapplementary” losses is 
closer to the change in eddy current losses (30- 
40 %) than it is to hysteresis losses. 

2. If the temperature of the dynamo steel test- 
pieces is reduced from room temperature to — 80°, 
the increase in general losses is somewhat greater 
(1.3- 1.5 times) than with increase of temperature 
to 120°. 

3. In hot rolled transformer steel, in the temper- 
ature range —80 to + 150° the fluctuation of hyster- 
esis and eddy current losses is found to be within 
the limits of accuracy possible in testing; if the 
temperature in the testpieces is further increased 
up to 250°, the general losses are reduced by 
6-9%. 
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MAGNETIC RESONANCE IN SODIUM ALLOYS * 
N.S. GARIF’YANOV and A.V. IL’YASOV 
Physico-Technical Institute, Kazan filial, Academy of Sciences U.S.S.R. 
(Received 13 July 1959) 


The paramagnetic resonance at frequencies of 300 and 9430 Mc/s at T= 295 and 90°K, has been 
investigated in conduction electrons in the alloys Na-Cs. At a frequency of 4.8 Mc/s the dependence 
on chemical composition was investigated, of the Knight shift of the line of nuclear resonance **Na 


in the alloys Na-K, Na-Cs and Na-Hg. 


l. ELECTRON RESONANCE IN THE ALLOYS 
Na-Cs 


Electron paramagnetic resonance (epr) in metals 
was first discovered by Zavoiskii [1]. However, the 
study of metals by this method has met with a num- 
ber of difficulties. In the first place, due to the 
high conductivity of the metal testpiece, the high 
frequency field penetrates only to skin depth; this 


leads to distortion and displacement of the line of 
resonance absorption [2]. And secondly, super pure 
metals are required to carry out these investigations. 

At the present time paramagnetic resonance in 
conduction electrons has only been discovered in 
Li, Be, Na and K [3, 4]. Besides this, one of the 
authors of papers [5, 6] carried out an investigation 
of the epr in certain alloys of alkaline metals. 

In the present paper the results are set out of an 
investigation into the magnetic resonance in alloys 
of sodium and caesium. 

Epr was measured at frequencies of 300 and 9430 
Mc/s at 295 and 90°K. The samples were prepared 
in an argon atmosphere. To avoid distortion in the 
shape of the lines due to incomplete penetration of 
the h.f. field, the alloy was dispersed in paraffin 
wax; the particles of the alloy had an average size 
of 4 p. The sodium used was 99.95 % pure and con- 
tained about 0.04% K. The width AH of the curves 
in the initial sodium, measured between the points 
of the curve of absorption at half its height, were 
16 e at 295°K and 9 e at 90°K (Fig. 1). These results 
are in agreement with those set out in papers [3, 4]. 
We note that in paper [3, 4], the width of the line 
AH was determined as the distance between the 
maximum and minimum of the first derivative of the 
absorption curve. For metals which have Lorenzian- 


* Fiz. metal. metalloved., 9, No. 4, 503-506, 1960. 


shaped absorption curves, AH = \/3 6 H. 

The results of the measurement at a frequency of 
300 Mc/s showed that the width AH of the epr curve 
in the alloy Na-Cs, is independent of the caesium 
concentration right up to 0.5 at. % and increases 
rapidly when the concentration of caesium exceeds 
0.5 at. % (Fig. 2). It is somewhat unusual for the 
caesium admixture to have this effect on AH. It was 
demonstrated in paper [5] that the very smallest 
addition of the heavy elements Hg, Pb, and Wood’s 
alloy greatly expands the epr line in sodium. These 
results agree very well with Elliott’s theory [7], 
from which it follows that metallic additions with a 
strong spin-orbit interaction very sharply reduce the 
relaxation time and consequently, considerably 
increase AH. In metallic caesium the high spin- 
orbital coupling and the very smallest addition of 
it to sodium, ought also to cause a considerable 
broadening in the epr line of sodium. 

According to Elliott’s theory, the measure of spin- 
orbital coupling is A S™ 5 ~ Se) is the free electron 
factor equal to 2.0023. At a frequency of 9340 Mc/s 
we measured the g-factor of the epr in Na-Cs alloys 
in relation to the content of caesium atoms. As the 
size of the metal particles was greater than skin 
depth at this frequency, it was not possible to 
make a precise determination of the g-factor. 

Qualitative investigation showed that A, begins 
to expand where the content of Cs atoms is above 
0.5 at. % and remains constant at lower quantities 
of Cs. This result is in agreement with the varia- 
tions in width AH of the curve Na-Cs at a frequency 
v = 300 Mc/s. Radiographic analysis failed to dis- 
cover any difference in the structure of alloys with 
a content of Cs greater or less than 0.5 at. %. 

Attempts to discover epr in pure gallium (99.99 %) 
at frequencies of 300 to 9430 Mc/s and at 295 and 
90°K were unsuccessful. As sodium does not form 
an alloy with gallium, this means that addition of 
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FIG. 1. Curves of electron absorption resonance in sodium (99.95 %), v = 300 Mc/s; 
a — 295 %K; b — 90%K. Average size of metal particles 4 microns. 
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gallium in the mechanical mixture Na-Ga does not shift in the nmr frequency in metals is called 
influence the width AH of the resonance absorption Knight shift and is due to conduction electrons 


whose polarization under the action of the external 
magnetic field creates a supplementary magnetic 
2. NUCLEAR RESONANCE IN ALLOYS OF field in the nucleii. The influence of conduction 
SODIUM electrons on the nmr frequency in metals has been 
.: studie by a number of scientists [8-10]. All the 
In metals, the frequency of nuclear magnetic reson- investigations into alloys [10] have dealt only with 
ance (nmr) is higher than that of the resonance of non-alkaline metals and show that there is no rela- 
the same nucleiiin non-metallic compounds [8]. This tionship between Knight shift and the concentration 


curve for sodium. 
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Magnetic resonance in sodium alloys 


TABLE I. Knight shift in sodium alloys (without correction for chemical slip) 


Content of atoms in 


Alloy AH/H, % 


1129 
0. 1288 


99.7 
99.5 
99.4 
99.1 
98.7 
94.2 


FIG. 3. a — Slip ?*Na in pure soda AH/H = 0.1161 %; 
b — Slip ?Na in the alloy sodium-potassium 
(64% K) A H/H = 0.1450 %. 


of metallic additions. aqueous solution of sodium chloride were placed 
At a frequency of 4.8 Mc/s and using the method together in the coil of an autodyne generator. Two 
already described in paper [11], we investigated the | signals from the sodium nucleus were observed on 
dependence of the nmr frequency of metallic sodium the oscillograph screen: from the metallic sample 
on the concentration of K, Cs and Hg. The testpieces and from the non-metallic compound (Fig. 3). The 
were prepared in exactly the same way as for the resonance frequency was determined by a high pre- 


investigation of epr. cision wavemeter. 
A dispersed sample of the metal (alloy) and an The results of the investigation are set out in 


25 
: 
100 0 | 0.1161 
99.4 0.6 0.1160 
Na—K 93.8 6.2 0.1213 
63 37 0. 1287 
36 64 0.1450 
| 28 | 
| 
Na—Hg | 81.0 | 19.0 0.1121 
| 79 21 0.1152 
77 23 0.1138 
| 75 25 | 6, 1157 
| 70 30 0.118! 
| 
| 0.5 
Na—Cs | | 0.6 | 
VOL. | 0.9 
9 | | 1,3 
NaCl 
b 


Magnetic resonance in sodium alloys 


Table 1. The table shows the percentage ratios 
between Knight AH and the resonance value of the 
permanent magnetic field H. 

In pure sodium Knight shift is A H/H = 0.1161%, 
which agrees very well with the data produced by 
other writer [10]. In alloys of Na-K Knight shift 
grows in a monotone fashion with increasing potas- 
sium content and reaches H/H = 0.1450% at. % K. 

In Na-Hg alloys Knight shift for ?*Na is unchanged 
even at 70 at.% Hg. 

In the alloys Na-Hg at room temperature, the nmr 
signal in ?*Na is observed at concentrations of Hg 
below 23 at.%. With a Hg content above 23 at.% it 
was not possible at room temperature to discover the 
nmr line which only appeared in a dispersed state. 

In pure metallic **Na (/ = 3/2) the structure is 
cubic and therefore there is no quadruple broadening 
of the nmr line. In the same Na-Hg alloys the cubic 
crystal lattice Na is distorted in relation to the con- 
tent of Hg atoms and therefore the quadruple broad- 
ening of the nmr line will depend on the gradient of 


the electric field in the places where there are 7*Na 
nucleii. 

In the dispersed alloy, quadripolar broadening is 
reduced due to the averaging out of the local elec- 
tric field. 

In the alloys Na-Hg where the Hg content is up 
to 23 at. %, the lattice has a pre-eminently cubic 
symmetry, while at a content of Hg above 23 at.%, 
it is far from cubic. 

Investigation of the alloys Na-Cs was restricted 
to concentrations of 5.75 at.% Cs due to the con- 
siderable activity of the alloys with greater concent- 
ration of Cs. It is difficult to draw any definite con- 
clusion from the results obtained in these circumst- 
ances. 

Thus, metal additions with strong spin-orbital 
interaction do not influence the nmr frequency of a 
metal, while additions with weak spin-orbital inter- 
action (alkaline metals) may have a considerable 


effect upon it. 
Translated by V. Alford 
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RADIOGRAPHIC INVESTIGATION OF SECOND CLASS STRESSES IN THIN LAYERS OF 
SODIUM CHLORIDE AND ALUMINIUM PRODUCED BY EVAPORATION IN A VACUUM* 
M.A. LEVITSKAYA and YE.A. KUZNETSOVA 
Voronezh State University 
(Received 25 July 1959) 


Second class internal stresses have been investigated by means of harmonic analysis of the 
shape of the interference lines on radiographs of thin polycrystalline layers of aluminium and sodium 
chloride. The extent of the second class stresses has been found for the layers examined, in relation 
to the thermal coefficient of expansion of the substance composing the layer. 


A radiographic investigation has been carried out 
of the second class internal stresses which arise in 
thin layers of sodium chloride and aluminium produc- 
ed by evaporation and condensation in a vacuum. A 
certain amount of diffusion of the diffraction lines 
has been observed on the radiographs of the thin 
layers under examination, such as might occur only 
where there is fine dispersion or second class stres- 
ses in the layer, or both these effects together. 

It has been explained that, in the use of harmonic 
analysis of the form of interference lines in a radio- 
graph [1, 2], in the condensed layers of sodium 
chloride and aluminium it is the second class intern- 
al stress which is responsible for diffusion of the 
interference lines. 

The relationship has been studied between the 
second class internal stresses arising in the con- 
densed layer and the difference in the coefficient 
of thermal expansion of the substance of which this 
layer is composed and of the backing substance. 
The material used for the backings was glass of 
various types (TF-3, K-8, Pyrex) and the metals 
Mg, Ta, Mo, Al. 

A high temperature vacuum chamber was made for 
the production of the thin layers. The chamber is so 
designed that it is possible to produce condensed 
layers in a vacuum (10 mm Hg). and to examine 
them without taking them into the outside air, which 
is very important in order to exclude the effect of 
aqueous vapours in the air on the freshly condens- 
ed layers. 

In the centre of the chamber is placed the conden- 
sation body in the form of a plate or cylinder. It is 
connected to a tapered slide. The evaporator is 
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underneath. After evaporation and condensation of 
the layer, the condensation body is reversed by a 
turn of the slide. 

There is a graduated circle in the chamber for 
focusing the lines to be examined, by means of which 
it is possible to adjust the angle of incline of the 
testpiece precisely to the primary radiographic ray. 
The temperature of the condensation body is measur- 
ed by means of a copper-constantan thermocouple. 

The cylindrical cassette for the X-ray film is 
above the testpiece. Its centre of rotation coincides 
with that of the testpiece. The position of the cas- 
sette in the chamber can be adjusted without break- 
ing the vacuum. This is achieved by means of a tap- 
ered slide to which the cassette is attached. 

In front of the cassette is a cylindrical sbield 
with a movable slot by means of which it is possible 
to separate one or several of the diffraction radio- 
graphic lines. If the sector of the film is known on 
which the line should appear, the slot in the shield 
can be so adjusted that the diffraction line with a 
certain amount of background appears on the sector 
of the film immediately behind the shield, which is 
necessary for the consequent photometering. By ad- 
justing the cassette so that various sectors of the 
X-ray film come in the path of the diffracting X-ray, 
it is possible to get 12 photographs of one and the 
same line on one film. This makes it possible to 
examine the changes in the shape and intensity of 
the lines which arise in the condensation layer of 
the substance under examination. 

The sharp-focus X-ray tube designed by Pines 
[3] was used, with a Cu anticathode; the focal 
point is 0.5-0.20 mm. A 10-15 y thick coating of 
aluminium and a 25-30 p thick coating of sodium 
chloride were examined. 

Photometering was carried out on a microphoto- 
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Second class stresses ; 


TABLE 1. Stresses arising in condensed layer of aluminium 


Material of Coefficient 
condensation of : 
body expansion 


Differing in Stresses 
(aay —a, )x 10° kg 
coefficient of %, mm? 


expansion 


Mo 
K-8 76 
TF-3 92 
Mg 254 
Ta 314 


198 4 
186.5 3 
162 2. 
145 2. 
16 0 
76 0 
0 


TABLE 2. Stresses arising in condensed layer of codium-chloride 


Coefficient 
Material of of 
condensation expansion 
body a, x 10 


Differing in 


Stresses 


(a,,—a,)x 10° kg 
coefficieat of 
expansion 


TF-3 


93 
76 
40 


317 6.9 
328 69 
364 7 


meter MF-2. The second grade stresses were ex- 
amined by harmonic analysis of the shape of the in- 
terference lines. 

The figures for the stresses arising in the conden- 
sation layer are set out in Table 1 (for a condensa- 
tion layer of aluminium) and Table 2 (for rock salt). 

From the results set out in Table 1 it is clear that 
the second class stresses arising in a condensed 
layer of aluminium grow with the increase in the 
difference between the coefficients of thermal expan- 
sion of aluminium (aq, = 238 x 107) and of the 
material of which the condensation body is made 
(a, ). 

The greatest second class stresses arise in the 
case of the condensation of aluminium on Pyrex, the 
coefficient of thermal expansion of which differs 
more than any other from that of aluminium. 

When aluminium is condensed onto glass K-8 and 
TF-3 (the coefficients of expansion of these glasses 
are very close together) the extent of the stresses 
are also very close. 

In the case of the condensation of aluminium on 
to Mg and Ta, the coefficients of expansion of which 
are very close to that of aluminium, the stresses 
were nil. 

When aluminium was condensed on to aluminium 
the diffraction line from the thin condensed layer 


of aluminium coincided with that from the conden- 
sation body, and it was not possible to develop this 
effect. Considering the general regularity of the re- 
duction in second.class stresses with reduction in 
the difference between the coefficients of expansion 
it is to be expected that when aluminium is condens- 
ed on to aluminium, the stresses should also be nil. 

In Table 2 the data are set out for layers of sod- 
ium chloride sprayed on to glass of various types. 
In the case under review the second class stresses 
arising in the layer, were very close together. This 
is explained by the fact that the difference in the 
coefficients of expansion of the condensation body 
and the salt, remain virtually the same for all three 
cases. 

From an observation of the results set out in the 
tables it is clear that the value of the second class 
stresses depends on the difference in the coeffi- 
cients of expansion of the condensing layer and the 
condensation body. It is therefore suggested that 
the cause of the second class stresses in thin con- 
densed layers is the same as that for first class 
stresses, that is, the difference in the coefficients 
of expansion of the coating and the condensation 


body. 
Translated by V. Alford 


U 
Pyrex 40 0 
9 
7 
7 
Al 238 
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RADIOGRAPHIC INVESTIGATION OF THE CHANGES IN STRUCTURE AND RELATIVE 
POSITION OF SEPARATE GRAINS IN TESTPIECES OF LOW ALLOY IRON IN 


THE PROCESS OF DEFORMATION BY NORMAL TENSION * 
V.N. SHCHERBAKOV, L.N. NAGOVITSYNA and I.S. OSIPOV 
Gor’kii Physico-Technical Research Institute 


(Presented before the 6th All-Union Convention for the application of X-rays in the investigation 


The investigations started some years ago by 
Rovinskii and Rybakova [1] into the physical proces- 
ses of the plastic deformation of polycrystalline 
materials on coarse grained metal testpieces are, 
without doubt, a necessary and essential addition 

to the radiographic and other investigations which 
are being carried out in this field on monocrystal- 
line and fine crystalline preparations. The changes 
which occur in the process of deformation, in the 
form, intensity and mutual arrangement of several 
tens or hundreds of interference spots which repre- 
sent the individual crystals of the testpiece, must 
undoubtedly supply a whole lot of information on the 
processes of deformation of a polycrystal. Unfortun- 
ately the authors mentioned have so far restricted 
themselves to investigations in the field of compar- 
atively small deformations (up to percentage deform- 
ations of some 10ths percent). 

No similar investigations have appeared in print. 


THE METHOD AND TESTPIECES 


With certain variations, the same radiographic 
method has been used for this work as we employed 
earlier in the examination of the changes in the 
mosaic structure of the grains of polycrystalline 
metals at various stages of recrystallization anneal- 
ing. This method has been described in paper [2] 
and we will therefore restricted ourselves here to 
one or two precise observations. 

The method is based on the making of X-ray pho- 
tographs on a flat cassette arranged perpendicularly 
to the first bundle of X-ray beams, with the inter- 
ference lines fixed under low Bragg angles (in this 
work in all the photographs a spot on ring (110), is 
observed). 
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of materials. June 1958) 


The blanks for the production of the testpieces 
were made in the form of plane-parallel plates 
0.05 x (8-9) x (22-24) mm by rolling previously an- 
nealed plates with an initial thickness of 0.5 mm. 
After this the pieces were made dish-shaped (by 
making oval cuts on both sides of the piece; the 
centre cross-section produced in this way was 
about 3 mm); then the testpieces were subjected to 
recrystallization annealing. The temperature and 
time for the annealing treatment were selected so 
that 300-400 spots could be fixed on the interfer- 
ence ring to be examined. 

The X-rays were made in molybdenum radiation 
from a sealed X-ray tube type BSV-4. The photo- 
graphic camera was in the form of an optical bench 
on which were mounted the holder which carries the 
collimator with diaphragm, (diameter of diaphragms: 
close to the tube, 0.4 mm; close to the testpiece, 
0.5 mm), the testpiece and the cassette. 

The holder for the testpiece was a small tensile 
testing machine. The testpiece under tension was 
fastened at one end to the lower, fixed part of the 
machine, and at the other end to the moving tension- 
ing screw. The screw pitch was 1 mm. By means of 
a nut, a worm transmission svstem and a guiding 
device, the screw could be moved vertically up or 
down. The minimum lift for the screw, according to 
the graduated circle, was 0.0005 mm. 

The first piece to be tested was X-rayed in its 
initial state immediately after recrystallization an- 
nealing (in a state of equilibrium). Then the piece 
was subjected to gradually increasing tensile de- 
formation and at each increase, an X-ray photograph 
was made. In this way the same portion of the de-' 
formed piece was continuously X-rayed (without 
removing the piece from the X-ray tube). 

The pieces examined were of technically pure 
iron with a very small amount of chromium (0.4 by 
weight % chromium; mark Kh4). 


Deformation by normal tension 


FIG. 1. Ring sector (110) powder photograph mark Kh4 iron with percentage tensile deformation: 


a — 0.05 %; b — 0.075 %; 


c — 0.10%; d — 0.15 %. 


FIG. 2. The same as in Fig. 1 for percentage deformation in tension: 


a — 0.25 %; b — 0.275%; 
RESULTS AND ANALYSIS OF THE 
EXPERIMENTS 


1. In Fig. la, the interference spots (doublets 
Ka: — Kg2) have been photographed for a sector of 
ring (110) at a relative deformation of 0.05 %. Spots 
1, 4 and 5 are clearly visible; spots 2 and 3 are 
taking shape; clearly visible, but divided into two 
parts, is spot 6. The same interference spots are 
shown in Figs. 1 b-d, but under deformation of 
0.075, 0.10 and 0.15 %. 

A feature of spot 1 is the gradual weakening and 
disappearance, first of component K,, (Figs. 1b-c), 


c — 0.30%; d — 0.35 %. 

and then also of compoent Kg, (Fig. ld). No notice- 
able erosion of the spot was observed in this pro- 
cess. This change in spot 1 in the process of tens- 
ion of the piece, is only possible as a result of the 
gradual rotation of the crystallite represented by 
this spot. 

Spots 2 and 3 are at first clearer and more intense 
(Fig. 1b), and then they also gradually weaken 
(Fig. 1 c-d). This change in the spots is undoubted- 
ly analogous to that just described. 

Spots 4 to 6 at first appear to be fragmented into 
several parts (Fig. 1b) and then (Fig. 1 c-d) they 
gradually become weaker due to the rotation of the 
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Deformation by norma} tension 


FIG. 3. The same as in Fig. 1 but for percentage deformation in tension: 


a — 0.45 %; 6b — 0.55 %; 


c — 0.65 %; 


d — 0.80%. 


TABLE 1 


tan 8200), 


sec 200), 


average 


Deform- 


ation % tan 


sec 


loverage (| 


1.427 
1,427 
1.427 
1,427 


1.20 
1.38 


1,016 
1.016 
1.016 
1.016 


grain. Here also no precisely defined erosion was 
observed. 

Thus, in this stage of comparatively small deform- 
ations, tension of the piece leads to the continuous 
rotation of the grain and partially to its fragmenta- 
tion into fairly large parts. The influence of micro- 
stresses on the shape of the interference spots at 
this stage of tension is undoubtedly insignificant; 
it may therefore be concluded that the microstresses 
in the grains are aiso still quite small. 

In Fig. 2a there are some clear interference spots 
at percentage deformation 0.25%. Figs. 2b, 2c, and 
2d are for a deformation of 0.275; 0.30 and 0.35 
respectively. 

With increasing deformation, spot 1 becomes very 
eroded (Fig. 2b-c) and then at the edges it partial- 
ly overlaps with the neighbouring interference spots 
which are also eroded (Fig. 2d). 

Spot 2 at first remains unchanged (Fig. 2b); then 
there is some erosion (Fig. 2c) and then it disap- 
pears when the grain rotates (Fig. 2d). Spots 3 and 


4 gradually disappear without erosion on increasing 
deformation, but their positions shift a little in res- 
pect to one another (in Fig. 2c for example, they 
appear to be approaching each other with components 
Kau): 

In Fig. 2d the previously noted spots have dis- 
appeared altogether, while a whole new set of clear 
spots are coming into focus (for example 5 and 6). 
Subsequently, in this as in the previous stage of 
tensile deformation, there are many cases of rotat- 
ion of the grains. With a number of crystallites 
(spot 2 and in particular, 1) there is clearly defined 
refinement both in the crystallites themselves and 
in the blocks composed of them, as also the influ- 
ence of microstresses. 

Fig. 3a (deformation 0.45 %) shows a clear per- 
ponderance of eroded interference spots. There are 
only a few clearly defined spots, some of which are 
indicated by arrows 1 to 5. 

In Figs. 3b, 3c and 3d (corresponding to percent- 
age deformations 0.55, 0.65 and 0.80%) a feature of 
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Deformation by normal tension 


FIG. 4. The same as in Fig. 1 for percentage deformation in tension: 


a — 1.8%; b — 2.7%; 


spots 1 to 4 is their gradual erosion and lack of 
definition. Disappearance of the spots as a result 
of the rotation of the crystallites, (those which give 
more or less clear reflections) was not here discover- 
ed. However, the appearance on Fig. 3d of new, 
clearly defined interference spots (for example spot 
6), is undoubtedly the result of the rotation of the 


crystallites which they represent. 

Also of interest are the changes in spot 5. In the 
deformation range 0.45 to 0.65% (Figs. 3a-b) it be- 
comes somewhat clearer and more intense; at a de- 
formation of 0.80% (Fig. 3d) it expands a little. In 
the deformation range 0.45 to 0.80% there are less 
1 2~presentative cases of the clearly defined rotation 
of whole crystallites. The effect of the refinement 
of the grains and blocks on the changes in the inter- 
ference spots is growing, and in particular, the roll 
of the microstresses is increasing. 

The fields of percentage deformation 1.8, 2.7, 
3.6 and 5.4% are shown in Figs. 4a-d respectively. 
(For these iron testpieces, in view of the specific 
form described above and of the coarse grain, fract- 
ure occurred under normal tension at a percentage 
deformation of around 6%). In Fig. 4a already, only 
a few eroded interference spots are visible. With 
further increase in tension (Fig. 4b, 4c) the spots, 
while maintaining their former places, become even 
more eroded. The subsequent erosion of the spots 
leads, at a deformation of 5.4%, to the formation of 
a continuous interference ring (Fig. 4d). From this 
it follows that in the later stages of tension, the 
refining of the interference picture is basically due 
to the influence of increasing microstresses. 

2. To test the statements set out above concern- 
ing the influence in tension of the various physical 


c — 3.6%; 


d — 5.4%. 


factors on changes in the interference lines of a 
powder photograph we give a table showing the 
ratios between tangents and secants of the angles 
of reflections 6 for the interference rings (110), 
and (200), and the averaged width for the interfer- 
ence spots for these same rings. The basic princi- 
ples of this comparison and the methods for find- 
ing the averaged width of the interference spots 
have been described in detail in paper [2] and will 
not therefore be repeated. 

In the last column of Table 1 against deformation 
0.65 % two figures have been entered for the ratio 
of the spots: the lower (1.29) is for reasonably 
clearly defined spots (these are about 40% of the 
whole quantity of spots in rings (110), and (200), ) 
and the larger (1.34) is for the eroded spots. 

Comparing these ratios, we are even more con- 
vinced (inasmuch as on passing from one interfer- 
ence line to the other the influence on the expans- 
ion of the interference reflection of the smallest of 
the blocks is proportional to the secant of angle 0, 
and the influence of microstresses, to the tangents 
0), that at a deformation of around 0.10%, the ratio 
of the spots is nearer to the ratio of the secants of 
the angles 0 and in consequence, at this stage of 
deformation the expansion of the spots is to a much 
greater extent due to refinement of the blocks. For 
reasons which are analogous it follows that, with a 
deformation of 0.30% the influence of block refine- 
ment is also prevalent; the influence of microstres- 
ses are however growing. Finally, with a deformation 
of 0.65 % and, more particularly, 3.60%, the influ- 
ence of microstresses assumes the first place. 


Translated by V. Alford 


Deformation by normal tension 


REFERENCES 


1, B.M. Rovinskii and L.M. Rybakova, Jzv. Akad. 2. V.N. Shcherbakov, Jzv. Akad. Nauk SSSR, ser. fiz.,. 
Nauk SSSR, ser. fiz., 15, 6, 646 (1956). 15, 6, 714 (1956). 


VO} 
| 
191 


THE SOLUBILITY OF VANADIUM CARBIDE IN GAMMA IRON * 
N.A. SAVOST’YANOVA and L.A. SHVARTSMAN 
Institute of Metallography and the Physics of Metals, TsNIIChN 
(Received 25 November 1956) 


The conditions for the solution of stable carbides 
of alloying elements are of practical interest in met- 
allography. In the present report only the thermo- 
dynamic aspects of the process of the solution of 
carbides in gamma iron is studied using the example 
of vanadium carbide. 

Bunghardt, Kind and Oelsen [1] have determined 
the solubility of vanadium carbide in austenite. They 
quench-hardened testpieces of steel with ever de- 
creasing contents of vanadium and carbon from vari- 
ous temperatures and studied them by the methods 
of electric resistance measurement, phase and 
X-ray analysis and also microscopy. 

In the thermodynamic examination of their experi- 
mental data, these scientists proceeded from the 
theory of dilute aqueous solutions and expressed 


the conditions of equilibrium between vanadium car- - 


bide V,C; and gamma solid solution by means of the 
known law for solubility. Assuming that the solution 
of carbide is defined by the reaction 


V.C; (T) Fe t+ 3Cgolut. Fe, (1) 


they determined the derivative of solubility L from 
the equation 


[V]* (2) 


where [V] is at. % vanadium in austenite and [C] is 
at.% carbon in austenite. 

In actual fact the vanadium carbide used in [1] is 
a phase of a variable composition. It is, however, 
possible to consider, that in a comparatively small 
range of concentration of carbon and vanadium in 
steel, the vanadium carbide which is separated 
has an approximately constant composition, which 
means that equation (2) can be used. 

It must emphasized however, that equation (2) is 
only an approximate one, and can be used for accur- 
ate calculations only in the case of extremely dilute 
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solutions in which both the dissolved substances 
are subject to Henry’s law. It may be said that in 
the case under review, these conditions scarcely 
prevail. Actually it has been demonstrated [2], that 
the coefficient of activity of carbon in austenite 
containing vanadium, is essentially less than in un- 
alloyed austenite with the same concentration of 
carbon. In equation (2) therefore, instead of concent- 
ration, activity should be inserted 


where L’ is the derivative of activity; 
Yy and y, are the coefficients of activity of vana- 
dium and carbon. 

Equation (3) has the advantage over (2), that it 
can be used to calculate the influence of other ele- 
ments existing in austenite by the activities of the 
carbon and vanadium. 

Extension of equation (3) to multi-component 
systems is of interest in connexion with the search 
for methods for the solution of the other carbides of 
alloying elements at temperatures accessible in 
practice for heat treatment. 

With the aim of increasing the solubility of vana- 
dium carbide in austenite, Kogan and Entin [3] in- 
troduced varying quantities of manganese into steel, 
from 0.28 to 4.5 % by weight. After heating and 
quenching phase analysis of these steel pieces was 
carried out, from which it was possible to determine 
the concentrations of carbon and vanadium in solid 
solution. These experiments have shown that with 
increasing content of manganese in steel, the con- 
centrations of vanadium and carbon in the austenite 
increases, i.e. the solution of vanadium carbide is 
taking place. 

It could be suggested that this influence of man- 
ganese on the solubility of vanadium carbide can be 
explained by the fact that the presence of mangan- 
ese reduces the activity coefficient of carbon in 
solid solution. In other words, the presence of the 
manganese increases the bonding energy of the car- 
bon with austenite which causes a shift of the 


Solubility of vanadium carbide 


TABLE 1. Concentrations of vanadium and carbon in solid solution 


0.28% Mn 


2.44% Mn 4.5% Mn 


V, at. at. % 


V, at. %IC, at. “IV, at. Y%IC, at. % 


1000 0.427 1.85 
1100 0,815 2.11 
1200 1.044 2.30 


0.820 2.36 
1,097 2.36 1.500 2.67 
1,580 2.73 1,690 2,83 


TABLE 2. Values of L 


Temperature 0.28% Mn 


2.44% Mn| 4.5% Mn 


1000 
1100 
1200 


4.68 
19.03 
127.20 


96.3 


equilibrium of reaction (1) towards the right. This 
suggestion is based on the results of papers [2, 4], 
in which it was shown by experiment that the pres- 
ence of manganese in austenite leads to a reduction 
in the coefficient activity of carbon. 

In this paper an attempt is made to confirm this 
proposition quantitatively, proceeding from the ex- 
perimental data in [3] and the data concerning the 
influence of manganese on the activity of carbon in 
gamma iron [2, 4]. For this purpose it is assumed 
that vanadium carbide is an excess phase which is 
separated from the austenite. 

Figures for the concentrations of vanadium and 
carbon are set out in Table 1 (in at. %) in the solid 
solution at various temperatures calculated from the 
results of paper [3]. 

Assuming that in the experiments in paper [3], an 
equilibrium state was reached, the values for L 
were calculated according to equation (2), and are 
set out in Table 2. 

It is clear from Table 2 that the value of L depends 
on the concentration of manganese. In order to make 
a quantitative evaluation of this influence and to 
find the activity coefficient of carbon, as determin- 
ed by the presence of manganses Yoo let us take for 
comparison a solid solution of vanadium and carbon 
in gamma iron with absolutely no manganese content. 
Here it may be assumed that the presence of the 
manganese has no influence on the value yy, which 
for simplicity will in future be included in the value 
L’. 

From equations (2) and (3) it follows that a rela- 
tionship exists between L and L’ 


0123.0 5 


FIG. 1. The relationship between / and the Mn content 
at temperatures: 


1 — 1200°; 

2 — 1100°; 

3 — 1000. 
L’=L 


(4) 


The value of L’ can be found by extrapolation of 
the experimentally determined value of L to a zero 
concentration of manganese. 

It is known [5], that in dilute solutions the ratio 
is maintained 


where ys is the activity coefficient of the dissolv- 
ed substance /, which is dependent on the presence 
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of another dissolved substance A (weight %). It is 
advisable for this reason to carry out a graphic ex- 
trapolation in semilogarithmic co-ordinates. The re- 
sults of this extrapolation for paper [3] are set out 
in Fig. 1. 

It can be seen from the illustration, that the ex- 
perimental points fall in a fairly straight line at a 
temperature of 1100°, while at the two other temper- 
atures, 1000° and 1200°, a certain amount of scatter 
is observed. 

From formula (4) it follows that 


igh =IgL’ —3ig 6) 


Thus it can be seen from the experimental data 
set out in Fig. 1, that in the case under review 
equation (5) is maintained. Comparison of equations 
(5) and (6) shows that the angular coefficient of the 
straight lines in Fig. 1 is equal to three times the 
value of K with the opposite sign in equation (5). 


Ig = K [%Mn]. (7) 


From Fig. 1 it follows that for 1100° the value of 
K is 0.11. 

In paper [2] the equilibrium was studied between 
the mixtures CO-CO, and carbon, dissolved in aus- 
tenite and containing 3% by weight manganese in 
the tomperatere range 930-1050°. Allowing that the 
value y'-- in this range is not dependent on temper- 
ature, we calculated the value K using equation (7). 
Its numerical value was 0.07, that is, close to 0.11. 
This confirms the suggestion that the increase in 
the solubility of vanadium carbide in austenite in 
the presence of manganese is explained by the reduc- 
tion in the coefficient y(. 

In a much earlier work [4] the equilibrium has been 
studied between the mixtures CH,-H, and carbon 
dissolved in alloys of iron with manganese in the 
gamma-phase range at manganese concentrations of 
up to 14.5% by weight. The value of K calculated 
from this data is approximately —0.02. This does 
not agree with what has been set out and provides 
no basis for a quantitative interpretation of the ef- 
fect of manganese on the solubility of vanadium 
carbide according to the propositions and data set 
out in paper [6]. It seems that the problem of the 
divergence in the data produced in papers [2] and 
[4] requires further explanation. 

It is possible from the data set out in Fig. 1, to 
calculate the heat of diffusion of vanadium carbide. 
As is well known, the temperature relationship of 


+2 


FIG. 2. The relationship between Igl and 1/T: 
1— 0% Mn; 
2 — 1.5% Mn; 
3 — 3.0% Mn; 
4— 4.5% Mn. 


the derivative of solubility is determined by the 
equation 


where AH is the heat of solution; 
R is the gas constant; 
T is the absolute temperature. 
Or in an integrated form 


(9) 


where B is the constant of integration. Thus it is 
possible to find the value of AH graphically from 
the relationship between |,Z and 1/T as the tan- 
gent of the angle of the straight line plotted through 
these co-ordinates. In the case under review equa- 
tions (8) and (9) are correct for a constant concent- 
ration of manganese. 

Fig. 2 shows the lines obtained by taking the 
value lg from the straight lines in Fig. 1 for man- 
ganese content 0, 1.5, 3.0 and 4.5% by weight. The 
value for AH obtained in this way is: for austenite 
without manganese (curve 1) — 81,000 and for alloys 
with 1.5, 3.0 and 4.5 % by weight manganese, res- 
pectively — 69,000, 57,000 and 45,000 cal/mol 
(straight lines 2, 3, 4 respectively). 

These results show quite clearly that the heat 
solution of vanadium carbide in austenite is reduced 
as the manganese content is increased. This is yet 
another confirmation of the hypothesis that, in the 
presence of manganese in a solid solution, the 
activity of the carbon increases and thus assists 
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TABLE 3. Values of L according to papers [1] and [3] 


Temperature 


°C 


L acc [1] 


Lacc [3] 


extrapolation 


1000 
1100 
1200 


0.224 
3.31 
18.2 


the solution of vanadium carbide in austenite having 
caused a displacement of the equilibrium of react- 


ion (1) towards the right. 
Reaction (1) for the solution of vanadium carbide 


can be represented by the sum of the following re- 
actions: 


= 4V + 3C graphite (10) 


4V ir) == 4V solut. 7-Fe + (11) 


SC praphite= 3C solut. + (12) 


from which for reaction (1) 


AH = AH, + AH, + AHs. (13) 


The heat of formation for vanadium carbide VC, 
given in [6] on the basis of researches carried out 
in 1906 is 28,000 cal/mol. Richardson [7], on the 
basis of much earlier measurements, estimates this 
to be 12,500 cal/mol. Allowing for some data not 
yet published, which were obtained in the Institute 
of the Physics of Metals, TsNIIChM, which are in 
agreement with this figure, we shall in future cal- 
culations use the value of 12,500 cal/mol = AH. 

Let us assume approximately that for V,C;, the 
value of AH, is 12,500 x 3 = 37,500 cal. Because 
of the similarity of the chemical properties of vana- 
dium and iron it cannot be expected that the value 
AH, will exceed several thousand cal. 

According to the data in paper [8] the heat of 
solution of graphite in austenite is around 10,000 
cal/g. at or H, = 30,000 cal. 

Using these figures, we find that the heat of solu- 
tion of vanadium carbide in manganese-free austen- 
ite is about 68,000 cal/mol without allowing for the 
heat of mixture of vanadium with the gamma-solid 
solution. As a number of approximations have been 
made in these calculations, this may be regarded 
as a satisfactory agreement between the values 


calculated by two quite different methods (81,000 
and 68,000 cal). 

In paper [1] the heat of solution of V,C, in 
austenite was found to be 140,600 cal, i.e. it is 
considerably different from that calculated. It is at 
the moment, difficult to provide an explanation for 
this divergence. It can only be suggested, that in 
paper [1], the heating time of the testpieces prior 
to quenching was insufficient for the complete solu- 
tion of the vanadium carbide. In favour of this sug- 
gestion is the fact that at a high quench-hardening 
temperature (12,00°) satisfactory agreement has 
been observed between the values of L found in 
paper [1], and the value of L from the data of paper 
'3], extrapolated to a zero concentration of mangan- 
ese. At much lower temperatures, the value L ob- 
tained in paper [1], is somewhat smaller in compar- 
ison to that found in paper [3] as can be seen from 


Table 3. 
CONCLUSIONS 


It has been shown that it is possible to interpret 
the influence observed of manganese on the solution 
of stable vanadium carbide ia austenite, on the 
basis of the hypothesis that the presence of man- 
ganese in the solid solution reduces the activity 
coefficient of the carbon. 

A thermodynamic approach to this problem has 
revealed contradictions in experimental data. For 
this reason it was considered advisable to set up 
some special experiments from the results of which 
it has been possible to give a quantitative picture 
of the influence of manganese on the solubility of 
vanadium carbide in austenite. This work could be 
of significance in solving the much general problem 
of the thermodynamic conditions for the solution of 
stable carbides in gamma-iron in relation to their 


content of alloying elements. 


Translated by V. Alford 
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THE MIGRATION OF CARBON IN A BIMETAL AND WELDS JOINING DIFFERENT 
TYPES OF STEEL * 


I.N. GERASIMENKO 


Attention has been drawn in publications [1,3] to 
the noticeable migration of carbon in welds of dif- 
ferent types of steel on heating in the temperature 
range 500 to 700°. This phenomenon has been regard- 
ed as one of the forms of reaction diffusion which is 
connected with the dissolution and formation of 
chemical compounds between the atoms of iron and 
the carbide forming elements. Carbon is known to 
have a small atomic radius situated in the interstiti- 
abilities of the crystal lattice, and when the metal 
is heated, to diffuse slightly in the direction of the 
more active carbide-forming elements. This causes 
the formation of a zone of carburized metal in the 
sector where the strongest carbide-forming elements 
are to be found, and at the same time decarburization 
occurs in the adjacent zone of the metal. It will 
be shown below that the migration of carbon has an 
essential influence on the properties of welds bet- 
ween different types of steels. 

Fig. 1 shows the microstructure of the two-layer 
steel 12MKh + E1496 after high temperature temper- 
ing at 650° which causes migration of the carbon 
from the pearlitic steel 12MKh to the chromium steel 
£1496. In this case, according to the results of spect- 
ographic analysis, the carbon concentration in the 
narrow band of E1496 steel reaches 0.9%. A similar 
phenomenon is observed in the two-layer steel 
MSt. 3 + E1496, but here the carbon concentration 
reaches much higher values. This means that, as 
regards structure, the two-layer steel actually be- 
comes 4-layer steel. 

The thermal reaction which occurs in the welding 
process causes the formation of quench-hardened 
structures in the carburized band of steel E1496 
(Fig. 2). At the same time there is in this sector a 
considerable increase in hardness and decrease in 
plasticity. For this reason the plastic properties 
(percentage elongation and bending angle) of a weld 
of two-layer steel 12MKh + E1496 are determined 
not only by the properties of the metals of which 
it is composed, but also to a very large extent by 
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the properties of the carkurized band of steel E1496 
which they create in the zone around the weld under 
the influence of the heat cycles of welding. This can 
be confirmed by putting a flat testpiece under tens- 
ion with the weld arranged longitudinally. At a per- 
centage elongation of around 2 % cracks will form 

in the carburized band with subsequent fracture 
across the whole of the testpiece. If the weld is 
subjected to a bend test, with the alloyed zone out- 
side, fracture will occur in the area around the weld 
at a bend angle of not more than 45 to 75°. These 
plastic properties are ccensiderably lower than the 
properties of the two-layer steel in its original 

state as supplied. 

The phenomenon of the migration of carbon is also 
observed in welds of a two-layer metal and differ- 
ent types of steel in the process of undergoing high 
temperature tempering (Fig. 3a and 3b). This causes 
deterioration of the mechanical properties and the 
corrosion resistance of the welds. It is for this 
reason often necessary to prevent the process of 
carbon migration. For this purpose, in the production 
of bimetals it is sometimes customary to use special 
interlayers of pure Armco iron, nickel or other metals 
which prevent carbon diffusion. 

However, as has been shown by our experiments, 
in some cases where there are different phase cons- 
titutions of the metals, a reverse carbon migration 
may occur at their separation boundaries, that is 
from the carburized band of steel E1496 to steel 
12MKh or to St. 3. For example, when two-layer 
steel 12MKh + E1496 is heated to a temperature 
above Ac, and held at this temperature, the carbon 
migrates from the carburized zone of steel E1496 
to steel 12MKh (Fig. 4). If the two-layer metal is 
heat treated to temperatures above point Ac,, weld- 
ing will not cause carbon migration and will not lead 
to the formation of an unsatisfactory structure in the 
zone of the temperature influence of steel E1496. 

If the two-layer steel 12MKh + E1496 with a car- 
burized zone in steel E1496 is welded after prelim- 
inary heating to a temperature above that of marten- 
sitic transformation (M,), carbon will migrate from 


the carburized band of steel E1496 to steel 12MKh 
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Migrations of carbon 


Decarburized zone 


Carburized zone 


FIG. 1. The structure of duplex steel 12MKh + E1496; x 200. 


Austenitic metal of weld 


Steel E1496 (08Kh12) 


Steel 12MKh 


FIG. 2. The structure formed around the weld in duplex steel 
12MKh + E1496; x 140. 


as shown in Fig. 5. 

This appearance of reverse carbon migration can 
be explained by the fact that, when steel 12MKh is 
heated above Ac; point gamma-iron will form, while 
at the same time, the 12% chromium steel £1496, 
which contains up to 0.06 % carbon, will be in the 
a-phase or, at a slightly higher temperature, in the 
two-phase state a + gamma phase and at higher 
temperatures the delta phase only is formed. 

The solubility of carbon in gamma-iron is known 
to be greater than in alpha-iron and, as a result of 
the considerable reduction in the energy of activa- 
tion, the carbon will migrate rapidly from the carbur- 
ized zone of steel Ki496 to steel 12MKh. 


It is thus possible, after correcting the process 
of carbon diffusion in permanent welds of different 
types of steel, to increase the quality of the welds 
by using special separating interlayers between 
them of pure iron, nickel or other metals which 
prevent carbon migration. 


Translated by V. Alford 
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FIG. 3a. Carbon migration in welds of steel mark St. 3 FIG. 3b. Carbon migration in welds of steel E1496 
in austenitic seams; X 75. (08Kh12) in an austenitic seam; x 375. 


FIG. 4. Carbon migration from steel E1496 to steel 12MKh (in duplex steel) 
after heat treatment above point Ac;. 
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FIG. 5. Reverse migration of carbon from steel E1496 to steel 12MKH in the 
zone around the weld of the duplex steel; x 80. 
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INVESTIGATION OF MARTENSITIC TRANSFORMATION IN THE ISOLATED AUSTENITE 
OF CARBON-FREE IRON ALLOYS * 


A.P. GULYAEV and V.D. ZELENOVA 
TsNIIChM, Central Research Institute of the Automobile Industry 


Preliminary plastic deformation reflects in various 
ways on the martensitic transformation of austenite 
in different steels and alloys. It has been establish- 
ed in papers [1-4], that in carbon-free F'e-Ni-Mn al- 
loys type N22G3 the deformation retards the trans- 
formation on subsequent cooling. In a number of 
steels it has been discovered that, at the lower 
stages of plastic deformation, martensitic transform- 
ation is interrupted on consequent cooling [5]. The 
activating influence of the deformation was also 
discovered in carbon-free alloys Fe-Cr-Ni type 
Kh17N9 whose elastic properties were sufficiently 
high [6]. 

In paper [7] it has been established that there is 
no martensitic transformation in a powder of isolat- 
ed austenite obtained by the method of electrolytic 
solution of the quench-hardened steel. 

The present investigation has been made for the 
purpose of discovering whether martensitic trans- 
formation takes place in powders separated from 
carbon-free alloys with an austenitic structure. 

The investigation was carried out on powder ob- 
tained by the method of electrolytic solution from 
the alloy Kh17N9 (C 0.03 %; Ni 9.4%; Cr 16.7%). 
The martensitic transformation point of the alloy on 
cooling from above 1100° is below room temperature, 
the alloy has an austenitic structure and clearly 
defined boundaries between the grains on electro- 
lytic etching in a 10% solution of oxalic acid. 

The electrolytic separation of the isolated austen- 
itic from the alloy Kh17N9 was carried out under the 
same conditions as those used for separating aus- 
tenite from alloy steel (Kh12M, Kh12F 1, E169, 
144Kh3 and so on). The electrolytic dissolution was 
carried out on testpieces of the alloy Kh17N9 which 
had undergone heat treatment under the following 
conditions: heating temperature prior to quenching, 
1100, 1200 and 1300°. Quenching was carried out in 
oil, air and in the furnace itself. Part of the test- 
pieces after quenching were given a prolonged tem- 
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pering treatment (10 hr) at a temperature of 700°. 

It was possible under all the types of heat treat- 
ment enumerated above, to separate electrolytic 
precipitates in the form of powder, The size of the 
particles of powder varied between 10 and 300 pz 
(measured under the microscope). The powder was 
magnetic. Radiographic investigation revealed the 
presence of a and y-phases, making it impossible 
to carry out magnetic separation. This showed that 
there were two phases in each particle. In the radio- 
grams taken of the electrolytic precipitates, the dif- 
fraction lines of the y-lattice consist of dotted re- 
flexes while the lines of the a-lattice are solid. The 
amount of martensite in the separated precipitates 
fluctuated according to the method of heat treat- 
ment, between 40 and 80%. The greatest amount of 
martensite is formed in a powder obtained by the 
electrolytic dissolution of testpieces which have 
been slowly cooled in the furnace from a temperature 
of 1100°. 

In radiographs taken from the surface of a solid 
testpiece of alloy Kh17N9, a considerable amount 
of a-phase is disovered (30-40%) although the pieces 
are virtually non-magnetic, that is, the a-phase is 
only in the thin surface film. 

It could be suggested that the reason for the ap- 
pearance of the a-phase is that, as a result of the 
electrolytic dissolution, individual grains of austen- 
ite have been released from their mutual influences 
with a subsequent relief of stress. Stress relief 
could equally well occur to the grain as a result of 
a certain load. As the elastic limit of a monocrystal 
is considerably lower than that of a solid testpiece, 
it is sufficient for this load to cause plastic deform- 
ation in the separate grains of austenite, which leads 
to the formation of martensite. 

The monocrystallite powder of austenite was ob- 
tained by heating (in ampoules with the exclusion of 
air) the electrolytic precipitates to a temperature of 
around 1000° and then cooling at practically any 
speed. Powders obtained after this treatment are 
non-magnetic. The radiographs revealed the prese- 
ence of diffraction lines for the y-lattice only; they 
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were composed of separate points. In the isolated 
austenite of the alloy Kh17N6, as with steel, a 
sharp reduction in the widih of the interference lines 
on the radiographs is observed. While in the solid 
testpieces, the lines 222, and 311, (taken by the 
method of reverse exposure in Fe radiation) appear 
in the form of solid bands, in the isolated austenite 
there is a marked separation of the Kg doublet. The 
reduction in the width of the interference lines is 
explained by second-order stress relief on the elec- 
trolytic separation of the isolated austenite. The 
lattice parameter of the austenite is the same for 
the solid testpieces and for the powder. The para- 
meter was determined from the distance between the 
lines 222, on the radiograph, taken by the back re- 
flection method in a camera KROSS-1. 

The Cr and Ni content in the powder is identical 
with that of the solid piece (determined by chemical 
analysis). 

It is thus possible, by using the earlier developed 
method of separating the austenite in steel [8], also 
to separate the isolated austenite in the carbon-free 
alloy Kh17N9. In its initial state the alloy is aus- 
tenitic with the exception of the thin surface film 
which consists of the a + y-phases. At the moment 
of separation the austenite is subjected to a redis- 
tribution of stresses, which leads to a y + a-trans- 
formation. Thus the powder obtained from an aus- 
tenitic piece is not pure austenite. If this powder 
is quench-hardened, pure austenitic crystals will be 
obtained. 

It is this austenitic powder, obtained as a result 
of the quench-hardening of the electrolytically se- 
parated precipitates of the alloy Kh17N9, which is 
the object of our investigation to explain the kinetic 
features of the martensitic transformation of isolat- 
ed austenite in a carbon-free alloy of iron, in com-. 
parison to those of an ordinary testpiece. The solid 
testpieces and the electrolytic powders were heated 
at the same time to a temperature of 1100°, in order 
to transform the powders into the austenitic state. 

The martensitic transformation of the isolated 
austenite (powder) and of the austenite in a monoli- 
thic piece of the alloy Kh17N9, was carried out by 
the magnetic method using an Akulov anisometer. 
Martensite curves were plotted for both the powder 
and the testpiece on cooling down to the boiling 
point of liquid nitrogen (— 196°). The rate of cool- 
‘ing was 10°/min. 

The martensitic curves for the solid testpiece and 
for the powder are shown in the illustration. Marten- 
sitic transformation takes place at — 35° in a solid 
testpiece, and cooling to — 196° causes normal 
martensitic transformation. The amount of a-phase 
formed in the testpiece prior to the cycle of cooling 


down to — 196° and heating to + 20°, is 17.5%. 
Cooling to a temperature of — 196° caused no mar- 
tensite formation in the austenitic powder. 

X-ray diffraction pattern of the austenitic powder 
in its initial state and after cooling showed, that 
there was no change in the isolated austenite while 
cooling down to — 196°. Diffraction lines indicating 
the a-lattice are absent. Lack of a-phase formation 
on cooling the isolated austenite was further con- 
firmed by magnetic examination on a ballistic galva- 
nometer (type Steblein) and on a high sensitivity 
apparatus (sensitivity 10“ %). It was shown in all 
cases that there is no formation of martensite when 
the austenitic powder is cooled to the boiling point 
of liquid nitrogen. In the carbon-free alloy Kh17N9 
therefore, the same phenomenon is observed as in 
alloy steels: in the electrolytically separated isolat- 


‘ed austenite there is no martensitic transformation 


while in the solid testpiece normal martensitic trans- 
formation occurs. 

The powder which had not undergone quench- 
hardening, i.e. powder of which each particle con- 
sists of the a and y-phases, behaved quite differ- 
ently. Martensitic transformation occurs when the 
electrolytically separated precipitate of the alloy 
Kh17N9 (without prior quench-hardening) is cooled. 
X-ray examination of the powders showed that the 
amount of a-phase as a result of cooling has increas- 
ed to 10 to 20%. Magnetic measurement (on ballis- 
tic and high sensitivity apparatus) gave similar 
results and showed that there was an increase in 
the amount of a-phase in the powder on cooling to 
a temperature of — 196°. 

There is thus no martensitic transformation in the 
single-phase monocrystalline austenitic powder of 
a carbon-free iron alloy. If the two-phase powder is 
cooled in the martensitic range there will be trans- 
formation of the austenite into martensite. It seems 
that the stresses resulting from the presence of the 
two phases with different coefficients of thermal 
expansion achieve a level sufficient to cause trans- 
formation. 

In papers [9, 10 and others] a different system of 
obtaining the powder was used, that of filing a test- 
piece. In this method a powder is obtained by filing 
the austenitic alloy Kh17N9, the crystalline stract- 
ure of which is in the a-phase, i.e. deformation 
martensite is formed in obtaining the powder. If 
these powders are heated to a temperature of 1100 
to 1300° (in a vacuum) and cooled in air, powder is 
obtained which can easily be divided into two parts 
by magnetic separation: the magnetic and non-mag- 
netic. 

X-ray examination revealed that the non-magnetic 
part of the filings is austenite, only the diffraction 
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FIG. 1. Martensite curves for the solid testpiece and the powder 
of alloy Kh17N9. 


TABLE 1 


Alloy Kh17N9; T,, 


Initial 
State 


Martensitic transformation 
on cooling to — 196° 


Solid testpiece 


Yes 


Isolated crystals 


Yes 


Isolated crystals after 
additional quench-hardening 


Non-magnetic part of filings 


Magnetic part of filings 


lines of the -y-lattice are seen on the X-ray photo- 
graph, there is no sign of a-lattice lines. Radio- 
graphs of the magnetic part of the filings reveal dif- 
fraction lines for y and a lattices. The amount of 
a-phase is about 30% (determined by X-ray). The 
lattice parameter of the austenite of the non-magnetic 
part of the filings is the same as the parameter of 
the y lattice in isolated austenite. On interference 
lines 222, and 311g the splitting of the Kg doublet 
is visible, which is evidence of stress relief in the 
second grade. 

The size of the particles in the non-magnetic part 
of the filings was 30-300y, and in the magnetic part, 
30-800 p (measured by microscope). 

Examination of the martensitic transformation of 
the austenite of the non-magnetic part of the filings 
by the magnetic method (on an anisometer, and on 
ballistic and high sensitivity apparatus) produced 
a result completely analogous to that which was 


obtained for isolated austenite. The magnetic part 
of the Kh17N9 filings did not undergo martensitic 
transformation on cooling to the boiling point of 
liquid nitrogen. Radiographs taken before and after 
cooling were identical and had the diffraction lines 
of the y lattice without any a lattice lines. The mag- 
netic part of the filings underwent martensitic trans- 
formation on cooling to the boiling point of liquid 
nitrogen. 

Radiographs taken before and after cooling show- 
ed that the amount of a-phase in the magnetic part 
of the filings as a result of cooling and heating to 
room temperature, increased from about 30 to about 
40%. It was also disclosed by the magnetic method 
(on ballistic and high sensitivity apparatus) that 
there was an increase in the a-phase in the magnetic 
part of the filings. 
CONCLUSIONS 
A powder was obtained by electrolytic separation 
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No 
No 
y+a Yes 


Martensitic transformation 


of the austenitic alloy Kh17N9, each particle of 
which consisted of the a and y-phases. On subse- 


quent heating to above 1100° powders were obtained 


which consisted of single crystals of the y-phase. 
The monocrystalline particles of the y-phase did 
not undergo martensitic transformation on cooling 
while a solid polycrystalline testpiece of the same 


constitution underwent martensitic transformation in 
the same conditions of cooling. The electrolytical- 


ly separated particles which are a mixture of a+ y 


phase, underwent martensitic transformation on 
cooling. It appears that, the two-phase initial con- 
stitution and the coefficient of linear expansion of 
the a and y phases, on cooling create stresses suf- 
ficient to cause martensitic transformation. 

The table shows in which case martensitic trans- 
formation will take place and where it is absent. 


Translated by V. Alford 
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The problem of the nature of atomic interaction in 
the hydrides of transition metals and the state of 
the hydrogen in them,-is at the moment the subject 
of some discussion. In order to solve this problem, 
the structual characteristics and physical properties . 
of these compounds must be studied as a whole. 

The hydrides of the transition metals of the fourth 
group in the periodic table (Ti, Zr, Hf) saturated 
with hydrogen to the composition of hydrides compos- 
ed of 1 to 2 atoms of hydrogen to each of metal have, 
according to the neutrondiffraction data, a cubic (or 
tetragonal) face-centred structure type Cal’, with 
the atoms of hydrogen distributed in the tetrahedral 
interstices. 

If a comparison is made of the smallest distances 
between the titanium atoms Tak 7; in the introduc- 
tory phases for TiH, and TiN consisting of the same 
amount of non-metal atoms — 50 at. % Hisee Table 1), 
it is found that the hydrogen causes a greater expan- 
sion of the lattice than that caused by carbon or 
nitrogen. 


THE NATURE OF ATOMIC INTERACTION IN THE HYDRIDES OF CERTAIN 
TRANSITION METALS * 
S.A. NEMNONOV and L.D. FINKEL’SHTEIN 
Institute of the Physics of Metals Academy of Sciences U.S.S.R. 
(Received 6 July 1956) 


factors from the crystallo-chemical point of view. 

The suggestion that hydrogen is introduced into 
the tetrahedral spaces in the form of two-atom mol- 
ecules, is refuted by measurement of the smallest 
distance between the two atoms of hydrogen in 
Til, 97 [1], which is shown to be considerably 
greater (2.22 A) than the inter-nucleus distance in 
the two-atom molecule H, (0.75 A) General consider- 
ations of energy [3] also refute this possibility, as 
the effect of considerable expansion of the metal 
lattice on the introduction of hydrogen could scarcely 
be compensated by the forces of interaction between 
H, and Ti. 

No such objections can be made to the hypothesis 
that the hydrogen is present in B-hydrides in the 
state of negative-ions (with an excess charge, and 
this may explain the considerable expansion of the 
metal lattice. The physical basis for such a hypo- 
thesis is provided by the different negative elect- 
rode potentials of hydrogen and the transition metals. 
According to paper [4], the negative electrode poten- 


VOI 


19¢ 


Tic | 95 [2] 


TiH, 67 


| 2,90 | 2.98 


3.05 | 


3.14 


This expansion cannot be explained by the sug- 
gestion that the hydrogen in the hydride is in the 
form of positive ions as even if there is quite a 
small positive charge in the hydrogen, the ratio of 
the radii of the hydrogen and titanium atoms would 
reach the lower boundary of stability for tetrahedral 
co-ordination (0.22) and would lead to convergence 
of the titanium atoms — both highly undesirable 


* Fiz. metal. metalloved., 9, No. 4, 530-534, 1960. 


tial of hydrogen is 2.1, greater than any transition 
metal; for titanium and zirconium it is 1.6. 

The view that hydrogen in the form of negative 
ions and a partially ionic type bond is contained 
in the hydrides of transition metals, was first ex- 
pressed by Dialer [5] with reference to the hydrides 
of rare earth metals type MH, on the basis of the 
similarity in the heat of formation and the tempera- 
ture relationship of hydrogen saturation in these 
hydrides on one side, and the hydrides of alkaline 
and alkaline earth metals on the other. Later [6] 
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e-—xK- absorption boundary of pure V 


xX absorption boundary of V in 
vanadium hydride 


20 JOE eV 


FIG. 1. The K absorption boundary of vanadium in vanadium and vanadium hydride. 


this hypothesis was extended to the B-hydrides of 
all the transition metals of the IIIA and IVA groups 
in view of the proximity of their heat of formation. 

This idea of the constitution of the hydrogen and 
the nature of the bond in the hydrides of transition 
metals is in agreement with the results of a paper* 
on the study of the nuclear magnetic resonance in 
the hydrides of titanium and zirconium. From this 
work it follows that, in the single-phase 8-hydride 
of titanium (more than 55 at.% H) and the B-hydride 
of zirconium with the stoichiometric composition 
ZrH,, as opposed to the a-hydrides, little mobility is 
observed and consequently, a strong hydrogen bond 
with the atoms of the metal. 

In clarifying the problem of the nature of the inter- 
action of atoms in the hydrides of transition metals, 
considerable interest attaches to the results of the 
X-ray spectographic analysis of the hydrides. 


X-RAY SPECTOGRAPHIC EXAMINATION OF 
VANADIUM HYDRIDE 


In the present work, the K-absorption edge of 
vanadium has been studied in pure vanadium and in 
vanadium hydride containing 45 at. % H (1.38 % by 
weight H)*. The analyser used was a quartz crystal 
with a reflecting plane (1340) (d, = 1173.98 XE) and 
radius of curvature 440 mm. Linear dispersion in the 
portion of the spectrum under examination was 
1.77 XE/mm. 

The position of the characteristic points of the 
edge was determined with a precision of + 0.2 ev. 
The illustration shows the K-absorption edge of 
vanadium in metallic vanadium and in vanadium 
hydride. It will be seen from this that in the K- 
absorption edge of vanadium in the hydride, the 
first (C) and second (M) long-wave absorption lines 


* 0.T. Malyukov, B.N. Finkel’shtein. Lecture delivered 
at intereinstitute conference, Kiev, Inst. metallokera- 
siki i spets. splavov. AN USSR, (1959). 


* We extend our thanks to I.I. Matveenko (Chemical 
institute, Ukr. filial AS, USSR) for permission to study 
a sample of vanadium hydride. 
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are considerably weaker than the K-absorption edge 
of pure vanadium and as a result of this the point 
B, which is determined as the average of the initial 
field of absorption, suffers a shift of 0.8 ev to the 
short-wave side. After point M, the K-absorption 
edges of the pure metal and the hydride are exactly 
the same. 

A similar effect of the attenuation of the long-wave 
absorption edge is observed, according to paper [7} 
for the K-absorption boundaries of titanium in titan- 
ium hydrides. In titanium hydrides with 49.5 at. % H 
(2% by weight H) and more, the long-wave absorpt- 
ion edge disappears, and the fine Structure of the 
boundary becomes less dependent on the hydrogen 
content. 

The hydrides in which disappearance of the long- 
wave absorption edge has been discovered [7], be- 
long, according to [2], to the field of single-phase 
B-hydrides which have a variable composition TiH 
to TiH, ard a cubic face centred lattice type CaF. 
In view of the lack of an equilibrium diagram V-H and 
the unsuccessful attempts to interpret the X-ray 
photograph due to blurring of the lines, the phase 
constitution of the vanadium hydride with 45 at. % H 
examined in this research work, has not been esta- 
blished. 

However, from the similarity of the electron struc- 
ture of titanium and vanadium atoms and the similar- 
ity of behaviour, for TiC and VC, TiN and VN in 
structural, X-ray spectroscopic and certain other 
ways, the suggestion may be made that the nature 
of the interaction between hydrogen and the metal in 
the hydrides of titanium and vanadium has certain 
characteristics in common. 


ANALYSIS OF RESULTS 


In order to explain the effect of the disappearance 
of the long-wave absorption edge of the K titanium 
boundary in hydrides, the authors of paper [7] have 
used the hypothesis of the “metallisation” of the 
bond in hydrides, on the assumption that the 3d 
band of metal is gradually filled with hydrogen elec- 
trons. As the 3d band in titanium is far from fully 
(the 3d shell of the free titanium atom contains two 
electrons per atom), even the complete transition of 
one electron from each hydrogen atom in this band 
wiil have no appreciable effect on its completion 
and, in our view, it cannot explain the disappearance 
of the long-wave absorption maximum. Besides this, 
the hypotheses concerning the proton constitution 
of the hydrogen in the hydride is contrary to crystal- 
lo-chemical criteria concerning the stability of tetra- 
hedral co-ordination and does not agree with the 
data on the low mobility of hydrogen in the hydrides 


of titanium and zirconium. 
We suggest that the weakening (for vanadium 


hydride) and disappearance (for titanium hydride) of 
the long-wave absorption lines in the K spectra of 
these metals can be explained by a reduction in the 
extent of the overlap (3d 4s) of the hydride band with 
the 4p band, as a result of an increase in the dist- 
ance between the atoms of the metal and the reduced 
likelihood; on account of this, of transition into the 
general 3d4s state. The greatest reduction of ele- 
ments with a 4p constitution and consequently, the 
greatest attenuation of the absorption coefficient, is 
to be expected in the lower levels of the conduction 
band, that is, in the long-wave part of K boundary 
absorption; a considerably smaller effect is to be 
expected in the second part of the main edge, as 
can be seen in the illustration. 

Considering the statements and experimental data 
given above, it seems to us that the bond between 
the atoms of titanium or vanadium and hydrogen in 
the hydrides of these metals, is of the ionic coval- 
ent non-localized type. The surplus electron, which 
is received by the hydrogen atom from the metal, 
cannot, due to the inadequate difference in negative 
electric potential, be completely held in the immedi- 
ate vicinity of the hydrogen and for this reason, 
together with the actual hydrogen electron creates 
a non-localized resonant covalent bond with the four 
nearest atoms of the metal; when this occurs, each 
pair of electrons engaged in this bond is, at any 
moment, shifted in the direction of the more negat- 
ive partner, i.e. the hydrogen atom. 

This description of the nature of the interaction 
between the atoms of the metal and hydrogen could, 
in our opinion, explain the appearance of an addi- 
tional maximum on the short-wave side K8,Ti in 
hydrides*, as the result of transition from the elec- 
tron state in the direction of a hydrogen atom, 
caused by ionic covalent bond. 

The interaction between the atoms of the metal 
may occur, it seems, as a direct one between the 
valence electrons of the metal which are not en- 
gaged in ionic-valent bond with the hydrogen, or it 
may be due to oblique exchange via the hydrogen 
ions. The excellent conductivity and the metallic 
lustre of the hydrides appears to be determined in 
the main by the interaction which is reminiscent of 
the interaction of magneto-active ions of a metal 
in an antiferromagnetic material, e.g. MnO and is 
apparently the cause of the hitherto undiscovered 
antiferromagnetism of TiH,. 


* E.Ye. Vainshtein, Ye.A. Zhurakovskii, I.B. Staryi. 
Lecture delivered at inter-institute conference, Kiev, 
Inst. metallokeran. i. spets. splavov. AN USSR, 1959. 
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It must be noted that everything which has been 
said above with regard to the constitution of the 
hydrogen and the nature of the bond between the 
atoms of the metal and the hydrogen refers only to 
the 8-hydrides of the metals under review. In the 
a-hydrides, for which the data for nuclear magnetic 
resonance are evidence of considerable mobility 
and of the weak hydrogen bond with the lattice, and 
also taking into consideration the continuation of 
the long-wave absorption lines in the K boundary of 
titanium, there appears to be a different type of in- 
teraction between the atoms of the metal and the 
hydrogen and a different constitution of hydrogen in 
the lattice. It is not impossible that it is “metallic” 
in a manner similar to that of hydrogen in palladium 
hydride [8], although the experimental data avail- 
able at the moment are not adequate for a consider- 
ed op'nioa. 


It seems to us that there is a sound physical 
basis for the recognition of the different nature of 
atomic interaction in the saturated hydrides of trans- 
ition metals at the beginning and end of the long 
periods; firstly, because the negative electric poten- 
tial of transition metals towards the end of the per- 
iod as a rule increases and approximates to that of 
hydrogen, and secondly, because the stability and 
heat of formation of the hydrides, beginning with the 
chromium group, suffers a sharp fall [5]; the heat of 
formation of the hydride of palladium cannot be fur- 
ther compared with the heat of formation of, for 
instance, TiH, or ZrH,. 


Translated by V. Alford 
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The study of the preferred crystallographic direct- 
ion of the growth of crystals and their dependence 
on various factors is of considerable significance, 
both from the practical and from the theoretical 
points of view. It could provide information concern- 
ing the equilibrium forms of crystals and concerning 
the maximum desirable conditions for the growth of 
well oriented and complete crystals, the texture in 
the columnar zone of an ingot and how this texture 
is changed, etc. etc. 

This paper describes an investigation of the pre- 
ferred crystallographic directions of growth from the 
melt of aluminium (99.99 %) and of aluminium (99.99%) 
with an addition of 0.2% zinc to the fusion. The 
purpose has been to obtain new data to explain the 
influence of the zinc additions to the solidification 
texture of aluminium. 

The preferred direction of crystallographic growth 
from the melt is known to be revealed in certain cir- 
cumstances, among them, that of directional solidi- 
fication. Columnar crystallization is a clear example 
of this Kind of thing. 

When the columnar zone of an ingot is crystallized 
some crystals in the course of growth, are pushed 
out by other ones, and as a result only those remain 
which are favourably oriented in the direction of the 
emission of heat. From this, texture emerges. In an 
ideal case, in the columnar zone of an ingot all the 
crystals grow in such a way that the preferred dir- 
ection of growth is the same as that of the withdraw- 
al of heat (the crystals differ in orientation from one 
another only in the different angle of rotation around 
this direction). 

The preferred crystallographic orientation in the 
process of crystal growth has been studied many 
times. Some research workers have found for ex- 
ample [1,2] that in the columnar crystallization of 
face-centred metals, the crystals which survive are 
those in which the axis is disposed in the direction 


* Fiz. metal. metalloved., 9, No. 4, 535-541, 1960. 


THE EFFECT OF SMALL ADDITIONS OF ZINC ON THE PREFERRED CRYSTALLOGRAPHIC 
DIRECTION OF GROWTH FROM THE MELT OF ALUMINIUM CRYSTALS * 
D.I. LAINER, R.L. PETRUSEVICH and Ye.S. SOLLERTINSKAYA 
The Institute Giprotsvetmetobrabotka 
(Received 2 July 1959) 


of the withdrawal of heat [100] *. This has provided 
a basis for the assumption that this direction is 
characteristic for pure face-centred metals. However, 
the recent highly interesting researches of Tiller 

[3, 4] have shown that in the preferred direction of 
crystallographic growth there has been some influ- 
ence from additional elements: if the preferred dir- 
ection of growth for zone-refined lead on columnar 
crystallization is the axis [111], then, where there 
is a considerably smaller amount of additions, the 
preferred direction will be [100]. For the pure mater- 
ial for example, the direction [111], and not [100], 
is characteristic, as has been confirmed by previous 
data. 

Apart from impurities, it has been established 
that in the preference of one direction of growth over 
another, great influence is exercised by the temper- 
ature gradient, the amount of superheat of the melt 
and certain other factors, which may be described 
as the external conditions of crystallization. 

Many scientists have concentrated their attention 
on the problem of explaining the mechanism of the 
displacement of one crystal by another in direction- 
al crystallization in various circumstances. We 
mention only the more recent works of Tiller and 
others [3, 4] in which this problem has been dis- 
cussed in great detail. 

In studying the growth of crystals, mainly in 
metals, from a melt, the writers have come to the 
conclusion that a crystal with arbitrary orientation 
will, on directional crystallization, grow in layers 
parallel to one of the close packed planes (in the 
case of face-centred metals this is most frequently 
of all in a parallel plane [111] ). Thus, even with 
the growth of unlimited crystals, the crystal will 
strain, on the surface of crystallization, towards 
the limit of the more c!oser packed planes. This 


* In practice dispersion of the orientation always occurs, 
i.e. deviation by 10-15° of the axis [100] of the dif- 
ferent crystals in the columnar zone from the direction 
of heat withdrawal. 
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Grain boundary 


FIG. 1. The growth surface of a bicrystal [h&/] - [111] 
according to Tiller [3]. 


also determines the preferred directions of growth 
in directional crystallization. 

Let us consider the growth of a bicrystal accord- 
ing to Tiller, where one of the crystals has an arbit- 
rary o-ientation while the other has an axis [111] 
parallel to the direction of withdrawal of heat (Fig. 
1). As the highest rate of growth of the layers is in 
the direction parallel to plane (111), the crystal 
with orientation [111] will have a greater rate of 
tangential development than that with an arbitrary 
orientation (see Fig. 1). As a result of this, the 
crystal with orientation [111] will, in the process of 
growth, displace the crystal with arbitrary orienta- 
tion. This is the picture of crystal growth drawn by 
Tiller for a flat front of crystallization. 

If impurities are present or if the rate of cooling 
is increased, the stability of the planar crystalliza- 
tion front will be disrupted: projections will appear 
which lead primarily to the emergence of a cellular 
front, and then to dendritic growth, aided by the in- 
clusion of impurities in the expanding ingot and also 
by its more rapid solidification. 

These new forms of growth lead to new orienta- 
tions. 

We will not deal in detail with the forms of growth 
of the front, but will note that the most satisfactory 
orientation where impurities are present, is that 
which assures the easiest removal of the impurities 
from the crystallization front and their capture by 
the growing crystal. 

The more intensively the impurities are captured 
by the growing crystal, the less there will remain 
of them on the crystallization surface; concentration 
undercooling is reduced, i.e. in this type of crystal 
the solidification temperature will -be higher and 
therefore its growth will outstrip that of the neigh- 
bouring crystals. As a result of tangential growth 
[1, 4, 8], this crystal will squeeze out its neigh- 
bours distributed on a lower plane. 

Papers [1, 4, 8] are of interest if only because 
the phenomena described in them are in agreement 


with the older theories concerning the equilibrium 
forms of a crystal, as all types of crystal growth, 
both cellular and dendritic, have a basic main type 
of growth in the form of steps which are parallel to 
one df the more closely packed planes. 

Thus the deep unity in the processes of crystal 
growth is revealed in completely different circumst- 
ances. 


DESCRIPTION OF THE EXPERIMENTS 


The preferred direction of crystallographic growth 
of aluminium (99.99 %) and aluminium (99.99 %) with 
an addition of 0.2% zinc, while the crystals were 
drawn out from the melt according to the Chokhral- 
skii method. The Chokhralskii method of drawing out 
the crystals is also in essence directional crystal- 
lization. But here the presence of the temperature 
gradient is combined with the artificial introduction 
into the melt of a seed, which leads to a number of 
peculiarities in comparison with columnar crystal- 
lization. 

In the first place, conditions of crystallization 
can here be created, which are close to equilibrium. 
Superheating of the melt can be taken as insigni- 
ficant, and the rate of withdrawal is low. Under these 
conditions, the growing material endeavours to push 
out impurities, so that at first very pure material is 
withdrawn. 

Secondly, this method makes it possible to use 
oriented seeds of single crystal, two crystal, etc. 
structure in the manner defined, by which means a 
whole number of preferred directions of growth can 
be studied and not only the most preferred direction 
characteristic for the given type of lattice (by ana- 
logy with the degree of structural importance of the 
different crystal boundaries [5] ). 

With the method of columnar crystallization, it is 
possible only to obtain the most favourable orienta- 
tion, as, in the large number of crystal nuclei at 
the beginning of the process of crystallization, there 
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FIG. 2. Bicrystal of aluminium grown on my FIG. 4. Bicrystal of aluminium with 0.2% 
seeds [111] -[110]. The crystal with ori- ‘ zinc grown on seeds [100] -[111]. The 
entation [110] is being squeezed out; ¥ 3 crystal with orientation [111] is no long- 
xl. : er being squeezed out; x 1. The arrow in- 
dicates the place where the bicrystal of 
pure aluminium is joined to the bicrystal 

which has zinc. 


FIG. 3. Bicrystal of aluminium grown on primers [100] -[111]. 
The crystal with orientation [111] is being squeezed out; 
x1. 
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FIG. 5. Macrostructure of cross-sections of bicrystal [100] -[111] with 0.2% zinc 
made at distance varying by 5 cm from the seed; x 1.5. 


are always some which have the most favourable 
orientation and they form the columnar zone in the 
ingot. 

We studied the preferred crystallographic direction 
of growth of aluminium on bicrystals growing simult- 
aneously from two monocrystalline seeds which were 
joined together and had different orientation. The 
axes of the seeds were aligned with the flow of heat 
according tothedirection of withdrawal. In the pro- 
cess of growth one crystal was pushed out by an- 
other. The orientation which survived was taken as 
the preferable of the two. 

Withdrawal was carried out in air at a rate of 0.6 
mm/min. No special cooling of the testpieces was 
undertaken as the temperature gradient in the cryst- 
allization region was constant. The three character- 
istic crystallographic directions were compared: 
[111], [100] and [110], perpendicular to the three 
planes with the greatest reticular density. 

The order of density of these planes was as fol- 
lows: plane (111) was the most dense, plane (100) 
was 16% less dense than plane (111) and plane 
(110) had the least density (35% less than (100) and 
55 % less than (111)). 

The experiments showed that the directions [100] 
and [111] are more preferred than direction [110]. It 
should however be noted that direction [110] is also 
reasonably favourable in comparison to an arbitrary 
oriented crystal. 

During growth of the bicrystals from seeds [110] - 
[100] and [110] -[111] the crystal with orientation 
[110] usually became tapered (Fig. 2). 

During the growth of bicrystals from seeds [100] - 
[111], it was the crystal with direction [110] along 
the line of heat withdrawal which became tapered 
i.e. orientation [100] is more preferable than orient- 
ation [111] (Fig. 3). This is in agreement with the 
results obtained by other writers [1, 2] for face- 
centred metals with a purity in the regions of 
99.99%) which is what we used for aluminium. 


Thus, according to the preferred orientation these 
three characteristic crystallographic directions of 
growth for aluminium (99.99%) can be arranged in 
the following order: the most preferred — [100], then 
[111] and then [110]. However, on highly insignifi- 
cant changes in the external conditions of growth, 
for instance, when the azimuth orientation of adjac- 
ent seeds is altered [6], the directions [111] and 
[100] may assume the preferred positions. This 
could be explained by the fact that planes (100) and 
(111) differ to a comparatively small degree in their 
reticular density. 

Plane (110) is considerably different in reticular 
density from planes (100) and (111) and for this 
reason, external conditions have very little effect 
on the results of experiments with the bicrystals 
[110] -[100] and [110] -[111]. The crystal which is 
squeezed out is nearly always that with orientation 
[110]. 

The considerable influence of external conditions 
on the preferred directions [100] and [111] can be 
used to change the texture of the columnar zone of 
an ingot, by latering the conditions of cooling or by 
adding some addition to the melt. Certain addition 
elements in determined quantities can completely 
destroy the texture, for example an addition of 
10“ % by weight of silver to the zone refined lead 
[4]. It is known that an addition of zinc will have 
a considerable influence on the recrystallization 
texture of pure aluminium (0.5% zinc will eliminate 
the anisotropy in sheets). It may be said that this 
is due to the different adsorption of zinc at various 
planes of the lattice of aluminium and that conse- 
quently, the zinc should also have an influence on 
the different preferred directions of growth of the 
crystals of aluminium from the melt. For this reason 
a study was made of the influence of additions of 
zinc on the preferred direction of growth of alumin- 
ium crystals. 

The method was as follows. In the bicrystal 
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FIG. 6. Etch figures on the cross-section of a primer 
with orientation [110]; x 1000. 


[100] -[111] with the crystal [111] being pushed out, 
the lower part was cut off perpendicular to the axis 
of the crystal and 0.2% zinc was added to the melt; 
the remaining, upper part of the bicrystal, was again 
submerged in the melt and was then withdrawn bring- 
ing out the bicrystal with the addition of zinc, while 
at the same time maintaining all the other conditions 
of growth unchanged. 

The experiments showed that, in the presence of 
zinc, the crystal with orientation [111] at first ceas- 
ed to be squeezed out, and then there appeared a 
tendency for the crystal with orientation [100] to be 
pushed out by the crystal [111] (Fig. 4, 5). In the 
presence of zinc therefore, orientation [111] becomes 
the more preferred. 

The preferred directions of growth can be studied 
not only in experiments with bicrystals or by the 
columnar crystallization method. It is known that, 
when long monocrystals of aluminium are withdrawn, 
particularly at high speeds, their orientation does 
not remain constant according to length. Thus, the 
paper by Marinelly and Blaha [7], describes the 
study of the change in orientation along the axis of 
long aluminium monocrystals with initial arbitrary 
orientation, produced at a high rate of withdrawal. 
The orientation along the monocrystals changed 
constantly and approached the preferred orientation 
in the course of growth. Here only orientations [111] 
and [100] were observed, which confirms the hypo- 


FIG. 7. Etch figures on the cross-section of the same 
monocrystal as in Fig. 6, but 5 cm lower than that 
cross-section; 1000. 


thesis concerning the great sensitivity of the pre- 
ferred directions to changes in external conditions. 

In our work we endeavoured to determined the 
orientation along monocrystals of aluminium up to 
15 cm long, grown from seeds with orientation [100], 
[110] and [111] by the method of etch figures [9, 10]. 
After withdrawal the monocrystals were cut up by 
the electro spark method in a direction strictly per- 
pendicular to the axes of growth and at different 
distances from the seed, and the orientation of the 
cross-sections was determined by the etch figure 
method. For this purpose the surface obtained was 
polished by hand on fine emery paper. The speci- 
mens were produced with great care as the smallest 
deformation of the monocrystals will cause consi- 
derable distortion in the shape of the etch figures. 
Then the specimens were chemically polished in a 
30% solution of boiling NaOH. This removed a lay- 
er 0.05 mm thick. 

The well-defined shape of the etch figures show- 
ed that the deformed layer had practically been 
removed. After this etching was carried out to de- 
velop the figures, in the following reagents: 


45 cm* HNO, with 3% HF, 
25 HCl, 
30 cm? of ethyl! alcohol. 


As a result of the investigations it was established 
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FIG. 8. Etch figures on the cross-section of the same 
monocrystal as that in Fig. 6. The cross-section is 
5 cm lower than the second section; x 1000. 


that, in the process of withdrawal of monocrystals 
of aluminium (99.99 %) up to 15 cm long, each of the 
orientations [100], [110] and [111] is maintained 
practically along the whole length of the testpiece. 
If the monocrystals of these three orientations are 
withdrawn from the melt with 0.2% zinc, then only 
orientation [111] remains completely stable, i.e. it 
does not change with growth of the crystals. Orient- 
ation [110] is unstable — it changes with growth of 
the crystal and approaches orientation [111] (Figs. 
6, 7, 8). Using a seed with orientation [100] rota- 
tion of the crystal was also observed, so that its 
axis [111] approached the axis of withdrawal. 

It has thus been shown in these experiments, that 
direction [111] in the presence of zinc additions, 
will remain the more preferred. 

The results of our work may be explained in the 
following fashion. The effect of the change in pre- 
ferred direction of growth in the presence of additions 
may be likened to a change in the boundaries of the 
crystals in the presence of an impurity. This is 
usually due to the selective adsorption of the addi- 
tion agent on the various crystal boundaries, which 
changes according to the surface energy of the 
boundaries and therefore to their relative growth. 
Zinc is a surface active element in comparison to 
aluminium. It should reduce the surface energy of 
those boundaries on which it is mainly being adsorb- 
ed and should therefore aid their growth. 

On the principle of structural conformity, zinc 


Aluminium 


FIG. 9. The homology of plane (111) of aluminium 
with the base plane of zinc. 


should be adsorbed on the plane (111) of aluminium 
as the base plane of zinc coincides in structure 
with plane (111) of the face-centred lattice of alum- 
inium and has similar parameters (Fig. 9). 

Using the description by Chalmers and Tiller 
[1, 3] of the mechanism of growth of a bicrystal in 
the presence of another element (see above), the 
conclusion should be reached that, the orientation 
to survive should be the one which absorbs the ad- 
dition element most intensely. In our case it is the 
crystal with orientation [111] which squeezes out 
the remaining ones in the presence of zinc. This 
confirms the hypothesis of the selected absorption 
of zinc by plane (111) in aluminium, which also 
leads to an increase in the preference of direction 


[111] as opposed to the direction [100]. 
CONCLUSIONS 


A study has been made of the preference in three 
characteristic crystallographic directions of growth 
for aluminium crystals (99.99 %) and crystals of 


aluminium (99.99 %) with addition of 0.2% zinc on 
withdrawal from the melt by Chokhralskii’s method: 
1) With the displacement of one crystal by another 
on withdrawal of bicrystals on two seeds with dif- 
ferent orientation; 
2) With a change in orientation along the length 
of growing monocrystals with different orientation. 
The investigations have shown: 
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a) That for aluminium (99.99%) the order of pre- viously expounded theories concerning the growth 
ference of the three characteristic crystallographic of crystals and confirm the proposition concerning 
directions of growth is: [100], [111] and [110]; selective absorption of zinc by plane (111) of 

b) That for aluminium (99.99 %) with 0.2% zinc aluminium. 
the most stable is direction [111]. 

The results received are in agreement with pre- Translated by V. Alford 
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THE PROBLEM OF THE MECHANISM OF FORMATION OF THE RECRYSTALLIZATION 
TEXTURE OF METALS AND ALLOYS* 
D.I. LAINER and Ye.I. KRUPNIKOVA-PERLINA 
Institute Giprotsvetmetobrabotka 
(Delivered before the 6th All-Union Conference on the application of X-rays to the study 
of materials, June 1958 
(Received 25 July 1959) 


Two basically different hypotheses exist concern- 
ing the mechanism of formation of preferred orienta- 
tion. According to Burger’s hypothesis, nucleation 
occurs orientationally while growth disorientational- 
ly, Beck, on the other hand, puts forward the propos- 
ition that the nuclei of recrystallization may be dis- 
oriented, while they differ in the degree of depend- 
ence of the rate of growth on orientation. 

A study of the kinetics of the recrystallization 
process has been made on pieces of copper, 80/20 
cupro-nickel and cupro-nickel containing manganese 
and silicon. 

Testpieces 140 x 28 x 0.5 mm in size were used 
for the investigation, with a degree of deformation 
of 96%. Annealing was carried out in a saltpetre 
bath with subsequent cooling in water. The orienta- 
tion was determined by constructing the pole figures 
for the two planes. 

Exposures were made with copper radiation at 
U = 30kW and / = 20 ma, exposure time 8 hr in 
cylindrical cameras. High purity metals were used: 
copper: V4, nickel 99.99%. The melts were carried out 
in ash-free crucibles. The first texture to be analys- 
ed was that of copper deformed by 96%. Deformed 
copper has a 2fold texture: (110) [112] + (112) [Tl]. 

The change in orientations on recrystallization in 
the copper testpieces was determined by annealing 
at 400 and 600° for 1, and 10 sec, for 10 min, and 
1] hr. 

Table 1 shows the time changes in the orientation 
in the copper testpieces. As can be seen from the 
table, the axis of the texture of deformation is pres- 
erved even when the metal has been completely re- | 
crystallized. Increase in the holding time at first 
causes an increase in the number of orientations, 
but then they are reduced. It is clear from this, that 
the axes characteristic for the deformation texture 
are gradually disappearing. At maximum holding 


* Fiz. metal. metalloved., 9, No. 4, 542-544, 1960. 


time there remains onlv the cube texture. 

In the case on hand therefore, the orientation of 
the birth and growth of crystals is present, i.e. the 
deformation texture is repeated in the recrystalliz- 
ed material while the faces have a different rate of 
growth. The most resistant is face (001). 

The experiments conducted on 80/20 cupro-nickel 
produced a picture similar to that which has been 
disclosed for copper. The data showing orientation 
on annealing at 650°, are set out in Table 2. 

With a holding time of 3 sec the testpiece is not 
completely recrystallized and has a cube texture 
and the axes of the deformation texture which are 
responsible for both deformed and recrystallized 
constitutions. 

With a holding time of 10 min, the testpiece is 
fully recrystallized and has axes characteristic of 
the deformed constitution. (If the holding time is 
increased, at first there is growth in the number of 
textures and then it is reduced. As a result only the 
cube texture remains in the testpiece. Consequent- 
ly in this case also the birth and growth of the crys- 
tals proceeds in the time of the orientation. 

Investigation of the kinetics of formation of the 
texture of cupro-nickel 80/20 with an addition of 
0.3 % manganese showed, that in this case the same 
mechanism is observed as in copper and pure cupro- 
nickel. In the case on hand, the changes appeared 
to be connected with the fact that the addition of 
manganese somewhat delays the process of recryst- 
allization and therefore there is a shift on the side 
of extended holding time. For example, at 650° and 
a holding time of 5 sec, the testpiece is uot fully 
recrystallized as opposed to that of pure cupro- 
nickel, and has the same orientation as that of pure 
cupro-nickel annealed for 3 sec. This can be seen 
from the data in Table 3: (001) {100} + (112) (111] + 
(110) [112]. Here the directions which are character- 
istic for the deformation texture apply both to the 
deformed and the recrystallized constitutions. At a 
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TABLE 1. The distribution of the axes of texture in copper testpieces related to 
the annealing temperature and holding time 


Holding meee Composition] Axes characteristic for Axes of the texture of 
time temperature Of the the texture of recrystallization 
°C testpiece deformation 
— | Deformation | (112) [111]+(110) [112] 
sec 400 | Reerystal- (112) [111J+(110) [112] [4+(001) [100}+(110) [111] + 
lization +(111) (112) 
600 The same | (112) [111]+(110) [112] | +(001) [100]+(110) [111] 
10 sec 400 >» » (112) +(001) [100}+(110) [111] 
600 >» » (001) [100]+-(110) [111] 
10 min 400 >» » (112) [111] +(001) [100]+-(110) [111] 
600 >» > (001) [111] 
1 br 400 » » (112) [111] — Trace +(001) [100} 
600 » » (00!) [100] 


TABLE 2. Distribution of the axes of texture of cupro-nickel 80/20 related to the 
holding time on annealing at 650° 


Holding |Constitution Axes characteristic for 
time of the the texture of 
testpiece deformation 
Deformation 
(112) [1 11]+ (110) [112] 
(112) (110) {112} +(001) [100] 
10 min (112) [111]+ (110) [112] + (001) [100}+(110) [111] 
| hr The same ae (901) [100] 


TABLE 3. Distribution of the axes of texture in testpieces of cupro-nickel with 
0.3 % manganese, related to holding time at 650° 


Holding |Constitution Axes characteristic for the 
of the the of recrystallization 
testpiece deformation 
Deformation 
Recrystal- (112) [111)+(110) [112] 
5 sec | lization t (112) ]+(110) [112] +(001) [100] 
Deformation 
hr Recrystal- (112) [111] +(001) [100] 
za n In 
4 hr | ‘The same (001) [100] 


holding time of 1 hr, two textures are obtained, one Investigation of the influence of surface active 
of which is a cubic texture and the other corresponds additions of silicon on the kinetics of the recrystal- 
to the direction characteristic for the texture of de- lization texture of cupro-nickel showed that an ad- 
formation: (001) [T00] + (112) [111]. The testpiece dition of silicon causes an even greater delay in the 
was completely recrystallized. With a holding time process of recrystallization of cupro-nickel than 


of 4hr at 650° the cupro-nickel with the manganese does the manganese. 
possessed only the one cubic texture. In this case when the testpieces were annealed 


Recrystallization texture 


TABLE 4. Distribution of the axes of texture of 80-20 cupro-nickel with an 
addition of 0.1 % silicon, related to holding time at 650° 


Axes characteristic for 
the texture of 
deformation 


Constitution 
of the 


Holding 
time 


Axes of the texture of 
recrystallization 


testpiece 


Deformatior 
Recrystal- 
lization + 
Deformation 
Recrystal- 
lization 


(112) filly — 


The same _ 


(112) [111]+(110) [112] 
4112) []71)+(110) [112] 


+(001) [100] — Trace 


+(001) [100]+(110) [001]+ 
+(111) [112]+(130) [001] 
(001) [100) 


for 5 sec at 650° the following orientations were 
obtained: (112) [111] + (110) [112] + (001) [T00). 

The first two of these orientations relate to the 
recrystallized and also the deformed constitutions. 
The cube texture is very poorly defined in this case. 
The course of the changes in orientation is shown in 
Table 4. 

When exposed for 1 hr the testpiece was completely 
recrystallized and had the following orientations: 
(11.2) [111] + (111) [112] + (110) [001] = (001) [T00] + 
(130) [001]. 

Even with a holding time of 1 hr, the axis will be 
that typical for the texture of deformation (112) [111]. 
It is not until the holding time is 7 hr, that it is 


possible to achieve a cubic texture (001) [T00]. 
Hence, even in this case, oriented crystal growth 
is observed. 

From these experiments it is possible to draw the 
following conclusions: 

1) In the process of recrystallization orientated 
nucleation of the centres and oriented growth of the 
crystals occurs. 

2) A different degree of texturization of the mater- 
ial can be obtained by changing factors in the pro- 
duction process and in the chemical composition. 


Translated by V. Alford 
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CLARIFICATION OF IDEAS CONCERNING THE LOCALIZATION OF THE CHEMICAL 
REACTION ON THE REACTION DIFFUSION OF SOLID BODIES* 

l. THE PARTIAL DELOCALIZATION OF THE REACTION’ WiTH LINEAR DISTRIBUTION OF 
CONCENTRATION IN THE LAYER OF A PHASE OF THE SUBSTITUTIONAL TYPE 
V.I. ARKHAROV 
Institute of the Physics of Metals, Academy of Sciences U.S.S.R. 

(Received 8 December 1959) 


The process of reaction diffusion is composed of two main parts: 
1) Diffusion of the components through each single-phase layer of the product of reaction and 

2) Solid-phase chemical reactions, as a result of which each layer becomes thicker. It is usual 
to assume that these reactions are localized on the boundaries (or on one of the boundaries) of each 
single-phase layer, while a pure diffusion process occurs through the latter. 

In this article, a more precise definition of these ideas is given, which may in some cases prove 
to be of some importance. It is shown that it is possible for there to be only partial participation in 
the chemical reaction across the diffusion zone (delocalization of the latter) while the quantitative 
characteristics of delocalization are explained. 


1. Let us consider the reaction diffusion in a bin- | atoms through which the diffusion has occurred, de- 
ary system consisting of the components Me and O lay the localized chemical reaction. 
with one chemical compound, the precise stoichio- In a general case DMe 4 D°; the rate of growth of 
metric composition of which is described by the the layer on the different boundaries is also dissi- 
formula Me,0,. milar, and the ratio of these rates is considered to 


In the interval between the media which are filled be DMe/De. 
respectively, with Me and 0, a layer will form which 2. A more detailed study of reaction diffusion will 
is composed of this phase. On the boundaries of the | Teveal certain complications in its mechanism. 
layer the composition of the phase deviates from the In the width of the layer (in the process of its 
precise stoichiometric level and if the width of the growth), depending on the nature of the concentra- 
layer is drawn out, there will be a concentration tion gradient, definite redistribution of the latter 
gradient, the existence of which itself determines may appear in some cases disrupting the equal 
the possibility of diffusion. quantity of atoms which make up the depth of the 

It is usual to assume a simple linear gradient; in layer from one boundary and the number of atoms of 
the first instance we will study just such a case. that component which reach the opposite side of the 

The concentrations on the boundaries of the layer layer. This means that there will be either accumula- 
are maintained fully at the defined constant levels, ‘tion or evacuation of the atoms of the relevant com- 
and consequently the difference in these boundary ponent in the width *: part of the atoms from the dift 
concentrations Ac will also be constant. The diffus- fusion flow are held up in the width at different 
ion process in the width of the layer is characterised _ levels which are distributed in it in a definite man- 
by the ean coefficients of diffusion of compon- ner, or even in the part of the atoms from the compo- 
ents DMepo, whose value is taken as specific for sition of the earlier formed zones of the layer at 
the given system (at given temperature), and in their different levels in its width, which attach themselves 
turn, by the determining quantity of atoms of the to the diffusion flow. 
components ANME and AN®, which penetrate the Changes in the width of the layer determined by 
layer in different directions from one of its bound- the distribution across it of the retention of atoms 
aries to the other on the opposite side, where the from the diffusion flow (or by the partial departure 


* Evacuation of atoms (when not compensated by accn- 
mulation of atoms of another component) amounts to 
* Fiz. metal. metalloved., 9, No. 4, 545-553, 1960. accumulation of vacancies. 
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FIG. 1. Changes in the distribution of concentration in a growing layer 
of the products of a reaction of the type MeO (m =n) with the same 
limiting deviations of Me and O content from stoichiometric 

composition. 


of atoms from the different zones into the general 
diffusion flow) can be regarded as a delocalization 
of the chemical reaction, which appears to be 
“spread” up to 4 certain stage in the width of the 
layers. 

Cases of the similar thickening of the layer with 
complete localization of the reaction on the bound- 
aries, or of a certain degree of spreading in the width 
of the layer, are definitely different as regards the 
rate of delivery of the components to the place of 
reaction, and the distribution of stresses determined 
by the volumetric changes on reaction. Both these 
factors are essential for the mechanism and kinetics 
of the process. 

3. The process in the width of the layer can be 
regarded as a purely diffusionary one only for the 
case where, for a given compoent, the number of 
atoms entering into the width of the layer from the 
side of one of the boundaries (deducting that part 
which goes into the reaction localized on this bound- 
ary), is equal to the number of atoms which arrive at 
the other boundary. Through a unit of area of any 
section of the layer parallel to the boundaries, the 
same number of atoms AN will pass at any given 
moment. For this reason it is possible to character- 
ize the process by a defined coefficient of diffus- 


ion D 


(1) 


where x is the width of the layer. 
4. When Ac = const and with a linear concentration 


gradient, the conditions for the equality of AN for 
all sections of the layer parallel to the boundaries 
can, strictly speaking, be fulfilled only in the case 
where the layer does not grow in width. This could 
occur if all the atoms which have been diffused 
through the layer in both opposite directions, are 
removed sufficiently rapidly from the relevant bound- 
aries of the layer into the external medium, i.e. if 
the layer acts only as a membrane. 

This case is outside our interest in the phenome- 
non, in which a component element of the process 
must be regarded as the growth of the layer with 
formation of new-layers on the boundaries as a 
result of the number of atoms diffused to the bound- 
aries across the layer. 

Concentrating our attention on the case of the 
formation of a single layer “scale”, we will assume 
that the atoms which are diffused through the layer 
do not depart into the external medium. 

5. Let us return to the simplest case of reaction 
diffusion when the phase composing the layer, is a 
solid solution of the first type on the basis of the 
compound MeO ( = N), the stoichiometric deviat- 
ions are the same on both sides and there is displace- 
ment only of the atoms of one component by those of 
another. 

The boundary compositions of the phase with max- 
imum deviation from the stoichiometric state, can be 
given the chemical formulae 


Mey 4 § 0; _§ and Me;_§ 0) 46. 


The passage of each atom of one component in the 
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FIG. 2. The same as in Fig. 1, but with dissimilar limits of deviation in the 
Me and O content from stoichiometric composition (6° # 5”). 


direction of the gradient of its concentration will 

be compensated by the passage of the atom of the 
other component in the opposite direction. Diffusion 
is thus occurring by exchanging the places of the 
atoms *. In this case, of course, DMe = D°, 

Let us assume that each atom of the given compo- 
nent which has been diffused through the layer and 
has emerged on the boundary of separation of the 
layer from the second component, enters into the 
reaction without delay, so that the accumulation of 
atoms on the boundary does not occur. 

From this let us assume that a simple linear dis- 
tribution of concentration is established on the width 
of the layer and is further maintained. 

In this case the number of atoms of each of the 
components AN arriving in the width of the layer 
from the corresponding boundary (less that part 
which goes into the reaction which is localized on 
this boundary), is equal to the number of atoms of 
this component arriving at the second boundary and 
taking part in the reaction localized on that one. 

In the intermediate sections of the layer, however, 
the value AN will be variable. If the first part of the 
width of the layer is extended, the value AN will 
exceed the boundary value: atoms from the same 
component of the width of the layer will be joined to 
the diffusion flow. With extension of the second part 
of the width, this increase is compensated by a re- 
duction precisely to the level of the boundary value 


* We have in mind the effective mechanism which includes 
(as component elementary acts) the displacement of 


atoms from atom sites to interstitial spaces and displace- 


ment through interstitial spaces or vacancies. Provided 
that when an atom of one component shifts, in the dir- 


of AN: atoms from the first part will again attach 
themselves to the diffusion flow and gradually set- 
tle in the width of the layer on extension of the 
second part. 

This shows that in the course of the process there 
is a definite redistribution of the atoms of both the 
components throughout the width of the layer; it is 
illustrated in Fig. 1, where the extension of the 
layers * is plotted on th abscissa axis in relation to 
the standards for boundary surfaces represented by 
the verticals A,A,; B,B 4: at the commencement of 
the observed interval of time (¢ = t,), and A,A 4; 

BB‘ at its end (t = t,); on the ordinate axis is plot- 
ted the atomic concentration measured by the in- 
dices in the chemical formulae for the composition 
of the phase. The heavy dotted line represents the 
distribution of concentration in the width of the 
layer when ¢ =to; the heavy continuous line is the 
same when ¢ = t,. The shaded sectors indicate the 
amount of components redistributed in the intervals 


- of time At = t, — tp in the limits of the boundary. 


The quantities ANMe and AN®, which are equal, are 
represented in Fig. 1 by the different areas of the 
figures B ‘4B and A,A,a,a 6; 


ection of the gradient of its concentration, from any 
lattice site in a short enough cycle of elementary acts, 
it finishes by falling into a site close by which has 
only just been vacated by an atom of the other compon- 
ent. This is undergoing a shift in the opposite direction 
and will also end op in a lattice site. 

* Here and in future, we are ignoring the very small chan- 
ges in density due to the differences in the deviation 
from a precisely stoichiometric composition. 

t Redistribution of concentration across the layer will not 

(continued on the next page) 
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FIG. 3. The change in the distribution of concentration in a growing layer 
of the products of a reaction type Me,,O, 
(m #n, 5’¢ 5”, Ax, # Ax,). 


The redistribution of the concentration within the 
layer described, which even in this simplest case 
has the characteristics of reaction diffusion, already 
contains an element of chemical affinity, but this is 
only with regard to the different sectors of the width 
of the layer; with regard to the growth of the layer 
as a whole it is here impossible to speak of spacial 
delocalization of the chemical reaction. 

6. The first complication in this picture of a very 
simple case sets in when it is plotted for the case 
of “unsymmetrical” maximum possible deviation from 
the precise stoichiometric composition, when the 
composition of the phase on the boundaries of the 
layer is expressed by the formulae 


Me, + 5°70, §’ and Me, 670.45 
5”). 


This case is illustrated in Fig. 2. and is plotted 
in exactly the same way as Fig. 1. Here the condi- 
tions for the equality DMe = D°, which express the 
mechanism diffusion by the method of exchange of 
atom places, already differ from the equation for the 
growth in width at both boundaries (Ax, and Ax,), as 


(continued from previous page ) 

occur in a case where the concentrations on the bound- 
aries have not reached the maximum possible deviation, 
and in the course of the process they will approach this 
maximum. Under these conditions the inclined straight 
line representing distribution of concentration across the 
layer, may remain unmoved. The value AN, which is cons- 
tant for the section inside the layer, will be different on 
its boundaries, where a definite part of AN should break 
up due to the change of the deviation in composition. 


the first condition should above all be appropriate 
for the equation of the area of the figures 


B‘,B and A,A,a,a 


while this may be fulfilled under the condition that 
Ax, differs from Ax, according to the difference in 
6’ and 5”; this difference is in fact usually very 
small. 

In a case where the growth on both layers is the 
same, DME and D° will differ accordingly; this is 
evidence of a change in the mechanism of diffusion 
concerning which we will speak in more detail be- 
low. 

7. Let us now consider a case of the more com- 
plicated stoichiometric composition of the phase of 
which the layer is formed (m ¥ n). The deviations 
on the boundaries of the layer from the correct stoi- 
chiometric (Me, O,) constitution for the phase are 
represented respectively by the formulae 


MeO,’ and Me,, 0, 


and if we assume, as before, that the phase is a 
solid solution of the first type, the equation should 
obtain 


(2) 


=m" tn =m+n. 


This type of case is of no interest for our study, as it 
is relevant to conditions which are clearly not in equi- 
librium, and can only obtain at the very beginning of 
the process. 
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Ao 


FIG. 4. The same as in Fig. 


This means that the phase constitution on the bound- 
aries could in more detail be represented by the 
formulae 


and M€m—2’On+2” a”). 


If diffusion takes place in this case also by the 
atoms exchanging places *, then the growth in the 
width of the layer at some interval in time on one 
of its boundaries (Ax,) will be different from the 
growth on the other layer (Ax,). Actually, when the 
width of the layer is increased on its right-hand 
boundary (Fig. 3) the number of atoms of Me which 
participate is expressed by the area By Bibibo. A 
certain amount of redistribution of concentration 
should take place across the layer. Me and in parti- 
cular, that amount of Me which is represented by the 
area of the triangle a,a)C, will be displaced from the 
left to the right-hand side of the layer. Besides this, 
a further quantity of Me should be diffused from the 
left boundary to the right, equal to the difference in 
the areas of the triangle b)Cb% and a,a,C. This quan- 
tity settles in the right-hand side of the layer by 
passing along the diffusion current. Thus we already 
have here a definite stage in the delocalization of 
the chemical reaction. The value AN has already 
ceased to be the same when passing into the layer 
from the side of the one boundary and ont of the lay- 
er towards the other boundary. 

If an evaluation is made of the number of atoms of 
the component passing through it to the boundary 
which has the minimum concentration of the diffusing 


v. footnote on p. 62. 


1, but where D° > pMe, 


component, then formula (1) would provide only the 
value “effective coefficient of diffusion” for the 
given component; the true value will be dependent 
on the depth of penetration into the layer. 

Calculating the quantity of components in pass- 
age across the layer from the appropriate boundary, 
we get in the scale of Fig. 3: 


AN™® = [7.1 + 
+ [TA (b,b,C) — (a,a,C), 
AN® = [72 + 
+ (a,a,C) — (byb;C). 
from which it is easy to find that 


Axe 


(3). 


This formula also describes in more detail what 
was “ out at the end of para. 6 (for the case 
m=n). 

8. The correlation (3) is contained in the proposi- 
tion that diffusion takes place only by exchange of 
the positions of the atoms and consequently that the 
number of atoms of the one component which are 
passing across the boundary on the opposite side to 
that of the source (the medium filled with this com- 
ponent), is equal to the number of atoms of the sec- 
ond component which are entering the layer across 
this same boundary (from the adjacent external which 
is filled with the second component). 

This is not however, the only conditions possible. 
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If a wider interpretation of the mechanism o1 aif- 
fusion is used, it can be assumed that inequality of 
the partial coefficients of diffusion is possible in a 
solid solution of the first type if one of the compon- 
ents is, toagreater degree than the other, capable 
of causing diffusion (besides the exchange of 
places among atoms) only by means of interchange 
via the interstitial spaces or vacancies. 

Strictly speaking, this means that the phase cea- 
ses to be a solid solution of only the first type and 
becomes a solid solution of a mixed type, combin- 
ing in-itself traces of solutions of the first and 
second (or third) types. The precise relationship 
(2) is destroyed, both on the boundaries and in the 
centre of the sections of the layer; in the lattices of 
the phase, “superfluous” atoms appear which are 
introduced into the interstitial spaces (besides those 
which arise in the process of diffusion by the ex- 
change of the places of atoms). 

If the concentration of “surplus” atoms or vacan- 
cies is sufficiently small, however, as compared to 
the extent of the boundary deviations from stoichio- 
metric composition (which are caused as before, by 
the mutual displacement of the atoms of the com- 
ponents), we may then continue to regard the phase 
as a solid solution of the first type. The partial 
coefficients of diffusion may differ considerably 
among themselves with a sufficiently high rate of 
passage of the “surplus” atoms or of the vacancies 
across the piece compared to the rate at which they 
are “fed” into the layer on its boundaries, while the 
rate of the process as a whole is limited by this 
same delivery (so that neither accumulation nor 
evacuation of atoms occurs across the layer and the 
equation (2) obtains for virtually the whole cross- 
section of the layer). 

9. If the movement of atoms via the interstitial 
spaces or vacancies is to play an important part in 
the mechanism of diffusion and consequently, if 
DMe and D° are appreciably different, then the 
ratio Ax,/Ax, may be essentially different from the 
level determined by equation (3). The layer will 
grow primarily onthe side in which the more slowly 
diffusing component is situated. 

If we assume, as before, that there is a linear 
gradient of concentration across the layer, we shall 
get a more complicated picture of the change in 
distribution of concentration on the growth of the 
layer, than in the previous cases. 

For example, if we allow for the fact that compon- 
ent O diffuses more strongly than should be poss- 
ible according to equation (3), and that for this 
reason the growth of the layer on the left-hand side 
recedes at a greater rate: 


Ax, 


Ax, 


m+’ 
(37) 
Fig. 4 shows the changes in the distribution of 
concentration across the layer for this case. 
Besides this the quantity of Me which is diffused 
through the whole width of the layer from its left- 
hand boundary, will migrate to the right attaching 
itself to the general diffusion flow Me. The quantity 
of Me in the composition of the layer is expressed 
in Fig. 4 by the area of the left-hand shaded triangle 
(a,a,C). The right-hand points C, being part of this 
additional quantity, will “settle” on the far path 
increasing the concentration of Me to the level of 
the continuous straight line which represents the 
distribution of concentration in the final moments in 
time. A quantity of Me arrives on the right-hand 
boundary of the layer, which is equal to the same of 
the quantity initially diffused from the left-hand 
side and the additional quantity which joins up with 
the genera] diffusion flow across the layer (minus 
that part which settles to the right of the point C 
in the width of the layer). This additional quantity 


_is represented by the difference in the areas of the 


triangles a,a,C and b,b,C. 

If all the Me atoms arriving at the right-hand side, 
the growth of the layer will here be determined by 
the indicated sum of the Me atoms. 

In the case under review therefore, the reaction 
is to a considerable extent delocalized. 

10. If, with the given value for D°, the value 
DMe is diminishing, it will then be possible to 
achieve a level at which the whole growth of the 
layer on the right-hand boundary can be attributed to 
the quantity of Me arriving there solely as the result 
of the redistribution of concentration across the 
layer. All the Me atoms crossing the left-hand bound- 
ary from the external medium * are “fixed” at the 
point of chemical reaction and the only ones which 
diffuse through the layer are those which, in subse-- 
quent growth, are surplus above the level determin- 
ed by the linear gradient of concentration (their 
number is measured by the area of the triangle 
@ 

It follows from this that, with a simple linear 
distribution of concentration across the layer com- 
plete localization of the chemical reaction on one 
layer (on the left-hand side in the case under re- 
view) will not be possible as, if it is assumed that 


* It is more accurate here to speak of the displacement 
of the boundaries themselves, as a result of which 
the atoms appear to boundaries further to the right 
and in this position become “fixed” by the chemical 
reaction. 
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there is absolutely no growth of the layer on the 
opposite (right-hand) boundary, there can then be no 
reduction of Me concentration in the intermediate 
sectors, which is necessary for the maintenance of 
the linearity of the gradient. 

The maximum degree of difference in the partial 
coefficients of diffusion or their corresponding rates 
of growth of the layer on the boundaries (because 
there is no outward flow of Me and O atoms in the 
external medium) is determined by the condition that 
the slower growing side of the layer receives atoms 
of the second component from the width of the layer 
only in the course of (secondary) redistribution of 
concentration. 

In Fig. 4 therefore, the conditions should be ful- 
filled (for the case Ax, > Ax,): 


(a,a,C) = 72 +- 172 (b,6;C). 
This condition leads to the equation 


0 


Axe 4 0” (4) 
If 
| Ax, 


Axe 


then the concentration gradient across the layer can- 
not remain a simple linear one, however much great- 
er the chemical reaction on the left-hand side is in 
total localization (i.e. when Ax, h 0). On the left- 
hand side, the drop in concentration should be re- 
presented by a steeper gradient in the straight line 
which ends the steeply falling sector on the right- 
hand boundary. The more complete the localization 
on the right-hand side, the closer will be the basic 
left-hand sector of the curve of distribution of con- 
centration through the layer, to the horizontal. 

It is obvious that analogous considerations may be 
applied to cases where the reaction is primarily 
localized on the right-hand side (the Me and O roles 
are here reversed as regards the part played in the 
variant under review). For this case (Ax, < Ax,) 
and we find 


Reaction diffusion 


SX, 2(n— 3’) 
(4°) 


CONCLUSIONS 


With a reaction diffusion accompanied by the form 
ation of a layer of the displacement phase type with 
linear distribution of concentration across the layer, 
there will be in a general case, besides the reactions 
which are localized on the boundaries, a partial de- 
localization of the chemical reaction across the lay- 
er. The number of atoms of each of the components 
which enter the layer across one or other of its 
boundaries, will both be equal to the number of atoms 
of the same component arriving at the second bound- 
ary. Part of the atoms from the diffusion flow will 
“settle” and be distributed across the layer or on the 
other hand, they may attach themselves from the 
width of the layer, to the diffusion flow. The settling 
or attachment to the diffusion flow, of the atoms of 
one or other of the components in the different sect- 
ors of the diffusion path will in general, both he mut- 
ually compensated; the compensating part consists 
of the number of atoms of the component which are 
redistributed across the layer; the non- compensat- 
ing part is the number of atoms which participate in 
the delocalized chemical reaction. 

The extent of delocalization is determined by the 
differences in the values of the stoichiometric in- 
dices of the components of the phase, by the differ- 
ences in the maximum possible deviations of these 
indices from the basic level and by the differences 
in the ability of the components, besides diffusion 
via the lattice sites of the phase, to cause diffus- 
ion via the interstitial spaces or vacancies. 

Beyond the limits of the relationships defined in 
connexion with these factors, a simple linear dis- 
tribution of concentration in a layer of reaction dif- 
fusion appears to be impossible. More complex dis- 
tribution sets in. This will be the subject of a sec- 
ond article which will be devoted to that problem. 


Translated by V. Alford 


SPECIAL FEATURES OF THE DIFFUSION REDISTRIBUTION OF CARBON 
IN UNDERCOOLED AUSTENITE * 


L.S. PALATNIK and I.A. TANANKO 
Khar’kov Polytechnic Institute i/n Lenin 


(Delivered before the 6th All-Union Conference for the application of X-rays to the study of 
; materials, June 1958 


Although they make it possible to establish cert- 
ain characteristic features of the process, the exper- 
imertal investigations of the kinetics of transform- 
ation of undercooled austenite in the intermediate 
range [1-3], are nevertheless inadequate in that they 
do not provide a complete picture of this phenomen- 
on. 

The present paper describes an X-ray study of un- 
dercooled austenite in the intermediate temperatures 
field, and also the examination of the y-phase inthe 
process of cooling, which provide some new inform- 
ation on the diffusion processes in a y solid solution. 


MATERIAL AND METHOD USED IN THE 
INVESTIGATION 


The investigation was carried out on steels type 
18KhNV, containing 0.32 (32KhNV); 0.70 (70KhNV) 
and 1.20 % (120KhNV) of carbon. 

X-ray examination of the sector of the steel test- 
piece was made in a vacuum while soaking in the in- 
termediate range, and also in the process of stepped 
or slow cooling. 

The method of X-ray analysis has been described 


in paper [4]. 
RESULTS OF THE INVESTIGATION 


1. Comparing thé X-ray photographs obtained from 
the austenite, first heated and then cooled to a tem- 
perature in the intermediate range, it is obvious 
that a change occurs in the diffraction picture, both 
of form, size and intensity of the individual spots 
[4], and in their distribution. There is a clearly de- 
fined scattering of the spots across the width of the 
interference ring (see in Fig. 1, Nos. A and B). 


* Fiz. metal. metalloved., 9, No. 4, 554-557, 1960. 


(Received 25 July 1959) 


The width of the line on the X-ray photographs of 
the cooled austenite is 0.8-1.0 mm while the dis- 
persion of the spots across the line on the radio- 
graphs of austenite heated to above 1000°, is not 
more than 0.3-0.5 mm for all the steels examined. 
This diffraction picture obtains during the whole 
course of the cooling period (see Fig. 1, B to F). 

Beginning at the moment when lines of the a- 
phase appear (see Fig. 1, G to K) clearly defined 
changes occur in the individual spots [4] and in the 
line as a whole. As the process of the transforma- 
tion of the y-phase proceeds, the separate reflections 
disappear, beginning mainly from one definite side. 
Thus, in the steels mark 32KhNV and 7OKhNV (see 
[4] ) the reflections disappeared from the side where 
the Bragg angles were greatest while in steel 
120KhNV it was from the side where they were least 
(see D and G to K in Fig. 1). 

2. From the study of steel 120KhNV it was poss- 
ible to establish that, at temperatures 650-550° the 
process of carbide formation takes place (Fe, Fr, 
W).sC,. Here there is a change in the diffraction 
picture of the y-phase (Fig. 2). In the first frame 
exposed at 620°, there is dispersion of the spots 
across the line, while in the last ones (frames C to 
K) it is gradually reduced due to the disappearance 
of the spots mainly from the side of the smallest 
Bragg angles. In the course of 1.5 hr the shape of 
the lines already shows a time change. 

3. In studying the X-ray photographs obtained in 
the course of stepped (or slow) cooling temperature 
ranges were found in which the diffraction line of 
the y-phase undergoes considerable changes. » 

Fig. 3 shows sectors of the radiographs in the 
area of line (311) of austenite in steel 120KhNv. As 
can be seen from Fig. 3, in the range 820-620° the 
shape of the line as a whole does not undergo any 
essential changes: on the whole identity is main- 
tained in the distribution of reflections. In the 
range 620-520° there is a change in the distribution 
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FIG. 1. Sectors of radiographs in the field of line (311) of the y-phase, obtained in the 
course of isothermal soaking of steel mark 120KhNV at temperatures: 


a — 1050’; 


b tok — 300°. 


FIG. 2. The same as Fig. 1: a — 1000°; b tok — 620. 


of the spots while on frame D (temperatpre 570°) 
there is dispersion of the spots. No dispersion of 
reflections is to be observed on frame G or on the 
following frames H to J. However, on frame K (tem- 
perature 320°) it is clear that most of the old spots 
have disappeared while in their place new ones 
have appeared from the side of the greatest Bragg 
angles. On subsequent frames the new spots had 
become even greater, while on frames M and N the 
old spots are barely visible (for instance see the 
spot indicated by the arrow). 


As a whole, the y-phase line has shifted in the 
direction of the larger Bragg angles. No a-phase 
lines have appeared on this series of photographs. 

4. On the basis of the experimental results obtain- 
ed it can be suggested, that the dispersion of the 
spots across the y-phase diffraction line which 
occurs as a result of the undercooling of austenite 
below the critical point, is not connected with the 
increase in size of the crystallites or with the ap- 
pearance of heterogeneity in their size, but is due 
to the formation in the y-solid solution of fields 


70 
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FIG. 3. Sectors of radiographs in the field of line (311) of they-phase, obtained 
in the course of isothermal cooling of steel mark 120KhNV. 


which are characterized by two different crystal y-a transformation, is evidence that, in the steels 
lattice parameters. The formation of these fields is examined, the process of transformation proceeds 
due to the redistribution of elements which have throughout the austenite. In steels 32KhNV and 
been dissolved by the iron, primarily carbon. 7OKhNV the part of austenite to transform was that 
From an analysis of the y-phase radiographs, the with the lower concentration of carbon. In the high 
conclusion may be drawn that the diffusion redistri- carbon steel 120KhNV transformation occurs in the 


bution of carbon occurs at a sufficiently high rate carbon-enriched fields of the y-phase while the 
and leads to the separation of the original homogen- _ fields with less carbon concentration are nod dis- 
eous austenite into two solid solutions with differ- persed. 
ent carbon concentrations. 

The disappearance of the spots mainly in the 
intermediate field, which is accompanied by a 


Translated by V. Alford 
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THE PROBLEM OF THE CONSTITUTION DIAGRAM FOR THE SYSTEM 


NICKEL-CHROMIUM * 
B.M. VASYUTINSKII, V.S. KOGAN and G.N. KARTMAZOV' 
Physico-Technical Institute, AS Ukr. SSSR 


(Received 21 November 1959) 


Using testpieces of alloys with variable concentration in the form of the diffusion zone obtained 


by annealing bi-metallic plates (nickel coated with chromium), it has been shown that eutectoid trans- 
formation takes place in the system nickel-chromium at about 1200°, with decomposition of the high 


temperature §-phase. 
The basis for this statement is as follows: 


1. The presence in the testpieces annealed at 1250, of a wide 2-phase layer close to the original 
separation boundaries, while it is absent in testpieces annealed at 1100. 
2. The high hardness of this layer in testpieces quench-hardened from 1250, and its sharp re- 


duction on slow cooling. 


3. The presence in this layer of a-phase grains with wide variation of concentration (from 15 to 


25 at. % of nickel). 


4. The gradual resorption of this layer, which is formed at 1250°, if there is subsequent anneal- 


ing at 1100. 


Although more than half of the century has passed 
since the publication of the first paper on the cons- 
titution diagram of the system nickel-chrome [1], no 


single view has to date been expressed on its nature. | 


Papers dealing with this system, which have been 
published in the last few years, may be divided into 
two groups. Part of these papers [2-4] have shown 
that, besides the already established eutectic react- 
ion at 1340°, there is a eutectoid reaction in the 
solid phase at around 1200°, while above the eutect- 
oid line there is a high temperature B-phase which 
at high temperatures is extended into the chromium 
side and passes into the pure chromium at a temper- 
ature 100° lower than the melting point. In other 
papers [5-7], no signs of the B-phase have been dis- 
covered, nor of eutectoid reaction. Fig. 1 shows 
both types of constitution diagram for the system 


nickel-chromium, as propounded in the works mention- 


ed above. 

Unlike the previous works in which testpieces of 
the alloys were examined with a certain definite 
composition, we have studied testpieces with vari- 
able concentration. In these pieces the composition 
alters from point to point, embracing all concentra- 
tions from pure nickel to pure chromium. The alloys 


5. The presence of two zones in the layer, which have different properties. 


* Fiz. metal. metalloved., 9, No. 4, 558-563, 1960. 
t L.F. Yakimenko also took part. 


with variable concentration were obtained as a 
result of the diffusion annealing of duplex plates 
which consisted of nickel coated with chromium by 
condensation in the vapour phase. The alternation 
of phases in these testpieces is usually in accord- 
ance with the equilibrium diagram, with the except- 
ion of the two-phase fields which cannot be obtain- 
ed by means of diffusion. 

In order to find out whether a eutectoid reaction 
occurs at 1200° and whether there is a high temper- 
ature B-phase above this temperature, two pieces 
were compared, annealed above and below this tem- 
perature. One of them was obtained by annealing for 
10 hr at 1250°; the second, by annealing for 125 br 
at 1100°. This annealing time was selected so that, 
despite the differences in temperature, the size of 
the diffusion zones would be the same in both 
pieces. The pieces were annealed in sealed quartz 
ampoules filled with helium to prevent evaporation 
of the chromium. After annealing, part of the piece 
was quenched, and part was slowly cooled to room 
temperature at a rate of some degrees per hour. Met- 
allographic testpieces were taken across the diffus- 
ion zone. The specimens were etched in a weak 
solution of aqua regia and examined under the micro- 
scope and also by measuring their micro-hardness. 
The phase constitution in different sectors of the 
diffusion zone was determined by X-ray diffraction, 
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FIG. 1. Constitution diagrams 
a — without eutectoid transfo 


Chromium, wt % 


for the system nickel-chromium: 
rmation in the solid phase [5]; 


b — with eutectoid transformation [2]. 


FIG. 2. Photographs of micro-specimens from slowly cooled pieces: 


x 80: 


a — after annealing at 1100° (125 hr); 
b — after annealing at 1250° (10 hr). 


for which purpose an oblique section in which the 
diffusion zone had a width of a few mn, was photo- 
graphed at different points with narrow beams of 
X-rays (diameter below 0.5 mm). 

It is clear that the nature of the diffusion zones 
formed in the duplex pieces of nickel-chromium by 
annealing at 1250 and 1100°, should depend on the 
nature of the constitution diagram. Annealing at 


1100° in accordance with both types of diagram (see 
Fig. 1) should therefore give a diffusion zone cons- 
isting of an a-solid solution of nickel in chromium, 
bounded by a y-solid solution of chromium in nickel. 
Annealing at 1250° should produce the same diffus- 
ion zone where there is no B-phase (Fig. la) and a 
very different zone with a lower 8-phase between 
the a and y-solid solutions, if the constitution 
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FIG. 3. Hardness related to distance from the surface of the testpiece: 
a — diffusion annealing at 1250°; 
b — diffusion annealing at 1100°. 
1 — quenched; 
2 — slowly cooled. 


quenching, but decomposes to form a mixture of 


diagram is correct with eutectoid transformation 
grains of the a and y-phases, the two-phase layer 


(Fig. 1b). Even if the 8-phase is not retained by 
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FIG. 4. Radiographs taken from the sectors of the specimens close to the original 
separation boundary between the components (Cr K_-radiation): 

a — testpiece quenched after annealing at 1250°. The bundle of X-rays was beamed 

on to the boundary between the a-layer and the intermediate layer of high 


hardness; 


b — testpiece quenched after annealing at 1100°. The bundle of X-rays covers the 
narrow intermediate layer and the field of a and y-solid solutions; 

c —testpiece slowly cooled after annealing at 1250°. The bundle of X-rays was 
beamed on to the same part of the specimen as in Fig. 4a. The @-Cr grains 
supersaturated with nickel, disintegrated with loss of the y-nickel with a 


high chromium content (up to 50 at. %). 


representative of it should nevertheless be different 
both in its form and properties, from the adjacent 
single-phase layers of a and y-solid solutions. 

Thus it is possible, by finding out whether the 
specimens from the testpieces annealed at 1250 and 
1100° are similar or different, to decide which of the 
two diagrams suggested is the correct one. 

Photographs of these specimens are shown in 
Fig. 2. In the piece which was annealed at 1250°, 
there is a layer close to the initial separation bound- 
ary, which is absent in testpieces annealed at 1100°. 
The features of this layer confirm the hypothesis 
that it consists of the B-phase which decomposes on 
cooling. 

A. In the hardened testpiece the hardness is 
1200 kg/mm? and is somewhat greater, not only than 
that of the neighbouring sectors of the specimen, but 
also it exceeds the slightly higher hardness close to 
the initial boundaries in the testpiece annealed at 
1100° and then quenched from this temperature. 


Such a high degree of hardness could explain the 
fine dispersion structure of this layer and the intern- 
al stresses which are due to the break-up of the 
B-phase which at room temperature is in a state of 
disequilibrium, and of the intermediate a’ and y’ 
phases [4]. The layer of high hardness close to the 
original separation boundary of the component in 

the testpiece which was quenched from 1250°, is a 
finely dispersed and stressed mixture of a- and 
y-phases as can be seen from the X-ray photograph 
and the micro-specimen (see Fig. 5a). Slow cooling, 
which leads to the formation of an equilibrium struc- 
ture, sharply reduces the hardness of the layer to a 
figure in the region of the hardness close to the or- 
iginal separation of the component in the pieces 
which underwent annealing at 1100° (Fig. 3a-b). 

B. According to the data from the radiographic 
structural analysis, in the piece quenched from 
1250°, in that part of the two-phase layer which is 
adjacent to the a-solid solution and is poor in nickel, 
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FIG. 5. Photographs of micro-specimens of testpieces after annealing at 1250° and 
subsequent quenching (a) or annealing at 1100°C for: 
b — 50 hr; c — 100 hr; d — 175 hr; x 186. 


propriate pieces in CrKg radiation (Fig. 4a-b). It 
seems that the grain of the a-phase with different 
concentrations of nickel (from 15 to 25%), is divid- 
ed close to the boundary between the layer and the 
a-solid solution on cooling of the B-phase from 
1250° to the temperature of eutectoid transformation 


the a-phase has a wide range of concentrations from 
15 to 25 at. % of nickel. In the piece which was 
quenched from 1100°, the a-phase close to the origin- 
al separation boundary has about 4% nickel. This 
difference is clearly visible from the character of 
the lines (211) on the radiographs taken of the ap- 
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Microhardness kg/mm? 


Distance, 


FIG. 6. Hardness related to distance from the surface of a testpiece which has 
been annealed at 1250° with subsequent annealing at 1100°: 


1 — 50 hr; 


and becomes hardened with further cooling. On the 
X-ray photographs of the equilibrium pieces, which 
have been slowly cooled from 1250°, there is no 
sign on the corresponding spot in the specimen of a 
layer of a-phase with a wide range of concentrations 
(Fig. 4c). The same applies to the pieces which 
were quenched from this temperature. 

C. Annealing the testpieces at 1100° after preli- 
minary diffusion annealing at 1250°, leads to the 
gradual resorption of the two-phase iayer. This is 
very apparent in the series of specimens in Fig. 5 
and from the appropriate hardness curves in Fig. 6. 
It is interesting to note that on annealing, resorpt- 
ion of the two-phase layer occurs mainly from the 
nickel side while on the boundary with the chromium, 
after 150 hr annealing, a band of high hardness 
remains. This band corresponds to the sector with 
a hardness somewhet different from that of the iayer 
adjacent to the nickel. This clear separation of the 
two-phase layer into two bands with different pro- 
perties (see the course of the hardness curves in 
the two-phase layer in Figs. 3a and 6), could also 
be used as an argument in favour of the diagram with 
eutectoid transformation. These bands appear to cor- 


2 — 100 hr; 


3 — 175 hr. 


respond to those parts of the layer of 8-phase which 
in their composition are on different sides of the 
eutectoid point, and on disintegration have been 
enriched, one by nickel, and the other by chremium. 
The band which is adjacent to the chromium and is 
enriched by it, will be slowly transformed on anneal- 
ing to a single-phase band due to the much lower 
coefficient of diffusion of chromium in nickel than 
vice versa. Evidence of this is also provided by the 
fact that the diffusion layer shifts from the initial 
separation boundary towards the chromium (see Figs. 
5, 6). 

From a comparison of the data set out above it is 
possible to affirm that the nature of the constitution 
diagram for the system nickel-chromium is in agree- 
ment with the representation set out in Fig. 1b. 

The writers wish to extend their thanks to the 
academician of the Academy of Sciences Ukraine 
SSSR, B.G. Lazarev, for the interest which he has 


shown in this work. 


Translated by V. Alford 
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THE INTER-DIFFUSION OF MOLYBDENUM AND CHROMIUM IN a-SOLID 
SOLUTIONS SATURATED WITH NICKEL * 


B.M. VASYUTINSKII and V.S. KOGAN 
Physico-Technical Institute, AS Ukr. SSR 


(Received 21 November 1959) 


In the diffusion zone obtained as a result of annealing a 3-layer specimen of chromium and 


molybdenum with a fine inter-layer of nickel, at 1250°, hardness, composition and thermoelectro- 
motive force have been determined. It has been established that all these characteristics do not 
change equally, as might be expected for the continuous series of solid a-solutions. 

Adjacent to the o-phase which has been formed in the process of diffusion at the place where 
the nickel inter-layer is, is a layer of solid solutions with composition 24-27 at. % of chromium 
(from the molybdenum side) and 5-8 % molybdenum (from the chromium side). These layers have 
sharply defined boundaries at which the concentration of the second component is sharply reduced, 
In the process of annealing, these layers become thicker and their boundaries shift, as occurs in 
reaction diffusion. For this reason the diffusion which occurs in this case may be regarded as a 


pseudo-reaction. 


This type of diffusion is an indication that the curve of maximum solubility of nickel in an 
a-solid solution at 1250°, is not monotonic. For this reason corrections have been made to the 


Molybdenum and chromium form a continuous 
series of solid solutions — the a-phase [1]. In this 
phase nickel has a limited solubility. The binary 
diagram molybdenum-chromium-nickel is plotted for 
a section corresponding to the temperature 1250° 

[2], At this temperature the limit of the solubility 

of nickel in a-chromium is 15 at. % and in a-moly- 
bdenum, 3 at. %. The curve of solubility of nickel in 
the a-phase is plotted very roughly in the diagram 
from a small number of experimental points. 

The character of the diffusion of molybdenum and 
chromium in the a-phase should be dependent on the 
content of nickel and, in particular, when its content 
is close to the limit of solubility it should be deter- 
mined by the shape of the curve of solubility of 
nickel in this phase. 

To investigate the nature of the diffusion of 
molybdenum and chromium in a-solid solutions satur- 
ated with nickel, three-layer testpieces were used. 
These were made by the vacuum deposition from the 
vapour phase onto molybdenum plates, of a layer of 
chromium with a thin (10-15 ) inter-layer of nickel. 
The deposition was carried on for several hours 
with a temperature of 1250°, which is sufficient for 
the intensive development of diffusion processes. 
Thus, right up to the commencement of diffusion 


constitution diagram for the ternary system molybdenum-chromium-nickel. 


annealing, the testpiece had a diffusion layer cons- 
isting of the inter-metallic o-phase formed as a re- 
sult of the diffusion of molybdenum and chromium 
in the thin nickel inter-layer, while adjoining this 
phase there were layers of ternary ‘a-solid solutions 
of molybdenum and nickel with chromium, and chrom- 
ium and nickel with molybdenum. The dev«lopment 
of these layers on subsequent annealing (1250°, 

125 hr) was studied on testpieces which had been 
quenched from this temperature, both metallographic- 
ally, and by X-ray structural analysis and measure- 
ment of micro-hardness and t.e.m.f. *. 

For the radiographic structural analysis, oblique 
“dcro-specimens were taken from the testpiece 
which rotated the diffusion zone through several 
mm. Individual points of the specimen were photo- 
graphed in a narrow band of X-rays. In some of the 


- testpieces, to ascertain the structure of the alloy 


at different depths of the diffusion zone, thin lay- 
ers were ground off one after the other and radio- 
graphs nade of the different surfaces thus exposed. 
Micro-hardness was measured with a PMT-3 instru- 
ment on a transverse specimen. 
Figs. 1 a-b,show photographs of characteristic 

micro-specimens with the inprints of the diamond 
pyramid. A zone of higher hardness is visible close 


*. Fiz. metal. metalloved., 9, No. 4, 564-568, 1960. 


* G.N. Kartmazov and L.F. Yakimenko assisted in these 
measurements. 
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Inter-diffusion of molybdenum and chromium 


FIG. 1. Photographs of micro-specimens of the diffusion zone with the 
imprints of the indenter of testing machine PMT-3; x 120: 
a — specimen etched through the meiybdenum; 


b — specimen intensively etched with a weak solution of aqua regia. 


to the initial layer of the molybdenum plate. Hard- 
ness remains high in quite a wide field and then 
falls sharply on both sides to a figure close to that 
for chromium and molybdenum. When the specimen 
was etched, the zone of high hardness remained 
untouched (Fig. 1b). The hardness curve is plotted 
in Fig. 2a. The radiographs taken of the oblique 
specimen (Fig. 3), indicate the presence in the dif- 
fusion zone of sectors in which the lattice parameter 
is liable te sharp bounds. In the radiograms of these 
sectors the lines visible are not eroded, but divided 
(radiograms 2 and 7). The composition of the alloys 
in the relevant points of the diffusion zone * can be 
determined by calculation from the X-ray pattern 
(Fig. 2b). The zone of higher hardness appears to 
consist of solid solutions with a composition of 5 
to 8 at. % molybdenum in chromium and 24 to 27 at. % 
chromium in molybdenum, with a thin inter-layer of 
intermetallic o-phase between them. On the bound- 
aries of this zone there is a bound in concentration 
from 5 at. % molybdenum io zero (from the chromium 
side) and from 24 at. % chromium to 5 at. % chromium 
(from the molybdenum side). 

Thus, in this case the diffusion zone does not 
have the character of a zone with gradually dimin- 
ishing concentration of the diffusing elements and 


* Using published data on the relationship between the 
lattice parameter of @-solid solutions of Mo-Cr and 
composition 


consequently, with gradually diminishing properties, 
as is to be expected for a system forming a continu- 
ous series of solid solutions. The diffusion zone 
develops into an inter-layer of the alloy with a de- 
finite solution, which is changed in bounds on the 
boundaries of this inter-layer. This type of develop- 
ment of a diffusion layer is reminiscent of reaction 
diffusion with the formation and development of 
sharply defined inter-layers of intermetallic phases. 
On diffusion in the a-phase of the system molybden- 
um-chromium-nickel these inter-layers could only 

be formed in alloys with a composition close to the 
curve of solubility for nickel in the a-phase, if this 
curve has a non-monochromatic nature. Here the 
smooth change in the content of the components in 
the solution causes a change in the constitution 
diagram of the single-phase fields to two-phase ones 
which are not produced by diffusion. If this occurs, 
the inter-layers whose composition corresponds to 
the fields of single-phase solid solution included 
between the two two-phase ones, should be formed 
and should develop as a result of diffusion, in a 
manner similar to the inter-layer of intermetallic 
phase. This type of inter-layer, therefore, can be 
called pseudo-intermetallic, while the process of 
formation is a pseudo-reaction diffusion. The pres- 
ence of this pseudo-reaction diffusion in a-solid 
solutions of the system molybdenum-chromium-nickel 
means thai the curve of solubility of nickel in the 
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FIG. 2. a — curves of micro-hardness; b — composition curves related to distance 
from the surface of the testpiece. The figures refer to numbers on radiographs in 
Fig. 3. 


a-phase is of a non-monotonic character. 

At any rate, in the range 0/5 at. % molybdenum 
and 5-8 at. % chromium, it inclines towards an a- 
solid solution expanding the two-phase sectors of 
the constitution diagram in such a way that, in these 
ranges of concentration alloys with a content of 
nickel which is equal to its limit of solubility in 
pure chromium and molybdenum, are two-phase. It is 
obvious that alloys with this constitution are not 
produced by diffusion and are absent in the diffusion 
zone of a 3-layer testpiece. 

The conclusion concerning the non-monotic nature 


of the solubility curve of nickel in a-solid solutions 
with compositions as shown above necessitates an 
appropriate correction to the ternary consitution 
diagram molybdenum-chromium-nickel. The corrected 
molybdenum and chromium angles of this diagram are 
shown in Fig. 4. 

The authors wish to extend their thanks to Aca- 
demician of the Academy of Sciences Ukrainian SSR, 
B.G. Lazarev, for nis interest in their work. 


Translated by V. Alford 
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Inter-diffusion of molybdenum and chromium 


FIG. 3. Radiographs of an oblique specimen (Cr-Kg radiation). In radiographs 
2 and 7 the splitting of the lines is visible, indicating that in this beam 
sectors of the specimen with sharply differing compositions were 
irradiated at the same time. 
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10 % Mo 30 j0%Cr Mo 


FIG. 4. Chromium and molybdenum angles in the ternary constitution diagram 
chromium-molybdenum-nickel (section corresponding to 1250°). 
The solid lines are plotted according to published data while 
the dotted lines show the corrections according to the 
results of this work. 
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INVESTIGATION OF SOME OF THE PHYSICAL PROCESSES WHICH OCCUR ON THE 
SURFACES OF CRYSTALLINE BODIES AT HIGH TEMPERATURES* 
V. THE PROCESS OF THE SPONTANEOUS HEALING OF DEFECTS INTENTIONALLY 
CREATED ON THE SURFACE OF POLYCRYSTALLINE COPPER 
Ya. Ye. GEGUZIN and N.N. OVCHARENKO 
Khar’kov State University i/n Gor’kii 
(Received 13 July 1959) 


possible inter-connexion between the kinetics of 
spontaneous healing and the constitution of the 
layer adjacent to the surface in the testpiece being 
examined. 


INTRODUCTION 


Having very general thermodynamic considerations 
in mind the suggestion may be made that one of the 
processes which occurs at high temperatures on the 
surfaces of crystalline bodies and leads to reduct- 


ion in the free energy, is the process of the levelling 
out of surface roughnesses. The course of this pro- The experiments consisted in the observation of 


cess is determined by the molecular mechanism of the levelling of the surface of a testpiece of poly- 
the movement of atoms on the surface itself and in crystalline oxygen-free copper, on which defects in 
the surface adjacent to it, the interaction of the test- the form of scratches had been made with an angle 
piece with the gaseous phase which surrounds it, at the apex of 136°. The scratches were made by 
and also the consitution of the crystal lattice of the using the diamond indenter of the instrument PMT-3. 
layer adjacent to the surface. It is clear that any By applying varying loads to the indenter, scratches 
data concerning the kinetics of the process of spont- of varying depth can be created. With the shape of 
aneous healing, might be a source of information indenter used, the depth of the scratch was about 
concerning such important characteristcs of crystals 1/7th its width. 

as the surface tension on the boundary with the Annealing, during which the defects were level- 
gaseous phase, the coefficient of surface self-diffus- led out, was carried out under various gaseous 


ion and the character and stability of the crystal media. 
lattice distortion etc. In the main experiments the annealing was carried 


Widely differing views have been expressed in out in an atmosphere of flowing hydrogen. To check 
publications on the reason for the spontaneous level- _the various results, a series of control annealings 
ling at high temperatures of macroscopic surface were carried out in an atmosphere of argon and in 
flaws [1]. A systematic study of the process of level- an atmosphere of copper vapour. In the latter case, 


CONDUCT OF THE EXPERIMENTS 


ling of flaws has recently been made with samples the testpiece was placed in a copper ampoule with 
of rock salt [2]. a small opening for evacuation. This in its turn, 

In this paper we have attempted to follow up sys- was placed in an evacuated quartz tube. The vacuum 
tematically the process of the closing-up of defects in the quartz tube was maintained at about 107 
on the surface of polycrystalline copper. In order mm Hg. 


The isothermal annealing was carried out at four 
different temperatures: 600, 700, 850 and 950°. The 


to get the quantitative characteristics of the process, 
we made observations on the kinetics of spontane- 


ous healing of a defect which had a predetermined process of levelling was observed by the interfer- 

shape. The experimental] data obtained in these ex- ence method (using a Linnik interference micro- 

periments can be analysed with the aid of the consi- — scope MII-1). 

derations set out in a previous article [3]. For the purpose of the experiments, the testpieces 
In our experiments, attention was centred on a underwent special treatment, the essence of which 


will be described below. 


* Fiz, metal. metalloved., 9, No. 4, 569-577, 1960. 


Spontaneous healing of defects 


FIG. 1. Interferographs of the original scratches: 


a—p=2g; 


b-—p=5g. 


FIG. 2. Interferographs of scratches. Annealing at 750° for: 


1 — 10 min; 


THE KINETICS OF THE SPONTANEOUS 
HEALING OF SCRATCHES UNDER 
ISOTHERMAL CONDITIONS 


The experiments were carried out on testpieces 
which had been prepared in the following way. 
Plates 1.5 mm thick were cut out of a bar of oxygen- 
free copper on a lathe. One of the surfaces of these 
plates was polished on No. 5 emery paper and finish- 
ed on felt. Scratches were made on these surfaces 
with loads of 2 and 5 g on the indenter. Interfero- 
graphs of the original scratches are shown in Fig. 
1*. Typical interferographs obtained in the series 
of experiments when the annealing was carried out 
in an atmosphere of copper vapours, are shown in 
Figs. 2 and 3. Interferographs obtained at 7 = 600° 
are not shown, as no appreciable change in the 
shape of the scratch was noted in the course of 


2—1 hb; 


3-7 hr. 


about 10 hr annealing. 
Attention is drawn to the following features of 


the process of closing-up of the scratches in these 
experiments. 

1. In the process of levelling, the profile of the 
scratch remained smooth. This is clearly visible 
in the typical profilographs (Fig. 4). 

2. The closing-up process is speeded up at increa- 
sing temperatures. The process of closing-up ap- 
peared to be independent of the type of medium used 
in annealing (hydrogen, argon, copper vapours). 

As the kinetics of this process should, in the 
case of copper, be mainly determined by surface 
diffusion [3, 4] the results of these experiments 
could be used to find the coefficient of surface dif- 
fusion. 

it has been shown in paper [3] that the ratio of 
the depth of the scratch at a given moment h (¢) to 
the original depth h, is determined in the form 


* In all photographs microscope magnification was 270, 


photographic — 3.7 (270 x 3.7= 1000), “interferometric” 
~ 5000. 
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FIG. 3. Interferographs of scratches. Annealing at 950°: 
a —l,= 4p, duration of annealing: 


1 — O min; 2 — 3 min; 


3 — 10 min; 


4 — 40 min; 


b —1,= 10.5 y, duration of annealing: 


1—Omin; min; 


5 — 6hr; 


0 


(1) 


where 
16Bt 


14 


has the significance of measureless time; 


D, 
RT 
is the coefficient of surface diffusion; 
is the radius of the scratch; 
is the coefficient of surface tension; 
is the lattice parameter; 
is the Boltzmann constant; 
is absolute temperature. 
Using equation (1), D, can be determined in the 
following way. The ratio 


h (t) 
ho 


3 — 10 min; 
6 — 12 hr. 


4 — 40 min; 


is determined experimentally, and from the theoretic- 
ally calculated relationship 


the value of ¢ appropriate to it is found and then 
also, the value of D, by the formula 


(2) 


which proceeds from the determination of ¢ and B. 

While our work was going on, experimental invest- 
igations appeared, in which the coefficient of sur- 
face self-diffusion of copper was determined from 
the data concerning the kinetics of formation of 
grooves by thermal etching in bi-crystalline test- 
pieces [4, 5]. 

As can be seen from the table which includes our 
figures and those from papers [4, 5], the coefficients 
of surface diffusion determined by the different 
methods, are practically identical. This agrees with 
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Initial 


Initial 


FIG. 4. Profilographs of scratches on testpieces annealed at 950°. 


TABLE 1. Coefficients of surface diffusion D,, cm?/sec 


In hydrogen 


In copper 


In argon 


P=2 g 


P=5 g 


P=58 


Figs. 
paper 
[5] 


5110-6 
1.1.x 107-5 


5x107§ 


2.2x10-® 


1.71076 


1.1x1075 


3x1075 


3x1075 


3x10-5 


2.7%10—5 


* 


| 3x 10-4 


the hypothesis that the process of the closing-up of 
scratches on testpieces takes place by means of the 
mechanism of surface self-diffusion. 

The fact that the value of D, found according to 
the data for the closing-up of scratches of various 
widths (with a 2 g load on the indenter, 4 py, and 
with a 5 g load — 10 yp), coincide, is evidence that 
with other conditions equal 


(3) 


i.e. the characteristic time for closing-up 
ample semi-closing time is ty, in the course of 
which the depth of the nei is reduced to half) 
from the original linear measurement of the scratch, 
is dependent on the law 


ty 


We note also, that it is not only qualitatively that 
the process of closing appears to be independent 
of the media, as the coefficient of surface self- 
diffusion does not change in different media (in the 
media used in our case). 
The coefficient of surface tension of copper is by 
no means isotropic and the changes in the profile 
of the scratch observed, are by no means in agree- 
ment with this fact. The anisotropy of the coefficient 
of surface tension shows itself very clearly in the 
fact of the existence of what is called natural rough- 
ness [6, 7], which will occur on the polished sur- 
face of a polycrystalline piece at high temperatures. 
It could be expected that because of this, the 
profile of the scratch will not be smooth but will be 
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3 — 3 min; 
4 — 10 min. 


stepped in a manner which would be determined by 
the orientation of the grains relative to the plane of 
the polished surface. It is precisely this type of 
profile which occurs during the closing of a scratch 
on the surface of monocrystalline rock salt [2]. The 
changes in the profile of the scratch in experiments 
described above, are much more like those observed 
in the closing of scratches made on the surface of 
glass (Fig. 5) which is typified by an isotropic coef- 
ficient of surface tension. This latter fact provides 
the basis for the use of formula (1) in developing 
the experimental results. This formula can be ob- 
tained without allowing for the anisotropy of the 
coefficient of surface tension. 

As shown by additional experiments (see below), 
a possible reason for the nature of the change in 
the profile of the scratch might be found in the dis- 
tortion of the structure of the sub-surface layer. 


INFLUENCE OF THE CONSTITUTION OF THE 
SUB-SURFACE LAYER ON THE KINETICS OF 
SCRATCH CLOSURE 


In order to follow the possible effects of the de- 
gree of deformation of the sub-surface layer on the 
kinetics of closing of a scratch, experiments were 
undertaken with the surfaces of testpieces prepared 
in different ways. Four different series of testpieces 
were studied. 

Series No. 1: After grinding on five numbers of 
emery paper and polishing on felt, they were anneal- 
ed at T = 1000° for 2 hr in a hydrogen atmosphere. 

Series No. 2: The same treatment as in Series 
No. 1. After annealing they were polished on felt 
with repeated etching. 


Spontaneous healing of defects 


Go 


{ 


FIG. 5. The closing of scratches on the surface of glass at T = 670°. Interferographs: 
1 — in initial state; 
2 — after annealing for 0 min; 


Series No. 3: The same treatment as in Series 
No. 1. After annealing they were ground on 3, 4 and 
5 numbers of emery paper and polished with repeat- 
ed etching. 

Series No. 4: Were made from bars ground and 
polished (with repeated etching) but without pre- 
liminary annealing. 

The experiments described in the previous para- 
graph were carried out on testpieces of Series No. 4, 
i.e. the ones whose surfaces had been subjected 
to the most rigid mechanical treatment. 

Indirect characteristics of the degree of distort- 
ion of the sub-surface layer in the fourth series of 
testpieces are provided by the figures for micro- 
hardness. With a load of 20 g on the indenter, the 
microhardness was respectively 47, 84, 90 and 
120 kg/cm?. All the testpieces after the scratch had 
been made, were annealed under identical condi- 
tions in a hydrogen atmosphere at 950°. Typical 
interferographs obtained in these conditions, are 
shown in Fig. 6. 

An obvious result of these experiments is that 
the closing-up proceeded more slowly if the distor- 
tion of the sub-surface layer was less. 

In the testpieces which had undergone prolonged 
annealing at sub-fusion temperature before making 
the scratch, there was no closing-up to be seen in 
the form in which it occurred on the testpieces 
which had been ground and polished. The shape of 
the scratch changed and looked different from the 
neighbouring grains. In some of the grains, in which 
the plane (100) is very little different from the plane 
of the polished surfacce, the formation of a flat 
bottom is to be seen similar to that which is observ- 
ed on the monocrystals of rock salt [2]. 
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FIG. 6. The closing of scratches on the surface of testpieces with different initia! 
constitutions for the sub-surface layer. Interferographs: 
a — testpiece from Series No. 1; 
b — testpiece from Series No. 2; 
c —testpiece from Series No. 3; 
d — testpiece from Series No. 4. 


Duration of annealing: 1 — 0 min; 2 — 10 min; 3 — 1 hr. 


This was not the picture observed in the case of 
the testpieces which had been ground and polished. 

It must be noted that, from the point of view which 
interests us, i.e. the effect of the closing of a 
scratch, most essential distortions are those created 
by grinding and polishing. Distortions created by 
scratching have practically no effect on the kinetics 
of closing. Evidence of this is given in particular, 
by specially mounted experiments in which observa- 
tions were carried out on identical testpieces, of 
the closing of isolated and of a number of closely 
packed scratches. As can be seen from Fig. 7, clos- 
ing of the scratches was in no way furthered by the 
distortion created by neighbouring scratches. 

In analysing the results obtained the following 
facts must be borne in mind. 

1. The nature of the change in the profile of the 
scratch appears to be dependent on the degree of 
initial distortion of the sub-surface layer. 


2. Deformation of the surface layer by scratching 
has less effects on the kinetics of closing than does 
the operation of grinding with subsequent polishing. 

3. In testpieces with the maximum degree of dis- 
tortion, the process of closing-up proceeds as if the 
coefficient of surface tension in copper were isotro- 
pic, i.e. the profile of the scratch remains smooth 
and changes in accordance with equation (1). 

4. The coefficient of surface self-diffusion, deter- 
mined from the data for the kinetics of change in 
the profile of a scratch on the testpiece with the 
maximum initial degree of distortion in the sub- 
surface layer, coincides with that found in experi- 
meats for the formation of channels by thermal! etch- 
ing [4, 5]. 

The combination of these facts can be explained 
if it is assumed that in the course of preparing the 
testpiece and prior to making the scratch, a layer is 
created which is either amorphous (Beilby’s layer), 
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FIG. 7. The closing of isolated scratches and groups of scratches on 
surface of a testpiece of Series No. 1: 


1, 3 — initial state; 


2, 4 — annealing at 950° for 10 min. 


or is to a very high degree finely dispersed. In this 
case this type of non-equilibrium structure will be 
stable even at the temperature of closing (950°). 

The assumption of the existence of a stable amor- 
phous layer is however contradicted, first, by the 
electron-diffraction data which shows that annealing 
even at a fairly low temperature (550-650° for gold) 
leads to disappearance on the electron-diffraction 
of the diffusion halo and the appearance of lines [8], 
and secondly by the fact that the coefficient of self- 
diffusion found in the experiments for healing, coin- 
cide with those found in the experiments for the 
creation of the grooves. It is natural to suppose that 
the coefficient of self-diffusion for the surface of an 
amorphous layer should be greater than for “an 
equilibrium crystalline surface”. 

The kinetics of healing observed and the equili- 
brium value of the coefficient of surface diffusion 
may be interpreted as meaning that the sub-surface 
layer is a combination of finely dispersed micro- 


crystallites disoriented at fairly considerable angles. 


The stability of such a structure is not clear how- 
ever, as with this degree of disorientation an inten- 
sive recrystallization process should occur. 

In order to explain the facts observed, similar 
causes should be assumed, to those which cause the 
stability of the dispersion structure in a very fine 
sub-surface layer. 

It seems to us that the following is possible. 

A. The presence of thin films of oxides around 
the micro-crystals. In this connexion we note that 
the process of polishing is accompanied by a partial 
oxidization of the metal. 

B. The condensation of excess vacancies which 
occur on annealing the deformed polished surface 


of the layer on the inter-crystalline boundaries, as 
occrurs in plasticaly deformed metals and in electro- 
lytically produced metals [9]. 

The first of these could, in the final analysis, 
come to the partial break-up of the micro-crystals as 
a result of the coagulation of the surplus vacancies. 
In the case on hand, excess vacancies appear in the 
process of high temperature decomposition of the 
oxides, which is known to be accompanied by the 
appearance of defect structures which are much less 
stable at high temperatures. It must be emphasised 
that the hypothesis formulated concerning the poss- 
ible reasons for the phenomena observed, must be 
confirmed by additional experiments. 


CONCLUSIONS 


1. Using the interferometric method, investigat- 
ions have been made into the processes of high tem- 
perature spontaneous healing of intentionally creat- 
ed defects on the surface of polycrystalline copper. 

2. From the data for the kinetics of healing the 
coefficients of surface self-diffusion have been 
calculated. 

3. It has been shown that the profile of the defect 
in the process of healing depends on the nature of 
the surface treatment and on grain orientation in 
relation to the surface which has been polished. 

4. The proposition has been put forward that the 
distorted sub-surface layer created in the process 
of grinding and polishing, is a fine crystalline one 
and is stable at high temperatures. The reason for 
its stability is explained by the presence of coher- 
ent interfaces between neighbouring crystallites. 


Translated by V. Alford 
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INVESTIGATION OF THE INFLUENCE OF SMALL ADDITIONS OF SILVER ON THE 


PARAMETERS OF VOLUME AND BOUNDARY DIFFUSION OF SILVER IN COPPER * 
S.D. GERTSRIKEN and A.L. REVO 
Kiev State University i/Shevchenko 


This paper described the investigation by means 
of radioactive silver **°Ag, of the diffusion of silver 
in the volume and on the grain boundaries in copper 
and in an alioy of copper with an addition of 0.1 at.% 
silver. 

99.9987 % by weight t copper was used for the 
study of the diffusion. The alloy of copper with a 
trace of silver was prepared in a quartz ampoule 
which was evacuated and then sealed. Suspensions 
of copper in the form of foil were first pressed into 
the copper to avoid loss of time in fusion. The alloy 
underwent homogenisation at 950 for 50 hr. 

The testpieces which were to be used for a study 
of volume diffusion, had a grain size of 0.5-1 mm. 
This was achieved by preliminary deformation of 
about 10-15% and subsequent annealing at a temper- 
ature of 950° for 5 hr. With deformation of about 
50% and annealing at a temperature of 550° for 7 hr, 
produced testpieces with grain size 20-40 p for the 
examination of boundary diffusion. The grain size 
after diffusion annealing remained practically un- 
changed. 

The diffusion annealing was carried out in an 
argon atmosphere in an electric furnace. The temper- 
ature was maintained with an automatic electronic 
potentiometer with a precision of + 2%. 

The radioactive silver was deposited electrically 
on the polished surface of the testpiece in a cell 
consisting of 38gKCN and 38g AgCN in 1 litre of 


water. 
A few drops of the radioactive salt of silver AgC1 


were dissolved in a prepared electrolyte. A silver 
plate served as the anode, and the cathode was the 
testpiece. Current density was 0.003 A/cm?. The 
depth of the coating was 0.1-0.2 u. 

The distribution of the active silver in depth was 
determined after diffusion annealing by taking lay- 
ers mechanically and measuring the integral activa- 
tion on the apparatus B-2. The depth of the diffusion 


* Fiz. metal. metalloved., 9, No. 4, 578-583, 1960. 
t We wish to extend our thanks to D.P. Zosimovich for 


producing this copper. 


(Received 3 August 1959) 


zone reached 100-200 pv at 5-15 hr annealing in 
volume diffusion (7 = 700-900°), and 50-70 p at 
70-120 hr for boundary diffusion (7 = 250- 450°). 

The coefficients of volume diffusion were calcul- 
ated from the formula 


— 0.1086 [1], 


t-tana 


where ¢ is the time of diffusion annealing and tana 
was determined from the graph in Fig. 1. 


= f 


The experimental figures for the coefficients of 
volume diffusion of silver in copper and in an alloy 
of silver with 0.1 at. % silver, are set out in Table 1. 
The temperature relationship of the parameters for 
volume diffusion are shown in Fig. 2. The experi- 
mental figures were developed by the least squares 
method, and the following analytical equations for 
the temperature relationship of the parameters of 
volume diffusion were obtained. 

For the diffusion of silver in pure copper in the 
temperature range 700-900° 


— 38600 + 500° 
} cem?/sec (1) 


D=1.8 107? 
exp RT 


For the diffusion of silver in copper with an ad- 
dition of 0.1% Ag 


~- 33 200 + 500° 
i ) cm?/sec (2) 


D =2.9- exp( 


From this it will be seen that the small addition 
of copper appreciably reduces the activation energy 
of volume diffusion and consequently, increases the 
mobility of the silver atoms in the copper in the 


Diffusion of silver in copper 


TABLE 1. Coefficients of volume diffusion Dp. 10° cm?/sec 


Temperature °C 


800 


Average 


Cu +0, 
Ag 


5000 10000 x? 


0 50 


FIG. 1. Relationship between integral activation ] and depth x and relationship 
between lg D//Dx and x?. Annealing at 730° for 60 hr. 


given temperature range. of volume diffusion of silver in copper with an addi- 
Figures have been published [2] for the parameters _ tion of silver (3 at. % Ag), in which the following 
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10 


FIG. 2. Temperature relationship of the coefficient of volume diffusion: 
e — diffusion of silver in pure copper; 
A — diffusion of silver in copper with an addition of 0.1 at. % silver. 


temperature relationship for the coefficient of diffus- 
ion (JT = 720 — 860°): 


— 37 200° 


D = 2.9% 10-? exp | cm*/sec 


\ 


This is in agreement with our experimental data. 

At low temperatures an important part is played 
by diffusion along the grains boundaries. It has 
been shown in paper [3], that the method developed 
for the calculation of the coefficients of volume _ 
diffusion may be used to determine the absolute 
value D,. At relatively low temperatures, the effect 
of volume diffusion may be ignored as D, > D,, in 
certain orders. 

Then in the formulae for a semi-infinite case 


2Qih 
= V(sA, xy xy +A) = 


(3) 


is the unknown quantity of substan- 
ce from which proceeds the bound- 
ary diffusion; 

Q, and Q, are the quantities of substance on 
the boundaries after removing layers 
x, and x, respectively; 


where 


2Vt-D, 


i= 


h is the width of the radioactive layer. 
From formula (3) we find 


In Table 2 and Fig. 3, the experimental data are 
given for the parameters of boundary diffusion of 
silver in copper and in an alloy of copper with a 
small addition of silver. 

The temperature relationship of the coefficients 
of boundary diffusion of the silver in pure copper 
have the form 


~6 500° 
D, = 3,1 x10 exp ( cm/sec (4) 


while in copper with an addition of 0.1 at. % silver 
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TABLE 2. Coefficients of boundary diffusion D,. 10% cm*/sec 


Temperature °C 


350 


Average 


Cu+0,1 at,% 
Ag 


Average 


20 


.103 


7°K 


FIG. 3. Temperature relationship of the coefficient of boundary diffusion: 


o — diffusion of silver in pure copper; 
A — diffusion of silver in copper with an addition of 0.1 at. % silver. 


0 exp ( (5) 


It thus is shown, that the energy of activation of 
the boundary diffusion of silver in copper and in 
copper with a small addition of silver is almost the 
same, while the coefficient of diffusion for pure 


copper is somewhat higher than it is for copper with 


an addition of silver. 
A further determination was made, of the width of 


the boundary between the grains in polycrystalline 
testpieces of copper and of the copper alloy. 

If it is approximately assumed that the boundary 
is only fed by the substance lying on the boundaries 
of grains Q,, — then the ratio will occur 
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Qob 2a’ 


where Q,, 
activation of the testpiece NV; 

b is the length of grain; 

a is the width of the boundary. 


Qo» ~ Nop can be determined from the equation 


Nob h 


If all the appropriate values are known for insertion 
in the equation. 

For each of the testpieces, three to four values 
for the width of the boundary were found. The mean 


boundary width in the case of pure copper was 
3.7 x 10% cm. 

It should be noted that for most pure metals, the 
ratio of the activation energy of boundary diffusion 
to volume diffusion is in a very narrow range 0.6- 
0.7. An exception to this is silver, for which it is 
0.44. In the case on hand it was found that E,/E,, 
for the diffusion of silver in pure copper was 0.45 
and for diffusion in the alloy, 0.51. 

Comparing the experimental values for the energy 
of activation of volume diffusion of silver in pure 
silver E = 44.1 kcal/g.mol [4-6], in copper, E = 38.6 
kcal/g.mol. (the present work) and in aluminium, 

E = 33.5 kcal/g.mol. [7], a linear relationship can 
be discovered for the activation energy and the 


FIG. 4. Relationship between the energy of activation and atomic number for the 
diffusion of silver in certain elements. 


is a value proportional to the initial 


50 2 


atomic number of the element in which the diffusion 
of silver is taking place (Fig. 4). 


CONCLUSIONS 


In this paper a description has been given of the 
investigation of volume and boundary diffusion of 
silver in copper and in an a:loy of copper with a 
small addition of silver (0.2 at.% Ag). 

Temperature relationships for the parameters of 
diffusion have been obtained and are expressed 
by the equations (1, 2, 4, 5). 

It has been established that the ratio of the 
energy of activation of boundary diffusion to volume 
diffusion of silver in pure copper and in copper 
with an addition of 0.1 at. % Ag is respectively 
0.45 and 0.51, which is close to the ratio for the 
self-diffusion of pure silver, i.e. 0.44. 

The width of the boundary between the grains 
has been found for pure copper and for copper with 
an addition of silver. It was in the region of 3000- 
4000 A. 

It has been established that when copper is dif- 
fused in a crystal lattice of elements with differ- 
ent atomic numbers as for instance Ag, Cu, Al, the 
activation of energy falls with decreasing atomic 
number. 


Translated by V. Alford 
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This paper is part of the investigations [1-4], connected with the study of the nature of electro- 
deposits of a latently crystalline type and consists of the X-ray data for the structural transtormation 


in electrodeposits of manganese. 


Unlike crystalline electrodeposits, electrodeposits THE METHOD USED IN THE INVESTIGATIONS 


of an implicitly crystalline type are characterized 
by the absence of crystalline grain structure on the 
surface and by X-ray diffractions similar to the dif- 
fractions from amorphous bodies. Belonging to this following composition: 
type of precipitates are: the electrodeposits of man- 

ganese, rhenium, chromium, chemically precipitated 1. MnSO,.5H,0 — 150 — 200 g/l, 


In this work the electrodeposits of manganese were 
examined, which were produced in tanks with the 


nickel, etc. etc. The outer surface of the electro- 
deposits of manganese are shown in Fig. 1. (NH,),SO, — 50 — 100 g/l; 


FIG. 1. Microphotograph (x 450) of the surface of an electrolytic deposit of manganese. 


* Fiz. metal. metalloved., 9, No. 4, 584-588, 1960. 2. The same + 20 cm?/] of glycerine. 
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Spot from primary X-ray 


FIG. 2. Microphotometer records from the 
X-ray patterns. 


Deposition was carried out on to copper-iron and 
silver plates with a current density of 30 A/dm?, 
which, as was established in the experiment, cor- 
responds to the maximum amount of hydrogen in the 
deposit. The pH of the solution at which the deposit 
of manganese of an implicitly crystalline type were 
obtained, was 3.8-4.0. The thickness of the deposits 
varied from 10-60z. 

The investigations were carried out by the follow- 
ing methods: 

1. by the method of vacuum heating — for the char- 
acteristics of the content of hydrogen in the deposit 
and its kinetics on separation on heating in a range 
of 50-700°. 

2. by the X-ray method — for the curve of the struct- 
ure and of the phase transformations in these depo- 
sits, which occur on heating them in a vacuum. 

The X-ray examinations were carried out with iron 
radiation in a texture camera 86 mm in diameter. 

It was not possible to make a precise determina- 
tion of the lattice parameter from X-ray patterns ob- 
tained from the flat testpieces of electrolytic man- 
ganese, because of the indeterminate position on the 
radiographs of the centre of the primary X-ray beam, 
and also because of the width and low intensity of 
the lines at large reflection angles. We therefore 
used the following formula to calculate the lattice 
parameter. 


sin - sin (49 


Angle 20, is calculated by the formula 


Amount of H in precipitate, cm/lhr 


Crystal lattice parameter, A 


FIG. 3. The change in the period of the @-manganese 
crystal lattice related to temperature (curves ] and 2) 
and the change in hydrogen content related to 
temperature (curves 3 and 4). 


K sin — sin 


tan 29, = 
COS Bin — K . 


(tin + + — + + 


sin 
sin tin | (ha + ha + la) — (02 + + 


Here Zhe can be related to the reflection (A,4,/,) 
while 


Lh? — to (hI), Sim and 


are the angles between the lines representing re- 
flections (h,4,/,) and (h,4,/,) and (A,4,l,) and 
respectively. 

To calculate the lattice parameter from this form- 
ula it is sufficient to know the indices of the three 
lines and to measure the angles between them. Here 
it is not at all necessary to know the position of 
the centre of the primary X-ray beam on the photo- 
graph. It must be noted that this formula can be 
used only to calculate the parameter of crystals 
which have a cubic lattice. 


RESULTS OF THE EXAMINATIONS 


It is known from published data [5-13], that man- 
ganese can exist in three modifications; a, 8 and 
y- y-manganese is the most stable of the modifica- 
tions at temperatures above 1191° and in the pure 
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FIG. 4. The changes in the period of the a-manganese crystal lattice 
related-to hydrogen content. 


form, without additions of other metals, it has not 
so far been retained by quenching from these temper- 
atures. 

The X-ray patterns obtained from electrolytic 
manganese deposited from a solution with pH >4 
reveal a picture appropriate to an amorphous body. 

The radiographs of manganese obtained from the 
first cell in some cases revealed line characteristic 
of the y-modification, i.e. a modification which in 
the conditions deposition is thermodynamically 
unstable. It seems that this is also the reason why 
y-modifications are very rarely discovered as they 
are liable to irreversible transformation to the a- 
modification in the time taken to produce the X-ray 
pattern. The presence of additions in the electrolyte 
hastens this transition or else completely suppres- 
ses the formation of a y-modification. 

The possibility of the emergence during electro- 
lysis of thermodynamically unstable phases is due 
to features in the mechanism of formation of these 
deposits in the course of overcoming the high energy 
barriers (due to polarization of the electrode), which 


causes the appearance of particles with higher energy. 


The X-ray picture described of the deposits of 
manganese ubtained from a solution with pH 24 
undergoes some substantial changes according to 
the extent of heating the deposit in a vacuum. The 
microphotometer readings shown in Fig. 2 show at 
a glance the different diffraction from these precipit- 
ates in the initial state (immediately after removal 
from the cell) and after heating in a vacuum at 125° 
for 1.5 hr. The X-ray picture does not change during 
the process of heating these precipitates to 100°, 
but from 125-140° the clearly defined lines of the 
a-modification of manganese are observed. It is 
interesting to note that the transformation of the — 
amorphous structure into the a-modification is, in 
its physical nature, somewhat similar to the process 
of the formation of martensite in the decomposition 
of austenite. 


Fig. 3 shows the change in the lattice paremeter 
of manganese in relation to the temperature at which 
the deposits are heated in a vacuum (curves J and 
2) and the change in the hydrogen content of the - 
deposits also in relation to the heating temperature 
(curves 3 and 4). 

Fig. 4 shows the relationship of the lattice para- 
meter of a-manganese to the hydrogen content in 
the deposits in the temperature range 125-300°. A 
comparison of these figures reveals a difference in 
the hydrogen content and in the kinetics of its se- 
paration for the deposits obtained from different 
cells. With increased temperature the quantity of 
hydrogen in the deposits i is reduced. This is accom- 
panied by a change-in the lattice parameter. 

Fig. 5 shows the change in the root mean square 


displacement 
V 


of the manganese atoms in the direction normal to 
face (330) in relation to the temperature at which 
the deposits are heated in a vacuum. 

From these figures the conclusion may be drawn 
that the manganese formed by electrolysis, both 
directly and as a result of transformation from the 
y-modification, may be regarded as a solid solution 
introducing hydrogen into the a-manganese with a 
very strongly deformed crystal lattice. The appear- 
ance of the distortion in the lattice of electrolytic 
copper at least, could be attributed to simultaneous 
causes, — the presence in the lattice of large quan- 
tities of hydrogen and to plastic deformation occur- 
ring on the transition of the lattice from a latently 
crystalline state to the crystalline. The distortions 


_ due to hydrogen are distributed throughout the pre- 


cipitate in static equilibrium while at the same time 
the place of plastic deformation is localized on the 
boundaries of the crystals and on the block bound- — 
aries inside the crystals. 
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FIG. 5. Change in the root mean square of manganese atoms in a lattice 
of the solid solution related to temperature. 


The unequal distribution of electrons between 
atoms in the manganese lattice has been mentioned 
in publications [7]. It would appear to be this fact, 
as also the considerable displacement of the atoms 
themselves from their position at lattice points due 
to the high hydrogen content in the lattice of the 
solid solution, which determine the specific charac- 
ter of the X-ray diffraction from electrodeposits of 


manganese in their initial state making it similar to 
the diffraction which comes from amorphous substan- 


ces. 
When the deposits are heated to 700° lines from 


the MnO appear on the radiographs at 500° while the 
oxide content in the deposit grows with increasing 
temperature and is as a rule greater than that in the 
deposits obtained from the second cell. From these 
figures, the following may be said concerning the 
influence of additions of glycerine in the electro- 
lyte: 1) it leads to an increase in the hydrogen con- 
tent of the electrodeposit of manganese and 2) it 
accelerates decomposition of the solid solution, thus 
- leading to the formation of MnO on further heating. 

In investigation of the electrodeposits of man- 
ganese on a basis of iron (a-Fe) with vacuum heating 
to 1080° for 5-14 min, revealed that the manganese 
precipitates obtained in the second cell and having 
a thickness of 30 p, completely halted the decompo- 
sition of the austenite (y-Fe) when subjected to slow 
cooling in the furnace right down to room tempera- 
ture. In this case the effect of the coating is similar 
to the alloying of steel with manganese. This fact 
seems to us to be of considerable interest. 

It is interesting to note that in certain circums- 
tances, manganese in a clearly crystalline state can 
be obtained even by the process of electrolysis. 

For example, the manganese specimens* used by us, 
were produced from a cell with an addition of SO, 


and gave a clearly defined diffraction pattern of 
the structure of the a-modification, in which the 
form of the structure was determined by the condi- 
tions of electrolysis, while no definite regularity 
could be discovered in the changes on heating. 
Where pH > 4, independently of other conditions of 
electrolysis, deposits emerge which are character- 
ized by a structure of the latently crystalline type 
which, on heating to 125°, passes into a structureless 
modification of manganese. From the data obtained 
the conclusion may be drawn that in this case, the 
structure which is formed in the process of the 
electro deposition of manganese, is a “textural 


growth”. 
CONCLUSIONS 


1. It has been shown by radiographic investiga- 
tion that electrolytic manganese may be obtained in 
two allotropic forms: both y- and a-manganese; the 
y “manganese is a thermodynamically unstable modi- 
fication which undergoes a non-reversible transfer 
into the a-form in the course of a few hours, while 
lack of additions to the electrolyte accelerates 
this transformation and may even suppress the form- 
ation of the y-modification. Manganese formed by 
electrolysis, both directly and as a result of transi- 
tion from the modification, is interstitial solid solu- 
tion of hydrogen in the a-manganese with a very 
distorted crystal lattice. Vacuum heating leads to 
decomposition of the solid solution accompanied by 


‘a decrease in the lattice parameter and removal of 


the distortions. 
2. An addition of glycerine to the electrolyte will 


* Manganese testpieces were kindly presented by 
A.T. Sanzharovskii. 
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lead to an increase in hydrogen content of the man- 
ganese deposits and, on heating, will accelerate the 
break-up of the solid solution enabling MnO to be 
formed on further heating. 

3. It has been found that it is possible to preserve 
austenite right down to room temperature in steel 
which is in contact with an electrolytic coating of 


manganese. 
4. It has been shown that it is possible to obtain 
manganese in a clearly crystalline state, even by 
electrolysis, particularly if there is an addition of © 
SO, in the electrolyte when these deposits will have 
a “texture of growth”, the form of which is depend- 


ent on the conditions of electolysis and the change 
in the degree of perfection on heating does not 
appear to be determined by any law. - 

5. A new formula has been suggested for calcul- 
ating the parameter of a cubic lattice from X-ray 
patterns obtained from flat polycrystalline test- 
pieces from this formula it is sufficient to know 
only the indexes of the three lines and the angle 
between them. 


Translated by V. Alford 
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STATIC INVESTIGATION OF THE MODULUS OF ELASTICITY OF METALS UNDER 
HYDROSTATIC PRESSURES OF UP TO 4000 kG/cm? * 
Z.I. STAKHOVSKAYA and I.S. TOMASHEVSKAYA 
Institute of Terrestrial Physics AS U.S.S.R. 
(Received 7 December 1959) 


Young’s modulus and the shear modulus have been determined for a number of metals under 
hydrostatic pressures of up to 4000 kz/cm’. The testpieces were tested in bending and torsion. 
Measurements of stress and deformation were made inside a high pressure chamber. 


The study of the influence of high pressure on the 
elastic properties of different materials is of inter- 
est for a number of fields of science. Many scientists 
have devoted themselves to a study of the deforma- 
tion of metals under high pressure conditions but 
this has mostly been in plastic fields [1-3]. A num- 
ber of difficulties attach to the study of the elastic 
parameters of solid bodies by the static method at 
high pressures. This may explain the small number 
of papers dealing with this subject. | 

In most researches, the elastic properties of metals 
have been determined by various dynamic methods 
[4-6], in which there have been increases of 24% 
in the moduli of aluminium, copper and armco iron 
with changes of pressure up to 4000 kg/cm’. 

The only studies of the elastic properties of 
metals under high pressures by the static method, 
have been those of Bridgman [7] and Yekhlakov, 
Gladkovskii and Rodionov [8]. 

As the high pressure laboratory of the Institute 
of Terrestrial Physics of the Academy of Sciences 
U.S.S.R., in carrying out its investigations to do 
with rocks, uses a number of measuring elements 
(metal) located inside a high pressure apparatus 
[9, 10], it has become necessary to investigate the 
effect of pressure on the elasticity of these metals. 
For this purpose, metal pieces were tested in bend- 
ing and torsion and Young’s modulus and the shear 
modulus were determined. The pieces used for test- 
ing in bending and torsion, were produced from the | 
same bars. For the bend tests, 170 mm long bars 
with a diameter of 9 mm were used, while for the 
torsion tests 100 mm bars were selected with a dia- 
meter of 8 mm, with rectangular heads 12 x 12 x 10 
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For the bend tests, testpiece 4 was placed on 
two parallel cylindrical supports 1 (Fig. 1), the dis- 
tance between which was 140 mm. The load was ap- 
plied via plate 2. In this way a constant moment 
was applied the sector AB, 71.5 mm long. Young’s 
modulus was determined by the relationship between 
the bending of the testpiece and the stress. Stress 
and deflexion were measured by elastic elements to 
which were attached wire resistance strain gauges. 
The stress was determined by means of steel plate 
2 with high rigidity (dynamometer), which was plac- 
ed between the rod which created the stress, and 
the testpiece. The deflexion was measured by plate 
3 of low rigidity (strain gauge). One end of the strain 
gauge was fixed and the other followed the motion 
of the centre of the testpiece. Resistance gauges 
were attached to the plate on both sides so that, on 
deformation, the strain gauge meter wire either be- 
came taut or slackened. The design and working 
principles of these gauges have been described by 
Raevskii [11]. 

To calculate the shear modulus, the relationship 
was observed between the angle of twist and applied 
torque. A special mounting was constructed for test- 
ing the pieces in torsion (Fig. 2). End 5 of piece 1 
was fixed while the other end 4, was firmly attached 
to eccentric 2 but able to rotate. The testpiece was 
twisted by means of eccentric 2 to which stress was 
transmitted via elliptic ring 6. The torque applied 
to the testpiece was determined as the product of 
an arm 9 mm at the extent of the load. Tension was 
measured by means of ring 6 with the resistance 
tensiometer attached to it. The twisting angle of 
the testpiece was determined by gauges 3, attached 
directly to the testpiece at an angle of 45° to its 
axis and at an angle of 90° to one another. 

- The strain gauges were assembled on the system 
of a Wheatstone bridge the balance of which was 
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FIG. 2. Diagram of torsion test. 


measured by means of an amplifying system. Before 
the beginning of the work, the system was calibrat- 
ed at atmospheric pressure. The systems intended 
for measuring stresses — by weight, while the sys- 
tems which were to be used to measure deformation 
and twisting angle respectively, by micrometer and 
change in the twisting angle. Determination of the 
angle of rotation and calibration of the strain gauges 
attached to the testpiece were carried out during the 
torsion tests at atmospheric pressure by the optical 
method. To avoid end effects, mirrors were attached 
to the testpiece at a certain distance from the ends, 
so that the test length was approximately 65 mm. 
Precision for the determination of the angle of rotat- 
tion by the optical method was a maximum of 3 %. 
The measuring instruments were placed, together 
with the testpiece in a high pressure chamber. The 
calibration was checked under high pressure. It ap- 
peared from the graphs obtained, that the calibrat- 
ion obtained under atmospheric pressure could also 
be used in high pressure conditions. Precision of 
measurement, amounting to 3% for Young’s modulus 
and 45% for the shear modulus, was determined 
mainly by the accuracy of the determination of de- 
flexion and angle of twist. 

The investigations were conducted in the high 
pressure apparatus already described [9] in a nitro- 


gen atmosphere. In this apparatus it was possible to 
create stresses on the testpiece independent of in- 
creased pressure. We examined pieces made from 
armco iron, steel U-10, brass, duralumin and copper. 
Each piece was tested in the elastic range begin- 
ning at atmospheric temperature, and then in the high 
pressure chamber at various pressures which were 
gradually increased. 

Young’s modulus was calculated by the formula 


__ F (3a —4a°) 
f 
where F is the force acting on the testpiece; 
I is the distance between supports; 
a is the distance between the left-hand sup- 
port and a point A and the distance between 
the right-hand support and point B; 


tp 


is the moment of inertia of the section of the test- 
piece; 


r is the radius of the testpiece; 


f is deflexion. 
The modulus of elasticity in shear was determined 
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FIG. 3. Relationship between’ Young’s modulus and pressure: 
1 — steel U-10; 
2 — armco iron; 
3 — copper; 


4 — brass; 


5-6 — duralumin. 


from the formula 


G= 32R-F-1 


where RF is the torque acting on the testpiece; 
is the arm; 
is the applied force; 
is the test length; 
is the diameter; 
g is the angle of twist of the testpiece. 

In Figs. 3 and 4 are graphs showing the relation- 
ship between the elastic moduli and pressure. It can 
be seen from the graphs, that Young’s modulus at a 
pressure of 1000 kg/cm? is 4-8% higher than at 
atmospheric pressure. This exceeds any measuring 
error. An exception is copper, for which the increase 
in Young’s modulus at 1000 kg/cm? is 1.2%. With 
further increases of pressure the scatter of the 
values for the moduli may indeed be due to errors of 
measurement; the value of the modulus is, however, 
somewhat higher than at atmospheric pressure. An 
unexpected result was obtained in the pressure range 
up to 1000 kg/cm? for duralumin. In this case Young’s 
modulus at first showed a rapid increase (by 20- 

25 %) and then decreased but this effect was within 
the limits of experimental error. As regards the shear 
modulus, both for armco iron and duralumin D-4 the 
scatter of the values of the modulus does not ex- 
ceed the accuracy of measurement. For brass and 
duralumin D-2, however, there is an increase in the 


shear modulus. It could be noted that the results 
obtained from duralumin (both for Young’s modulus 
and the shear modulus) on the different testpieces, 
are very different from one another. 


CONCLUSIONS 


1. The change in Young’s modulus with increas- 
ing pressure of up to 1000 kg/cm? is 5% for steel 
U-10 and armco iron, 7.5% for brass and 1.2% for 
copper. If the pressure is increased from 1000 to 
4000 kg/cm? then, within the limits of the precision 
of measurement (3%), Young’s modulus remains 
constant. 

2. With an increase of pressure up to 1000 kg/cm?, 
the shear modulus is changed by 3-6% for brass 
and duralumin as compared with the modulus at 
atmospheric pressure, while with further increase 
in pressure the value of the shear modulus does not 
change is within the limits of the precision of 
measurement. For armco iron the modulus remains 
constant. 

3. From the data obtained it is clear that Young’s 
modulus is increased slightly more under pressure 
than is the shear modulus. 


Translated by V. Alford 
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FIG. 4. Relationship between modulus of elasticity in shear and pressure: 
1 — armco iron; 
2 — brass L-6; 
3 — brass L-3;° 
4 — duralumin D-2; 
5 — duralumin D-4. 
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STRAIN HARDENING AND RECOVERY OF HIGH-PURITY TUNGSTEN AND MOLYBDENUM 
UNDER CONDITIONS OF. A MULTIPLE HETEROGENEOUS STRESSED CONSTITUTION * 
I.N. FRANTSEVICH, I. Ye. SHTYANOVSKAYA and V.A. LAVRENKO 
Institute of Powder Metallurgy and Special Alloys, AS Ukr. SSR 
(Received 29 June 1959) 


The development of new branches of industry 
reveals new prospects for the use of a number of 
high melting point metals at high temperatures in the 
state of mechanical hardening. This explains the 
increased attention paid to the study of the proces- 
ses of strain hardening and recovery of these mater- 
ials after undergoing various forms of mechanical 
treatment. 

The present research was investigated by the very 
limited amount of published data on the recrystal- 
lization of tungsten and molybdenum; such informa- 
tion as does exist, referred to materials deformed by 
rolling [1, 2]. 

The objects of the examination in this case, were 
high purity compacted powder metals. 

Special analysis of the bars of tungsten produced, 
showed the following impurities: 


. . 0.0001%;: 
. 0.0001%; 
- - 0.0001%: 
0.0001%: 


0.001%: 
0.001%: 
0.0005% 


The tungsten content was 99.989 % and the density 
of the material, 19.3 g/cm’. Total content of impuri- 
ties in the molybdenum was 0.01183%, molybdenum 
was 99.988 % and the density of the material — 10.2 
g/cm’. 

Testpieces 8 mm high and 5 mm in diameter were 
made from the metal bars. The metals were deformed 
by all-round unequal compression in steel rings 
using the system for the work hardening of brittle 
materials developed by Grozin [3]. The pieces in the 
rings were subjected to pressure under a 100-ton 
press of P = 300 kG/mm’. As a result of the deform- 
ation, the height of the testpieces was considerably 
reduced with changes in the diameter which was 
spread oat towards the centre of the piece. Careful- 
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ly ground testpieces of tungsten were used for the 
investigation, deformed by 40% in height, and of 

molybdenum, deformed by 55 %. The work hardened 
testpieces were annealed at various temperatures in 
the range 800-1650° for tungsten, and 8000-1200° 
for molybdenum in a furnace type VVPS for 2 hr in a 
vacuum. Temperature was controlled by means of a 
platinum-platinum-rhodium thermocouple with an ac- 
curacy of + 10°. 

To discover the characteristics of the constitution 
of the metal and to get a rough idea of the temper- 
ature of the beginning of recrystallization in W and 
Mo measurements of Rockwell hardness were carried 
out on the deformed and annealed pieces. Average 
R figures were: 

W Mo 


Rg in the recrystallized state.... 20.5 0.5 


0,0001%; 
- 0,0026%; 
- 0.60019% 

0.0034%; 


0,0008%; C 
0.0005%: O 
- - 0.0002%; H 
- . 0.0001%;, N 


W Mo 
Rc in the work hardened state. ...33.1 24.1 
The curve showing the relationship between Ro 


_and the annealing temperature for tungsten and moly- 


bdenum are shown in Figs. 1 and 2 Asa result of 
the strain hardening, the Rockwell hardness of W 
grew from Rc = 20.5 to Re = 33.1. Annealing in the 
temperature range 800-1300? only leads to a small 
reduction in hardness, typical of the process of re- 
covery. In the temperature range 1300-1400° clearly 
defined stress relief is observed in the tungsten, 
which is evidence of the commencement of the recrys- 
tallization process. Further increase in the annealing 
temperature had no essential influence on the change 
in hardness. It may therefore be assumed that the 
temperature of recrystallization of the tungsten 
examine by us is about 1350°. 

Similar experiments conducted on molybdenum 
testpieces produce an approximate temperature of 
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FIG. 1. Relationship between hardness and annealing 
temperature of tungsten. 


recrystallization of 1000°. In order to examine the 
nature of the hardening of cold-deformed Mo and W, 
radiographic examinations of the relationship between 
micro-distortions of these metals and temperature of 
annealing were carried out. 

Indication of micro-distortion on X-ray photographs 
is given in the form of the broadening of the diffract- 
ion lines. There could, however, be another cause 
for this — the fine grain size of the testpiece. In 
practice it frequently occurs that both these effects 
are present together. Very few theoretical hypotheses 
have been put forward concerning the broadening of 
the X-ray lines due to the presence of crystal lattice 
distortion and fine grain size in the region of coher- 
ent scattering. On the basis of theories already put 
forward, a method of investigation has been develop- 
ed [4], by which it is possible, using the data on the 
shape of the broadened line, to establish the cause 
of the broadening and to give a quantitative evalua- 
tion of the effect which has caused it. The method 
has been used with success in a number of experi- 
ments [5]. 

In order to get a sufficient degree of accuracy, it 
is important to have a very small instrumental width 
for the line. A method exists by means of which it is 
possible to find the true form of a diffraction line 
caused in circumstances where the expansion was 
due exclusively to the specific properties of the 
testpiece and not to instrumental effects in the broad 
sense of the word (the influence of the slit, spectral 


heterogeneity, shape and absorption of the testpiece). 


It is sufficient to expand the curves of intensity of 
the broadened line and of the line whose width de- 
pends only on the geometry of the photograph, into 
a Fourier series, and to take the ratio of the appro- 
priate coefficients in order to obtain the Fourier 
coefficients of the curve. In the general case of the 
presence both of micro-distortions and fine grain 
size in a testpiece, these coefficients A, are also 
dependent on the size of the region of coherent 
scaitering, and on the degree of distortion of the 


800 900 1000 


FIG. 2. Relationship between hardness and annealing 
temperature of molybdenum. 


crystal lattice. 

When grain size is large, the coefficient A, will 
provide the full characteristic of stress in the test- 
piece. In this case it is possible to present 


— 272/222 
t 


A, = Cos =e 


(for small values t), where 


represent the relative displacement perpendicular 

to the reflecting plane. For the sector of line 

L = tay, the change in length is L = a,z,. 
Analysing curve a, = f (t), it is possible to find 

the cause for the expansion in the diffraction line: 

where the width is only due to micro-distortion 


A. 
dt it#0 


If there is also a sign of fine. grain size of the 
testpiece in the broadening of the line, then 


dA;! 
at 


After the value of 
has been deter:nined, a graph 


VAL* =/(L), 


can be plotted, which will give the characteristic 


VOL 


Ay, 
oo 
Ap, 
64 
27 56 
23 
9 
hy = 2a 196 
| “9 


Strain hardening and recovery 


FIG. 3. Coefficients of expansion A, for deformed moly- 
bdenum testpieces at temperatures: 
1 — 1100; 2 — 1050; 3 — 1000; 
4-— 950; 5— 900°; 5 — deformed. 


for the distortion in the testpiece. Percentage de- 
formation on the sector L is determined by the value 


of 


1 


In order to ascertain the micro-distortions arising 
in molybdenum after its deformation, and to plot the 
curve of recovery for this material, X-ray examina- 
tion of Mo testpieces was carried out on the appar- 
atus URS-50I. The intensity of the diffraction lines 
was registered by means of a recording potentiometer. 
Harmonic analysis of the shape of the lines was 
carried cut, as obtained in reflection from the plane 
(321) at an angle 29 = 132°36’. The curve of distri- 
bution of intensity was tabulated, after which its 
Fourier co«fficients were determiued by means of a 
table of “strips”. In order to separate the curve of 
true expansion, the line obtained on an undeformed 
annealed testpiece was taken to be the instrumental 
width. Fig. 3 illustrates the course of the coefficients 
of the Fourier curve of true expansion as a function 
of their number for testpieces annealed at different 
temperatures. As can be seen from the illustration, 
in all these curves 


dt |t=0 


that is, we have here the ideal case of broadening 
of diffraction lines due only to the presence of micro- 
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FIG. 4. Relationship between percentage deformation 
of molybdenum and annealing temperature. 


distortions. We have already observed, that in the 
case of the distortion of tungsten, the expansion of 
the lines is explained purely by the micro-distortion 
of the lattice. In order to confirm this result a metal- 
lographic examination was carried out of the rela- 
tionship between the grain size in tungsten test- 
pieces and the annealing temperature. For this pur- 
pose very carefully prepared metallographic speci- 
mens of the W testpieces underwent electrolytic 
etching. The grain size was determined statistically 
from a large number of sizes in the optical micro- 
scope MIM-7. The investigations showed that as a 
result of deformation, the grain size is altered from 
3 x 107 cm in the recrystallized state to 6 x 107 
cm in the strain hardened state. The grain therefore 
remains large enough not to influence the size of 
the line. 

The calculation shows that, at distances up to 
about 300 A uniform micro-distortions appear. We 
are unable to say anything concerning the nature of 
the percentage deformation at large distances, due 
to the sharp increase in error here in determination 
of the Fourier coefficients. 

In Fig. 4 the curve of recovery is plotted with 
the annealing temperature of the testpieces along 
the abscissa and the relative deformation along the 
ordinate. The curve of recovery is characterized by 
a sharp fall in micro-distortions in the region of 
recrystallization temperature. 

X-ray examination of the tungsten was carried 
out in an apparatus by back reflection (KROS) on 
the URS-70 equipment. The line from reflection 
plane (321) was analysed, and also the Bragg 
angle 0 = 65°24’; the line was first photometered on 
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FIG. 5. Coefficients of expansion A, for deformed tungs- 
ten testpieces at temperatures: 

3 — 1300°: 

6 — deformed. 


2 — 1400; 
5 — 1100; 


1 — 1450°; 
4— 1200; 


a MF-4 microphotometer. Subsequent treatment of 
the experimental data differs in-no way from the cal- 
culations carried out for molybdenum. Fig. 5 shows 
the curves for the Fourier coefficients for W test- 
pieces. The recovery curve for tungsten is shown in 
Fig. 6. Relief of the micro-distortions with increas- 
ing annealing temperature proceeds more steadily in 
the tungsten testpieces than in the molybdenum. In 
the range of recrystallization temperature only a 
very small drop was observed here. 

It should be noted that the accuracy of the results 
obtained for tungsten was less as photographic re- 
gistration of the lines was used with subsequent 
photometering. We sought the optimum conditions 
for setting up an experiment for increasing the sens- 
itivity of the harmonic analysis method in the deter- 
mination of the micro-distortions of a lattice. From 
this point of view some interest attaches to the 
comparative picture of the micro-distortions in a 
molybdenum piece calculated at various conditions. 
Calculation of the percentage deformation in strain 
hardened Mo according to formula 


Ad 
=> 


where b — by is the expansion of the line at half 
its height, will produce the result 


€, = 0.64 x 10°. 


Here the intensity of the line was recorded by means 


of a recording potentiometer. Using the method of 
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FIG. 6. Relationship between percentage deformation 
of tungsten and annealing temperature. 


harmonic analysis of the curve of intensity distri- 
bution of this same line together with the table of 
“strips” for the determination of the Fourier coef- 
ficients, the value for percentage deformation ob- 
tained will be 


€, = 0.83 x 10°. 


If the curve of intensity of the line is taken with- 
out using a recording potentiometer, and then harm- 
onic analysis is carried out using the table of 
“strips”, then 


€,; = 0.87 x 10°. 


The curve plotted in this manner for the distribution 
of intensity of the Mo line from the plane of reflection 
(321) was expanded into a Fourier series without 
using the table of strips. In the line thus produced, 
Kg,, the doublet component for a deformed and re- 
crystallized testpiece according to Smashkor’s 
method [6], was singled out. The curves of distribu- 
tion of intensity were approximated very well to 


functions of the type 


y 


After determining the coefficients of expansion of 
these functions in a Fourier series subsequent 
course of the calculation was as before. The relat- 
ive deformation calculated by this method was 


€, = 0.90 x 10°. 


We note that this method of calculation is more 
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laborious than the method of calculating with the for these mater‘als have been plotted. 

use of tables of “strips”. 2. Using the method of harmonic analysis, it has 
been shown that where these materials are deformed 

CONCLUSIONS under conditions of tri-axial heterogeneous strain, 
the expansion of the lines is due only to micro 
1. Strain hardening and recovery have been invest- distortions. 

igated in high purity powder metal compacted test- 

pieces of tungsten and molybdenum in conditions of 

tri-axial heterogeneous strain. Curves of recovery Translated by V. Alford 
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B.M. ROVINSKD and L.M. RYBAKOVA 


Institute of Mechanical Engineering Academy of Sciences U.S.S.R. 


(Received 3 August 1959) 


This paper describes the method for and sets out the results of an investigation of the time 


relationship of strength in dynamic tension on cylindrical testpieces of standard shape and on test- 
pieces with circular grooves, made of aluminium, copper, nicke] and aged armco iron and duralumin. 
It is demonstrated that the time dependence of strength in dynamic tension is expressed by the 

equation 


complete macroscopic rupture of the body. 


It has been established by the works of a number 
of researchers and in particular, those of Zhurkov 
and collaborators [1-5], that the rupture of solid 
bodies is a time process and therefore, a different 
physical meaning should be given to the understand- 
ing of strength than has hitherto been the case. The 
time-temperature relationship found by these authors 
has the following form: 


t=te (1) 


where 7 is the time during which the solid body, 
being under load or stress g loses its macroscopic 
completeness i.e. fractures; 7)U, and y are const- 
ants which determine the properties of strength of 
the materials; & is the Boltzmann constant. 

On the basis of papers [1-5], the time relationship 
of strength in solid bodies was studied for creep 
under the action of constant stress. Experiments 
were conducted on testpieces made of thin foil 
without calculation of percentage elongation on 
fracture. The experimental conditions described were 
considerably different from the normal conditions 
for technical testing of materials. For this reason, 
the authors of this paper endeavoured to carry out 
some of Zhurkov’s tests under conditions more 
closely related to the practice of testing materials 
and under more complicated circumstances of de- 
formation and strain. 
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where S$ is the mean effective stress for a period of time r from the moment of application of load to 


From the method described below for obtaining 
the time relationship in circumstances of active 
tension, a general time law can be propounded and 
in particular, one for cyclic load. 


METHOD OF CONDUCTING THE 
EXPERIMENTS 


The investigation of the time dependence of the 
strength of metal testpieces was carried out on 
testing machines IM-4P and IM-12A with redesigned 
drive. The addition of further reduction gear made 
it possible to alter the rate of movement on the low- 
er grips of the machine in five different ways. The 
tests were carried out at speeds of 6.8 x 10%; 

1.1 x 10°; 9.0 x 10°; 1.2 and 49.0 mm/min. 

Standard cylindrical testpieces were tested with 
a diameter of 8 mm and gange length 90 mm, and 
pieces with circular hyperbolic grooves of two 
kinds: with a radius for the groove of o = 2.5 mm and 
p = 0.2 mm at a/p = ] and a/p = 12.5 with coeffi- 
cients of concentration & 1.4 and 3.8 [6], that is, 
pieces with sharply differing characteristics. The 
shape of the notched pieces is suown in Fig. 1. 
Testing of the notched pieces was carried out for 
the purpose of determining the influence of stress 
concentrators on the time dependence of strength. 

Testpieces of pure aluminium, copper and nickel 
and of armco iron and duralumin were tested. Prior 
to testing, the polished pieces were annealed in a 
vacuum furnace in the following conditions: alumin- 
ium, at 460° for 1 hr, copper, at 650° for 2 hr, nickel 
at 670° for 2 hr, armco iron, at 790° for 2 hr, and 
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FIG. 1. The shape of the testpieces with a round hyperbolic notch. 


duralumin at 350° for 1 hr. 

The endurance of the pieces, or the time elapsed 
up to the moment of their rupture, was determined 
from a diagram obtained on the diagramming instru- 
ment of the machines with allowance for the constant 
speed of movement of the grips, and was controlled 
at high speeds by a stop-watch and at low speeds 
by a clock with a minute hand. 

The tension diagrams obtained at various speeds 
of deformation have been replotted into the diagrams 
of true stress. To plot these diagrams, in the process 
of deformation, periodic measurements were made of 
the smallest cross-section of the testpieces. These 
measurements were made by means of special optical 
tubes with screw micrometers which were attached to 
the supports of the testers. 

In the course of tension, fifteen measurements were 
made on an average for each piece. After rupture the 
cross-section of the testpieces was measured on a 
profilometer with a carefully constructed cantilever. 

There was no uniform reduction of area on fracture 
in the aluminium. For this reason determination of 
the cross-section of the fractured aluminium test- 
pieces was carried out by means of planimeter photo- 
graphs of the surfaces of the fracture at low magni- 
fication (about x 4). 

The diagrams of the true stresses were plotted in 
the co-ordinates true stress S — true reduction of 
area W, [7]. In plotting the diagram for the cylindric- 
al testpieces, a correction was introduced on the 
sectors representing the formation of the neck [8]. 

In a number of cases, particularly at high rates of 
deformation, the property of the true stress diagram 
was used to cut off the stress on the ordinate axis at 
100 % reduction, which was equal to double the true 
tensile strength [9]. Diagrams for the true stresses 
were plotted in the co-ordinates S — w,, for the 
testpieces with narrow necks and testpieces with 
round notches. 

In papers [1-5] it has been shown by experiment 
that rupture is an irreversible process which develops 


under the influence of load applied externally for a 
duration of time 7 from the moment of loading. This 
has also been expressed in equation (1) which could 
be given in the form 


t= (2) 


tT) = 


is durability at 0 = 0 and ris endurance at a > 0. 
Thus it follows from these experimental figures that 
endurance decreases with an increase in actual 
stress where the decrease in endurance is a function 
of the stress proportional to the value of endurance, 
i.e. dr/do = — ar, from which 

—ado (3) 


and after integration (3) equation (2) is found in the 
ranges from 7, to r and from 0 to o. 
Formula (2) can be written in the form 


where a = 1/o* and o* is the stress at which endur- 
ance is lost, i.e. the stress at which the endurance 

of the body decreases to e = 2.718... times. After 
multiplying the numerator and denominator the rela- 

tionship o/o* in (4) at full elongation Al of the test- 
piece in the moment of its final macroscopic rupture 
we find the formula 


We 


(= Toé (5) 


where W is the work expanded in rupture and W* is 
the work of loss of durability. As the endurance of 
testpieces on one test and on two or more tests at 


intervals, is the same [4], thenr=r,+17,+7..., 
and as endurance is determined by the work expended 
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FIG. 2. The time dependence of the strength of 
technically pure metals: 
G — cylindrical pieces; 
e — notched pieces d = 1; 
o — notched pieces a ="12.5. 


in rupture, then obviously it will also be consumed 
continuously according to this law, and in separate 
portions at intervals, so thatW=W,+W,.... For 
this reason the time dependence of the strength of 

a solid body as a whole (and not its element) in a 
complex method of deformation is determined by the 
extent of the effectively acting mean true stress over 
the whole section S for a period of time 7, i.e. ina 
complex method of deformation 


c= (6) 
Having determined from the diagrams expressed in 

the co-ordinates S — y, the effective value 

{ Sdy'p,, [7], 

a 

where w,, is the full true cross-section, it is then 
quite simple to determine, from formula (6), the time 
dependence of strength as a result of testing in a 
sufficiently wide range of speeds of deformation. 


EVALUATION OF THE RESULTS OF THE 
INVESTIGATION 


l. Three series of tests were carried out. The 
first series consisted in the testing of standard cy- 


lindrical testpieces of aluminium, copper and nickel. 


. These tests were for the purpose of testing the 
authenticity of the dependence of strength on the 
duration of loading in simple tension, when the true 
stress is changed in the process of deformation ac- 
cording to the complex law. 

The results of the testing of the first series of 
testpieces are set out in Fig. 2 8 to 10 pieces of the 
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FIG. 3. The time dependence of the strength of 
aged alloys (symbols mean the same as in 
Fig. 21. 


given shape were tested of each metal and thus, 
each experimental point in Fig. 2 represents the 
average of the results from several experiments. At 
minimum rates the duration of the test was as much 
as half a month and at maximum speed several tens 
of seconds. The linear dependence /n r obtained on 
the effective true stress confirms the general results 
[1-5] and the statements made above concerning the 
time dependence of strength in complex deformation. 
It should be noted that the change in the method of 
determining S may only cause an alteration in the 
slope of the straight lines, i.e. it may give another 
value for the constant a, without effecting the results 
as a whole. 

The second series consisted in tests on pieces 
with circular notches of two kinds. These tests 
were for the purpose of establishing the influence 
of a heterogenous field of stresses across the sec- 
tion on the time dependence of strength. The data 
from these tests are set out in the same figure 2. 
Satisfactory results were achieved for all three 
metals oniy on the testpieces with the less sharp 
notch a/p = 1. In the tests with the pieces with 
sharper notches a/p = 12.5 scatter of the experiment- 
al points was too great, particularly at high speeds 
of testing copper and nickel, and for this reason 
they are not set out in Fig. 2. 

On the whole the results shown in Fig. 2 demons- 
trate that the heterogeneity of the stress across the 
section besides the lack of constancy of stress in 
time r, does not alter the law of time dependence of 
strength. Stress concentrators only increase the 
strength of the testpieces, as they increase their 
endurance at level of S . This increase becomes 
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greater, the more acute the uotch and the greater 
the coefficient of stress concentration, i.e. the 
greater the heterogeneity of the field of stress over 
the cross-section. 

By linear extrapolation of the straight lines in 


Fig. 2 to the value S = 0, it is easy to determine the 


value of /n1,*. Inro* obtained in this way from the 
data of the experiments on the cylindrical testpieces 
and on those with notches, were more or less the 
same. In all cases scatter of these values appeared 
in all three metals in the limits of absolute error in 
the determination of /n1r,*. Increase in strength with 
the introduction of stress concentrators is thus con- 
nected only with the reduction in r or increase in o*. 

The third series consisted in the testing of pieces 
of all three shapes made of the aged metals — dural- 
umin and armco iron. The results obtained from these 
expe>iments are set out in Fig. 3. They show that, 
in the process of testing, the structure of the metal 
becomes more changed the more slowly is the defor- 
mation. At high speeds of testing and in the case of 
the notched testpieces, when the rate of deformation 
in the zone of active tension is great, the curves 
straighten out noticeably. On the whole the experi- 
ments with the aged metals produced results similar 
to those obtained with pure metals. Both together 
they show the kind of influence which causes struc- 
tural changes in the process of ageing on the time 
dependence of strength. These results are qualitat- 
ively analogous to those observed on alloy sieel 
(10). 

2. We carried out tesis on machines with constant 
rate of movement of the grips and consequently at 
constant rate of deformation along the whole gauge 
length. This constancy was maintained however, 
only up to the appearance of the neck. After a neck 
had appeared, when the zone of active deformation 
is localized, the rate of unit strain in this zone is 
sharply increased and becomes homogeneous only in 
the field limited by extension. The duration of the 
heterogeneous accelerated deformation is not very 
long, but is nevertheless occupies an appreciable 
part of the time. For this reason it is strictly speak- 
ing, impossible to “say that in conditions of active 
tension, deformation occurs at a constant rate 
v = de/dr. It is more convenient to determine the 
mean rate v = ¢/r, where € is the full unit strain of 
the elongation in the reduced cross-section Wy in 
the active zone [7]. This type of averaging has no 
essential effect on the nature of the relationship 
obtained. 

In papers [1-5] tests were carried out in creep 
conditions at constant stress og. For this reason the 
speed taken in paper [5] for the settled creep, as an 
expression of speed in the course of the whole time 


r, is admissible in practice although it must be 
regarded as an approximation. 

The formula for the dependence of strength on the 
relative rate of deformation under conditions of creep 
and under dynamic tension, are obtained by multiply- 
ing both parts of equations (2) and (3) by the full 
unit strain ¢. Then 


ad 
Use Boe (7) 


U m= Up 


where vo* is the rate of “spontaneous” deformation 
where o = 0. 


From (2) and (7) or (6) and (7’) we find 
ty = = (8) 


i.e. at any rate of deformation rupture occurs on 
reaching one and the same unit strain ¢ [5]. 

The value « = A//Al may be determined on the 
basis of the measurement at different speeds of de- 
formation: according to formula (8) of rand v — 
endurance and mean rate of deformation, or the rate 
of movement of the grips of the machines, — v. In 
Fig. 4, the values /nv are shown in the function S. 
This dependence is symmetrically shown in Fig. 2 
From this by extrapolation to S = 0, the values | 
Inva* were determined, and are shown together with 
the values for /nr* in the table. Percentage error 
in the determination of /n7,* and etc. appears 
to be around 12% and for this reason it is not poss- 
ible, using formula (8), to obtain any really reliable - 
information concerning constancy 

The results of the direct measurements of Wj; are 
shown in Fig. 5. They show that, with deformation 
at different rates, macroscopic rupture occurs on 
achieving one and the same general deformation de- 
pendent on the rate of deformation v and endurance 
r. The value ¥, however, depends on the shape of 
the testpiece, on the heterogeneity of the distribut- 
ion of stress across the section: the more acute the 
notch, the smaller will be the total deformation in 
the moment of rupture. The general deformation in 
the moment of rupture is also determined by the 
nature of the metal, but the range of change of ¥, 
is not large. As concerns ¢ and Al, they are easily 
determined by yw, [7]. 
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TABLE 1. Constants 7,* and vo* and effective strength S at standard and 
extreme rates of deformation 


FIG. 4. The dependence of strength on the rate of 
testing (symbols as in Fig. 2). 


As the total deformation in the moment of fracture 
is determined by the shape of the testpiece and as 
e decreases as the coefficient of concentration of 
stresses is greater, while S at the given endurance 
on the other hand, becomes greater the more acute 
the notch, then work W expended in full rupture must 
be a constant, independent of the shape of the test- 
pieces. This is quite satisfactorily confirmed by the 
experimental data although in the graphs Jnr —W 
there is fairly wide scatter. 

By extrapolation of the figures shown in Fig. 4 for 
strength related to the speed of testing, it is easy 
to determine the strength at the extreme rate of tens- 
ion, — with deformation at the rate of propagation of 
longitudinal elastic waves. The figures for the 
strength of the metals at these speeds are shown in 
the Table together with strength at speeds close to 
standard (at /nv = 6). It is interesting that at the 


extreme rate of tension, the strength is not very much 


different from its value at normal rates [11], while 
the ratio $ bie /S.«, a8 can be seen from the Tables, 
is 1.83 for aluminium and is reduced to 1.26 for 
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FIG. 5. Full percentage reduction in area yy, in the 
moment of fracture at different durabilities 
(symbols the same as in Fig. 2). 


nickel. This ratio is increased with an increase in 
the coefficient of stress concentration which seems 
to be due to the dependence of the rate of propagat- 
ion of the elastic waves on the heterogeneity of the 
stress field. 

3. The strength of the materials at given endur- 
ance and given temperature is determined, accord- 
ing to (2) and (6), by the consiants 7)* and a. The 
value of a however, has been found in this work to 
be determined by the coefficient of stress concent- 
ration while according to Zhurkov and Sanfirova 
[12] it is also determined by the size of the crystal- 
lites. It seems that the ratio ¢/ais also independent 
ef the shape of the notch. According to (5) it is 
equal to W’* and therefore, the independent constants 
which determine the strength properties of materials 
are and W*. Thus 

= or Into = Ins + 


where according to [5] U, is the energy of sublima- 
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FIG. 6. Correlation of the values /n7)* and hardness numbers Hp. 


tion and 7, is the constant which corresponds to the 
cycles of free oscillations of the atoms in the cryst- 
al lattice, then ~ U,/kT and therefore, In 
is in a good correlation with the coefficient of the 
quasi-elastic forces and therefore, as shown in 

Fig. 6, with the hardness of the pure metals [13]. 
The hardness figures in Fig. 6 were obtained on a 
Brinell tester; they are very close to those set out 


in [13]. 
CONCLUSIONS 


The time dependence of strength in dynamic tens- 
ion may be expressed in the form of the equation 
r=1,*e~ where S_ is the mean effective stress 
in the period from the moment of loading to total 
macroscopic rupture of the body, i.e. in the same 
form as that for the time dependence of strength in 
constant active tension — in creep. 

The introduction of stress concentrators in the 
form of notches has no effect on the nature of the 


law of time dependence of strength and only changes 
the constant a. Non uniform distribution of the stres- 
ses through the section increases the mean effective 
strength of the body as the same endurance. 

Structural changes in metal in the process of test- 
ing (ageing) alter the nature of the law of the time 
dependence of strength. 

Macroscopic rupture occurs independently of the 
rate of deformation and endurance with the accumula- 
tion of one and the same general deformations. The 
extent of the accumulation of general deformations 
in the moment of rupture depends on the nature of the 
metal and on the heterogeneity in the stress distri- 
bution across the body. 

The main constants which characterise the strength 
properties of metals are its durability r>* at o = 0 
and the work expended in reducing durability W*. The 
physical meaning and value of the constant 7)* appear 
in good correlation in /n1,* with the coefficient of 
the quasi-elastic forces of the lattice. 


Translated by V. Alford 
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copper, by the equation 


been under load for a fairly long time. 


From the time dependence law for the strength of 
solid bodies, which is written in paper [1] in the 
form r = ré exp (— ao), where r is durability under 
constant stress o and r¥ and aare the constants 
which characterize the strength properties of the 
body, it follows that the process of fracture is only 
activated when the stress is applied and then is 
continued for a period of time r. The disintegration 
or break-up of the macroscopic completness of the 
solid body is known to proceed through the macro- 
scopic cracks or system of cracks which starts and 
is developed in the latter stages of fracture and can 
easily be seen with the naked eye. In the final 

stages it is fairly easy to discern microscopic cracks 
as well as the macrocracks although micro distur- 
bances of the solidity can be detected at much earlier 
stages when the macrocracks have not yet formed. 
The kinetics of the development of microscopic 
cracks was studied in detail in papers [2, 3]. Using 

a more sensitive method of investigation, the method 
of low angle scattering of X-rays, Zhurkov and 
Slutsker [4] succeeded in discovering pores of sub- 
microscopic size, although analogous information 

to that obtained in paper [4] has been interpreted 
quite differently by other authors [5], and this can- 
not therefore be regarded as fully authentic. 

This paper described the investigation of the 
effect of the porosity arising during periodic heat 
treatment and the influence of previous plastic de- 
formation on the time dependence of strength. In this 
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THE EFFECT OF PREVIOUS CYCLIC HEAT TREATMENT AND PLASTIC DEFORMATION 
ON THE STRENGTH AND ENDURANCE OF A METAL * 


B.M. ROVINSKII and L.M. RYBAKOVA 
Institute of Mechanical Engineering Academy of Sciences SSSR 
(Received 2 August 1959) 


It is shown in this paper that the time dependence of the strength of copper which has undergone 
repeated heating and cooling or previous deformation, is expressed in the same way as for annealed 


e— a5, 


It is demonstrated that the pores which occur during periodic heat treatment and the disturbances 
arising in the metal due to plastic deformation have the same effect on endurance as if the body had 


paper it will be demonstrated that in plastic deform- 
ation and in general under the influence of external 
forces, the continuity of bodies is disturbed and 
sub-micro and micro pores develop which in the 
final stage will also generate macroscopic cracks 
leading to rupture of the solid body. 


METHOD OF CONDUCTING THE 
INVESTIGATIONS 


The time dependence of the strength of metals at 
room temperature was studied in paper [6] under con- 
ditions of active tension at various rates of deform- 
ation in a range of about 5 orders. Strength and en- 
durance were studied in [6] both under conditions 
of the development of considerable plastic deforma- 
tion, and in conditions less favourable to deforma- 
tion, created by round notches on the testpieces. 

As the results of the tests on notched pieces were 
in complete agreement with one another [6] and the 
conduct of this type of experiment requires less 
time, in this investigation testpieces were examined 
with round hyperbolic notches with a ratio of dia- 
meter in the smallest section to radius of notch in 
the apex a/p = 1 and coefficient of stress concent- 
ration in the notch 1.4. 

The work consists of two parts. The first part is 
devoted to the examination of the influence of period- 
ic heat treatment and the second, to the examina- 
tion of the influence of preliminary plastic deforma- 
tion on the time dependence of strength. 

Bars of technically pure copper diameter 20 mm 
and length 130 mm were alternately heated and 
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FIG. 1. The time dependence of the strength of copper 
at different numbers of cycles of heating and cooling: 
1 — 100 cycles; 2 — 50 cycles; 
3— 10cycles; 4 — annealing at 650°C. 


cooled in the following way: heating for 15 min to a 
temperature of 650°, holding 10 min at this tempera- 
ture and rapid cooling in running water at room tem- 
perature (20°). Batches of the bars underwent repeat- 
ed heating and cooling, i.e. a periodic heat treat- 
ment for 10, 50, 100 and 300 cycles. From the bars 
treated in this way, testpieces were produced in the 
same shape as for the tests described in paper [6]. 

Testpieces were also made from the bars which 
had been subjected to periodic heat treatment, for 
the determination of mechanical characteristics, — 
yield point o,, tensile strength o,, true tensile 
stress S, and percentage reduction in area ¥,, and 
also testpieces for the determination of hardness on 
a Brinell tester and for a study of microstructure. 

The periodic heat treatment caused the structure 
of the bars to be sharply divided across the section 
into two zones, of which the depth of the surface 
zone was greater, the greater the number of cycles 
of heating and cooling to which the piece had been 
subjected. The surface zone is characterized by a 
sharp increase in the size of the crystal grains. In 
the interior zone the size of the crystal grains re- 
mains practically unchanged. After a certain number 
of cycles of heat treatment pores appear in the in- 
terior zone, while on the grain boundaries cracks 
also appear the number and size of which is greater 
according to the number of cycles of heat treatment. 
Because of the structure of the metal described, 
testpieces for the latter tests were made only from 
the interior zone, the surface layer was ground off 
and thus the results considered below are character- 
istic of the internal zone of the metal. 

Testpieces for the second part of the investigat- 


ions were made of copper and aluminium bars 20mm 
in diameter, which had been first annealed at 650° 
for 2 hr and at 460° for 1 hr and then put under tens- 
ion in a 30 ton hydraulic machine at a rate of 

20 mm/min upt to 5, 10 and 20% reduction in area. 
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FIG. 2. The change in the strength of copper related 
to the number of cycles of heating and cooling. 
In r= 6.0. 


From similar-bars testpieces were also cut for the 
determination of the mechanical characteristics, for 
hardness tests and for microscopic investigation. 


RESULTS AND ANALYSIS OF THE 
INVESTIGATION 


i. The test data for the pieces produced from bars 
after cyclic heat treatment, are set out in Fig. 1. 
As in paper [6], the results are represented in the 
co-ordinates In r — § , where r is endurance, that 
is the time elapsed from the beginning of load to 
the moment of rupture; S is the mean effective true 
stress in the section for a period of time r. The 
results obtained show that the durability of copper 
pieces after cyclic heat treatment may be expressed 


by the equation 


exp(—aS). 


The gradient of the straight lines in Fig. 1 and 
consequently, the constant a, are practically inde- 
pendent of the number of cycles of heat treatment, 
while the value of /n r¥ is very sharply reduced at 
an increasing number of heat treatment cycles. The 
strength of the testpieces at a normal speed of test- 
ting, i.e. Jn r = 6, is reduced monotically and, as 
shown by the data in Fig. 2, after 100 cycles the 
strength is about half that of the original while 
endurance is correspondingly reduced in a logarith- 
mic relationship. 

The change in the mechanical properties of copper 
in relation to the number of cycles of heating and 
cooling is represented in Fig. 3. The illustration 
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FIG. 3. Change in the mechanical characteristic of copper related 
to the number of cycles of heating and cooling. 


FIG. 4. Microphotographs taken after rupture, along the longitudinal 
section of a testpiece after 100 cycles of heating and cooling; x 150. 


shows that some of the mechanical characteristics tensile stress and percentage reduction of area, are 
of copper — yield point and tensile stress and hard- sharply reduced. : 
ness Hp are slightly reduced, while others — true In the centre zone from which the testpieces were 
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FIG. 5. The time dependence of the strength of copper 
at different degrees of previous plastic deformation: 
1-—5%; 2 — 10%; 3 — 20%. 


cut, grain size generally changes very little with 

an increase in the number of heat treatment cycles. 
After the first cycles of heat treatment pores appear 
in the pieces. Their number increases with an in- 
creasing number of heat treatment cycles, while 
they become concentrated on the grain boundaries. 
After a certain number of heat treatment cycles the 
number of pores increases so rapidly that they begin 
to merge and form along the boundaries. The mech- 
anical properties of the testpieces become different 
in consequence and there is considerable dispersion 
in the results obtained on testing them. For this 
reason we were not able to find figures for strength 
and endurance, nor even the mechanical character- 
istics of copper after 300 cycles of heating and 
cooling. 

There is a slight reduction in yield point, tensile 
stress and hardness as a result of the pores. In their 
paper, Mirkin and Trunin [7] have shown that the 
presence of pores reduces hardness. It is possible 
however that the true reduction of this character- 
istic by pores is greater while it is compensated to 
a certain extent during growth as a result of the 
break-up of elements in the sub-structure of the 
grains. Evidence of this is provided by the broad- 
ening of the X-ray diffraction pattern. 

The true tensile stress S, and percentage reduct- 
ion of area YW, suffer a much sharper reduction, as 
can be seen in Fig. 3. The reduction in these mech- 
anical characteristics is also apparently due to the 
growth of a number of pores and cracks which, act- 
ing as stress concentrators, make the metal more 
brittle and less plastic. Th’s is confirmed by the 
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FIG. 6. Change in the mechanical characteristics of 
copper related to the extent of previous 
plastic deformation. 


shape of the fracture and by photomicrographs taken 
close to the zone of the fracture. Annealed test- 
pieces (without pores) undergo ductile fracture and 
their grains are considerably stretched. The same 
testpieces with a large number of pores fracture 
along the boundaries while the grain remains practic- 
ally unchanged and is not extended. In testpieces 
where porosity is highly developed, micro tears are 
visible on the grain boundaries close to the zone of 
fracture. 

Fig. 4 shows the photomicrographs taken along 
the longitudinal axis of a testpiece which has 
fractured after 100 cycles of heating and cooling. In 
the photomicrographs pores are clearly visible on 
the grain boundaries in the undeformed part. The 
merging of pores and the formation of cracks grow- 
ing into open cracks, becomes more apparent the 
nearer one gets to the zone of fracture and where 
there is increasing deformation. 

As In r= ~ U® and as In rf is in good correlation 
with hardness [6], the sharp reduction in the value 
In r§ should be accompanied with a similar sharp 
reduction in hardness. In copper however, hardness 
is only slightly reduced as a result of periodic heat 
treatment. The overall plastic deformation — percent- 
age reduction of area ¥, and percentage elongation 
€ — at the moment of fracture become less with an 
increasing number of cycles of heat treatment. This 
means that W*, i.e. “the work of reducing endurance” 
which is equal to ¢/a, and is a characteristic of 
the constitution of the material, is reduced [6]. In 
the co-ordinates Jn r—W the value /n rf is thus un- 
changed and at this endurance, the work expended 
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in fracture will be less according to the increase in 
_ the number of cycles of heating and cooling under- 
gone by the metal. 

The overall displacement of the straight lines in 
Fig. 1 is due to the reduction in endurance at the 
given strength. But according to [8] r=7, +1, .., i.e. 
endurance does not depend on whether the body is 
continuously under load from the moment of load- 


ing to final fracture or intermittently. For this reason, 


periodic heat treatment is qualitatively equivalent 
to the time spent by the body under load. This inter- 
pretation leads to the conclusion that during the 
time spent under load, qualitative changes similar 
to those under cyclic heat treatment take place in 
the body. Micropores and microcracks grow in the 
same way under the influence of applied stresses 

as they do during cyclic heat treatment. The first 
process appears to be regeneration of vacancies 
from which by fluctuation sub-micropores arise, 
which gradually merge into micropores and in the 
final stages, become macro cracks. 

2. The results of the tests on the pieces made 
from previously deformed copper bars, are set out 
in Fig. 5. Analogous results, but with a rather great- 
er dispersion of points, were obtaiued also in tests 
on previously deformed aluminium and for this reason 
they are not shown. The data presented in Fig. 5 
is in complete agreement with that shown in Fig. 1. 
On the basis of the qualitative similarity of the pro- 
cesses in cyclic heat treatment and under active 
deformation, it is to be expected that the straight 
lines in Fig. 5 would shift to the left and not to the 
right. 

The mechanical characteristics of the plastically 
deformed copper are shown in Fig. 6. They also 
differ from those shown in Fig. 3. The values for 
yield point, tensile stress and hardness are quite 
different from those observed in periodic heat treat- 
ment and increase considerably with an increase in 
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FIG. 7. The relationship between the number of pores in copper and 
tke extent of previous plastic deformation and consecutive 
10 cycles of heating and cooling. 


the. degree of previous deformation; as in Fig. 3, 
reduction in area is reduced although to a lesser 
degree, while true tensile stress is virtually un- 
reduced. 

The displacement of the straight lines in Fig. 5 
to the right is due to the increase in ln 7%, i.e. it is 
due to the growth of U/, and consequently of hard- 
ness which is in fact greater. In the co-ordinates 
In r—W the results of the tests are, however, pre- 
sented in a different form. As yield point and tensile 
stress are sharply increased which is evidence of 
the considerable reduction in the full unit strain ¢ 
at which the previously deformed testpieces will 
fracture, then the work of reducing endurance W*, 
equal to 7/a, is much less. Thus the value Jn 7 
remains constant in the co-ordinates ln r—VW. It 
does not depend on the degree of previous plastic 
deformation, nor on the number of cycles of heating 
and cooling. 

This result is obtained because 7% is the endur- 
ance of the body as a whole at S = 0. It by no 
means determines the state of the local spaces 
which characterizes hardness and some other mech- 
anical characteristics. 

In the graphic presentation of the results of the 
tests on deformed copper in the co-ordinates Inr—S, 
the mean effective stresses § which had already 
been determined from the curves of true stress for 
deformed materials. Here r = r, + 7,, where 7, is the 
time spent by the bar under load with previous de- 
formation and r, is the time spent by the testpieces 
under load up to complete rupture. In this way the 
increased values of S were determined. Their in- 
crease became greater according to the increase in 
the plastic deformation of the bars. For this reason 
the straight lines in the co-ordinates In r—S are. 
displaced more sharply to the right, the greater the 
previous deformation. If 5 is determined with allow- 
ance for 7,, the straight lines should be displaced 
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to the left. 

Thus the results of this investigation of the time 

dependence of strength in previously deformed cop- 
per show that the processes leading to fracture un- 
der active tension are qualitatively similar to those 
which occur in the metal under periodic heat treat- 
# ment. As for the mechanical characteristics of plas- 
tically deformed copper, they are in the main due to 
structural changes and distortions of the lattice and 
only to a very small degree to sub-micro and micro- 
discontinuities. 

The data presented in Fig. 7 provide confirmation 
of the fact that the changes which arise in the metal 
in plastic deformation are similar to those which oc- 
cur during periodic heat treatment, i.e. the discon- 
tinuities which arise during plastic deformation and 
in periodic heat treatment are qualitatively the same 
[9]. This illustration shows the results of the deter- 
mination of the number of micropores in undeformed 
and in deformed copper (in the central part of the 
bar) after 10 consecutive cycles of heating and 
cooling. The information given shows that previous 
deformation causes a fairly sharp increase in the 
number of pores. Besides this it should be noted 
that the size of the pores which occur after plastic 
deformation and consecutive cyclic heat treatment 
increase according to the extent of the previous 
plastic deformation and they are distributed not only 
along the grain boundaries, but through the grains 
themselves. 


CONCLUSIONS 


The time dependence of the strength of copper 


which has undergone repeated heating and cooling 
or previous deformation may be expressed, in the 
same way as annealed copper, by the equation 

r= exp (—aS). As a result of cyclic heat treat- 
ment the constant rf is decreased while as a result 
of previous deformation rf is increased; the const- 
ant a is practically unaltered. 

In expressing the time dependence of the work of 
fracture in the form of the equation r = r$ exp 
(W/W*), the constant r$ is not dependent on previ- 
ous cyclic heat treatment or on previous plastic 
deformation. This is shown by the equivalence of 
the pores which arise on cyclic heat treatment and 
the breaches which arise on plastic deformation or 
if the body is subjected to load for a considerable 
time. These and others exercise the same influence 
on strength and endurance. The process of fracture 
which is activated in the moment of load and con- 
tinues up to full disintegration of the solid body, 
consists in the formation of pores and cracks and in 
their growth into a macroscopic cracks. This con- 
clusion is qualitatively confirmed by microphoto- 
graphs and by the results of the determination of 
the number of micropores. 


Translated by V. Alford 
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INTERNAL FRICTION ON THE GRAIN BOUNDARIES IN ALUMINIUM* 


A.V. GRIN’ 
Institute of the Physics of Metals Academy of Sciences U.S.S.R. 


The study of the influence of impnrities on the 
structure and constitution of grain boundaries is of 
considerable theoretical and practical interest. In 
some cases, small quantities of impurities will lead 
to brittle fracture of metals and alloys along the 
grain boundaries: for example, additions of bismuth 
or antimony to copper, bismuth to silver, etc. etc. 
The explanation usually provided for this effect is 
that the impurities are distributed unevenly through 
the material and that they enriched the grain bound- 
aries. 

Besides the current methods of revealing the in- 
ternal adsorption of impurities of grain boundaries 
(chemical etching, radioactive isotopes, diffusion) 
this problem might possibly be approached by the 
low frequency method of internal friction, although 
to date no satisfactory mechanism has been propos- 
ed to explain the relaxation on grain boundaries. 

The effect of small quantities of impurities on 
grain boundaries has been discovered in a number 
of papers on the study of internal friction [1-4]. Con- 
centrations of impurities on the boundaries appear, 
even in very pure metals, to be very much depend- 
ent on the form of the impurities and their concent- 
ration, as also on the nature of the previous heat 
treatment of the material. This could explain the 
considerable scatter of the figures for the energy of 
activation due to the process of relaxation on grain 
boundaries in pure metals [4-9]. 

In this work the internal friction has been studied 
on the grain boundaries of various grades of aluminium. 
The experiments were conducted on aluminium of a 
purity of around 99.994% * (designated by the symbol 
A) and aluminium mark ABO000 both after re-melting 
in a vacuum (designated by letter B) and without 
preliminary re-melting. (designated by C). Spectral 
analysis showed that aluminium A has the following 
impurities: Fe + Cu — 0.001 %; Si — 0.0002 %; Mg + 
Zn — 0.0015 %; Ag — 0.0001 %; Cd — 0.0004 %; 

Ca — 0.003%; Na — 0.0003 %; Li — 0.0001 %; in 


* Fiz. metal. metalloved., 9, No. 4, 613-615, 1960. 
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aluminium C the main impurities were the following: 
Fe — 0.0017 %; Cu — 0.001 %; Si — 0.0015 %; Mg — 
0.01 %. 

The measurements were carried out on testpieces 
with a diameter of 0.9 mm at a frequency of oscil- 
lation f, ~ 1.5 and f, ~ 0.5 c/s. After preliminary 
deformation of 90%, all the testpieces were recryst- 
allized by slow heating at a constant rate of 1°/min 
and subsequent holding at a temperature of 400- 
430°. The mean size of grain here was about 0.15mm. 
The curves of internal friction obtained are shown 
in the illustration. Re-melting in a vacuum usually 
causes a reduction in the content of impurities in 
a material, and in the curve of internal friction, the 
maximum is in an intermediate position between the 
maxima of aluminium A and aluminium C. In this 
case the peak corresponds to the maximum obtained 
by Ke [10] for 99.991 % aluminium. Our measure- 
ments are shown in Table 1. Besides the tempera- 
ture maximum of internal friction, the Table also 
shows the energy of activation. 

From these results it is possible to provide an 
explanation based on the representation of the in- 
ternal adsorption of impurities along the grain 
boundaries. The content and composition of the im- 
purities in the grades of aluminium studied is appro- 
priate for naturally impure materials. It cannot be 
expected that such a small amount of impurities, 

1 atom of impurity to 10° to 10* aluminium atoms, 
can have an extensive effect on internal friction on 
the grain boundaries. It must therefore be assumed 
that the atoms of the impurity enrich the grain 
boundaries. A similar result was obtained in paper 
[11] (using autoradiography), and also in the many 
works of Arkharov and his collaborators [12] on the 
basis of measurement of the rate of diffusion. Our 
figures show that with an increase in the degree of 
the purity of aluminium, the concentration of impur- 
ities on the grain boundaries will be reduced. This 
difference in the degree of enrichment of the grain 
boundaries cannot be due to the influence of heat 
treatment, as the temperature of recrystallization 
and the rate of subsequent cooling was the same for 
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FIG. 1. Temperature relationship of internal friction in aluminiums mark A, B and C. 


all cases. The dependence of the degree of adsorp- 
tion enrichment on the temperature of previous an- 
nealing was observed in paper [13] in the study of 
the diffusion penetration of intercrystalline zones in 
alloys of copper with beryllium and antimony. 

From the measurement of the energy of activation 
some clarification of the mechanism of relaxation 
on the grain boundaries can be obtained as also cert- 
ain information concerning the structure of the bonnd- 
aries. It has been shown in this paper, that in the 
types of aluminium studied there has been a consi- 
derable change in the activation energy. Lack of 
precise analysis of the content of the impurities in 
aluminium mark B and C make it impossible to plot 
a graph for the dependence of the activation energy 
on the degree of contamination of the material, as 
also to indicate which of the impurities are those 
which enrich the grain boundaries. However, it can 
be seen from the Table that with increasing purity 
of the aluminium activation energy is reduced. In 
the purer of the marks of aluminium studied, this 


figure was lower than that for the activation energy 
in volumetric self-diffusion in aluminium* It seems 
that this fact could provide a certain basis for the 
suggestion that further increase in the purity of 
aluminium causes the energy of activation of relax- 
ation to strive to reach the same value as the ener- 
gy of activation of self-diffusion on grain boundaries. 
In paper [14] it was shown that in Fe and its alloys, . 
as also Zn, Cd, Pb, Cr, Co and Cu, the ratio of the 
energy of activation of boundary self-diffusion to 
volumetric, is 0.6 to 0.7. In paper [15] in face 
centred cubic metals, this relationship is found to 
be 0.45 to 0.65. A similar dependence between the 
energies of activation may be observed from the 
figures for the measurement of internal friction in 
copper [4] and silver [16]. Reduction in the energy 
of activation for self-diffusion on grain boundaries 
is to be expected in the case where the lattice on 
the boundary is considerably broken up and the 
number of vacancies is increased [15, 17]. Enrich- 
ment of the boundaries by impurities leads to 

(see footnote on the next page) 
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complications in the process of relaxation observed places the maximum to a higher temperature. 
above, increases the energy of activation and dis- Translated by V. Alford 
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THE ADIABATIC MODULI OF ELASTICITY IN SINTERED TUNGSTEN CARBIDE 
CUTTING ALLOYS * 
F.F. VORONOV and D.B. BALASHOV 
Institute of the Physics of High Pressures, AS U.S.S.R. 
(Received 2] January 1959) 


The moduli of elasticity of sintered cutting alloys types VK6, VK8, VK10, VK11 and VK15 are 
set out, obtained by the dynamic method at room temperature (22°). Accuracy in the determination of 


the moduli of elasticity was 2 to 4%. 


The both modulus of elasticity, Young’s modulus and the shear modulus decrease monotonically 
in the types of cutting alloys examined, according to the increase in the cobalt content. Poisson’s 
ratio increases with increasing cobalt content. The rates of attenuation of the longitudinal and trans- 
verse ultrasonic waves in the alloys studied are also shown. 


The elastic properties of sintered cutting alloys 
is of interest in the calculation of the deformation 
of parts made from these alloys, in particular parts 
for high pressure apparatus. 

A number of works have been devoted to this 
problem [1-3]. A detailed bibliography is given in a 
book by Kiffer and Schwarzkopf [4]. Ryabinin [5] 
has added some experinence with his work with sin- 
tered cutting alloys used as engineering materials 
for high pressure vessels, and has also provided a 
generalisation of the information published concern- 
ing their mechanical and physical properties. A 
large part of this information concerns the cutting 
alloys of the system carbide tungsten-cobalt produc- 
ed in America. 

In this paper the adiabatic moduli of elasticity 
are shown for sintered tungsten alloys marks VK6, 


VK8, VK10, VK11 and VK15 produced in the U.S.S.R. 


calculated from the speed of the longitudinal and 
transverse ultrasonic waves and from density. 

The speed of ultrasonics in sintered testpieces 
was measured by the impulse method on the delayed 
echo signal principle, at a frequency of 10 Mc/s. 
The apparatus used to measure ultrasonic speeds is 
described in paper [6]. For the emission and recept- 
ion of the longitudinal and transverse impulses, » 
piezo quartz transmitters were used corresponding 
to cross-section X and Y, with free frequency of 
10 Mc/s. The length of the ratio frequency pulses 
received on the transmitter was about 1 microsec, 
and the frequency of the pulses was 1 kc/s. Accur- 
acy of measurement with a testpiece about 5 cm 


* Fiz. metal. metalloved., 9, No. 4, 616-620, 1960. 


long, was 0.5.%. 

The sintered alloy testpieces were of cylindrical 
form (diameter 1.7-1.8 cm and length 2-5 cm) and 
also right-angle prisms (section 2 x 2 cm and 
length up to 10 cm). In order to get a good mechan- 
ical contact with the piezo quartz and to preserve 
the direction of the reflected pulse, the ends of the 
testpieces were carefully prepared and brought to 
a plane-parallel finish in the regions of 0.01 mm 
with a surface finish of up to 0.5 yp. At a speed for 
the longitudinal waves of 6500 m/sec and a fre- 
quency of 10 Mc/s, wave length was 0.65 mm. On 
one hand, therefore, the wave length was much less 
than the cross-sectional size of the pieces, which 
provided for distribution of the ultrasonics in an 
intrinsic medium, at a speed which extended infinit- 
ely in a perpendicular direction [7]; on the other 
hand the wave length was considerably greater than 
the size of the randomly distributed heterogeneity 
of the polycrystalline aggregate — grains and pores 
[4, 8], which practically ruled out scattering and 
selective absorption [9, 10] which might effect the 
speed of ultrasonics. 

As shown by the measurements, the length, form 
and size of the cross-section of the testpieces did 
not affect the ultrasonic speed. For the study of 
each brand of sintered alloy, one or two testpieces 
were selected from different batches. Scatter of the 
results for the speed of the ultrasonic waves in the 
range for each batch was about 0.5 to 0.7%, and 
from batch to batch it was on an average around 1 %. 

During the measurements the temperature changed 
from 21 to 22°. The influence of temperature on 
ultrasonic speed was disclosed by the apparatus 
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FIG. 1. The relationship between density p and the 

velocity of longitudinal v, and transverse v, waves 

with a frequency of 10 Mc/s, and the cobalt content 
in tungsten sintered alloys mark VK. 


although it caused a smaller deviation than did the 
scatter of speeds obtained in different testpieces 
at one and the same temperature. This scatter of 
speeds could, it seems, be explained by the change 
from testpiece to testpiece of the same type, in the 
cobalt content and in porosity within the limits of 
the standard. 

Ultrasonic absorption by the hard alloys was not 
studied quantitatively, however it should be noted 
that it grows with increasing cobalt content and is 
especially intensive for mark VK15. The density of 
the testpieces was measured by hydrostatic weigh- 
ing with a precision of + 0.2%. To calculate the 
moduli of elasticity, the speed of the longitudinal 
and transverse waves and density were averaged 
for all the testpieces examined of each different 
brand. These averaged values are set out in Fig. 1 
in relation to cobalt content. The cobalt content was 
taken to be the same respectively for each type (for 
example 10% cobalt for type VK10). Deviations 
from the standard content for cobalt, which is always 
likely to occur, were ignored. 

The formulae for the moduli of elasticity through 
the speed of the longitudinal and transverse waves 
in a limitless homogeneous isotropic elastic medium 
and its density emerge from the known ratios [7] 
which exist between these values, and have the 
form: 
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where v, and v, respectively are the speeds of the 
longitedinal and transverse wawes; 

p is density; 

K is the volumetric modulus of elasticity; 

E is Young’s modulus; 

G is the modulus of elasticity in shear, and is 

Poisson’s ratio. 

The accuracy of the determination of the adiabatic 
moduli of elasticity for sintered alloys is reckoned 
as + 2to 4%, including deviations due to lack of 
uniformity in the composition and properties of the 
different testpieces. The relationship between the 
moduli of elasticity and Poisson’s ratio in sintered 
alloys VK and the cobalt content by weight, is set 
out in Fig. 2 (aominal cobalt content for alloys 
VK6, VK8, VK10, VK11] and VK15). It can be seen 
from Fig. 2 that the moduli of elasticity are mono- 
tonically reduced with increased cobalt content. 
Curves E, K and G are somewhat bent on the abscis- 
sa axis which is qualitatively in agreement with 
the results of the theoretical investigation of hard 
elastic 2component aggregates by Bruggeman [11]. 
Poisson’s ratio increases a little with increased 
cobalt content. 

An increase of from 6 to 15% in the cobalt cont- 
ent causes Young’s modulus to be reduced by 14.5%, 
the volumetric modulus of elasticity by 12.6% and 


Adiabatic moduli of elasticity 


TABLE l. 


Adiabatic moduli of elastic 
US veloc, 
[/sec K E Poisson’s 
i 3 “Dynes Dynes 
kg/cm? cm? 


cm? 
Up «168 | x 10! x 101 


Density 


6860 3.66 
5770 3.47 3.54 
6730 3.48 
6680 3.39 
§505 3.16 3.22 


2.56 
2.48 
2.35 
2.34 
2.19 


TABLE 2. Figures for Poisson’s ratio 0 obtained by Lardner 
and McGregor [3] and the authors 


Cobalt 
content 
% [3] This paper 


0.215 0.212 
0.221 0. 220 


the modulus of elasticity in shear by 14.7%. is the specific heat capacity at constant 
The figures for the adiabatic elastic constants, pressure; 
density and velocity of the longitudinal and trans- p is density, and 
verse waves in the hard alloys studied, are set out I is the mechanical equivalent of heat, equal 
in Table 1. to 4.186 x 10’ ergs/cal 
The sintered alloy testpieces studied were suffi- Assuming in our case: 
ciently fine grained and quasi-homogeneous. The ae 
grain size of the tungsten carbide was about 1 p, C, = 0.05 - [4]; 
while porosity did not exceed 0.5 to 0.6 % with a gogred 
total mass of pores in the region of 30 to 50 u. In 
these conditions the difference between the adiabatic 
and isothermal moduli of elasticity can be deter- a sj » Of: 
mined from thermodynamic considerations. 
For example, for Young’s modulus [12] = Dynes 14.4 


——and 6 
cm 


we find that, at J = 295°K, A = 0.9987; the adiaba- 

tic Young’s modulus therefore, is higher than the 

isothermal one by 0.13 %, which is considerably 

less than the degree of error in measurement and the 

adiabatic elastic constants obtained can be used 
otead | (2) with good approximation for the purpose detemin- 
olCp : ing deformation in isothermal processes. 

It is interesting to compare our elastic constants 
for sintered alloys produced in the U.S.S.R. with 
the analogous characteristics for alloys of the same 
composition produced abroad. For this purpose we 


have taken the graph (Fig. 3) plotted by Ryabinin 


Ey = A> Eoai 


where a is the coefficient of linear thermal expan- 
sion; 
T is absolute temperature; 


129 
BK6 14,9 6.33 2,61 0,212 
BK8 14.7 6.06 2,50 0.215 
| 5.35 340 | 0.390 
BK11 14.3 570 2,34 0.219 
13,97 5.42 2,24 0.222 
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[5] from the figures of Lardner and McGregor [3], 
and also from the data to be found in Kiffer and 
Schwarzkopf’s book [4] which was borrowed from the 
publication by Koster and Rauscher [2], and plotted 
against it the figures for Young’s modulus which we 
obtained for Soviet alloys of a similar constitution. 

Table 2 shows the more authentic values for the 
Poisson’s ratio determined by Lardner and McGregor 
by the method of static compression of a cylindrical 
testpiece, for a tungsten-cobalt alloy with 6 to 10% 
cobalt, together with our figures for Poisson’s ratio 
for the alloys VK6 and VK10. 

Comparison shows that the elastic properties of 
the Soviet sintered alloys differ by only 1 to 2% 
from those of alloys with an analogous constitution 
which are produced abroad. 

The authors wish to extend their thanks to Profes- 
sor L.F. Veshchagin for his interest in their work 
and also to A.A. Zmeyev and V.D. Yashchin for 


their participation. 
CONCLUSIONS 


1) The velocities of longitudinal and transverse 
ultrasonic waves were measured by the impulse 


method for a frequency of 10 Mc/s tungsten-cobalt 
sintered alloys with a cobalt content of 6 to 15%. 
Accuracy of measurement was + 0.5%. 

2) From the figures for the velocity and density 
the adiabatic moduli of elasticity and Poisson’s 
ratios for the hard alloys have been calculated with 
an accuracy of + 2to 4% allowing for the dispers- 
ion in the figures obtained for testpieces from dif- 
ferent batches. 

3) For the sintered alloy VK6, the volumetric 
modulus of elasticity K = 3.59 x 10? dyn/cm’, 
Young’s modulus E = 6.20 x 10? dyn/cm? and the 
modulus of elasticity in shear G = 2.6] x 10? dyn/ 
cm?. 
4) If the cobalt content in the sintered alloys is 
changed from 6 to 15 %, there will be a reduction in 
K by 12.6%, E by 14.5 % and G by 14.7%. 

5) For the sintered alloy VK6, Poisson’s ratio 
= 0.212. If the cobalt content is increased to 15 %, 
Poisson’s ratio increases to 0.222. 


Translated by V. Alford 
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FIG. 3. The dependence of Young’s modulus on the cobalt content of tungsten sintered 
alloys mark VK: 1 — according to [2,4]; 2 — according to [3]. The rings 
indicate the figures obtained by the authors for Soviet sintered alloys. 
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ESTIMATING THE SIZE AND DISORIENTATION OF THE SUB-GRAINS WHICH ARISE IN 
CREEP ON THE SURFACE AND IN THE INTERIOR OF A TESTPIECE* 
V.M. ROZENBERG 
Institute of Metal Physics TsNIIChM 
(Received 27 August 1959) 


Microscopic investigation of the changes in struc- 
ture which occur on the plastic deformation of metals 
and alloys is usually made by studying the surface 
of testpieces, which is specially prepared for the 
deformation. In this type of investigation it re- 
mains unclear to what extent the changes observed 
in the microstructure on the surface correspond to 
those which occur within the metal. 

It has been shown by a number of authors [1, 2), 
using as their guiding point the particles which are 
separated on preliminary dispersion hardening, that 
when an aluminium-base alloy is deformed, the 
changes in structure observed on the surface are 
accurately reflected by the changes which occur 
inside. Rachinger [3] who made a special double 
layer testpiece of aluminium with a film of oxides 
inside intersecting a series of grain boundaries, 
showed that the displacement of grains in respect 
to each other which is observed on the surface in 
creep, also occurs inside the testpiece. 

These examples show that in individual cases 
the changes of microstructure observed on the sur- 
face of a testpiece after its deformation are a quali- 
tative reflection of the changes which occur in the 
volume of the testpiece. It is necessary, however, 
in studying the role of individual processes which 
occur on deformation and in particular, if we are 
to draw any conclusions regarding these processes, 
to be assured not only of the qualitative but also 
of the quantitative coincidence of the changes of 
structure which occur on the surface and in the vol- 
ume of the piece. This is particularly necessary in 
the study of deformation in creep in which the cir- 
cumstances, besides simple slip, important roles 
are played by the relative displacement of the 
grains and their division into sub-grains etc. 

We know of only one investigation in which a 
qualitative analysis has been made of the elongat- 
ion due to deformation and to mutual dislocation of 
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the grains on their boundaries [3] which occurs in 
creep. 

The method used by the writers has been describ- 
ed in papers [3, 4]. The analysis given in paper [3] 
has shown that, in a testpiece of aluminium extend- 
ed by 50% at a temperature of 300° with a speed of 
0.1 % an hour, the deformation due to elongation of 
the grains is unequal through the piece, it is greater 
on the surface than it is inside. However, attention 
is drawn to the following fact. It has been firmly 
established in a large number of observations of the 
structural changes due to creep in aluminium, that 
at temperatures of 275 to 300° and over, deformation 
occurs without any appreciable change in the shape 
of the grains. Even if the grain does change its con- 
figuration there is never any extension [5, 6]. These 
observations do not agree with Rachinger’s experi- 
ments in which he found that elongation of the 
grains on the surface of the testpiece might, in the 
circumstances described above, be as much as 40 %. 

It is clear from what has been said that an exam- 
ination is necessary of the micro changes which ac- 
company deformation in creep on the surface and in 
the volume of testpieces. 

It is known that in creep, as a result of the pro- 
cess of polygonisation the original grains are div- 
ided into sub-grains [8]. There is a lot of informa- 
tion available [7, 9, 10] regarding the fact that the 
sub-boundaries which appear on the surface of the 
testpiece are not a pure surface effect but are form- 
ed throughout any metal which has undergone slow 
deformation at high temperatures. 

The subsgrains which are formed in creep can be 
characterized by two values: the angle of disorienta- 
tion between neighbours 6 and the mean diameter 
of the sub-grains, d. 

In McLean’s work [11] a connexion was found in 
the first place between the deformation due to slip 
in the grains and the mean value of disorientation 
between sub-grains in them and, in the second 
place, between the mean values of dislocation on 
the grain boundaries and the mean diameter of the 
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Size and disorientation of sub-grains 


FIG. 1. Microstructure of an aluminium testpiece after creep at 300° for 60 hr. 


Stress 0.4 kg/mm’, elongation 35%. After 


inding and electrolytic polishing 


an anode film was applied to the surface. 


Photographed: a — in ordinary, 


sub-grains. This connexion is written in the follow- 
ing form 


¢s cx 10069 
(1) 


(2) 


(3) 


is the deformation due to slip in the grains 
is the deformation which is due to disloca- 
tion of the grains with regard to one another; 
is the angle of disorientation between sub- 
grains expressed in radius; 

is the mean diameter of the sub-grains; 

is the mean value at which a grain will be 
dislocated in relation to another; 


b — in polarized light; x 150. 


nis the number of grains per unit length. 
The authenticity of these ratios has been checked 

for aluminium in the temperature range 200 to 400° 
and in a range of speeds from 3 x 10°* to 5.5 x 10°* % 
per hour. Due to the fact that 1) the formation of sub- 
grains in creep occurs throughout the piece and 2) 
6 and d which characterise the sub-grains formed, 
are connected with ¢, and ¢€,, these are just the 
figures which should be selected as indices of the 
deformation which occurs in creep on the surface 
and in the body of the testpiece. 


METHOD OF CONDUCTING THE 
INVESTIGATIONS * 


Exposure of the sub-grains and measurement of the 
disorientation between them was made metallogra- 
phically with the use of polarized light. In a number 


* ].A. Epshtein participated in the experiments. 
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Size and disorientation of sub-grains 


TABLE 1 


| Angle of disorientation between 
Depth from neighbouring sub-grains 
No. surface 
| mm Degrees Radian x 10 
0* 8.3241.4 14.5042.44 70.9 
2 0.13 8.141.4 14.1542.44 - 
3 0.20 7,841.4 13.6242.44 
4 0.33 8.04 1.4 14,004+2.44 74.2 
0.51 $.141.4 (14.1542.44 
6 0.73 8.04+1.4 14.00+2.44 70.2 
7 0,97 7.741,4 13.4842,44 
8 1,33 7.941.4 13. 8042.44 
9 1,71 7.941.4 13.894 2.44 
10 1.90 7,941.4 13,80+2.44 72,2 
8.041.4 13.942.44 


* On the surface after removal of the relief (about 0.0] to 0.02 mm). 


of works a review of which is given in [12] it has 
been shown that films deposited in this way on the 
surface of the testpiece do reflect the structure of 
the piece below it. 

In these investigations aluminium (99.95 %) was 
used in which traces of Mg and Si were found chem- 
ically and traces of Cu by spectral analysis. The 
test section of the piece was 4x 5 x 50 mm. It was 
first annealed at 400°. The mean diameter of the 
grains after annealing was 0.2 mm. One side of the 
testpiece was polished at first mechanically and 
afterwards electrolytically. 

The testpiece was put under tension at a temper- 
ature of 300° under constant load; the initial stress 
was 0.4 kg/mm?. The temperature in the furnace 
was maintained with a precision of + 3°. The maxi- 
mum drop in temperature along the testpiece did not 
exceed 2°. 

After being under tension the piece was lightly - 
ground in order to remove roughnesses arising as a 
result of deformation. The layer removed was con- 
siderably less than the grain diameter. The test- 
piece was again electrolytically polished and an 
anode film was deposited on it in order to reveal. 
the sub-structure. 

The values of 0 and d were measured in polarized 
light, after which another layer 0.15 to 0.20 mm 
thick was removed from the surface by electrolytic 


solution and all the operations necessary for disclos- 


ing the sub-grain were again repeated: 0 and d were 
measured etc. etc. The illustration shows the micro- 
structure of the testpiece after a layer 0.73 mm 
thick had been removed and an anode film deposited. 


Measurement of the diameter of the sub-grains 
was made by the secant method. The angle of dis- 
orientation between neighbouring sub-grains was 
measured by rotating the table of the microscope. 


- The angle of rotation of the latter could be calcul- 


ated with a precision of up to 30’. Special experi- 
ments establish the fact that the instrumental accur- 
acy of the determination of the disorientation bet- 
ween neighbouring sub-grains was 1.4° with a well 
centred table. 


RESULTS AND ANALYSIS OF THE 
MEASUREMENTS 


The results of the measurements of the mean 
values for the sub-grains and disorientation between 
them are set out in Table 1. The testpiece was un- 
der tension for 65 hr at a temperature of 300°. Final 
elongation was 35 %. The figures in Table 1 are the 
means from 50 to 70 measurements. It must be em- 
phasised that after the tension of the testpiece, the 
results of the measurement of which are shown in 
the Table, and also after creep had occurred in a 
large number of pieces tested at 275 to 325°, we 
were unable to find any measurable extension of 
individual grains. 

These data show that, within the limits of error, 
the size of the sub-grains and the extent of the 
disorientation between them remains constant both 
on the surface and within the piece. The result 
obtained is an indication that the processes of de- 
formation which cause the formation of sub-grains 
occurs in the same way on the surface and in the 
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volume of the testpiece. 

Using equations (1) and (2) it is possible to cal- 
culate the extent of the deformation of grains as a 
result of slip, and also the deformation due to dis- 
location on grain boundaries. 

From (1) we find that ¢, = 14.0 + 2.4%. 

Equation (2) provides a mean figure for dislocat- 
ion on the boundaries. it is 


p =€,.d=0.14x 72=10.1 p 


The value for p [4] measured in experiment on the 
surface of a testpiece before grinding was found to 
be 9.3 

There is therefore fairly reasonable agreement 
between the measured and calculated values for p. 
Assuming that p = 9.7 p, we find from (3) that 
3.5 %. 

The formation of sub-grains in creep is a special 
case of the process of polygonisation [7, 8]. This 
process is caused by the dislocation creeping and 
forming walls. The latter also provide boundaries 
to the sub-grains. From the figures obtained for the 
size and disorientation of the sub-grains it is pos- 
sible to estimate the density of dislocation due to 
sub-grains. 

For low angle grains the ratio [13] 


is appropriate. Here @ is the angle of disorientation 


between neighbouring crystals; b is Burger’s vector; 
D is the distance between dislocations on the 


boundary. For small angles 


D 


where n is the number of dislocations per unit 
length of boundary. If we assume that the distance 
between the sub-grains is equal to the mean dia- 
meter of the sub-grains, then the dislocation densi- 
ty due to the sub-grains will be found from the 
relationship 


6 


p 


b-d 


Burger’s vector for aluminium, where slip takes 
place on plane {111} in direction 


<110, b = 285 x 10% cm. 


14x1072 
2,85 x 1078. 7.2 x1078 


dislocation/cm? 


=7x108 


This result agrees very well with published daa 
[8]. 


CONCLUSIONS 


1. When creep occurs in aluminium, sub-grains 
are formed in the same way in the grains lying in 
the surface layer and in the body of the piece. : vol 
2. It has been authentically established in a 
number of works on the creep of aluminium that there 
is a connexion between the disorientation of sub- 
grains and their size on.the one hand, and deform- 
ation in the grains due to slip and the deformation 
due to relative displacement of the grains on the 
other. From this it has been possible to confirm 
that the deformation in the grains and the motion 
relative to one another occurs in the same way on 
the surface and in the body of the metal. 


Translated by V. Alford 
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MATERIAL AND METHOD OF INVESTIGATION 


The testpieces were made by sintering the pres- 
sed mixture at a temperature of 1300° in a furnace 
with a hydrogen atmosphere. To remove the coarse 
grain, the testpieces were cold hardened from the 
surface and then to relieve the stress and transform 
all the cobalt into the cubic modification it was 
heated at 500° for 2 to 3 hr followed by rapid cooling. 
Elimination of the hexagonal modification was check- 
ed by X-ray. X-ray photographs were produced on 
the apparatus URS-50] at two temperatures, 20 and 
300° for the line (311) on Fe-Kg radiation. Photo- 
graphs were made alternately at high and room tem- 
peratures. Two tothree curves were taken at the one 
and two to three curves at the other temperature, 
and then the cycle was repeated. In all 8 to 12 inter- 
ference maxima at each temperature were taken, 
giving a maximum error of not more than 2% in the 
determination of intensity. 

The results of the experiment are set out in 
Table 1. 

Diffusion of the tungsten carbide in the cobalt 
increases the degree of fading in the intensity of the 
line on heating. The diffusion of tungsten works in 
the opposite direction, which is in accordance with 
the findings of paper [2]. 

Carbon appears to have the same influence as 
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LETTERS TO THE EDITOR 
THE CHANGE IN THE TEMPERATURE FACTOR OF THE INTENSITY OF A COBALT 
LINE WHEN TUNGSTEN CARBIDE IS DISSOLVED IN IT* 

A.Ye. KOVAL’SKII and L.Kh. PIVORAROV 
All-Union Research Institute for Sintered Alloys 


(Presented at the 6th All-Union Congress on the use of X-rays in the investigation 
of metals, 24 June 1958 


(Received 25 July 1959) 


It has been shown that certain structural characteristics of the cobalt cement in tungsten cobalt 
sintered alloys influence the strength of the latter [1]. 

This paper describes the determination of the fading in intensity of the X-ray lines on heating, 

of cobalt in a cubic modification where the solid solution in it is tungsten monocarbide. At the same _ 

time testpieces were also studied which contained tungsten and carbon separately in the solid solu- — 


TABLE 1. The weakening in the intensity of line (311) 
of the cementing phase related to heating from 


20 to 300° 
Phase composition, Lattice 130 09 
atomic or molecular period fees 
% A 

3.545 0.86 
Co+0.15% WC 3.547 0.86 
Co+2.U%WC..... 3.551 0.80 
Co+5.U% WC 3.560 0.74 
Co+2% W 3.553 0,94 


tungsten carbide. It was not possible to make an 
accurate determination of the effect of the carbon 
as when it was introduced separately it was dissolv- 
ed only slightly in the cobalt and (within the possi- 
bilities of our experiments) the change ip intensity 
for the testpiece with cobalt, and that without cobalt 
was very little different. However, comparing our 
results with the conclusions in paper [3] where it 
was shown that carbon increases the fading in inten- 
sity of an iron line on heating, it must be concluded 
that the influence of tungsten:carbide in the cubic 
modification of cobalt is mainly due to the influence 
of the dissolved atoms of carbon. 
For solutions of metals of the transition group, 
the quantitative connexion between the fading in 
intensity on heating and the characteristic temper- 
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J 


7] 
WC, mol % 


FIG. 1. The changes in the value m@ related to concentration of WC 
in solid solutions Co + WC. 


ature @ is not at all clear, but all the same we show WC we have assumed the mass to be the same as a 
the graph for the function m@? for Co and the solid W atom (the mass of the carbon atoms, in view of 
solutions Co + WC related to concentration (see their low dispersion possibilities, has been ignored). 
Fig. 1). In calculating the value m (atomic mass) for Translated by V. Alford 
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INVESTIGATION OF THE KINETIC CURVES OF ELECTRIC RESISTANCE IN 
ORDERING ALLOYS* 
N.V. VOLKENSHTEIN and Yu.N. TSIOVKIN 
Institute of the Physics of Metals Academy of Sciences SSSR 
(Received 9 November 1959) 


In the study of the processes of the order-disorder 
transformation, particular interest attaches to the 
kinetics of ordering close to the temperature of the 
order-disorder transformations. A sensitive indicator 
of the changes taking place in the alloy is the elec- 
trical resistance which is considerably changed on 
ordering. Measurement of electric resistance on the 
change in degree of order however, when a definite 
high temperature constitution is fixed by quenching 
as done in papers [1, 2], only reflects the static 
picture of the intermittent states and naturally, pro- 
vides no data concerning the temperature of the 
order-disorder transformation or concerning the kine- 
tic processes which occur in the alloy. 

This paper describes the attempt to investigate 
the kinetic curve of electric resistance obtained 
during the rapid heating of testpieces by an electric 
current. 

Wires diameter 0.15-0.20 mm were used as test- 
pieces, which had been made from the alloy Ni-Mn 
(23.8 at. % Mn) after stepped annealing. The series 
of testpieces, placed in evacuated and sealed am- 
poules, were annealed at 7 = 520° for 3 hr, then 
at T = 480° for 8 hr and further at T = 460° for 15hr. 
Part of the testpieces were quenched from T = 460° 
in water and the rest were held for another 20 hr at 
T = 380°, after which they remained in the furnace 
until it reached room temperature, 8 hr. A super- 
lattices constitution was reached by heating the 
testpieces in electric current in a vacuum of about 
10°* mm Hg to T = 1000-1200° for a period of about 
107 sec with subsequent quenching to room temper- 
ature. The impulse method [3] was used to study 
the course of the electric resistance during heat- 
ing. A square wave pulse of current was transmitted 
onto the testpiece which formed one of the shoulders 
of a Kelvin bridge. Duration of the pulse was 
around 10°? sec. The unbalanced current of the 
Kelvin bridge and the drop in voltage at stand- 
ard resistance connected in series to the 
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testpiece, were recorded on an oscillograph MPO-2. 
The indicator was a loop with a susceptibility of 

20 mm/mA. From the unbalance current of the bridge 
and the voltage drop at normal resistance the elec- 
tric resistance may be determined and the current 
flowing through the testpiece at any given moment 
of heating. Heating time is controlled by means of 

a frequency transmitter 500 c/sec. 

The curves showing the relationship between 
electric resistance and heating time are shown in 
the illustration. 

Let us study curve J]. The course of electric resist- 
ance up to point a is the same as that for ordinary 
ferromagnetic materials. At point a the curve suffers 
a fracture. With further heating the resistance grows, 
reaching the maximum and then it begins to fall 
forming a minimum field. Further heating leads to 
linear growth in electric resistance. From deter- 
mination of the temperature at point a from the tem- 
perature coefficient of electric resistance and mea- 
surement in similar conditions the value 7, is equal 
to 460°. On the basis of the information in papers 
[2, 4, 5] it can be said that this is the ferromagnetic 
Curie point. Determination of the temperature at the 
maximum point produced JT = 510-520° which corres- 
ponds to the temperature for the order-disorder 
transformation. 

The temperature of transformation T,, on the 
kinetic curve R = f (t) at high rates of heating ap- 
pears to be due to the following causes. On one 
hand, close to the temperature of transformation the 
rate of disordering is sharply increased, fluctuations 
of the order are at their maximum and as a result of 
the adiabatic process the heat liberated on disorder- 
ing serves to heat the testpiece which causes a 
sharp increase in electric resistance. On the other 
hand the destruction of the close order [6] on further . 
heating above the point 7; leads to a reduction in 
the electric resistance. It is these reasons which 
also cause the appearance of the maximum (point 
b on the curve). 

With a reduction in the degree of further order 
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FIG. 1. 1 — alloy ordered at 380°; 


20 


2 — alloy ordered at 460°; 


3 — disordered alloy quenched from 1000 to 1200°. 


(curve 2) the maximum in the field of transformation 
is levelled out. 

The course of the curve for a testpiece quenched 
from T = 1000 to 1200° (curve 3) is essentially dif- 
ferent from curves ] and 2. However, the presence 
of a fracture in the region of T = 500-600° shows 
that the process of ordering does take place to a 
certain degree even at very high rates of quenching. 
It must be noted that at the moment no-one has yet 
succeeded in discovering ordering in testpieces 
quenched from T = 1000-1200° by the method of 
measuring the temperature relationship of the electric 


resistance. Fields of ordering have appeared in the 
method of measuring the magnetic properties as des- 
cribed in paper [7]. 

In conclusion it must be noted that the impulse 
method of measuring the electric resistance of order- 
ing alloys does provide a possibility of finding the 
temperature of the order-disorder transformation and 
separating it from the points of ferromagnetic 
transformation. 


Translated by V. Alford 
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It was shown in paper [1] that, independent of 

the method of heating cold deformed testpieces of 
transformer steel — whether by passing an electric 
current through the testpiece or by heating thin test- 
pieces in a salt bath, the distribution according to 
orientation of the new grains which arise as a result 
of the first stage of recrystallization, is the same 
as the distribution according to the orientation of 
sectors of the deformed metal. In other words, not- 
withstanding the method of heating, the texture of 
the first stage of recrystallization is the same as 
the texture of deformation. 


Later it was established [2] that increase in the 
heating time in a salt bath or increase in the tem- 
perature when heating by electric current causes, in 
the further passage of recrystallization, the gradual 
resorption of the emerging texture and its replace- 

ment by a new texture which is usually observed in 
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THE ORIENTATION OF THE NUCLEI OF RECRYSTALLIZATION IN RAPID HEATING * 
P.D. IZBRANOV, N.M. RODIGIN and V.A. PAVLOV 
Institute of the Physics of Metals Academy of Sciences SSSR 


FIG. 1. Radiograph of a cold deformed testpiece. 


transformer steel recrystallization during prolonged 
isothermal annealing. 

However, in these papers, the rates of heating 
where this was by passing a current through the 
testpiece, were limited to around 1000°/sec. In 
order to explain the influence of very rapid electric 
heating on the nature of the distribution of new 
grains according to orientation, experiments were 
conducted in the recrystallization of testpieces of 
transformer steel on a new apparatus developed by 
Rodigin [3] by means of which heating rates in the 
region of 200,000°/sec can be obtained. 


The testpieces were produced from cold-drawn 
strip of transformer steel with 97 % compression, in 
the form of bands 12 x 38 mm and 0.11 mm thick. 
The heating was done in a cooling medium (water); 
the heating temperature was regulated by changing 
the duration of the current pulses (the moment of 
ignition of the ignitron was changed). 
The microstructure of the recrystallized test- 

pieces was examined and the texture was analyzed 
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FIG. 2. Radiograph of a testpiece recrystallized by heating by electric 
current, at a rate of 200,000°/sec. 


* 


FIG. 3. Photomicrograph of a recrystallized testpiece; x 200. 


by X-ray. Fig. 4 shows a X-ray photograph of a testpiece 
Fig. 1 shows an X-ray photograph taken of a cold recrystallized by electric heating at the same rate 
deformed testpiece and Fig. 2 of a testpiece which but at a higher temperature. In Fig. 5 the structure 
has been recrystallized by heating with electric cur- _— of this testpiece is shown, from which it can be 
rent at a rate of around 200°/sec. Fig. 3 shows the seen that the average grain size in this piece is 
structure of the testpiece resulting from the same considerably greater than in the previous one. Fig. 
method of recrystallization. It can be seen from 4 shows that new intensity maxima have arisen on 
Fig. 3 that the first stage of recrystallization has the radiograph (although they are not very well 
passed and the whole volume of the testpiece is fil- defined) corresponding to the new texture. In all 
led with new equiaxed grains. the radiographs the direction of rolling is vertical. 
Comparing Figs. 1 and 2 it can be seen that in On the basis of these results the following con- 
this case the redistribution of the new grains accord- _ clusions may be drawn. 
ing to orientation in the recrystallized testpiece 1) At rates of heating in the region of 200,000°/ 
corresponds in essentials to that of sectors of a sec, distribution according to orientation of the 
deformed metal. new grains which arise as a result of the first 
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FIG. 4. Radiograph of a testpiece recrystallized by heating by electric 
current, at a rate of 200,000°/sec to a much higher temperature. 


FIG. 5. Photomicrograph of a testpiece recrystallized by heating in current 
at a rate of 200,000°/sec to a much higher temperature; x 200. 


stage of recrystallization, is qualitatively similar 
to the distribution by orientation of sectors of the 
deformed metal. 

2) The rates of heating indicated and consequent- 
ly, the current densities corresponding to them on 
the basis of point 1 do not appear to influence the 
mechanism of the formation of new grains from the 
point of view of orientation. 

3) With higher annealing temperature, the texture 
of the first stage of recrystallization is substituted 
by a new texture such as is observed usually in 
transformer steel which has recrystallized in the 


course of prolonged isothermal annealing. 

4) With an increase in the rate of heating from 
1,000 to 200,000°/sec, the degree of completeness 
of this texture is reduced. 

5) Under these conditions of annealing, recrystal- 
lization of cold drawn transformer steel compressed 
by 97%, may occur in very small intervals of time 
around 0.005 sec* which is in itself a fact which is 
deserving of attention. 


Translated by V. Alford 


* If the time interval of crystallization is to be deter- 


mined more accurately allowance will have to be made 
for cooling time. 
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THE ELECTRIC RESISTANCE OF THE ALLOY Fe,Al IN COLD DEFORMATION 
AND SUBSEQUENT HEAT TREATMENT * 


Ya.P. SELISSKII 
The Institute of Precision Alloys TsNIIChM 


The electric resistance of the alloy FeAl has 
been examined in relation to the degree of cold de- 
formation and subsequent heat treatment. For this 
purpose a strip of the alloy, after rolling at 100- 
850°, was cut into pieces 150 mm long which were 
then hot rolled in a direction perpendicular to the 
previous direction. After every two or three passes 
re-heating at 500-600° was carried out. In this way 
strips were obtained with thicknesses of 0.23, 0.25, 
0.29, 0.36, 0.50, 0.67, 1.0 and 2.0 mm. After anneal- 
ing these strips at 850° for 2 hr with subsequent slow 
cooling in the open furnace, cold rolling was carried 
out with squeezing slabs to a final thickness of 

0.2 mm and thus total compressions P were obtained 
of respectively, 6.5, 20, 34.5, 44.5, 58, 69.5, 79 

and 88.8 %. 

For the measurement of electric resistance, test- 
pieces were cut by rotary shear along these strips, 
in the form of bands 5 mm wide. The electric resist- 
ance was measured by potentiometer at a distance 
between the potentiometric contacts of 100 mm. 

In all, 8 series of testpieces were taken for every 
10 at each stage of deformation, for the measurement 
of electric resistance. The relationship between the 
specific electric resistance and the degree of cold 
deformation is shown in the illustration (curve /). 
After measuring the electric resistance in the cold 
deformed state, five pieces from each series were 
annealed at 850° for 20 min and were then quenched, 
while the other five pieces were annealed in the 
same way and quenched at a rate of 25°/hr. The 
result is shown in the same illustration (curves 2 
and 3), as the mean of the measurements of electric 
resistance for five pieces. 

In all three cases, increase in the degree of de- 
formation to 34.5 % led to an increase in electric 
resistance which however fell with greater deforma- 
tion. Here the reduction, expressed in percent of the 
value at a stage of deformation of 34.5 % was: in the 
case of cold deformation 21%, in the case of cold 
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deformation with subsequent annealing and slow 
cooling, 19.1%, and in the case of cold deformation 
with subsequent annealing and quenching, 26.2%. 

The difference in the figures for electric resist- 
ance in the unordered and ordered states is also 
dependent on the degree of deformation. Thus for 
example, where P = 6.5 % 


Pyuench? Slow cool. = 43.4%; 
Pslow cool. 


Pouench’Slowcool. — 30.3%; 
Quench 


where P = 89.0% 


fouench! Slow cool. 36. l %; 


Pstow cool, 


Pouench’ stow cool. 100 26.6%. 
Quench 


In publications concerning the anisotropy of the 
properties of metals and alloys it is usually shown 
that in pure metals which have a cubic structure 
there is no anisotropy of the electric resistance [1]. 
The extension of this proposition to solid solutions 
is not completely substantiated, because of the 
almost total lack of experimental facts. 

The structure of an alloy obtained as described 
above was investigated by X-ray diffraction. 

The X-ray photographs which were obtained by 
the reverse exposure method in cameras with rotat- 
ion of the testpiece and radiation K,Co (distance — 
between the lens and the film was 100 mm), have 
shown that, with annealing at 850° for 20 min, the 
doublet K, (013) is completely divided at all degrees 
of previous deformation. The heat treatment used 
has therefore provided for the elimination of the 
stresses due to strain hardening. 

Further X-ray photographs were made by illumin- 
ation in molybdenum on two series of testpieces: 

1) cold deformed at various degrees of compres- 
sion and 2) annealed after deformation at 850° with 
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FIG. 1. The relationship between the specific electric resistance 
of alloy Fe,Al and the degree‘of deformation in cold rolling and 
subsequent heat treatment. 


subsequent quenching. In the testpieces of the first 
series it was discovered that, at cold deformation 
of 6.5 and 20% traces of the textare of recrystalliz- 
ation were still visible from the previous hot rolling 
and annealing. At 34.5% cold deformation this text- 
ure disappears while at 44.5 % the new texture of 
deformation is already visible, which becomes in- 
creasingly clear with an increase in the extent of 
compression. 

In the testpieces of the second series, starting 
at 44.5 % deformation the new texture of recrvstalliz- 
ation appears which gradually becomes clearer and 
is easily visible at 79 and 89% deformation. 

It can thus be said that the drop in electric resist- 
ance with increase in the degree of deformation 
begins at the same time as the appearance of signs 
of texture. é 

Increase in electric resistance with increase in 
the degree of deformation from 6.5 to 34.5% occurs 
at the same time as the break-up of the texture of 
recrystallization which has been preserved in the 

alloy after hot rolling and in intermediate annealing 
between the hot and cold rollings. The greatest 
electric resistancé is found for the structure in which 
the texture of recrystallization has already been 


repressed by cold deformation but the formation of 
the texture of cold deformation has not yet begun. 

Analysing the texture photograph by means of 
pole figures it appears that, besides the orientations 
(001) [110] there are in the texture of deformation at 
least three more complex orientations. It is these 
orientations which exist in the texture of recrystal- 
lization. 

The reduction in electric resistance with an in- 
creasing degree of deformation agrees with Thomas’s 
data [2] obtained for alloys with a different aluminium 
content. 

In our case the change in electric resistance oc- 
curs at the same time as the change in texture both 
in cold deformation and in annealing. However, the 
change in electric resistance discovered may not be 
a direct result of the anisotropy of the alloy but it 
could possibly arise as a result of the orientation 
redistribution of the components in the lattice of 
the solid solution. It should be noted that the stabi- 
lity of such a hypothetical “heterogeneous” struct- 
ure is maintained in the alloy despite the comparat- 
ively high temperatures. 


Translated by V. Alford 
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THE “TWO CURIE POINTS” IN Fe-Al ALLOYS* 


Sh.I. ZUSMAN 
The Institute of Precision Alloys TsNIIChM 


In 1935 Sykes and Evans [1], on the basis of their 
experiments came to the conclusion that, in Fe-Al 
alloys with an approximate composition containing 
25 at. % Al, there existed the anomaly of “two ferro- 
magnetic Curie points”. Up to the present time this 
conclusion has been used in a number of works in- 
cluding that dealing with the clarification of the 
constitution diagram for the system Fe-Al [2] and in 
an article on ordering [3]. 

Sykes and Evans observed the characteristic 
course of thermomagnetic curves in the alloys with 
13-14% by weight Al (about 25 at. %) taken in fairly 
weak fields (15 oersted). When testpieces of these 
alloys were cooled below 650-600° the magnetization 
increased sharply, as occurs in ferromagnetic mater- 
ials, and then at temperatures around 550° it fell to 
almost zero and again began to grow at 500- 450°. 
The effect depended on the rate of cooling and it 
became more apparent when this was reduced. The 
increase in magnetization at 500- 450° was consider- 
ed by Sykes and Evans to be due to the presence of 
a second ferromagnetic Curie point which they as- 
cribed to the ordered structure of the type Fe,Al. 
The high temperature Curie point (about 650-600°) 
was related by the authors to the unordered state 
of the alloy. 

Such an interpretation of the experimental data 
would be correct if it were not for the fact that in 
Fe-Al alloys of this constitution there is an anomal- 
ous increase in the coercive force (H,,) which has 
been established in much earlier works [4, 5]. In 
these papers it was found that, in alloys with 13- 
14% Al at 450-550° H, increases sharply (by tens 
and hundreds of times). Without referring to the 
reasons for this anomaly we note that such a large 
growth in 1, should naturally lead to difficulties 
in the process of magnetization and to a reduction 
in magnetization ability in weak fields, as was 
observed in the experiments of Sykes and Evans. 
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The illustration shows the hysteresis loop obtain- 
ed by us in small (15 oersted) and large (100 oersted) 
fields, taken during the slow cooling of a testpiece 
with 12.8% by weight Al (23.2 at. %). It can be seen 
from the illustration that, in the temperature range 

of about 575-475° there is an anomalous increase 

in H,. This leads to a sharp fall in magnetization; 

in the temperature range for example of 550-500°, 

the magnetization ability falls to almost zero (Fig. 
A). This drop in induction was regarded by Sykes 

and Evans as the disappearance of ferromagnetism. 
The disappearance of ferromagnetism however is 
passing effect and is not observed in measurements 
in higher fields (Fig. B). 

Continuous visual observation of the shape of the 
hysteresis loops in larger fields failed to reveal 
the disappearance of ferromagnetism at all temper- 
atures below 630°; the rate of cooling in these ex- 
periments varied from 500 to 10°/hr. This is in 
agreement with the results in Bennett’s paper [4] 
and in Selisskii’s [6], who also failed to find the 
anomaly of “two Curie points” in the thermomagnetic 
investigation of Fe-Al alloys in large fields. 

The conclusion of Sykes and Evans concerning 
the existence in Fe-Al alloys of two Curie points 
and concerning the disappearance of ferromagnetism 
in a definite temperature range is therefore errone- 
ous and is not based on experimental data. 


Translated by V. Alford 
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FIG. 1. Hysteresis loops of a testpiece of an alloy with 12.8% Al taken at 
different temperatures in the process of cooling at a rate of 50°/hr. 
@ — Hiyjax = 15 oersted; b — Hmax = 100 oersted. 


5. V.I. Ivanovskii, Fiz. metal. metalloved., 6. Ya.P. Selisskii, Fiz. metal. metalloved., 
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In the study of the properties of plastically deform- 
ed metals considerable interest attaches to the in- 
vestigation of the temperature course of the different 
struciure-sensitive characteristics at temperatures 
below those of deformation, in conditions in which 
there is practically no recovery process and the 
constitution of the crystal lattice is unchanged in 
the course of the experiment. 


L Ad 


0 20 4O 60 


FIG. 1. The relative reduction in the increase of 
electric resistance on cooling, related to the de- 
gree of deformation in a silver testpiece. 


One such characteristic is electric resistance. 
The distortions of the lattice due to deformation 
cause, in the same way as impurities, a growth in 
resistance (AR) which in the circumstances des- 
cribed above are only very slightly dependent on 
temperature. This fact is not infrequently represent- 
ed in the following form. 
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THE TEMPERATURE RELATIONSHIPS OF THE ELECTRIC RESISTANCE OF 
PLASTICALLY DEFORMED SILVER AND COPPER* 
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where y and yqes respectively are the temperature 
coefficients of resistance of the annealed and de- 
formed testpieces at the same temperatures, and 
Ro and Roges are the. specific resistances for the 
same testpieces at t = 0°. 


Ry = Roget: 


The available detailed information which has 
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FIG. 2. The relation between the increase in 
resistance due to deformation, and temper- 
ature (1 — silver, 2 — copper). 


been published on the nature of the temperature 
relationship AR and changes a, is very poor and 
contradictory (see, for example, [1-3] ). Besides this, 
this information is related only to individual points 
quite a long way from the temperature of deforma- 
tion, which does not afford the opportunity to follow 
the course of the temperature relationship of electric 
resistance at continuous cooling of the metal. 

We have carried out a number of measurements 
for the determination of the nature of the temperature 
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FIG. 3. The temperature relationship of the relative deviations 
of the coefficient 


a=y.R, (1 — silver, 


relationships of these values. 

For the investigation wire testpieces were used 
of pure silver (99.99 %) and technical copper plastic- 
ally deformed by transverse compression at room 
temperature. Resistance measurements were carried 
on in a compensation system in the temperature 
range 20- 183°, and in some cases up to 196°. 


As a result of the experiment it has been establish- 


ed that the growth in resistance caused by deform- 
ation (AR), is reduced when the testpieces are cool- 
ed to the temperature of liquid air. The extent of 
these changes, obtained at various degrees of de- 
formation in the silver testpieces, is shown in Fig. 
1 in the form of a graph. The greatest reduction of 
AR in our experiments was 13% (silver testpiece, 
percentage deformation Ad/d = 80%). 

The nature of the relationship AR on temperature 
is illustrated by graphs in Fig. 2 which relate to 
silver (curve 1; Ad/d = 70%) and copper (curve 2; 
Ad/d = 78%) testpieces. 

Fig. 3 shows the relative values of the deviations 
the coefficient a = yR, from the values for deformed 
testpieces, calculated for the temperature ranges 


2 — copper). 


corresponding to the neighbouring points in the 
graphs on the previous Fig. 

Measurements were carried out on the silver test- 
pieces in a fairly wide range of percentage deform- 
ation — from 20-80%, and in the copper ones at a 
narrower range — from 60-85%, during which no 
qualitative differences in the nature of the temper- 
ature relationship of the values shown above was 
observed in any of the different stages of deforma- 
tion. It should also be noted that all the tempera- 
ture relationships were completely reversible. 

The data obtained is apparently the result of a 
certain change in the characteristic temperature of 
metal due to deformation, i.e. it is the result of a 
change in the nature of the thermal oscillations of 
atoms in the distorted sectors of the lattice. 

The authors wish to acknowledge the help of the 
students A. Shepelev and V. Koryakina in carrying 
out a number of measurements. 


Translated by V. Alford 
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A ROTATING X-RAY TUBE FOR A VACUUM SPECTROGRAPH * 
V.A. TRAPEZNIKOV 
Institute of the Physics of Metals AS U.S.S.R. 
(Received 8 February 1960) 


In a vacuum X-ray spectrograph [1], when using 
the ionization detectors of radiations it is neces- 
sary to rotate the X-ray tube, which same used to be 
done on the specimen. The X-ray tube described 
(see Fig. 1) is easily rotatable due to its seating on 
a bearing by means of which it can be moved direct- 

_ lybyasine mechanism{2] situated in the vacuum 
space of the instrument. This does away with the 
necessity for a special mechanism outside the ins- 
trament and designed specially to rotate the speci- 
men or the tube and which requires considerable 
accuracy and care in operation. A vacuum rabber 
tube has been used as the packing, which provides 
for rotation. at several 10ths®. By transmitting high 
voltage to the cathode instead of the anode, as pre- 
viously, it is possible to use the ordinary range of 
radiographic apparatus for supplying the spectro- 
graph as that used in structural analysis '. 

The cathode part of the X-ray tube, consisting of 
the heating filament J and focusing hood 2, is attach- 
ed by a ring to crystal tube 3 (diameter 25 mm and 
length 50 mm) which is an insulator. The insulator 
is attached by a bracket to a bent copper tube (dia- 
meter 14 mm) which completes the reflecting surface 
of anode 4. The whole X-ray tube is placed in the 
centre of the cover of spectrograph 5 through the 
lower bushing 6, onto which is pressed radial thrust 
bearing 7 which supports sleeve 8 which is the body FIG. 1. Rotating X-ray tube. 
of the tube. The vacuum rubber tube 9 (with internal 
diameter 16 mm and length 50 mm) is at one end at- ing 11. Two tubes in the upper part of the copper 
tached to the fixed bushing 6, and at the other it is tube supply cooling water for the anode. The X-ray 
joined to the upper bushing 0 which together with tube is connected to the sine mechanism by means 
the sleeve rotates on the bearing. Insert J0 is firmly of a bracket joining one side of the tube to the mid- 
attached to the copper tube and anode 4 by grips in dle elbow of the copper anode tube. 
the upper part of nut J2 which adjusts vacuum pack- If emission spectra are to be examined by the 

secondary method, the lower elbow of the copper 

anode tube ‘s made with a cylindrical radiation sur- 

face of the Krasnikov tube type [3]. 

* Fiz. metal. metalloved., 9, No. 4, 639-640, 1960. The operation of the X-ray tube is thoroughly re- 
t In our case a URS-5OI was used to supply the X-ray liable in the conditions permissible for URS-50f. The 
tube and the ionization recording. To be sure of the . . ‘ 

working vacuum in the spectrograph is 1-3 x 10% mm 


anode current stabiliser working reliably, parameters 
must be selected for the heating filament such as would Hg. The use of the vacuum rubber tube means that 


be appropriate foe sealed tube type BSV1. the X-ray tube can rotate freely by more than 60°. 
é 
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By adjusting the position of the lower bushing, of reflection of the X-rays. 


Translated by V. Alford. 


which is attached to the top of the instrument with 
firm bolts, work can be carried out at any angles 
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THE THEORY OF THE SCATTERING OF X-RAYS BY 
DISTORTED HETEROGENEOUS SOLID SOLUTIONS* 
M.A. KRIVOGLAZ 
Institute of the Physics of Metals AS Ukr.SSR 
(Received 30 November 1959) 


The scattering of X-rays by crystals containing precipitates of spheri- 
cal particles of a new phase has been studied with regard to distortion. 
Compared to homogeneous solutions with the same composition, distortions 
lead to a considerably stronger reduction in the intensity of the correct 
reflections and to the appearance of certain features in the distribution 
of the diffused radiation. 

In the case of very distorted crystals and large indices of reflection, 
the intensity of the correct reflections will be low, while the distribu- 
tion of the intensity of the diffused radiation will be concentrated into 
a narrow bell-shaped area which in experimental investigations may be re- 
garded as an expanded ‘‘quasi line’”’. 


In previous papers [1-3] the theory of scattering by homogeneous solutions has been studied, 
in connexion with the different scattering atomic factors and atomic radii of the components. 
In this case the heterogeneity of the electron density is due to the equilibrium thermodynamic 
fluctuations in composition and in the order parameters. These fluctuation heterogeneities can 
be calculated without resort to simplified models as in this case it is possible from the 
theory not only te study the qualitative features of the picture of intensity distribution, but 
also to determine the numerical value of the intensity and to make quantitative comparison 
between the theory and exveriment. 

Of important practical significance are the heterogeneous solid solutions, that is 
solutions in which there are smaJi precipitations (or pre-precipitations) of particles 
of a new phase, differing from the mother phase in composition and/or structure and in a number 
of cases causing high mechanical strength of the crystals. In this case however, investigation 
of the distribution of intensity is considerably complicated as the structure of the precipi- 
tates, their shape, time dependence of size and other characteristics, cannot usually be deter- 
mined by independent experiments nor can they usually be calculated by means of the current 
theory of solid solutions. Therefore, unlike the case of homogeneous solutions, it is not 
possible, before carrying out the radiographic experiments, to make a preliminary quantitative 
calculation of the distribution of the intensity of scattering in the solution in question 
proceeding from a given type of heat treatment. It is however, possible to calculate the 
intensity for certain simplified models of precipitates so that, from a qualitative comparison 
of the calculated and experimental pictures of the distribution of intensity, to select a model 
for the precipitating particles and to determine their measurements and properties, Intensity 
calculation for certain precipitation models was carried out in papers [4,5] without al lowing 
for distortion of the crystal. In some works scattering has been calculated with allowance for 
distortion, by means of one-dimensional models. However, as can be seen from the results for 
homogeneous solutions the pictures of intensity distribution in one- and three-dimensional 


* Fiz. metal. metalloved, 9, No.5, 641-656, 1960. 
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cases are qualitatively different (in the one-dimensional case the lines are expanded even for 
a homogeneous solution). Therefore the results obtained for one-dimensional crystals cannot, 
generally speaking, ever be transposed to three-dimensional] crystals. As, in particular, it 
follows from the results obtained for homogeneous solutions, allowance for distortion may 
qualitatively change the picture for intensity distribution of the diffusion scattering, and 
also lead to a weakening in intensity (and in certain cases, to erosion. See below) of the 
correct reflections from the matrix, some interest attaches for the three-dimensional case, to 
the development of the theory of dissemination on precipitations, allowing for geometrical dis- 
tortion of the crystal. 

In this work calculation has been made for certain simple models of precipitations, within 
the framework of kinematic theory, of the scattering of monochromatic radiation by a monocrystal 
containing precipitations, Oonsideration will not be given to the effect of precipitation on 
extinction although there are zases where such an influence is possible [6]. It will be 
assumed that the precipitations have a spherical form* and that it is possible to ignore the 
effect on scattering of dislocations and other defects which may occur on plastic deformation 
at a certain stage of the process, Calculation of the distortions is made by means of approxi- 
mation of the elastic isotropic continuum in which the differences in the elastic moduli of the 
precipitation and the matrix can be ignored. The cases to be investigated are those where con- 
centration of precipitation is low and the volume occupied by them is considerably less than 
the volume of the matrix and overlapping of individual] precipitate particles may be disregarded, 
It will also be assumed that distribution of the precipitate is random. 

The distribution of concentration and order along the radius of precipitate particles may be 
very complex. As these distributions are unknown at the moment, certain simplified distribu- 
tions will be assumed in the models used. Let us consider three models. In the first case 
(model A) a precipitate which is homogeneous in structure and composition fills a sphere with 
radius ro inside a solid solution with constant concentration, This type of precipitation may 
occur in allotropic phase transformations which arise without change in concentration, and also 
in transformations with altered concentration, if the effective length of diffusion exceeds the 
distance between precipitate particles. We will use v to symbolise “‘ the effective atomic 
volume’’ equal to the mean atomic volume of the atoms of the phase studied, multiplied by the 
ratio of the number of atoms in this phase to the number of atoms in the same volume of the 
matrix taken up to deformation of the lattice. The relationship v/radius for a precipitation 
type A is shown in Fig.1a If the atomic volumes vy and ve of the precipitation (phase 1) and 
the mother phase (phase III) are different, distortion will occur in the crystal. If concentra- 
tion is changed on phase transformation then in the first stage of the process, a layer will be 
formed around the distribution with low concentration of one of the components. To allow for 
this effect, model B [5,7] may be used, according to which the concentrations and atomic volume 
v» inside the impoverished layer (phase II) are constant (Fig.1b), or model C [8] » according to 
which inside the layer v is changed in a linear manner from the value Vo to v, corresponding to 
the matrix (Fig.1c). Of course, phase II has the same structure as the matrix from which it 
differs only by atomic volume, while phase I may be different both in volume and in structure. 

In the approximation of the isotropic continuum it is not difficult to determine the distor- 
tions created by the precipitate. The value § a (r) for the displacement of the atom from the 
node of the s nucleus, characterized by radius-vector r, can be presented in the form 


Roh = = (1) 


i 


where n(rer ry) is the vector of displacement created in the point 7 by the precipitate whose 
centre is in the point 7., and summation | over i is made at all precipitates; summation over t 


is made at all nodes of the lattice t; ca ie, ge ); c, =1,if in node t (with radius- 


* The results obtained are qualitatively applicable also to non-spherical precipitations in which the 
dimensions along the three co-ordinate axes are of the same order. 


2 
VO 
9 
19 


Scattering of X-rays 


i 


4 


Fig. 1. Dependence of effective atomic volume on the distance 
to the centre of the precipitate for models A, B and C. 


vector R,) there is a centre of one of the precipitates and c, = 0 if this node does not coin- 
cide with such a centre, For model A the function u/?r) has the following form 


9(l1—s) ods 


9(1 — Vs r 


where o is Poisson’s ratio and allowance is made for the fact that v,—v,| v3. For model B 
(see [7]): 


> 
at 


and for model 


4 —> 


(V2 — U5) rh 
rs 9(1—) 403 — 11) 


at 


Besides formulae (2) to (4) which change rapidiy with increase of deformation, the presence 
in the crysta] of randomly distributed precipitate, will also lead to homogeneous (disregarding 
fluctuations) deformation of the lattice (see, e.g. [9]). Because of this the atomic volume v5 
inserted in formulae (2) to (4) for the matrix will differ from volume v,e of this phase with 


the same composition but without inclusions, by the value = 3 — 8 (the 
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changes in v5 and v, are in the same proportion), where ¢« is the ratio of the number of pre- 


— 


— 
cipitations to the total number of atoms in the crystal.* Thd terms 4; = Cmte also lead 
r—r;* 
8 
to additiona] change in the mean atomic volume by “? =4x—c. The total relative change in 
v 
Us 3 
Brak Kee} Knowing the concentration ¢ of the particles of the precipi- 
l+ca Us, 
tating phase and the composition of the matrix remaining after transformation, from the results 
of dilatometer investigation of the volume the constant C can be calculated which expresses the 
extent of distortion in phase III. 

As can be seen from equations (2) to (4), for all three models in fields I the displacements 
are proportional to radius, as these fields are equally compressed (or extended), while in 
fields III the displacements decrease in inverse proportion to the square of the distance, The 
differences in atomic volumes v5°%% and Yo°%s wil] hereinafter be regarded as parameters of the 


atomic volume is 12x 


theory. ** 


1. GENERAL FORMULA FOR THE INTENSITY OF DISSEMINATION 


As is known, in kinematic theory the intensity I, expressed in electron units, of the dis- 
semination of monochromatic radiation by a monocrystal is determined by the following formula: 


fseexp (ig’, R, Ry) exp 8R, (5) 


where R, is the radius-vector of the s unit cell; 
f, is the structural amplitude of this cell; 
94 is the difference in the wave vectors of disseminated and incident waves, 
i angi ORK. where XK, is the vector drawn in the ncde of the reciprocal] lattice of the 
matrix with atomic volume v,, approaching the end of vector g,/2q_ As in the presence of pre- 
cipitates, as is demonstrated by the analysis below, the effects due to the superlattice dis- 
tribution of atoms play a relatively small part, we shali disregard them. Then for the struc- 
ture factors f, of the unit cells corresponding to the first, second and third phases, the 
mean values for these phases may be taken fye fo: fg- In the model Cie=h(F)=fs + 
+ (Fy — fs) (% —1r)/(fe —7), where 7, is the structural amplitude in tne second phase at r 


Ty: 


The value of ¢ is considerably less than atomic concentration » of the precipitated atoms which is, 
for example, in model A, v = cn where n is the number of atoms in 2ach particle of the precipitation. 
If, in the formation of the precipitate, the number of atoms in each undeformed element of the volume 
remains unchanged, then the values ¥y"Ug and vo-v2 could be determined trom the known relationships 
between atomic volume snd composition and structure. However as, in the formation of a precipitation 
the number of atoms in fields I and II, on account of the flow of vacancies and of the plastic defor- 
mation possible, is different from the number of atoms in the same volume of the matrix (and beside 
this, the lattice parameter of a very small precipitate or pre-precipitate may be different from that 
of a macroscopic crystal), such a calculation could lead to considerable error. We note that in 
cases where it is permissible to disregard to the change in the number of atoms on formation of a 
precipitate, and when the lattice parameter is in a linear relation to composition while the precipi- 
tation structure coincides with that of the matrix, the constant C in the formulae for u(r) for 
models B and C, should return to zero. However, as considerable deviations from Vegard’s law are 
usually observed, and as the structure of the precipitate is frequently different from that of the 
matrix, the change in the atomic volume of field I is not usuaily compensated by an inverse change of 
atomic volume in field II, while the value of C is other than zero. 


4 
| 
— 9 
| 


Scattering of X-rays 


From the values of ¢, given above, equal to 0 or 1, the structure factors of the s cell may 
be expressed in the following form; * 


fs (R,) = fa + (R, — Rp (6) 
t 


The function g(r.91) is different for different types of precipitate and is substantially 
changed on transition from the neighbourhood of the nodes of the reciprocal lattice of the 


matrix (1 = 2nK,) to the neighbourhood of the reciprocal lattice nodes of the precipitation 
(1 ~ IK’). If the precipitation is coherent with the matrix,** has exactly the same structure 


and the number of atoms in the field of precipitation has remained the same in the process of 
precipitation, then for model A 


at 
91) | 0 at r> 


while for models B and C 


9 (r, 91) = fe(r) at (8) 
0 at r>13. 


If the structure of the precipitate (field I) is different from that of the matrix (fields II 
and III), then for model A 


fs ar<h = 
= K,, 


and for models B and C 


at r<ry, 
0 at >T. 


= 


* Allowance is made in (6) so that if there is no precipitation close to the observed cell, the struc- 

tural amplitude will be f33 if, on the other hand, in one of the nearby nodes there is a centre of 
precipitation, this amplitude will be changed by a certain value Q(r. 93). As the concentration of 
the precipitation is assumed to be quite low, the configurations at which two or more precipitations 
may be found close to this nucleus, will play an insignificant part. 
In this work coherence is taken not in a crystallostructural, but in a radiographic sense, i.e. the 
precipitation is coherently connected with the matrix if the amplitudes of the dissemination of the 
different precipitations and the matrix have clearly defined differences of phase, and the precipi- 
tation is incoherently bonded if the phase differences are random addends (greater than 277). 
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If the precipitate is incoherent with the matrix, then the amplitudes of scattering by pre- 
cipitations will be multiplied by factors containing random phases. For this reason after 
averaging, it is not the amplitudes, but the intensities of scattering from the precipitates 
and the matrix which are added together. For the amplitudes of scattering by the matrix it 
will here be possible to take the equations (6), (9) and (10) for 9, 7 2nK,, and for the 
amplitudes of scattering by precipitates these same formulae for —"._5_y- here (even if the 

precipitate has the same structure as the matrix). 
Inserting (1) and (6) in (5) we find 
t 


+” 


Averaging on the values e, = 0.1, ie, the different positions possible for the centres of 
precipitates, and treating the different values of ¢, aS statistically independant variables, * 
. we find the following definitive general formula for the intensity of scattering of the X-rays: 


5.5? t 
t 


t 


+cXe(R,—R, ¢(Re —R, “ts 


At low gq’, formula (12) contains a 5-function which defines the intensity of the correct 
reflections. This intensity is determined by the terms through s, s’, for which the distance 


IR, — Ry} is very great, Therefore, in calculating the active part of the formula in exponen- 
tial (12) 


t 


—_ 


it may be taken that, of the displacement pair u,, and Uy e's only one is appreciably different 


from zero, and this may be substituted by double the integral » (cos 9; u,, — 1). In calculating 

the supposed part of very large sin be substituted by 

(Ry — 


2 (91, Uj, —Urse), and, allowing for the fact that at high /R,—R,\u,, = , here, use 


t 


* Strictly speaking, c, cannot be regarded as statically independent, as precipitations interact in a 
definite manner and the probability of the given value for cy close to a precipitation is different 
from the same thing at a distance. However, where the concentration is fairly low, this effect may 
be disregarded. The error which appears here is proportional to the square of the ratio between the 
volumes of the precipitation and the matrix (in which the coefficient of proportionality before this 
square in the exponential in the formula for J is of the same order as the coefficient of proportion- 
ality before the term computed in (12) proportional to the first stage of the relationship). 


(12) voL 
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may be made of the formula found in [10] for this sum 


t 3 


Having drawn attention to these relationships, we may now carry out summation through ¢, 
divide the 5-functions and determine the intensity of the correct reflections: 


where 2 is the volume of the unit cell of the matrix; 
N 4 is the total volume of the crystal; a 
f is the mean structural amplitude appropriate to node q; 22 = K,;: 


f= fp ~ chee (Re (14) 


4nC. 
es oa, g, defines the deviation from the node of the reciprocal lattice K, G(1— — 
8 
here of the matrix which has been deformed by the presence of coulomb fields of dislocations 
(after allowing for the difference mentioned above in vs and %3°, the position of these nodes 
agrees with the dilatometer measurements of the volume on the appearance of the precipitate). 


The weakening intensity factor e7” aue to static distortions, is determined by the formula 


= 2¢V\(1 —cosq, 4 


ts 
t 

a, = Ris at R, = 0 (s nucleus is at the origin of the co-ordinates). 

Besides the divided integral which contains ene 5 -function, the formula for I also contains 
a smooth integral, different from zero at any ¢ which defines the intensity of diffuse scatter- 
ing If. In a general case formula (12) is compound. For this reason, calculation If and L 
for concrete models will be made for the extreme cases of weakly and strongly distorted crys- 
tals, 


WEAKLY DISTORTED CRYSTALS 


In weakly distorted crystals, where L <1, formula (12) may be expanded into a series to the 
power of c and limited by the linear term of the expansion, Here the intensity of scattering 
T=I,+If is made up of the intensity of proper reflections determined according to formulae 
(13) to (15), and the intensity of diffuse scattering If , determined by the formula 


I, = (qx)? (16) 
where Np is the total number of precipitates and 


an 
If it is not only the average but also the local distortions which are small, then expiquuy, 
in the determination of > (q,) may be expanded to the degree of the dislocations and limited 
by the linear term of the expansion, 
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s 


A type (16) formula for J (but not a formula for L or for the intensity of scattering b. 
heavily distorted lattices) may also be obtained by examining the scattering by individual 
independent randomly distributed centres [11, 12}. 

We will now apply the total results to different models of precipitate. The simplest is the 
case where, in model A, the precipitate has a structure different from that of the matrix. 
From (14) and (9) it follows that in this case f =/,(1—cn)=/f,(1—p.) (n is the ratio 
between the volume of the precipitation and atomic volume V3; Po = en is the volumetric con- 
centration of the precipitate). Substituting the formulae (9) and (2) in (15), and after 
integration we find: 


L = L® = (Cqy)'*f = 


‘ 


3 344 / 
= 3p, 2 h? >) h? 


i=] 


3 x (19) 
ja) = | ¢—sin t) = 
0 
8) on 2 2 sinx sinx 4 cosx 


x 


where C(x) = | aX cos t?dt is the Fresnel integral; h; is the Miller index; v= /4 for 


3 
the face-centred and v—|/ 2 for the body-centred cubic lattice of the matrix. Calculation of 


the elastic anisotropy leads to the fact that L is dependent not only of the value but also of 
the orientation of vector q- In a case of smal] local distortions and low reflection indices 


3 
(small g,), where a2n?!? yA? < 10,use may be made of the expansion f(x) into a series: 


i=] im] 


3 
if ans DA? ‘> 10, then L may be determined by means of the asymptotic formula 


i=1 


2V im] 


3 


As can be seen from (20), (21), in agreement with the general results of paper [3], at low 9} 


8 
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and small] local distortions, L is proportional 93 ( or ,nere, with growth q, at 
3 im} 


indices of reflection or at large local distortions L will be proportional to 4}? 
3 


3 

{ or (X ni\"") The graph of the relationship L/p, for2*n* sh? is shown in Fig.2 which 
3 i=1 


also gives the approximating curves for small and large Na’. Deviations from linearity 
appear at lov h,, if and n are large. For example, =0.3n= 10% 
4 Us V3 
v=V4 28n°*=1,2 and at high indices of reflection the deviations from linearity are 
marked. Due to the fact that L—~n'!* (formula (20)) or it~? (formula (21)) if the size 


of the particles is large, L may be large even at low concentrations Po for example, if 


a 
0,01, n = 10tand 47 ~10 L~O,I. 
i=l 


The intensity of the diffuse scattering increases sharply in the neighbourhood of the nodes 
of the reverse lattice in the matrix and in the precipitation. After inserting (9) and (2) in 


(17), expanding e "1 “ts into a series and limiting the expansion by the square terms, we find 


after integration, the following formula for or (97,) in the neighbourhood of the nodes of the 
reciprocal lattice of the matrix: . 


= OF Gi) = 3fa nln) 


[(1+ cos? ¢) (k*cosK + Ksink + 


— 2(3 cos? —1) 


3 


qila 
i=! 


where K = 9r,; «= =; ¢ is the angle between 14 and 7 and sink = =} = dt. The first 
3 


K 


addend in (22) defines the amplitude of scattering in the absence of distortions; the second 
and third terms are due to distortions and are determined by the linear and square terms of 


the expansion to the degrees yl): At sufficiently low gq, where k <1, the first terms in 
brackets (22) approaches the constant limit - 1/3, while the second term equal to a’ 4! cos oa 
q : 


increases as q7=!. For this reason, even in weakly distorted crystals where q is sufficiently 


low, the second term will play the main part and on approaching the node of the reciprocal 


lattice I will increase as q~2. The ratio of the third addend to the second will here have 


29,97; i.e at low the third addend may be disregarded. If then k > 1, the 
2 
cos k 


first term in brackets (22) is equal to 2 while the second term 


9 
2n? 3») hi ~ 10 deviations from the linear relationship will commence and then at higher 
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COs 


a 
sink 1 12 sink 
cos > = — 
i=] 


i.e. both terms decrease in the same way with increasing g. The intensity of diffuse scatter- 
ing by distortions created by type A precipitate is proportional cn? = Pon and is ~ n times 
greater than the intensity of scattering by distortions in a homogeneous solution of the same 
composition. As a result of this, as has been mentioned above, it is usually possible in a 
crystal containing precipitate, to ignore the background created by the superlattice distri- 
bution of atoms in the matrix or in the precipitates. 

The size of the precipitates is frequently determined from the width of the extra-spot on a 
radiograph, using the formula which is only suitable for calculation of the first term in (22). 
As can be seen from (22), if an *> 1, the presence of distortions may here lead to considerable 
error. Using (16) and (22) it is, of course, possible to determine not only the size of the 
precipitate but also the extent of the distortions (a) created by them, To separate the 
effects caused by distortions it may be reckoned that: 1) the term in ®due to distortions 
wil] grow with increasing 93; 2) this term is proportional to qui and tends towards infinity 
on approaching the node of the reciprocal lattice; 3) distortions lead to asymmetry in thc 
_ distribution of intensity relative to the reciprocal lattice node and to a characteristic 
angular relationship in distribution. Finally, turning attention to low angles of scattering 
(where qy = %), the role of the distortions is considerably reduced, We note that calculation 


of the elastic anisotropy would lead in a number of cases to substantial anisotropic distribu- 
tion of intensity in the space of a reciprocal lattice 
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In the neighbourhood of a reciprocal lattice node of the precipitate, as may be seen from 
(17), (9) and (2), 


where q=qe ag, andg, 2= indicate the distance from the reciprocal lattice node of a uniform- 
ly deformed precipitate. If all the precipitates have the same orientation, the distribution 
of intensity will be the same as if there were no distortion, but displaced relative to the 
reciprocal lattice node, * 

In our case, where the structures of the precipitate and the matrix are different, the 
results obtained will be same for coherent and incoherent boundaries of these phases. However, 
if the structures of the phases coincide, the results will be different for coherent and in- 
coherent precipitate, In the case of incoherent boundary the formula for f and L will be the 
same as for precipitates with different structures. Ty in this case is defined by the sum of 


the squares of formulae (22), (23), i.e, | Pz (91)? = + [o> If the matrix and 
the precipitate have the same structure and are coherently bonded then, according to (14) and 
{7}, f= (1-p), fe + Pfy while L according to (15) and (7), can be represented in the form of 
the sum of the two terms corresponding to the precipitate and the matrix: 


L=L +L) = {1 — 3y, + (24) 


where L‘3) is determined by formula (19) and 7 by formula (22). At low 


te 


int 


3 3 


3 
2 
the qualitative dependence on Dai will also have the same form as dependence L{3), However, 
‘ 


3 
is high, L(1) will be asymptotically inclined towards the constant limit 
i=! 
LY 2p. , and will not approach 13). To determine If in the case of coherent bond, 
3 


unlike the case of incoherent bond, it is not the squares of the amplitudes (22) and (23) which 
must be added but the amplitudes themselves, i.e: 


(2) 


(41) = (1) + OF). 


Let us now consider precipitates corresponding to models B and C i.e. let us allow for the 


If the orientations are slightly different, and the maximum angle of disorientation B max 18 equal to 
or greater than (qyr9)"t then of course, the spherical distribution of intensity close to the recipro- 
cal lattice node of the precipitate will be broadened in a plane perpendicular to g; by a value 

~ B max?1° If disorientation is somewhat greater, the minimum angle between the precipitates in the 
crystal in question - will be greater than Cr ie and the expanded distribution will again 
disintegrate into separate spherical distributions lying near to the surface of the sphere in the space 


of a reciprocal lattice of radius 93: 
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presence of the impoverished fields. To begin with we will take the case of different struc- 
tures. As follows from (14) and (10), in this case for models B and C respectively 


+ — fa) (72 — Pi) 


where Py = sn is the volumetric concentration of the precipitation; Po is the summated concen- 
tration of the precipitation; p. is the summated concentration of the precipitation and im- 


poverished layers andy ——4+ The value L may be presented in the form of the sum L = L(2) 4 
+ L(3), where £‘3) is determined by formulae (19) to (21), wnen as follows from (2) to (4), in 


the formula for a, in the case of model B “'—“2 must be substituted by A Mesh 3 
U3 U; U3 


V;— U2 


and in the case of model C by !—"? y3 + 
Vs 


up to the quadratic terms relating to ah; will be 


va — At low with a precision 
4(1 VU, 


ie! 

V 


for model B and 


(1 —p)* (1 — 2u? + u3) 


3 


(7 — 16u3 + Qu — 448u8 + 576u7 — 


= 


3 
where h=] for model C. Unlike at large will in both 
i=1 
models incline towards the constant limit 2(po-py). AS p<, the weakening in intensity due 
3 


2 
to L‘2) will always be small. After examining the asymptotic behaviour of L at high Bhi it. 


is possible in this way to determine whether the distortions are distributed ir the depth of 
the matrix or whether they are compensated within the impoverished layer, i.e. whether the 
value of a@is equal to zero. 


The amplitude of the diffuse scattering, in this case equal to ot G)+ oe (91) where D>’ (q,) 
is determined by formula (22) (with the value indicated of a) and leh model B 
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where K, = 9r,, Ky =Qr,, Mg is the ratio of the volumes of the precipitation and impoverished 
zone to atomic volume %s3,7/ (x) K+3x cos x—3sinx). Unlike at 

K 
q70 o-’ (G;) will incline not towards infinite but towards a constant limit. Therefore if 


a =0, distortions will only lead to asymmetry of distribution Iy as regards the reciprocal 
lattice node, and not to any special features in this distribution, In the case of model C 


the formula for ge) (9), is, for the same of brevity, not set out here, but it defines the same 


qualitative depenaence on 7. 

If the structure of the precipitate coincides with the structure of the matrix, then in the 
case of incoherent bond the formulae for f and L wil] be obtained in the same way as for pre- 
cipitates with different structures, while in determining If the square +4 


defined in (23), must be added to [o= @,)|". In the case of the coherent bond it is not the 
squares of the amplitude but the amplitudes themselves which must be added together. Here in 
addition to the equation for f set out above the term P,f, must be added and to the equation 
for L, the addend 2‘1) defined in formula (24). 


3. VERY DISTORTED CRYSTALS 


The formulae set out in the previous section for J f are applicable in the case of compara- 
tively weakly distorted crystals, where the criterion 4 “1 is satisfied. Let us now consider 
the case of strongly distorted crystals in accordance with the opposite criterion 


L> 1. (28) 


Here the intensity of the proper reflections and also the terms in J f proportional to q°, 
remain exponentially small. However, as the overall intensity of scattering should remain 
unchanged, the intensity of the background will increase sharply. As will be shown below, 
there is a redistribution of IJ f- and the background becomes denser close to the nodes of the 
reciprocal lattice in narrow and intense maxima which in experimental] investigation could be 
taken as expanded proper reflections (lines or spots). As p <1 condition (28) can only be 
fulfilled at high values for C in the formulae (2) to (4), where there are very considerable 
distortions in the matrix. A clear expression for L is in this case given by formula (21). 
In calculating I f we must allow for the fact that at large values for the modulus of vector 


Py = i= the second multiplier in (12) will tend towards an exponentially small limit el, 
As thus the main contribution in the summation for s, s’ is provided by terms corresponding to 
low p, the index of this exponential must be calculated for the case where p is low. Dis- 


=> 


regarding the term cn, = p, in the sum for t, u,, can be expressed in the fom 


Res _ = a'r3 Rts . Furthermore at low p the difference can be expanded into a series to the 
Ris Res 
degree ofc” and limited by the quadratic terms: 


Qi» — Urs) = 


4 = Cos cos x — Cos 7% 
r 


= — l5cos x + 35cos* cos x + 3cos 7 — 15cos? 6 ces 7, 


where f- is the vector drawn in node t from a point lying midway between s and s’; | 
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are the angles between 7 and p, q, and r and between 7, and p. This expansion is only 
unsuitable Riz or Rol where ~c-'— is the contribution to the sum for t. 


By substituting the sum in exponential (2) by the integral, and carrying cut integration in 
the spherical co-ordinates (here it is suitable for the figures given for the variables of the 


angles to transfer from variable r to variable q,, u,,—Wrs),we find, again disregarding the 


addends ~c-, in the exponential, the following formula for iy: 
v 


face“ igs =< — Boo, (7) — 


B= p,2'q, = pean! 


1; ] —% 
v1 V 3 


(dQ = sin is the element of the solid angle; —1J1, in equation (30) the exponen- 
tially low addends ~ e~- have been disregarded (in this case the term proportional to q72) and 


also terms in the series p» (by this means the braces in (2) can be replaced by f*» . wa 
considerable part is played in the integral by pz B-', the disregarded terms “wh Ps aecord- 


] uv 
ing to (21) have the order ;2 and, according to (28), they actually can be disregarded. At 
large values for L it is also possible to disregard the subsequent term in the indicator of 
exponential (30), which at Bp ~1isL % times smaller than the previous addend, Equation 
(30) defines the comparatively narrow bell-shaped distribution of intensity reminiscent of the 
distribution of intensity in the broadened proper reflections. The integral intensity of 
distribution in a unit cell of a reciprocal lattice is as it should be, an? fh In allowing 
only for the first term in braces (30) the maximum value of intensity according to point g’= 0 
may be found by means of numerical calculation of the function 9,(7) (and its integral) 


We 
a = - The integral width 2495p) which is determined as the width of distribution in 
4 
the volume enclosed by the sphere s e. with intensity _ and with the same integral 


intensity as the distribution studied at 29,,=3,6. For example if a’=1/40, pp. =3-10-?, 
then for reflections (800) 24¢p=0,02==, the distribution being studied will occupy a smal] 


part of the unit cell r.L. and in experimental investigation can be regarded as an expansion of 


a “quasi line”. Where the values of q’ are high, when q’>>q,,,/¢= (1), 


where ¢ (7) = ai (1) dg’. Here integration through ?’ is carried out on a plane perpendicu- 


lar to AS at g, and 9,(7) =3,10 at g’ the distribution of intensity 


is slightly compressed in the direction qh If only the first term is allowed for in the 
braces in (30), the maximum of the distribution of intensity will lie at the point q’= 0 (i.e. 


VOL 
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it will not coincide with the maximum of proper reflection which lies in the point 
> 4 
g=97 + = q; =0), and will be appropriate to a lattice distorted by the presence of dis- 
U3 

tortions caused by surface forces, but not by local dislocations. As a result of this, if 
this type of distribution is described as a ‘‘ quasi line’’, then the radiographic value of the 
lattice parameter for the matrix will be different from its dilatometer value, 

Averaging formula (30) for the surface of a sphere with radius qy in the reciprocal lattice 
space the distribution of intensity may be found for scattering powder photograph I p- Bearing 


16x 
in mind that 7,(0) = — , and allowing only for the first term in braces in (30) we find 


9V3 
that this distribution is defined by a Lorentz curve 


1,21B 


1.46B2 + Q? 


1p (91) ~ 


where Q is the difference between the figures for qy and q4 for the maximum of distribution 


(@ — = cos 964, where 204 is the angular deviation from maximum). The integral width of 


this curve is 1.2l7g8= 3.88, or in angular units (86),=—0.30 Bh sec6 = 3.8p,a’ tanf. Thus (36), 


will increase with increase in the angle of dissemination 2 9 as tan @, For instance, if 2’ — ma : 


40’ 
P, = 0.03; 6 = 60°, or (66), =0.005=17’. If the second term in the braces in (30) is consider- 
ed 


(1.21B + iQ)*/s + (1.21B — 


1.21B 
46B2 2 + 0.39 2 _10/ 
1.46B? + Q (1.46B2 + Q2 


BY (1 + — (1.21B — iQ)" 
(1.46B* + 


Ip) ~ 


+-0,18i 


The integral intensity of the line does not alter in transition from (31) to (32), but the 
line becomes asymmetric and its maximum shifts to the value AQ=>W— 1.2 Ted and its width 
is changed by 4,8—”-. 


If criterion (28) is satisfied, then the distribution of intensity close to reciprocal 
lattice node of the precipitate will also be changed and, if g.,r,>>1, then the form of this 
distribution can also be determined by a formula of the same type as (30). 

It should be noted that substantial expansion of the line may be due also to effects not 
allowed for here, caused by dislocations which occur at a definite stage in the process of 
precipitation of particles of the new phase. 


Translated by VY. Alford 
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THE FOURTH MOMENT FOR THE COMPONENT OF 
FINE STRUCTURE OF THE LINE OF 
NUCLEAR AND ELECTRON PARAMAGNETIC RESONANCE 
IN MAGNETIOALLY DILUTE CRYSTALS* 

U.Kh. KONVILLEM 
Kazan State University i/n V.I. UL’ YANOV-LENIN 
(Received 30 November 1959) 


The relationship has been theoretically examined between the value of 
the fourth moment of the line of nuclear and electron paramagnetic reso- 
nance and the properties of symmetry and the constants of an intracrys- 
talline electric field on the magnetic nucleii and ions in the crystal. 

The dependence has been studied of the width of the line of magnetic 
resonance on temperature, two-particle spin spin interactions and the 
concentrations of magnetic particles in the monocrystal. 


In Van Vleck’s paper (see [1] Equation (21)) a formula was obtained for calculating the 
reduced fourth moment <(Ay)*> of line f(v) of magnetic rescnance in magneto-isotropic 
crystals without an internal electric field £. Subsequently Kittel and Abrahams [2] and 
Glebashev [3] studied the influence of the concentration ¢ of magnetic particles in a test- 
piece, on the value of <(Av)‘>, determined respectively by magnetic dipole-dipole H, and 
exchange H, x interacting with Hy. As the magnetic particles in crystals are always subject 
to the action of field E, none bf the formulae so far obtained for the fourth moment of the 
line f(v) can be used for a quantitative comparison of theoretical and experimental data con- 
cerning the form of line f(v). 

In this paper a formula will be deduced for the fourth moment <(Ay)‘> allowing for c, E£ 
and the Boltzmann factor. We will study the case where WN, jay and N, from all the L nodes of a 
diamagnetic monocrystal are occupied respectively by parahaghetic particles of the type (it, j), 
l and r distributed randomly throughout the piece, where te =e, <li, where a = j, Pe 

Particles of the types (i,j) and 1 do not have coinciding frequencies of paramagnetic 
resonance, the particles of type (i,j) and r have the same spin SJ = S’, but are located 
accordingly in those lattice nodes where the axes of symmetry of field EF have the same direc- 
tion but the constants of field F are different in value. Such a case is considered in formula 
(12) and refers only to the component of fine structure determined by the transition 


The Hamiltonian of the spin system has the form: 


where m = + % represents the magnetic quantum numbers, 


H=H,+H,, H, Hi = Hi 


=2 Hi! = Ps 


i>a a, 
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where a = j, l, r; H, is the Hamiltonian for the undisturbed spin system; Hy, is the distur- 
bance; H*, and H®, are the operators of the Seemann and Stark energy particles a respectively 
in a static magnetic field Ho and field £; S* represents the components of the effective spin 
vector of particle a; ', the tensor components characterising the two-particle spin-spin 


interaction (for example Hy - ae between magnetic particles i and a (4]. 
We have calculated the fourth moment ( (Av)*) .:, relating to the component of fine structure 
ly) <,/2) of line f(v) determined by the action of a variable magnetic field #, of frequency 


on particles type (i,j) where£€ represents the actual value of operator SH: 
j 


DEDUCTION OF A FORMULA FOR THE FOURTH MOMENT 


We will] begin by calculating the fourth moment for the interaction of type awit 

Let L€ be the operator projecting the true vectors of Hamiltonian H onto the subspace 
generated by the true vectors relating to E€. We will take such a representation for the 
proper true vectors |: ) of the zero approximation of operator H, so that § H;’ bas a dia- 


gonal form in the subspaces Ly andl§; let |a> belong to the subspace L qi and |b> belong to 
Ly. In their work, Pryce and Stevens [5] showed that the moments reduced for lines f/(v) 


coincide with the corresponding moments for lines 
F(v) = ¥ exp(— Et/kT)! ( aH, Pe — vy — 
(3) 
where i) <(v)dv=1, ¢(v- const) - is a function with a sharp maximum in the zero point, H, is 


the operator of the magnetic moment of the spin system in the direction of field H,, summation 
is made through al] the pairs (a,b) from L§ and Ly and all the pairs of the subspaces (Ls, 
Ly), which satisfy condition (2). In deducing formula (3) it has been assumed that: 


exp(--(a Hi. a>/kT) = 1 <b Hilo a) (4) 


The formulae of moments M, (k = 0,1,2) have been set out in the work of Pryce and Stevens 
[5]. For the fourth moment thus reduced we find: 


(A) ) = MMT, (5) 
M, = F (») vidy. (6) 


Formula (6) may be written in an invariant form with regard to unitary transformations: 


= exp (— Sp (48) + (84) (72) + 


(7) (%) = L; HiL,, 
(Wa) Als Hil... 


At low concentrations «¢ <1 only those parts of formula (7) need be allowed for, which contain 
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not more than two different upper indices of tensor Fes and, consequently, are proportional to 
* All the remaining terms contain the multiplier c", where n >2 ‘For interaction of type 
W,, all traces of the formulae which contain unequal numbers of any upper index, are equal to 
zero, which also simplifies the calculation, It is further necessary to introduce into formula 
(7) the summation through i and j. Here the terms in formula (7) will contain the following 
combination of indices i and j: 


i i if 


| 
(51) (8) (66)* +... 


We suggest that, in the absence of H, disturbance, no energy levels arise for the separate 
paramagnetic particles, and that there exists only a pair of levels differing from each other 
by the interval Hv,. As in the work of Pryce and Stevens [5], in carrying out summation 
through ¥ and 8 we will use the method of secondary quantization and Boltzmann statistics, The 
final result of the computation using formulae (5) and (7) has the form: 


= xt + yt +3 (x? + —4 [x (x9 + 


y (y? + | + lQxxyy; = =U, 
Uy = [4 (wy dg (a? + + 129d + wel?) — 48 + 


Ww, = exp (— 7, »/kT), A= 2 ( 1 |Hi 1> = hy. 


The matrix elements ¢ 23! ti 76> = <23\yo> are calculated by means of the real functions 
= (2222)d-- (12:12), g—<¢ 12/21), and y are found respectively from the x and y in the 
substitution {2 ) +|1). Summation through j is carried out for all the L nodes of the lattice. 
In summating through 7 it should be presumed that y=0, if n= 1 andy=Qiofy=2. At 
T =c we find 


(10) 


+ + [y + 6 [x — x]? [y 


< (Av)* ), is found from (9) or (11) after disregarding all those parts which contain any of 
the multipliers y,y,¢: 


where x= (In HY Ix): x= 2H; 2=); are the real functions of operator Cal- 


culating (10) and (11) we find 
((A%)*) = ( (12 
Finally, we will consider the case where H o> E or field Ho is in a direction along the ar: 


of axial symmetry of field £. Under these conditions the matrix elements <af;76> may be 
calculated from the real functions of operator S,. The result will have the form 
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= + 1)7" 
a ia4 us 4 2p ia? . (13) 
Pz, US = (Pax + U3 = (Pex + Pyy)? P 
US = (Pax + Pyy)® Pas, US = (Pas + Poy) 


Qi +1) 25! + 1) 35! — 1), 


Olan (Sip (S7— m + + + m + 1) (S! — my + 
(S/ + m —1)*(S! — m 2)'}*}, 


+ + m + 1)2(S’—m)? (m4 1)? + (SF m— m 2)? 


Qi = —— ms m+ 1), Q= +m) (S!—m+]) [3m 


and are found from by substitutions and s’-S/ respectively, = 0 at n >2; 

and or are found from and in the substitution the remaining coefficients of 
Q, are obtained from the relevant coefficients Q in substitution S/+s" after ignoring the 
expressions contained in [ ]*. From here summation is completed through al] the L nodes of the 


lattice. It is assumed that H,||z, H,|| x, |1>=S, m>, |2>=|S, m—I>. 


CONCLUSIONS 


1) The values ¢ (Av)* >) and < (Av)? ) [6] may be used in calculating the width A and form f(y) 
of the line of paramagnetic resonance, At c <1 and A/g <1 we find [2]: 


dv = dv <q, 
{(v)dv=0, > 4, (14) 


2) From formulae (9), (14) and the results obtained by the writers of paper [7] it follows 
that, with a lowering of the temperature, the ratio < ) / (Av)?)? will increase. This 
could be mistaken for a reduction in the central part of line f(v). With other conditions 
equal <(Av)‘*> for the component of fine structure |S,m>-<-+| S,m—1> decreases monotoni- 
cally with increase in | m|. 

3) The formulae (9) to (12) may be applied. in calculating the constant of field £ from 
experimental data concerning the form of line f(v) and analysis of the time order of the spin- 
spin relaxation 7, [6]. 

4) At S = %, c = 1 and the isotropic g-factor formula (10) is in agreement with Van Vleck’s 
results [1]. 


‘Translated by V. Alford 
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THE RESONANCE FREQUENCY SPECTRUM OF A FERROMAGNETIC METAL* 
Yu.A. IZYUMOV 
Institute of the Physics of Metals Academy of Sciences USSR 
(Received 9 December 1959) 


On the basis of Vonsovskii’s s-d exchange model [1] the equations of 
movement have been studied for the total spin of the s- and d-electrons 
and the frequencies of the free movement have been determined for the 
magnetization vector in a ferromagnetic transition metal. When the 
g-factors for the s- and d-electrons are levelled out two frequencies 
arise, one of which is comparable to the frequency of the Larmor pre- 
cession while the other is shifted away from it in the infra-red field 
by a value proportional to the s-d-exchange integral. 


The existence of two groups of electronic constitutions in a ferromagnetic exchange metal 
makes it necessary to consider the two magnetic moments, one due to the electrons of the former. 
unordered shell of atoms (“d electrons’’) and the other, to the conduction electrons ( ‘‘s 
electrons”’ ). 

In a constant magnetic field H the vector of the magnetic moment should complete a free — 
precession around the direction of the field with Larmor frequencies. If there is no inter- 
action between the electrons of these groups, then the appropriate vectors of magnetic moment 
will go into precession independent of the Larmor frequencies which are determined by their | 
g-factors, Interaction between conduction electrons and the electrons of unfilled shells 
destroys the independence of these movements and causes movement of the total magnetic moment 
of the system as a whole. 

The most important type of interaction is exchange. Let us study the influence of the 
s*d-exchange interaction on the spectrum of the free frequencies of the magnetic moment of a 
transition metal, For this purpose we will construct equations of movement for the total 
spins of s and d electrons separately, using the well-known meta] model of Vonsovskii [1]. As 
shown by Vonsovskii and Turov [2], the Hamiltonian of a system of s + d electrons is in a 
permanent magnetic field H directed along axis z, and may be written in the form 


E,+ (Kk) — Si, Shy + 


Ke fitfe 


J if (ke -Ky) + — 
fk (1) 
J (Ky (—) (—) — (+) (+)} Sp — 
fxyx2 


where SF} and S$ are the circular spin operators of node f; S¢ is the total spin of the d 
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electrons, S@ the total spin of the s electrons (a = x,y,z); ,%, and a,7 are the Fermi 
operators for the birth and disintegration of the s electron state which are defined in Bloch’s 


system; J(k,k.) is the s-d-exchange integral, and g, and g, are the Landaus factors respec- 


tively for the d and s electrons. 
After this we shall] have to express the operators for the total spin of the d and s electrons 


through the dynamic variables in which Hamiltonian (1) is expressed, 
According to calculation, the total spin of d electrons is 


(2) 


It can be show that projections for the total spin operator for s electrons are expressed in 
the following way through the Fermi operators a, g and af at 


l 
Si = lar Ax (4)+ ax 
K ‘ 


i + + 


2 
K 
K 
Using expressions (2) and (3) it is easy to write the equation of movement for the summated 
spin operator of the d electrons, 


ih Si = igg HSi + — 


(SF (ax, (—) (—) — (4) (+9) — (4) — Ane (—) (+)) Si}; 


x i if (ke—K 
ih = — + Vid (Kaka) van 


Ss? + + : + + S}}; 


(Here h is Planck’s constant divided by 277). 
The equation for the total spin of the s electrons is written in a similar way. The only 


difference from equation (4) will be that the first part of the equation will have another 
kook 
symbol, and the symbol in exponent mA ae Lae ee changed in the two first equations. Thus 
for the s electrons we have: 
ih = ig HSS x 


+ 


d Xx i (« —K}1) 
ih St = ig, — — 


fxyKe 
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+ + 


if 


It is now easy to see that the integral of movement is the full projection of spin of the 
system in the direction of the field. The full projections of spin along axes x and y are not 
integrals of movement even in the absence of a magnetic field. This is the first consequence 
of the fact that Hamiltonian (1) allows for the exchange processes of the conduction electrons 
with d electrons, in which the pulse of the conduction electrons may be altered (the terms with 
k, # ko). Isolation of the spip system does not take place as a result of these processes, 
the spin and kinetic stages of freedom are intermingled and exchange of energy is possible 
between them. 

Let us now consider the nature of equations (4) and (5) if the terms are removed from them 
which are relevant to the processes with ky # ko. Besides this we will propose that the 
exchange integral is not dependent on the quasi impulse k, this means that our approximation 


may be mathematically written in the form 
J =I oq 8 (Ky — Ko). (6) 
It is then easy to see that the sums are divided through indices k and f in equations (4) and 


(5) and represent nothing more than projections of the summated spins of the d and s electrons. 
The six equations obtained in this way can be written in the form of vectors: 


S,— (S,XH] + 


(9) 


the parameter of the s-d-exchange bond. 
Equation (7) may be treated as an equation of movement for the vector of total spin of the 


d electrons under the action of an external magnetic field H and a certain molecular field 


H = Se acting from the s electron side of the system, Equation (8) is an equation of 
d Bo 
movement for the vector of the total spin of s electrons allowing for the action on its mole- 
Ah 


cular field due to d electrons, where H,= ; Dy. 
sho. 


It is easy to see that in approximation (6) the Hamiltonian (1) can be written in the form 


H= E, + — YJ (fy Sy, — (10) 
ke 
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Thus (6) is again an approximation of the molecular field. It is quite natural that the 
operator of the s-d-exchange interaction in (6) should be twisted into a scalar product of 
spin. By means of this approximation we have excluded exchange processes which cause altera- 
tion in the translation energy of the electrons, as the appropriate part of the Hamiltonian 
can only be expressed through the spin variables, 

In determining the free frequencies of movement of the spin vector let us linearize equa- 
tions (7) and (8), assuming that z, the components of the spin vectors, are constants, i.e. 
assuming that 


(84); (SS). 
We thus obtain a system of four equations 
Si = (og +2 SE; 
Sh = — (0g +h (83) ) Sar 


where we have used the following definitions for the Larmor frequencies 


h Ss h 


Equation (11) defines two free frequencies: 


wo? = 


— fot + + (Si) + (S$) ) SE) + 


+ (S84) + + 0, +2( + (Sa) 


2 
XV (o,—w,)® + 2r(@, — @,)( — (SED) + Sa) 


In the particular case where the g-factors of the s and d electrons are equal, wg =w,=Wp, 
because it follows from (13) that: 


— Wo, 


= +h( + (S$) ). 


In a ferromagnetic transition metal therefore, two resonance frequencies should not be 
observed. One is the Larmor precession frequency of the summated vector for the magnetic 
moment of the metal and the other is displaced from it in the infra-red field by a value 
in the region of Jeq/- As can be seen from (14), this slip is proportional to the summated 
magnetization of the d and s electrons. Close to Curie point the magnetization of a system 
virtually returns to zero, so that the second frequency should merge in the first. Frequency 
@, is due to sublattice effect, which always occurs in ferrites, 
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All the same we note that this result was only obtained in approximation (6), i.e. in an 
approximation of the molecular field, However, there is some interest in considering the 
process of exchange between d and s electrons which causes a change in the kinetic energy of 
an electron. This we will undertake in a subsequent work, 


Translated by VY. Alford 
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THE THEORY OF THE HEISENBERG MODEL OF FERROMAGNETISM 
WITH SEVERAL ELECTRONS TO A SITE* 
Yu. A. IZYUMOV and Ye.H. YAKOVLEV 
Institute of the Physics of Metals Academy of Sciences USSR 
Institute of High Pressures Academy of Sciences USSR 
(Received 9 December 1959) 


The method of retarded and advanced Green functions in statistical 
physics {1] has been used in calculating the energy spectrum of elemen- 
tary excitations and magnetization of a ferromagnetic material of the 
Heisenberg type with several atoms to a site. It is shown that the 
excitation spectrum of this kind of system contains, besides spin waves, 
Bose branches of even higher energy analogous to the optical oscillations 
in a solid body. 


In many cases the properties of a ferromagnetic material can be satisfactorily described by 
means Of a simple Heisenberg model in which it is assumed that each lattice site can be 
characterised by the summated spin s, while at zero temperature there will be complete ordering 
of the spins, The Hamiltonian for this type of system, in a magnetic field H, is usually 
written in the following form 


where Sy is the spin operator of node f, and J(f-f’) is the exchange integral. 

To date only the lower true values have been determined for the operator [1], appropriate to 
the weakly excited state of a ferromagnetic material which occurs at low temperatures, It is 
difficult to find a method for the precise determination of all the true values of the exchange 
operator, and for this reason great importance attaches to the development of approximate 
methods of solving this problem, 

Bogolyubov and Tyablikov [1] have successfully applied their general method of delayed and 
advanced statistical Green functions to this ferromagnetic problem and have found an inter- 
polation equation for magnetization defining its temperature dependence in a wide range of 
temperatures from 0°K to Curie point, They restricted themselves here to the case of s = 4, 
i.e. they studied a mode] in which it was assumed that there was one electron to the site. In 
this paper we are carrying out a generalization of the results of Bogolyubov and Tyablikov for 
an arbitrary value of spin s. 

It appears that it would be a good thing to use, not the spin operators, but other dynamic 
variables 6 and 6*, which we will introduce by means of the relationship [2]: 


Si + iS} = (2s)* f, (nb, S} —iS?= (2s)" 07 f,(n); S} =s— ny, 


+p. 
n, = by; ( 


* Fiz. metal. netalloved. 9, No.5, 667-672, 1960. 
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It. has been shown by one of us (3) that the operators by and by” should satisfy the follow- 
ing interchangeable relationships: 


b, by — by b, = 0, 


b, — bb, = {1—B,(n,)}, 


2s—1 


B.(a,) = —— 6; = n,;—kK). 


K=0 


The operators by and 6,* are not Bose operators, as is incorrectly assumed ir Goldstein and 
Primakov’s formalism, but it is easy to see that they act on a filling number ny like Bose 
operators, i.e. 


by = (Ng + by, Ng = (Mg — (4) 


This fact confirms the desirability of changing from the spin operators to the operators by and 

Following the method of work used in paper [1], we will now bring in the retarded and 

advanced Green functions: 


Kb, (t)|b7 = 9 (t— ¢ 1b, OF (LY), 
&b, (t) | (t’)>, = — ¢ t), OF > - (5) 


where 6 (t) is the 6; operator in the Heisenberg model; the square brackets indicate the com- 
mutator and <...> indicates statistical averaging with the Hamil tanian H, that is 


€...) = Sp 8 IAT; 


O(t-t’) is a discontinuous function; 


It is easy to show that the Green functions introduced in this way are subordinated to the 
following differential equation: 


(6) 


(h is the Planck constant divided by 2.7). 
Here, 5 (t-t’) is the Dirac §-function. Having found the value of in tre from the equation 


of movement and having substituted it into equation (6), we find: dt 


ih > = (1 —B, (mg) ) + 


+25 (gp) — + (Mp — 1) bg >> + 
P 


+ (7) 
2s >’ J (gp) 1) ny—f, (n,) (2, + 1)} (n,) 5, |b; 


+ 12s J (gp) + > — 2 J (ep) Kn >>. 
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For the sake of brevity the time arguments for the operators have been omitted in equation (7). 
We now see that the Green functions which have come into (7) are of a much higher order. In 
compiling equations of movement for them we may get an endless chain of linked equations, 

Let us consider from the beginning the case where s = ', 

It is easy to show that the following equalities occur: 


=a, 62 =0, 


by means of which from the general equation (7) we find the equation for s = %: 
ih <b, > = ihi(t -- ( 1—2n,) + Kb, > — 
p 


Equation ($) coincides with the one obtained by Bogolyubov and Tyablikov fa]. This is quite 
natural as at s =': the relationships (3) define the Pauli operators which have been used from 
the very beginning in their work, In examining the general case s >‘: we could proceed from 
equation (7). It is, however, better to proceed in a different way. 

Physically the case s >'; is appropriate to the presence of several electrons around the 
site, taking up different orbital states A. If it is assumed that their number is z and that 
in the basic state of the crystal their spins are in a parallel direction, then the summated 
spin of the site will be s ='zz, while the spin operator of the site is compiled from the spin 
operators of the individual electrons with s = %, 


BSn. (10) 


This kind of consideration is supportable from the physical point of view and is mathematically 
easier as we shall] here be concerned, not with equation (7) but with equations of the type (9). 
Let us now insert the expression (10) in Hamiltonian (1) and then let us pass from the 
operators Se) to the Pauli operators 6¢} taken, according to ratio (2), at s=%. Then let 
us introduce the Green functions bn, bna>> which, as can easily be seen, satisfy equations of 


type (9) 
ih < > = (E— (1 — 2np,) + 


p 
Dp 


From the translation symmetry of the lattice it is clear that < Mp, > is independent of the 
number of the lattice p and of A. We will now use the natural approximation 


= <2) lbp. > (12) 


by means of which the endless chain is transformed into a finite system. The system of 
equations obtained in this way can be solved by resolution in the Fourier integral 


(t—t") 


dE, 


in which the Fourier coefficients satisfy the system of equations: 


+ (2n,H + oz J (gp)) Sz Ards) —9 J (gp) Sep (Ma), 
pr 


(8) 

(9) 
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o=1—2¢n)>— (15) 


is relative magnetization. 
As the exchange integral J(gp) is dependent on the difference in the arguments g-p, we will 


seek the solution to equation (14) in the form 


] Ae K 
Si = Sx elt (16) 


The values S,(\,4,.) satisfy the system of equations: 


+ H + Sx (x's) — Sx (Ma). 


(17) 


where for brevity: 


J= DIE Je= (18) 


System (17) consists of z2 equations as A takes all values of z. It may easily be shown how- 
ever that all] the diagonal values S, (i) are equal among themselves, as with the non-diagonal 
ones, so that 


is l : | 
1 
(7) 


= Qu, H = —J,)— (20) 


of the pole of Green functions, Relations (16) and (19) determine the Fourier components of 
the Green functions introduced. 

According to the method of work shown in paper [1] we should now find the correlation 
function 


—i 


where J,’ (E) is determined by the relationship 


JP (E) (OF — 1) = — Ser 0) (22) 


where «+0, It is then easily demonstrated that by means of relationships (16), (19) and the 
symbolical identity 


] P 
= — 170 (X 
x+ie x wes (23) 


(where P is the symbol of principal value), it follows from (22) 
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Substituting the expression (24) in (21) we find the final expression for the correlation 
function 


pe 
e * 


ef!) 


Let us put into this relationship t = t’, g = f and let us assume that 


= (ng) =(n) = 


Here we have the equation for the determination of magnetization 


l--6 


(26) 


As € 1) and e(2) are parametrically dependent on magnetization 0, (26) is a transcendent 
equation which determines in an implicit manner the temperature relationship of magnetization 
in the whole temperature range. At z = 1 it coincides precisely with the equation obtained by 
Bogolyubov and Tyablikov. | 

As we can see from (26), at z> 1 a further term appears on the right-hand side, which is 
exponentially small] at low temperatures but comparable with the first term at high temperatures, 
The appearance of this term is a consequence of the fact that the Green function has an 
additional pole EF = e€’ in calculating for several electrons to the node, 

From relationships (19) and (26) e€ 2) and e() may be treated as Bose energies of ele- 
mentary excitation, where the presence of the multiplier (z-1) in equation (26) agrees with the 
emergence (z-1) of a branch of excitation with energy €{1). The singular emergence of these 
branches is due to approximation that the exchange bond between electrons with different 
orbital states is regarded as the same. If allowance is made for the dependence of the 
exchange integral on a, and A>, we find (z-1) branches with different energies, dependent on 
k, but having the characteristic that at k = 0 they have a high energy of activation in the 


region of e (1), i.e, that of exchange interaction. 


This is a type of situation which we have already discovered [4] in pursuing a similar study 
in spin-wave approximations, If in equation (20) it is assumed that o = 1, then they pass into 
the relevant equations for the energy of elementary excitation obtained in paper [5]. 

- Energy e (2) is appropriate to an ordinary spin-wave, while the high energy branch e€(1) is 
an analogue for the optical oscillations of the lattice which arise when allowing for the fact 
that the unit cel] consists of several atoms, 

The existence of these branches in the energy spectrum of a real ferromagnetic substance, in 
which it frequently occurs that severa] magnetic electrons arrive at one atom, should be revea- 
led in the magnetic resonance absorption corresponding to the passage of the system between the 
energy levels from k = 0. In such cases a second maximum should be observed at the frequency 

27 
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which generally speaking lies in the infra-red field. However, close to Curie point where ais 
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extremely small, this frequency may pass into the radio band. We note that the situation 
arising here is equivalent to the case of ferrites with some sublattices, for which an analo- 


gous additional maximum has been observed, 
In conclusion the authors wish to extend their thanks to corresponding member of the 


Academy of Sciences, SV. Vonsovskii, for his evaluation of the results of our work and his 
valuable advice. 


Translated by V. Alford 


REFERENCES 


. N.N. Bogolyubov and S.V. Tyablikov, Dokl. Akad. Nauk, SSSR, 
126, 53 (1959). 

. T. Holstein and H. Primakoff, Phys. rev., 58, 1098 (1940). 

. Yu.A. Izyumov, Dokl. Akad. Nauk., SSSR, 125 (6), 1227 (1959). 

. Yu.A. Izyumov, Zh. eksp. teor. fiz., 32, 1058 (1957). 

. Yu.A. Izyumov, Fiz. metal. metalloved., 8, 3 (1959). 


32 
1 
2 
3 
4 
5 
vol 
9 
191 


THE ELECTRIC AND MAGNETIC PROPERTIES OF 
NICKEL FILMS PRECIPITATED ON GLASS* 


A.S. MIL’NER and L.I. 


TATARINOVA 


Khar’ kov State Institute i/n Gor’ kii 
(Received 23 December 1959) 


Nickel films obtained by evaporation in a vacuum on to cold glass have, 
without heat treatment, considerably greater ohmic resistance and con- 
siderably less magnetization than films which have been annealed at 400°. 
The resistance and magnetization of unannealed films have an anomalous 


temperature relationship: 


resistance is sharply reduced on heating while 


magnetization falls to zero at a temperature below the Curie point of a 


‘massive’’ testpiece. 


These effects can be explained by the fact that 


nickel films precipitated on to cold glass consist of fine grains almost 


isolated from one another, the size of which is sub-critical. 


After 


heating to 400° these films become almost continuous, 


1. INTRODUCTION 


Klein and Smith [1] and Valenta [2] have 
shown that in ferromagnetic films which are 
thinner than a certain critical depth, the 
Curie point will be lower than in massive 


metals. The Curie point for films whose depth 
is below 128 atomic layers, becomes lower as 
the thickness of the film is reduced. A 
number of experimental works have appeared in 
confirmation of this [3-6], describing tests 
carried out on nickel films evaporated onto hot 
glass (about 400°), or annealed at 400°. In 
these conditions the film obtained is prac- 
tically continuous. If the film is obtained 
by evaporation of the metal onto a cold con- 
densation plate, it will be finely dispersed, 
It has, for example, been found that the grain 
size of nickel on evaporation on to glass at 
the temperature of liquid air [7], or onto 
collodion at room temperature [8] is around 
to 1077 cm 

In paper [3] it has been observed that the 
temperature dependence of the magnetization of 
a nickel film 1 x 1078 to 7 x 1076 cm in depth, 
precipitated by evaporation in a vacuum on to 
cold glass (at a temperature of 20°) is, in 


* Fiz. metal. metalloved., 9, No.5, 673-679, 1960. 


the initial stages of heating, essentially 
different from that for the same film pre- 
viously heated to 400°. lagnetization in the 
first falls to zero in the range 120 to 200°, 
while in the same period of time in the second 
it remains at zero in the same way as in solid 
nickel at 36°. 

It is the purpose of our paper to explain 
the reasons for this effect. 


2. THE TECHNOLOGY AND METHOD OF 
CONDUCTING THE EXPERIMENT 


A film was obtained by evaporating nickel 
in an alundum crucible in a vacuum of around 
1075 mm, Hg on to glass whose temperature was 
20°. At first, evaporation of the nickel was 
carried out onto a slide valve between the 
glass and the crucible. A few minutes after 
the beginning of evaporation the slide valve 
was removed and the evaporation continued 
onto the glass condensation plate, Evapora- 
tion was carried out simultaneously onto 
three glass plates. One of the films obtained 
was used for magnetic measurements, the second 
for electric resistance and the third for the 
determination of thickness, Measurement of 
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the temperature relationship of the magnetiza- 
tion was made on a torque magnetometer as 
described in paper [3] (Fig. 1). The glass 
onto which the nickel was evaporated, was 
first cleaned with a chromate mixture. 
After the film had been obtained the 

space in which it was situated was filled 
with atmospheric air. Then the film was 
transferred to the vacuum space of the mag- 
netometer or the instrument used for measur- 
ing electric resistance, 


Fig. 1. Diagram of torque magnetometer: ABCD - 
rotating system of copper between the poles of an 
electric magnet; AB -— slots for condensation 
plates without film; E —- phosphor bronze filament; 
F, G— thermocouples; K — mirror; L — copper 
disc for damping oscillations; M - furnace. 


3. THE TEMPERATURE DEPENDENCE OF 
MAGNETIZATION 


a) Fig. 2 shows the results of the measure- 
ments of temperature dependence for the mag- 
netization of nickel films (in relative units) 
on the torque magnetometer, With heating at 
the rate of 100°/hr magnetization fell almost 
to zero at about 140° (curve 1), at 300° it 
increased somewhat and at 360° it was again 
equal to zero, After the temperature of the 
film had reached 400° it was cooled, whereupon 
the magnetization curve went considerably 
higher than in the initial heating (curve 2). 
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In the second heating and cooling, the tem- 
perature course of magnetization was exactly 
the reverse (See curve 2). Heating at a 
slower rate than 100°/hr, magnetization was 
also reduced to zero at about 150°, and then 
it increased sharply and reached (reverse) 
magnetization, while at 360° it again was at 
zero. If the same heating was carried out at 
a rate higher than 100°/hr, the zero value 
was maintained from about 140 to 180° right 
up to 360° (Fig.3 [3]). 


a 
22 


20 


200 


! 
300 


100 


400°C 


Fig. 2. Temperature dependence of the intensity 

of magnetization of a film (thickness 640 %): 

1 — with initial slow heating; 2 -— after heating 
to 400°. 
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Nw 
! Q! 


100 200 300 400 °C 


Fig. 3. Temperature dependence of the intensity 

of magnetization of a film (thickness 695 3): 

1 — with initial rapid heating; 2 - after heating 
to 400°. 


b) With the aim of carefully removing the 


= 
18 
16 
14 
K 
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gas from the surface of the glass, it was 
heated in a vacuum at 400° for 5 hr. The 
temperature relationship of the magnetization 
of nickel films precipitated onto this glass 
after cooling to 20°, was the same as for the 
nickel film precipitated on the unheated 
glass, 

c) In both the cases reviewed above, the 
nickel film was exposed to the air prior to 
measurement of its magnetic properties in the 
course of transfer from the evaporator to the 
magnetometer. To avoid this, immediately 
after the films had been obtained by evapora- 
tion in a vacuum, some of them were covered 
with a layer of quartz The temperature de- 
pendence of the intensity of magnetization was 
in this case of exactly the same character. 


4, THE TEMPERATURE DEPENDENCE OF 
ELECTRIC RESISTANCE 


The nickel film intended for measurement of 
the temperature dependence of resistance was 
covered in the vacuum with a layer of silver 


along the edges, which provided a contact with 


the external circuit. Measurement was made by 
the usual bridge method. The temperature de- 
pendence of resistance is shown in Fig.4. 
Curve 1 represents the temperature dependence 
of resistance when films are heated, which have 
been precipitated onto glass at 20° and have 
not undergone any preliminary heat treatment. 
Curve 2 shows the same relationship when the 
films are cooled after previous heating to 
400°. It can be seen from curve 1 that the 
first stage of heating is accompanied by a 
sharp reduction in electrical resistance, i.e. 
the temperature coefficient @ is negative, 
Cooling to 400° causes a reduction in resis- 
tance similar to that which is observed in 
metals, in this case the coefficient ud was 
posit ive, 

In the nickel films which have not undergone 
any preliminary heating, in the range from +20 
to -160° the temperature course of resistance 
is such that its coefficient a is positive 
(Fig.5). The curve of the temperature depen- 
dence of resistance in the range from -160 to 
+400° thus has a maximum at around 30 to 40°. 
The films in the temperature range from -16 
to +20 (without previous annealing) and from 
20 to 400° (with previous heating to 400°) 
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have reversible temperature/resistance re- 


lationships. In the range from to +20° 
the coefficient a= 5.5 x 10°*, while in the 
range 20 to 400° a = 25 x 1074, In both 
cases the temperature coefficient of resis- 
tance is less than for pure nickel, in which 
a 62 x 1074 (in technical nickel a = 27 x 
10~*) 


RQ 


100) 


75 


25 700. 200.300. 


Fig. 4. Temperature dependence of resistance of a 
film in the range 20 to 400°: 1 - with initial 


heating; 2 - after heating to 400°. 
RQ 
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4105 
L 
=150  -/00 0*20°C 


Temperature dependence of resistance of a 


Fig. 5. 
film in the range -160 to +20°. 


5. ELECTRON PHOTOGRAPHS AND PHOTOGRAPHS IN 
THE ELECTRON MICROSCOPE 


To obtain electron photographs and photo- 
graphs in an electron microscope, the nickel 
films were removed from the glass plate by 
deposition onto a film of liquid gelatine 
heated to 60°. After the gelatine had solidi- 
fied it was removed together with the film, 
from the glass and then separated from the 
nicke] film by dissolving it in water. It was 
noticeable that prior to annealing, the film 
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was easier to separate from the glass than 
after annealing at 400°. 


Electron powder photographs of a nickel 
b — annealed. 


Fig. 6. 
a — unannealed; 


Fig. 6a shows the electron photograph of an 
unannealed nickel film and Fig. 6b of an 
annealed one. Fig.6b shows that the film is 
composed of nickel with a normal cubic struc- 
ture with crystals about the depth of the 
layer. The lines are considerably broadened, 
indicating that the film has a fine dispersion 
structure. From the latter photograph it may 
be assumed that grain sizes are in the region 
of 10-6 cm. This is also shown by the photo- 
graphs produced with an electron microscope 
(Fig. 7). Fig. 7a shows a photograph of the 
unannealed film with a fine dispersion struc- 
ture, and Fig. 7b, of an annealed film with a 
course-grained structure. 


Electron photomicrographs of films: 


Fig. 7. 
b - annealed. 


a — unannealed; 
The powder photographs and electron micro- 
scope photographs were made on an electron 
microscope EN-3. The results obtained con- 
cerning the structure of the films thus is in 
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agreement with earlier pubiications [7, 8].* 


6. EVALUATION OF RESULTS 


a) The temperature course of electrical 
resistance described in para.4 for a nickel 
film, may be explained in the following way. 
From the powder photographs and electron 
photomicrographs obtained it can be seen that 
the unannealed films are composed of fine 
grains. The abnormally high initial resis- 
tance provides a basis for the suggestion that 
firstly, weakly developed electric contacts 
appear between grains and secondly, that the 
lattice of these grains is considerably dis- 
torted. As this type of film will be in a 
state of considerably disequilibrium [9], 
with increasing temperature the atoms will 
migrate energetically, and a continuous film 
is formed. Upon this there is stress relief, 
As a result, resistance falls to a normal 
figure (see Fig.4). After heating to 400° 
the temperature course of resistance will 
become ‘‘normally metallic’’. The temperature 
coefficient of resistance a = 25 x 1074 is 
lower than in pure nickel for which a = 62 x 
x 1074, but nearer to the coefficient of 
technical nickel in which a= 27 x 107%. 

The plausibility of the explanation set out 
above is confirmed by the fact that when films 
with abnormally high electrical resistance 
are cooled below room temperature they will, 
while maintaining their high resistance, 
behave like metal films, i.e. a is positive. 
There is practically no migration of atoms at 
low temperatures and for this reason there 
are no conditions for the creation of a con- 
tinuous film and it remains fine-grained. 

High resistance is left over because of the 
low value of the bridges. The positive tem- 
perature coefficient of resistance a, is in 
this case lower than in the annealed layer, it 
is 5.5 x 1074. This may be the result of the 
considerable distortion of the metal as a 
result of the high stresses and also possibly, 
because the small size of the ‘bridges’ does 
not exceed the wave length of the conduction 
electrons, which will also cause a reduction 


* Powder photographs and electron micrographs were 
made and interpreted by L.S. Palatnik and S.S. 


Dyachenko, to whom the authors extend theirthanks. 
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in the temperature dependence of resistance, 

b) The abnormally low Curie points in nickel] 
films precipitated on to cold glass cannot be 
explained by the gases being combined with or 
absorbed by the nickel. The content of C, N, 
O and H in the nickel does not reduce the 
Curie point but only reduces the intensity of 
magnetization [10,11]. Compounds of nickel 
with C, N and O generate a non-ferromagnetic 
phase. The internal stress in the nickel filn 
can also not be the reason for the lowering of 
the Curie point by 150 to 200° as, according 
the measurements in [12], at 10° kg/cm? stress 
will reduce Curie point by a total of 0.15°, 
This is the order of stress (3.4 x 102 kg/cm?) 
observec in a nickel film obtained by evapora- 
tion in a vacuum [13]. 

It has been demonstrated above that if 
ferromagnetic films have a thickness less than 
that of critical size, for nickel] this is less 
than 6 x 1076 cm, then Curie point will be 
below ‘‘ normal’. It is natural to suppose 
that there might, besides a critical thickness 
for the film, also be a critical grain size 
below which Curie point will fall. This could 


explain the temperature variation of the in- 
tensity of magnetization of a nickel film. 
Nickel which has been precipitated on to cold 
glass consists of grains whose size is lower 
than critical, and therefore their Curie point 
wiil be lower than in the massive material. 
Their intensity of magnetization is small be- 


cause: a) the Curie point is very close to 
room tenperature and b) the internal stresses 
are great. Actually, if heating is carried 
out rather rapidly, so that the grains have no 
time to grow by migration, the lower Curie 
point recorded will be in the range 120 to 
250° (see Fig.3), and the intensity of magne- 
tization after this temperature will remain 

at zero right up to 400°. If the same film is 
heated slowly, the result of the migration of 
atoms will be seen in the grain growth, and 
the intensity of magnetization on heating will, 
after a slight reduction, start to grow until 
it reaches a‘‘ normal’’ value (see Fig. 2). 


CONCLUSIONS 


1. Nickel films obtained by precipitation in 


a vacuum on to glass at room temperature are 
composed of fine grains. After heating to 
400° the grains will grow. 

2. The electric resistance of a film pre- 
cipitation in a vacuum onto glass at room 
temperature are composed of fine grains. On 
heating, the grains grow, contacts improve 
and this leads to reduction in resistance, 
Where there is no grain growth the films 
behave like metal ones, i.e, their temperature 
coefficient of resistance a is positive. 

3. The low Curie point in a nickel film 
precipitated onto cold glass is seen to be 
due to the fact that the grain size is lower 
than ‘‘critical’’. If grain size is increased, 
the Curie point will increase to normal 
(360°). 

It would be a good idea to follow up the 
influence of grain size on the Curie point of 
ferromagnetic materials, 


Translated by V. Alford 
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The diffusion has been studied, of titanium, manganese, chromium sili- 
con and molybdenur from the same source, in iron and binary alloys of 
iron with cobalt, silicon, chromium and vanadium, by the method of local 


spectral analysis with linear sparking. 


It is shown that the rate of 


diffusion of elements in iron and alloys is increased in the following 


order: Ti, hn... Cr; Mo; S¥. 


The alloying additions examined in binary 


alloys retard the diffusion of elements of one origin more strongly, the 
more slowly each of the latter is diffused in the iron. 


Phase transformations incomplex alloys are 
accompanied by the simultaneous diffusion of 
several elements of the same origin, for example, 
in the growth and dissolution of complex carbides 
in solid solutions, The study of this type of 
diffusionis of considerable scientific and 
practical interest but is, however, accompanied 


by considerable experimental difficulties. 
The best method to use to investigate the 


simultaneous diffusion of several elements is 
the local method of analysing the composition 
of a diffusion layer. In this work a method 
of local spectral analysis has been used which 
was developed by Mirkin and Rikman [1], and by 
means of which it is possible to measure the 
composition of extremely small volumes, 

The specimen is placed in front of the slot 
of the spectrograph. A spark, in the case of 
analysis from a linear source, is excited 
between the specimen and an edge up to 0,1 mm 
thick, while for work with a pointed source 
it will be between the specimen and needle, 
Rectified current is used from the high-fre- 
quency low-power spark. With a vointed source 
the diameter of the test portion of the crater 
obtained will be about 0,05 mn. 

It is the purpose of this work to develop a 
method for examining the diffusion of several 
elements of one origin and to make a qualita- 
tive analysis of the influence of some of the 
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alloying elements on the rate of diffusion. 

A specially melted complex alloy was used 
as the diffusion source, which contained 
0.012% C, 0.023% P, 0.014% S and up to 2.5% 
chromium, manganese, silicon, molybdenum and 
titanium, The basic alloy was electrolytic 
iron, The alloy was melted in.ah.f., furnace 
in an argon atmosphere, Part of the ingot 
obtained was kept untreated. The other part 
was forged and given a high temperature 
annealing at 1200° for 20 hr with complete 
homogenization, After this treatment the 
alloy was composed of the large macroscopic 
homogeneous grains of alloyed ferrite. 

The diffusion was investigated simultaneous- 
ly, of chromium, manganese, silicon, molyb- 
denum and titanium in iron and also the binary 
alloys containing 5% at chromium, silicon, 
cobalt and vanadium each, i.e. 4.7% by weight 
chromium, 2.48% silicon, 5.3% cobalt and 
4.6% vanadium. The carbon in the alloys was 
0.012 to 0.017%. The binary alloys were 
melted in the h.f, furnace in an argon atmos- 
phere. The ingots were forged to a width of 
3 mm and annealed in a vacuum at 1200° for 20 
hr for the purpose of homogenisation and 
stress relief, 

It was necessary to choose a spark source 
for the local spectral analysis which. would 
enable us to study diffusion, Diffusion mea- 
surements are usually made from the data on 
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Fig. 1. 


the mean concentration of elements in a layer. 
A pointed source is extremely localized, but 
reacts to the presence of grain boundaries [2] 
which could lead to considerable dispersion 
of the experimental data, | 

Fig. 1 shows curves of distribution for the 
elements in depth in diffusion layers of test- 
pieces composed of alloys of iron-silicon, 
iron-chromium, iron-vanadium and of electro- 
lytic iron, annealed at 1200° for 6 hr. The 
values AS are plotted on the ordinate axis - 
the difference in the degree of blackening of 
the analytical pairs of spectral lines propor- 
tional to concentration. The results of the 
measurements are plotted in graphs without 
dividing them up into groups corresponding to 
grains and boundaries. A considerable disper- 
sion of points can be seen, especially for 
silicon, The curves have been drawn approxi- 
mately through the centre of the zone of dis- 
persion of the spots, These curves of course, 
only apply to highly approximated characteris- 
tics of the process of diffusion. 

The extreme localization of the point source 


0.020 0.06 0,10mm 
(Fe +Cr)-Fe 


0.620 0.02 0.06 010mm 
(Fe+Vv)-Fe 


Distribution of silicon, chromium and vanadium on diffusion in iron, 
determined by the method of localised spectral analysis from a pointed source. 


makes it possible to study diffusion in the 
separate grains of a diffusion zone. The 
curves in Fig. 2 show the distribution of 
chromium, silicon and vanadium across one 
large grain immediately adjacent on the iron 
plate side to a source of a multi-component 
alloy of electrolytic iron containing 2.5% at. 
each of silicon, chromium, tungsten, ver.adium 
and cobalt. Diffusion annealing was carried 
out at 1200° for 6 hr. The measurements were 
made in the following way. After each spark- 
ing the dirt and metal splashes were removed 
from the surface of the specimen by polishing, 
the testpiece was etched and then again spark- 
ed in such a way that the centre of the resul- 
ting crater was at a distance of 0.01 mm from 
the previous centre, 

The curves in Fig. 2 have no noticeable dis- 
persion of points, The course is the same 
for all curves, Concentration ( AS) is 
reduced the further away it gets from the 
separation boundary. The concentration mini- 
mum for chromium and silicon is at a distance 
of 0.06 mm; the concentration minimum for 
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Distribution of chromium, silicon and vanadium in one 
grain of ferrite on diffusion from a multi-component source. 
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chromium and silicon is at a distance of 0.06 
mm; the concentration minimum for vanadium is 
0.07 mm from the separation surface iron-alloy, 
Furthermore on approaching a grain boundary, 
the concentration of the elements again in- 
creases, This is due to the convergence of 
the diffusion flow of the substance from the 
grain boundary where, as a result of the high 
rate of diffusion, there is a greater concen- 
tration of elements than in the grain itself, 

The results set out in Fig.2 show that there 
is exchange of substances between boundaries 
and grains and characterise the formation of 
the diffusion zone as a complex process essen- 
tially dependent on structure due to the for- 
mation of converging flows of substances in 
conditions where on the average, diffusion is 
on one direction, 
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Fig. 3. Diffusion of titanium, manganese, silicon, 
chromium and molybdenum from a multi-component alloy 
into iron. 


The method of localized analysis with a 
pointed source may be used with success to 


study the thinness of diffusions in individual 
grains and in this respect is deserving of 
close attention. However, for the macroscopic 
investigation of diffusion, as demonstrated 

by curves in Fig. 1, this method is unsuitable 
due to its extreme localization and the fact 
that the experimental points obtained are 
considerably dispersed. For this reason the 
method of analysis used was that with a 

linear source, 

The testpiece was fastened onto a universal 
holder so that the trace from the linear 
source coincided with the direction of dif- 
fusion, The spectral lines of the diffusing 
elements have different degrees of darkening 
along the whole of their length due to the 
different concentration of elements in the 
diffusion layer. In the photometering of the 
analytical pairs of spectral lines the values 
of A. S were determined for the whole length 


VA 


060,402 0 0.2040,60.8 {mm 
Complex Alloy 3 Fe-- Cr 


Fig. 4. Diffusion of titanium, manganese, silicon, 
chromium and molybdenum in a multi-component 
source — the alloy iron-chromiun. 


of the lines, by which means it was possible 
to plot a distribution curve for all the 
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diffused elements on one spectrum A micro- 
photometer MF-2 was used, Readings were taken 
at every hundredth of a millimetre, 

As stated above, the diffusion pairs con- 
sisted of a testpiece of a multi-component 
alloy containing 2.5 at.% each of chromiun, 
manganese, silicon, molybdenum, titanium and 
iron on the one side and a testpiece of one of 
the binary alloys on an iron base, containing 
5% each of chromium, silicon, vanadium and 
cobalt on the other, They were welded ina 
hydregen atmosphere as described in [3]. Dif- 
fusion annealing was carried out at 1200° for 
8 hr in a vacuum system with evacuation to a 
pressure of 1073 mm, Hg. Four pieces of each 
diffusion pair were annealed in order to 
obtain satisfactory data 
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Fig. 5. Diffusion of titanium, manganese, silicon, 
chromium in a multi-component source — the alloy 
iron-silicon. 


Figs.3, 4, 5 and 6 show the diffusion of 
elements in iron and in alloys of iron with 
chromium, silicon, vanadium and cobalt. 

No quantitative calculations of the coef- 
ficients of diffusion are required for the 


purposes of this work. The rate of diffusion 
may be qualitatively characterised by the 
slopes of the straight or nearly straight part 
of the curve to the horizontal, 

The curves in Figs. 3-6 were obtained in dif- 
ferent series of calculations and for this 
reason comparison of AS can only be made 
within the limits of each curve, The slope of 
the curves can be compared but not their po- 
sition on axis AS. Due to some difference 
in the conditions of spectra] analysis the 
values of AS as obtained for the same ele- 
ments in a complex alloy were not always found 
to be the same in different testpieces. 

No analytical pairs were found for titanium 
and therefore the value S was determined as 
essentially dependent on the duration of spark- 
ing. 
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Complex Alloy Fe—V 


Fig. 6. Diffusion of titanium, manganese, silicon, 
chromium and vanadium in a multi-componert source — 
the alloy iron-vangdium. 


The curves in Fig.,3 show that, with simul- 
taneous diffusion of several] elements in elec- 
trolytic iron the more rapid diffusion is that 
of molybdenum and silicon and the slower, that 
of titanium; manganese and chromium diffuse 
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at alrost the same rate with chromium very 
Slightly faster than manganese, 

For diffusion of the elements in the alloy 

n-chromium (Fig.4) a slowing-up may be 
noticed in the diffusion of titanium \Molyb- 
denum and silicon diffuse at maximum speed, 
Vanganese diffuses slowly. There is some 
Ciffusion from the chromium of the chromiun- 
iron allo} into the complex alloy due to the 
lower concentration of chromium in the latter, 
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Fig. 7. Diffusion of titanium, manganese, molyb- 
denun, silicon, chromium in a multi-component 
source — the alloy iron-cobalt. 


Fig.5 shows the curves for the diffusion of 
chromium, silicon manganese and titanium into 
the alloy iron-silicon. Titanium diffuses 
more slowly, manganese faster, and faster 


still, chromium, There is no noticeable dif- 
fusion of silicon as its concentration is the 
same in both alloys, This fact is of inter- 
est and demonstrates the lack of any great 
influence due to alloying elements of the type 
manganese, chromium, molybdenum and titanium 
on the activity of silicon in solid solutions 
on an iron basis, 
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Fig. 8. The influence of cobalt, chromium,silicon 
and vanadium on the diffusion of titaniun. 


In the alloy iron-vanadium (Fig.6) it is 
silicon which has the maximum rate of dif- 
fusion while titanium has the minimum, Man- 
ganese diffuses somewhat more slowly than 
chromium. There is diffusion of vanadium from 
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the iron-vanadium alloy into the complex alloy. 


In the alloy iron-cobalt (Fig.7) the same 
regularity in the rates of diffusion is show 
as in the alloy iron-vanadium, It should be 
noted that molybdenum has a slightly higher 
rate of diffusion than silicon, 

Thus, in diffusion from one source into iron 
and the alloys investigated, titanium has the 
minimum rate of diffusion and molybdenum and 
silicon -— the maximum, For all the alloys in- 
vestigated the elements can be arranged in the 
following order according to their rate of 
diffusion and starting with the slowest: 


Ti, Mn, Cr, Si, Mo (1) 


It is interesting to compare the influence 
of chromium, vanadium, silicon and cobalt in 
binary alloys on the rate of di*fusion of each 
of the elements of the last series. 
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Fig. 9. The influence of cobalt, chromium, silicon 
and vanadium on the diffusion of manganese. 


Fig. 8 shows curves characterizing the dis- 
‘tribution of titanium in diffusion layers in 
iron and alloys containing chromium, vanadium, 
silicon and cobalt. All] the alloying elements 
retard the diffusion of titanium. The value 
tga has been calculated for all the curves 


and’ shown on the drawing, According to their 
influence on the rate of diffusion of titaniun, 
the elements can be arranged in the following 
order: Ti, Cr, Si, Mo, 

Each element retards the diffusion of titan- 
ium slightly less than its predecessor. The 
retarding of titanium diffusion by silicon has 
been dealt with in paper [4]. 

All the alloying elements also slow up the 
diffusion of manganese (Fig. 9); cobalt has 
the greatest effect. The elements may be 
arranged in the following order, each element 
having a slightly weaker effect on the dif- 
fusion of manganese than the one in front of 
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Fig. 10. The influence of cobalt, silicon, 
vanadium and chromium on the diffusion of chromium. 


In the diffusion pairs with the alloy iron- 
chromium (Fig.10) the chromium diffuses in 
the complex alloy due to its much lower con- 
centration of the latter. Silicon and vana- 
dium have no noticeable effect on the rate of 
diffusion of chromium. Cobalt slows down the 
diffusion of chromium. 

Fig. 11 shows curves of the distribution of 
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Binary Alloy 


The influence of cobalt, chromium, vanadium 


and silicon on the diffusion of silicon. 


silicon in the diffusion pairs. The elements 
have a retarding effect on the diffusion of 
Silicon in the following order: Co, Cr, V. 

In this case it is cobalt which has the great- 
est effect. 

The investigations made show that, with the 
method of localized spectral analysis it is 
possible to study the diffusion of several 
elements from the one source. In all test- 
pieces titanium diffused the slowest and sili- 
con the fastest. 

In iron and in all the alloys studied the 
rate of diffusion of the elements was in the 
order shown in (1). It is interesting to 
analyse the influence of the elements in the 
binary alloys on slowing down the diffusion of 
metals in series (1). Such an analysis could 
be made from the values of the slopes of the 
straight sectors of the distribution curves of 
the elements in the diffusion zones (Figs. 8-11). 
The slopes are greatest where the coefficients 
of diffusion are smallest. 

The information obtained gives a very satis- 
factory picture in the form of series, in 
which each element diffuses more rapidly than 
the one in front of it. 

1. Slowing down of diffusion by cobalt: 

Ti Mn cr Si 


6. 45 3. 75 3.70 1.95 
3.11 1.96 1. 68 1.00 


2. Slowing down of diffusion by chromium: 
Ti Min Si 


5. 59 2.13 1.53 
3.11 1.96 1. 00 


3. Slowing down of diffusion’ by vanadium: 
T2 Mn Cr Si 


4.68 2. 40 1.90 1.38 
3.11 1.96 1. 68 1.00 


4. Slowing down of diffusion by silicon: 
Ti Mn Cr 


4.92 2. 67 1.86 
3.11 1.96 1. 68 


Two figures are shown under each of the ele- 
ments, the upper shows the tangents of the 
angle of incline of the distribution curve of 
the element in the binary alloy; the lower — 
in electrolytic iron, 

The results obtained show that cobalt, 
chromium, vanadium and silicon affect the 
slowing down of diffusion of elements in 
binary alloys in ratio to the slowness at 
which these elements diffuse in iron, The 
emergence of cobalt as the element having the 
greatest retarding effect on the simultaneous 
diffusion of the alloys investigated, agrees 
with information known from the practice of 
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the heat treatment of alloyed steel, according 
to which cobalt in the presence of other ele- 
ments, sharply increases the hardenability of 
steel, i.e. it reduces the mobility of atoms 
in the crystal lattice of austenite. 


CONCLUSIONS 


1. A possible way has been shown for the 
examination of the simultaneous diffusion of 
several elements from one source using local- 
ized titanium, manganese, chromium, silicon 
and molybdenum from one source into iron and 
binary alloys on an iron basis, containing 5% 
at each of cobalt, chromium, silicon and 
vanadium, 


2. The rate of diffusion of elements in iron 


and in binary alloys increases in the follow- 
ing order: titanium, manganese, chromiun, 
Silicon, molybdenum, 


3. The alloying elements in the binary alloys 


examined have a retarding effect on diffusion, 
This effect increases in proportion to the 
slowness by which the element in question 
diffuses in iron, 

4. Cobalt has the strongest retarding effect 
on diffusion, which may explain the sharp way 
in which cobalt slows down the isothermal] dis- 
integration of austenite in the presence of 
other elements, 

We wish to extend our thanks to Professor 
I.L. Mirkin for his valuable advice, and to 
EP. Rikman and N.I. Peshkova for their help 
in the experiment, 
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INVESTIGATION OF REACTION DIFFUSION IN 
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THE SYSTEM Nb-(B-N) 
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This is one of a series of papers on the 
study of reaction diffusion in systems of the 
type ‘metal-mixture of two chemically active 
gases’’ [1-5]. The experimental information 
available in published form concerning the 
reaction diffusion in the system niobium-boron 
[6,7] is inadequate for an explanation of the 
mechanism of diffusion in this system. It was 
for this reason necessary to make a preliminary 
study of the process of reaction diffusion in 
the binary system niobium-boron, and then even 
in the ternary system niobium-boron- nitrogen. 
(In the latter case the nitrogen is introduced 
into the reaction space by bubbling ammonia or 
molecular nitrogen). 


PHASES IN THE SYSTEM NIOBIUM-BORON 


A factual investigation of the system niobium- 
boron was carried out by Kiessling [8], who 
from his detailed analysis of the experimental 
data, came to the conclusion that the following 
phases existed in this system. 


1) The B -phase Nb.B, This phase was ob- 
served in testpieces obtained by sintering 
powdered niobium and boron at high temperatures, 
With a composition of about 10 at.% B it was 
found that in the products of annealing phase 
B is always accompanied by phase 8’. It was 
not found possible to obtain these phases 
separate from one another and for this reason 
Kiessling proposed that the f phase was stable 
only at high temperatures, 

In testpieces annealed at 1200°, a f phase 
was discovered with a system of lines on the 


* Fiz. metal, metalloved. 9, No.5, 689-694, 1960. 


X-ray photograph corresponding to a primitive 
cubic cell (a = 4,21 R). At a composition of 
25-35 at.% B a third system of interference 
lines appears, which Kiessling suggests, 
belongs to phase f° 

2) The ¥-phase NbB with a rhombic lattice 
(a = 3.298 b= 8.724 & = 3.166 The 
boron atoms form a chain in the metallic sub- 
lattice. 

3) The 5 -phase corresponding to the stoi- 
chiometric composition Nb 3B, with a rhombic 
unit cell (a = 3.305 & 6 = 14.08 & 
3. 137 2). The boron atoms form double chains. 

4) The € -phase corresponding to stoichio- 
metric composition NbBy with a hexagonal] unit 
cell (a = 3.089 8; e¢= 3.303 4; ¢/e = 1.07). 
The boron atoms form a hexagonal net. A 
field of homogeneity was discovered extending 
on both sides of the stoichiometric composi- 
tion. 

The existence of phases NbB,, Nb,B and NbB 
has been confirmed by the results of inves- 
tigations [13], in which B’and @ phases were 
also discovered. 

The crystal structure of these compounds 
has been studied in great detail] in papers 
[10-14], The properties of the niobium 
borides have not so far been studied suf- 
ficiently. There is some information avail- 
able concerning the high stability of niobium 
diborides in acids (hydrochloric, nitric, 
aqua regia), their high hardness [14,15] and 
comparatively low oxidation resistance [9]. 
The thermodynamic resistance of the borides 
has been studied in paper [13]. 

Papers [6,7,16] have been devoted to the 
study of the reaction diffusion in this sys- 
tem, with the main purpose of determining 
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some of the thermo-dynamic characteristics of 
the process of diffusion. In our work before 
all else, additional data has been obtained 
concerning the reaction diffusion in the sys- 
tem niobium-boron, examined from the point of 
view of the structural characteristics of the 
diffusion layer and the kinetics of reaction. 
Reaction diffusion in the more complex system 
Nb- (B-N) was also studied, 


METHOD OF CONDUCTING THE EXPERIMENTS 


Investigation of reaction diffusion in systems 


metal-boron in the papers cited above, was 
carried out by using charges consisting of 
powder boron with additions of the so-called 
*‘diffusion activators”’ (NH,C1 and others) to 
the amount of a few per cent. The mechanism 
by which boron atoms (and in general, the 
atoms of any element from the solid phase) are 
delivered to the surface of the metal in the 
presence of “‘diffusion activators” has still 
not been sufficiently studied. The presence 
in the reaction space of other elements, in 
particular nitrogen, might lead to a change in 
the rate of saturation and even to a different 
phase composition in the diffusion zone, par- 
ticularly if the metal is engaged in energetic 
interaction with some of the other elements, 
With the aim of greater standardization of 
the conditions of experiment and the exclusion 


filings 


Reaction diffusion 3 


of possible influences from a complex atmos- 
phere on the process of diffusion, in our 
efforts to investigate the reaction diffusion 
in the system niobium-boron, we used an at- 
mosphere consisting of a mixture of BC] 4+Ho. 
At a high temperature the boron is reduced by 
hydrogen and we have an atomic boron gas in 
the reaction space, 

Testpieces of metallic niobium in the form 
of parallelepipeds 5 x 5 x 20 mm, were attached 
to suspensions made of molybdenum wire* and 
Placed in a porcelain tube in the apparatus 
shown diagrammatically in Fig. 1. 

The apparatus is so cesigned as to make it 
possible to use either hydrogen or molecular 
nitrogen as the carrier gas. In the case 
where boronization is carried on in an atros- 
phere containing ammonia, the latter is let 
in to the reaction space directiy from the 
container, 

Radiographic, microscopic and kinetic in- 
vestigations were carried on by the methods 
described in detail in our papers on the exam- 
inations of reaction diffusion in other sys- 
tems [1-5, 17]. 


ANALYSIS OF THE EXPERIMENTAL RESULTS 


1, The system niobium-boron. After boroni- 


* Suspensions of nichrome, platinum and quartz 
interact energetically in the medium (BC1 4) and 
rapidly break. 
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Pig. 1. 


Diagram of the apparatus for the boron- 


ization of metals in atmospheres BClo+Ho; 
BC1,+NH, and BC1,+No. 
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zation in an atmosphere BC] 4+H,, the niobium 
testpieces were covered with a metal-like 
layer of a light-brown colour, Its colour 
changed to deep-brown as the diffusion layer 
grew thicker, The ‘‘scale’’ was always mecha- 


‘Nically strong, continuous (without visible 


pores or cracks) and firmly attached to the 


60t, min 


Fig. 2. Graph showing the dependence of the square 
of the increase in weight in niobium testpieces on 
time (in an atmosphere BCl,+H ) at temperatures: 
1- 700°; 2- 800°; 3- 900°; 4- 1000°; 

5 - 1100°; 6 - 1200°. 


12001100 1000 902 800 700 °C 
19 


1.5 \ 


10° 
rig. 3. The temperature relationship of the para- 
bolic constant logarithm of the kinetic curves in 
Fig. 2. 


It was found in the radiographic examination 
that, as far as could be seen from the sensi- 


tivity of the method of phase analysis, the 
formation of niobium borides begins at 700°. 
After prolonged (up to 6 hr) annealing conduc- 
ted at 600°, no formation of borides was dis- 
covered on the surface of the niobium test- 
pieces, The results of the radiographic, 
metallographic and kinetic examinations are 
shown in Tables 1 and 2 and in the graphs in 
Figs. 2 and 3, 

2. The system niobium-(boron + nitrogen). 
The addition to the mixture BCl +H. of either 
large or smal] quantities of ammonia (atmos- 
phere BC1,+H.+NH,) caused a reaction diffusion 
process completely analogous to that described 
above for the atmosphere BCl +H,, both as 
regards the phase composition of the diffusion 
zone and the rate of formation of the latter, 

In the case where the atmosphere did not 
contain hydrogen (BC1,+N.) the niobium test- 
pieces lost weight, which may be explained by 
the formation of volatile chlorides of nio- 
bium. In this case the formation was observed 
of compounds of niobium with nitrogen — 
nitrides, In this case no practical methods 
for studying the influence of boron on the 
process of diffusion of nitrogen in niobium 
was discovered. 

The lack of a texture of free growth on the 
surface of the diffusion layer, the fact that 
the diffusion zone was only one layer thick, 
the lack of ‘brittleness’? in the zone of 
‘metal-scale’” and also the characteristic 
form of the ‘*‘ oxidation body” (Fig.4) all 
indicate that, in the system niobium-boron, 
reaction diffusion exists mainly as diffusion 
of boron through the forming ‘* scale’’ into 
the depth of the metal. The main front of the 
reaction of the niobium with boron proceeds 
on the inter-phase boundary “‘ metal-scale’’. 
No noticeable diffusion of the metal on the 
boundary “‘scale’’-gaseous medium was dis- 
covered, This leads one to suppose that boron 
is diffused through the lattice of the prod- 
ucts of reaction in the form of positive ions 
(ionization could also be incomplete). 

According to available published information 
[18-19] the nature of the forces of the atomic 
bond metal and metalloid is not essentially 
different in the lattices of similar compounds, 
and therefore the process of penetration ought 
in principle to be determined in these cases 
by geometrical factors, 

The fact that, in an atmosphere containing 
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TABLE 1 


Atmosphere Duration 
of Temperature of 
boronizat ion boronizat ion 


Number of 
metallo- 
graphically 
exposed 
layers 


Law of 
growth 
for the 
diffusion 
layer 


Presence 
of phase |of texture 
radio- in layers 
graphic of 
analysis scale 


Results 


700 1 hr and over 

800 1 hr 

800 Over 1 hr. 

900 1 tr 

900 Over 1 hr. 
1000-1200 | 1 hr and over 


NbBo None 
NbB(Nb,B,?)| None 
None 
NbB None 
None 
None 


Parabolic 


800-1000 


None Parabolic 


800 
1000 


Bel,+No 


Complex 
(loss in 
weight 
observed) 


None 
None 


NbN (cubic) 
NboN 
(phase 
tetragon) 
X-phase* 


* Structure and composition of this phase has not been investigated. 


TABLE 2 


The parabolic constants of the time law for 
reaction diffusion in the system niobium-boron 
(in the atmosphere BC1,+H.) 


em*hr 


0.36 
0.72 
1.12 
1.62 
§.00 
28.00 


1100 
1200 


active nitrogen (BC]1,+NH3+H.), the process is 
exactly the same as it is without nitrogen, 
indicates that boron has a greater chemical 
affinity to niobium than has nitrogen. No 
solubility of nitrogen in the diboride of 
niobium was discovered in our experiments. 

Due to this last factor, nitrogen did not in 
this case take part in the process of reaction 
diffusion, Similar effects have been observed 


in detail in paper [1]. 

If hydrogen is absent from the boronization 
atmosphere the boron will not be reduced. For 
this reason there will in this case only be 
reaction between the nitrogen and niobium, The 
reduction observed in the weight of the test- 
pieces in the initial moments of the process 
could possibly be explained by the formation 
of chlorides of niobium (volatile at high 
temperatures) due to the partial thermal dis- 
sociation of the BCl.. 

The parabolic time law of the growth of the 
diffusion layer indicates that it has no pores 
or cracks. The latter is confirmed by the 
fact that testpieces with boride coating which 
are placed in a 50% solution of acoid (sul- 
phuric, hydrochloric, nitric) show no loss of 
weight or defects in the coating after 500 hr 
in this solution (at T = 20°C). 

The investigation of the oxidation resistance 
of this type of coating at 1000° in an atmos- 
phere of air has shown that niobium diboride 
cannot be used as a protective coating for 
niobium at high temperatures, which is in 
agreement with the data in paper [9], in which 
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Fig. 4. 


the characteristics of the oxidation resis- 
tance of niobium borides has been set out, 


CONCLUSIONS 


1. Reaction diffusion in the system niobiun- 
boron (in an atmosphere BC] 4H») commences at a 
noticeable speed at 700° and is subject to a 
parabolic time law throughout the range of 
temperatures investigated, right up to 1200°. 
The change in the speed constant with tempera- 
ture does not have a simple linear relation- 
ship, The apparent energy of activation in- 
creases monochromatically with temperature, 

2 The introduction of ammonia into the 
boronization atmosphere does not alter the 
course of the process. In this case it has 
not been found that nitrogen plays any part in 
the process of diffusion. 

3. On the basis of the experimental data 
obtained the conclusion has been drawn that 
the reaction diffusion in the system niobium- 
boron is brought about mainly by the boron 
atoms through the products of chemical reaction 
to the metal, 

4. The absence of hydrogen in the boroniza- 
tion atmosphere (BC1,+N.) facilitates the for- 


Photomicrograph of a specimen from a testpiece boronized 
in the atmosphere BC1.+H, at 1200° for 5 hr; x 80. 


mation of volatile compounds of niobium-boron, 

5. Boride coatings on niobium do not provide 
protection against oxidation at 1000° and 
Over. These coatings do, however, success- 
fully protect niobium from the action of 
hydrochloric, sulphuric and nitric acids at 
room temperature. 

The authors wish to extend their thanks to 
Professor Dr, V.I. Arkharov for his valuable 
advice in evaluating the results of the work. 


Translated by V. Alford 
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INVESTIGATION OF REACTION DIFFUSION IN THE 
SYSTEMS "METAL-COMPLEX GAS" 
IV. THE SYSTEM MOLYBDENUM-N! TROGEN-CARBON* 
V.I. ARKHAROV, V.N. KONEV & A.F. GERASIMOV 
Urals State University i/n Gor’ kii 
(Received 23 December 1959) 


This paper describes the continuation of our 
investigations [1-7] of the physical mechanism 
and kinetics of reaction diffusion in systems 
of the type ‘‘metal-mixture of two chemically 
active gases’’, 

As there is not sufficient information pub- 
lished on the process of diffusion in the 
binary systems molybdenum-nitrogen and moly- 
bdenum-carbon to explain the mechanism of 
diffusion in the ternary system molybdenun- 
nitrogen-carbon, we had first to examine the 
process of reaction diffusion in the binary 
systems indicated above and then to pass on to 
an investigation of the system mol ybdenum- 
nitrogen- carbon, ** 

1. The system molybdenum-nitrogen. Accord- 
ing to the data to hand [8-10] the following 
intermediate phases exist in the system molyb- 
denum-nitrogen: 

1. MON in a tetragonal distorted lattice, 
The temperature field of stability lies above 
600°. 

2. MOoN with a cubic face-centred lattice 
(a = 4,155 A); the temperature field of 
stability is not known, 

3. MON with a plain hexagonal lattice (a = 
= 2.860 A, c = 2.804 R); the temperature 
field of stability has not been satisfactorily 
established. It is also noted that the solu- 
bility of nitrogen in molybdenum is extremely 
small, 

In our work the molybdenum was saturated 
with nitrogen in an ammonia atmosphere or one 
of molecular nitrogen according to the method 


* Fiz. metal. metalloved, 9, No.5, 695-700, 1960. 

** Students V. Negodyaev and G. Tatymov of the 
Physico-mathematical faculty of the Urals State 
University took part in the experiments. 


described previously [15,16]. The experiments 
were conducted at the following temperatures: 
600, 700, 750, 820, 880, 900, 940, 1000, 1050, 
1100, 1120, 1150, 1180; 1200 and 1250°. 

The results of the kinetic measurements for 
the system molybdenum-nitrogen are set out in 
the form of graphs in Figs. 1 and 2, and the 
data obtained in the phase radiographic and 
microscopic analyses are shown in Table l. 

Reaction between molybdenum and nitrogen in 
an ammonia atmosphere starts off at quite a 
rate a temperature of 700° and is subject to 
parabolic time law right up to 1150° (Fig.1). 
The temperature dependence graph for the tan- 
gence of the gradient of the kinetic curves is 


shown in Fig. 1 in the co-ordinates lgK 


and is composed of three straight line regions 
in the temperature range (Fig. 2): 


1) 700 to 880°; 2) 880 to 940°; 3) 940 to 
1150°. 

In the temperature ranges corresponding to 
the first and second regions, two layers are 
formed in the diffusion zone: the outer is 
MON with a simple hexagonal lattice (§ -phase 
described in [10]) and the internal one is 
Mo.N with a face-centred cubic lattice (Y- 
phase described in [10]. It should be noted 
that the line intensity of phase MoN on the 
testpieces treated in the temperature range of 
the second region (Fig. 2, 880-940°), is weaker 
than that of the same phase formed at much 
lower temperatures, 

In an ammonium atmosphere phase MON is 
stable only up to 940°; phase No,N is stable 
up to a temperature of around 1150°. The 
upper temperature limit for the existence of 
phase MOoN was also confirmed by an experiment 
with diffusion annealing of molybdenum test- 
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No. of 
layers 
revealed 
metallo- 
graphi- 
cally 


Temperature 
field 


Results of X-ray 


Presence of 


phase analysis texture 


Outer-MoN 
Inner—0N 


MOON 


1150-1250 


800-1200 


Phase with lattice MooC No 


(texture at 1200°C) 


Phase with lattice 


pieces previously nitrided at a temperature of 
1000°. If these testpieces are then placed in 
an atmosphere of ammonia at 1150° or above (up 
to 1250°) they then lose weight to a value 
corresponding to the weight of the testpieces 
before preliminary nitriding. As the radio- 
graphic analysis showed, phase MON which is 
formed on preliminary annealing, disappeared 
with the subsequent holding in an ammonium 
atmosphere to a temperature of 1150° and above. 
Similar experiments were conducted with test- 
pieces composed of MON, The testpieces nitri- 
ded in an ammonia atmosphere at a temperature 
below 880° had, as previously, two layers: 
Mo,N and MON, After these testpieces had been 
held in a jet of ammonia at temperatures above 
940°, they. lost weight at the beginning of 
annealing and, as shown by the radiographic 
phase analysis, the phase MoN disappeared. 

Experiments in the annealing of molybdenum 
in an atmosphere of molecular nitrogen in the 
temperature range 800 to 1200° showed that in 
these conditions no reaction occurs between 
the nitrogen and molybdenum, 

2. The system molybdenum-carbon. In this 
system two intermediate phases have been found 


to exist [8, 9]: 
(2) 10 


9 


Fig. 1. Graph showing the relationship between 

the increase in weight in molybdenum testpieces in 

an ammonium atmosphere and time, at temperatures: 

1- 700°; 2- 750°; 3- 820°; 4 - 880°; 5 - 900°: 
6 - 940°; 7- 1000°; 8 1050°; 9 1120°. 


VO!l 
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i MO.C with a hexagonal lattice (a = 3.004 


= 4,722 %). 
2. MoC presumably* with a hexagonal compact 


packaging of molybdenum atoms (a = 4.88 A; 
6.54 A). 


{gk 12001150 1100 1050 1000 940 900880 820 750 700°C 


101. 


0.9 


Fig. 2. Graph showing the dependence of the loga- 


rithm of parabolic constants on — for the systems: 


I Mo-N; 2 3 — Mo-C-N. 


2 


1 
7 hrs 


Fig. 3. Graph showing the time relationship be- 
tween the increase in weight of molybdenum test- 
pieces in an atmosphere of a mixture of gasoline 
vapours and hydrogen at temperatures: 1 - 1000°; 
2- 10509; 3-1100°; 4- 11509; 5 - 1200°. 


Phase Mo C has a wide field of homogeneity 
dependent on temperature. The temperature 
limits for the existence of this phase were 
not established completely satisfactorily. In 


* Students V. Negodyaev and G. Tatymov of the 
Physico-mathematical faculty of the Urals State 
University took part in the experiments. 


this work the experiments in saturating molyb- 
denum with carbon were conducted according to 
the method previously described [11,12] at 
temperatures of 900, 1000, 1050, 1150 and 
1200°, The experimental data on the kinetics 
of the diffusion process in the system molyb- 
denum-carbon are shown in the graphs in Fig. 3, 
and the results of the phase radiographic and 
microscopic analyses are set out in Table l. 

As can be seen from Fig.3, reaction dif- 
fusion in the system molybdenum-carbon in the 
temperature range investigated, is subject to 
the parabolic time law, 

The temperature dependence of the parabolic 


constants in the coordinates lgk = = has a 


linear course (Fig.2). In all the temperature 
ranges investigated the diffusion layer con 
sisted only of Mo.C with a hexagonal dense 
packing of molybdenum atoms (a = 3,00 A, ¢ = 
4.72 &). 

It should be noted that, in the MooC layer 
formed on molybdenum at 1200°, a very well- 
defined texture is found the growth mechanism 
of which has not so far been established in 
our experiments, 

The higher carbide of molybdenum, MoC pre- 
viously discovered [8,9] on molybdenum, was 
neither metallographically nor radiographi- 
cally revealed in the conditions of our ex- 
periments, 


700 
750 
820 
880 
900 
940 

i000 

1050 

1100 

1120 

1200 


>| win 

li 


3. The system molybdenum-nitrogen-carbon. 
There are no published data at all concerning 
the phases of this system, \ 

The experiments in the combined diffusion 
of carbon and nitrogen in molybdenum were 
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conducted by a method similar to the one pre- 
viously used with the saturation of chromium 
by nitrogen in carbon [3,4], with the one dif- 
ference that molecular nitrogen (gas-carrier) 
was replaced by ammonia, 

The results of the kinetic investigation are 
set out graphically in Figs,2 and 4 and in 
Table 2, and the data from the radiographic 
and microscopic phase analyses are set out in 
Table l. 

In the temperature ranges investigated 
(1000-1200°) a phase is formed on the molyb- 
denum with the lattice MO5C, the parameters of 
which are noticeably different from those of 
the same phase in the system Mo-C, 

This difference in parameters is reduced at 
higher temperature and practically disappears 


at 1200°. 


hrs 


Graph showing the time relationship of the 


Fig. 4. 
increase in weight in molybdenum testpieces in an 


atmosphere of a mixture of gasoline vapours and 


1 - 10009; 2 1050°; 
5 — 1200°. 


ammonium at temperatures: 
100°; «= 260": 


ANALYSIS OF RESULTS 


The appearance of the break (change in 
gradient) in the relationship lgK -— in 


graph Fig.2 while the phase composition is 
preserved at a temperature of 880° could in 
our opinion, be explained if it is assumed 
that fields of homogeneity cf the phase MoN 
appear in the temperature range 880 to 940° 


Reaction diffusion. 4 


prior to its dissociation (940°). This field 
of homogeneity should be spread on the molyb- 
denum side with increase in temperature from 
880 to 940° it should be further displaced on 
the metal side, making diffusion of the nitro- 
gen difficult through this phase and in the 
final account affecting the kinetics of the 
process, The break at 940° could be explain- 
ed by referring to the considerations dealt 
with in detail in papers [13,14]. 

The formation of one and the same phase 
(with a slight difference in parameters) with 
the lattice MooC in the system Mo-N-C and 
Mo-C indicates that carbon has a greater 
affinity with molybdenum than has nitrogen, 
Thermodynamically this could be interpreted 
as greater stability of the molybdenum carbid- 
es in the circumstances under review, 

Increase in the rate of saturation of mol yb- 
denum by carbon in the presence of nitrogen 
also indicates the part played by the nitrogen 
in the formation of the diffusion mane, The 
phase formed in this way, which has the lattice 
Wo oC, may be a nitro-carbide of molybdenum 
with the formula Mo,(C,_.N,), where y:x is 
dependent on temperature (it approximates to 
zero at higher temperatures), and x need not 
be equal to y, that is, in the lattice of 
this phase there is possibly some deviation 
from stoichiometric constitution. The break 


in the straight line for lgk -= for the sys- 


tem Mo-N-C is of course explained by the re- 
duction in the role of nitrogen in the process 
of the combined diffusion of nitrogen and 
carbon in molybdenum at a higher temperature, 
This is confirmed also by the fact that the 
kinetic curve of diffusion in the system 
Mo-N-C at 1200° coincides with the kinetic 
curve in the system vo-C at the same ten- 
perature, Further indication of the reduction 
in the part played by nitrogen at higher ten- 
peratures in the process of the mutual dif- 
fusion of nitrogen and carbon in molybdenum is 
given by the fact that the difference in the 
parameters of carbide and nitro-carbide be- 
comes less with increase in temperature and at 
1200° is zero. This is to be expected in view 


of the effect observed in this work of the 
dissociation of the nitrides of molybdenum at 
a temperature of 1150°. 

Analysis of the structural characteristics 
of the products of reaction in the system Mo-N, 


(AP)? 
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\c-C, Mo-N-C bearing in mind the atomic size 
cf the metal and metalloids and their consti- 
tution in lattices (partial positive ioniza- 
tion) makes possible the conclusion that the 
mechanism of diffusion in these systems is a 
reaction diffusion which is caused primarily 
by the nitrogen and carbon atoms through the 
layer forming to the metal. The main front of 
the reaction is on the boundary metal-— 


CONCLUSIONS 
1. The reaction between molybdenum and 


nitrogen in an ammonia atmosphere begins at a 
considerable rate at a temperature of 700° and 


follows the parabolic time law during the whole 


range of temerature investigated and right up 
to 1150°. No molybdenum nitrides are formed 
above this temperature, 

2, In the temperature range 700-940° 2 scale 
forms on the molybdenum which consists of two 


layers: 
1) the outer is MoN with a simple hexagonal 


lattice; 

2) the inner is Mo oN with a face-centred 

cubic lattice, 

In the tenperature range 950-1150° it con- 
sists of one layer, Mo oN. 

3. The temperature dependence of the logari- 
thm of the parabolic constants for the rate 
of nitriding consists in three straight line 
sectors, A physical interpretation of this 
dependence is given in this paper. 

4. No reaction occurs between molybdenum and 
molecular nitrogen at atmospheric pressure in 
the temperature range 600-1200°. 

5. Reaction between carbon and molybdenum 
(in an atmosphere consisting of a mixture of 
gasoline fumes with hydrogen) begins at a 
considerable rate at a temperature of 1000° 
and is subject to the parabolic time law for 
the whole of the temperature range studied 
(right up to 1200°). In these conditions one 
diffusion layer forms on the molybdenum con- 
sisting of Mo oC with a hexagonal] lattice, 

6. The process of reaction diffusion in the 
system molybdenum-nitrogen-carbon in the tem- 
perature range 1000-1200° is also subject to 
the parabolic time law, One diffusion layer 
forms on the molybdenum, consisting of the 
nitro-carbide of molybdenum with 


the lattice Wo 


7. On the basis of the study of the reaction 


diffusion in the systems mol ybdenum-nitrogen, 
mol ybdenum-carbon and molybdenum-nitrogen- 
carbon the conclusion has been drawn that dif- 
fusion of the atoms of nitrogen and carbon 
occurs mostly through the products of reaction 
to the metal in both these cases, 


8, Molybdenum is nitrided more rapidly thm 
it is carbonized. The rate of combined satur- 
ation of molybdenum by carbon and nitrogen hes 
an intermediate value, i.e, the nitrogen accel- 


‘erates the process of diffusion of carbon in 
molybdenum, 


Translated by V. Alford 
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INVESTIGATION QF REACTION DIFFUSION IN 
THE SYSTEMS "METAL-COMPLEX GAS"* 
V. THE SYSTEM CHROMIUM-SULPHUR-NITROGEN 
V.I. ARKHAROV, V.N. KONEV and V.P, PAVLOVA 
Urals State University i/n Gor’ kii 


{Recetved 23 December 1959) 


This paper describes the continuation cf our 
investigations into the reactior diffusion in 
systems of the type ‘metal-mixture of two 
chemically active gases’ [1-7]. 

The mechanism of reaction diffusion in the 
binary systems chromium-nitrogen [8-9] end 
chromium- sulphur [10] has already been studied 
in our laboratories, In this work we repeated 
the investigation of reaction diffusion in the 
system chromium-sulphur under different con- 
ditions from those used in [10!, supplementing 
the kinetic data, Then the more complex system 
chromium- sulphur-nitrogen was studied, 


METHOD OF CONDUCTING THE EXPERIMENTS 


Testoieces of electrolytic chromium* were 
Placed on special quartz suspension holders in 
the furnace of the apparatus the diagram of 
which is shown in Fig.l. Reaction diffusion 
in the system chremium- sulphur was carried on 
in this apparatus in an evacuated quartz tube 
the lower end of which was kept at a tempera- 
ture of 250° in ail] the experiments, which 
corresponds to a vapour pressure of sulphur of 
12 m.He. | 11). 

The diffusion process in the system chromium- 
sulphur-nitrogen was carried out in the same 
apparatus, but ‘atter evacuation of the air 
from the quartz tube the latter was connected 
to a gas meter (Fig.1) filled with molecular 


* Fiz. metal. metalloved., 9, No.5, %01-708, i960. 
*¢Testpleces were in the form of hollow cylinders: 
in some cases pieces were used in the form of 
parallelipipeds, made of electrolytic chrowium 

remelted in a vacuum, 


nitrogen which had been previously cleaned of 
traces cf oxygen by bubbling it over heated 
(800°) copper filings with an activated sur 
face (reduction by hydrogen after oxidation) 
and sponge titanium. «ue products of reaction 
diffusion were examined radiographically and 
microscopically according to the methods des- 
cribed in papers [1,8,9,12]. Kinetic measure- 
ment was carried out by the gravity method, 


Diagram of apparatus; 1 - nitrogen con- 
2 - tube with copper filings; 3 — tube 
with sponge titanium; 4- driers; 5 ~ gas meter 
with nitrogen; 6 7 valves; 8 — arrangement 
for moving testpieces; 9 - furnace for annealing 
testpieces; 10 — furnace for heating sulphur; 

il testyolece. 


Fig. 1. 
tainer; 


The testpieces were weighed before and after 
diffusion annealing on analytical balances 


with a precision of + 0.img. The diffusion 
annealing for both systems was carried out at 
temperatures 700, 800, 900 and 1000° at the 
same partial pressure of the sulphur vapours. 
The nitrogen pressure was also the same in 

al] experiments (it exceeded atmospheric pres- 
sure by about 25-30 mm.Hg.). 
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TABLE 1 


Number of Macroscopic 


Temperature] Metalio- Data from radiographic Presence of texture 
of the 


O% graphically phase analysis (radiographic 
exposable investigation) mechanism of 


layers diffusion 


. Outer-close to Cr3S4. Well-defined texture 
. Inner-close to CreSe. None 
. Outer-close to CroS3. Well-defined texture 
. Inner-close to Cr None 


Neutral mark be- 
tween the fir 
jand second layer 


. Outer-close to Cr3S4 with | Well-defined texture 
certain differences in the 
arrangement of lines of 
this phase in the system 
Cr-s. 

. Middle-close to CT 
also different from this 
layer in the system Cr-Ss. 

Internal-Cr.N. On textured chromium 

(texture of orienta- 

tion agreement). 

800-1000 . Outer-close to CT 28,4 with | Well-defined texture 
certain differences in the 
arrangement of lines of 
this phase in the system 
Cr-S. 

. Middle-close to 
also different from this 
layer in the system Cr-S. 

Internal-Cr.} 


Neutral mark between the first and second layers 


Well-defined texture 


* The symbol d indicates that in this case the shape of testpiece after diffusion annealing is charac- 
teristic of diffusion mainly of the gaseous components through the products of chemical reaction deep 
into the metal. 

¢* The symbol $y. for the case where diffusion of the metal occurs through the forming layer onto the 
boundary scale-gaseous medium. 


RESULTS OF THE EXPERIMENTS they become rounded after annealing (Fig. 2). 
The data obtained by radiographic and micro- 

1. The system chromium-sulphur. After dif- scopic examination of the products of the 
fusion annealing at 700° the testpieces have a chemical reaction are set out in Table L The 
velvety dark-grey surface. Breaks in the calculations of interplane distances between 
continuity of the scale are observed along the’ the chromium sulphides with various contents 
edges and a thin layer of scale may be fairly of sulphur obtained in paper [3] were derived 
easily removed from the metal. At 800-900 and in quadratic form for the appropriate lattices 
1000° the outer layer of scale has a light- using the parameters given in the work men- 
grey colour with a characteristic metallic tioned. Use was also made of the radiographic 
glint. In the pieces of parallelepiped shape data concerning chromium sulphides produced in 
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Fig. 2. 
annealing: 
ing at 1000°; 


papers [14, 15]. 

On the metallographic specimens of the sul- 
phided chromium, laminated scale was clearly 
visible (Fig.3). Two layers could be seen 
metal lographically; 

1) the outer, a thick layer, 

2) the inner, a very thin dark layer lying 

very close to the metal. 

Between them there was a transition zone 
composed mainly of the inner layer phase with 
impregnations of the substance from the outer 
layer. 

The neutral mark (platinum wire with a dia- 
meter of 50 ~%) made at the beginning of the 
experiment on the surface of the testpiece 
indicates the boundary between the thick metal- 
lic layer and the transition zone (Fig. 4a and 
4b). The ratio of the depth of these layers 


+: 


Typical shapes of testpieces after diffusion 
a — prior to experiment; 


b -— after anneal- 


c — after annealing at 700°. 


is dependent on the temperature of the dif- 
fusion annealing: the inner layer at 700° is 
dense and is thicker than the outer one; if 
the temperature is increased to 1000° it be 
comes brittle and thin in comparison to the 
outer layer, 

The results of the kinetic measurements are 
set out in the graphs in Figs. 5 and 6 and in 
Table 2. 

2. The system chromium-sulphur-nitrogen. The 
metallographic picture of the scale on chro- 
mium obtained by annealing in an atmosphere of 
mixed sulphur and nitrogen fumes is more or 
less the same as that for annealing in an at- 
mosphere consisting only of sulphur fumes, 

The only difference is that, in the presence 
of nitrogen, an additional metallic layer is 
formed on the metal underneath the layers of 


Fig. 3. Microspecimen of chromium testpiece sulphided at 1000° 
for hr: 
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Transition zone 


Fig. 4a. Microscopecimen of chromium testpiece annealed in an atmos- 
phere of mixed vapours of sulphur and nitrogen at 1000° for 4 hr. 


Fig. 4b. 


sulphides, 

The external form of the testpieces is the 
same with both types of atmosphere; the outer 
layer is also light-grey with a metallic glint, 
very tightly packed and mechanically strong. 

The data obtained by phase analysis of each 
layer of the scale formed in an atmosphere of 
a mixture of sulphur and nitrogen vapours, 
are set out in Table 1, 

The diffraction picture of the inner layer 
(on the metal) coincides very well with the 


Neutral mark 


Outer layer 


Centre layer 
=< Layer CrN 


cr 


jhe same annealed at 700° for 2 hr. 


system of lines for the hexagonal chromium 
nitride Cr oN. If the chromium precipitates 
are textured this layer will also be textured; 


(110) CroN (111) Cr, 


which agrees very well with the data provided 
on the mechanism of nitriding chromium in 
ammonia [8,9]. 

A difference is observed in the structures 
of the phases formed in atmospheres of sulphur 
and nitrogen vapours, Radiographically this 
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difference is seen by the appearance of ‘‘extra” 
lines and the displacement of some lines for 
the sulphide phases formed in an atmosphere of 
mixed sulphur and nitrogen relative to the 
arrangement of lines for the chromium sulphide 
formed by pure sulphidisation, 


TABLE 2 


Temperature, °C 


The results of the kinetic measurement of 
the process of reaction diffusion in the sys- 
tem Cr-S-N are shown in the graphs in Figs.5 
and 6 and in Table 2. 


Py 2 
(5) 10 


OCr-5-N 1000° 
e(r-§ 1000° 
olr-S-N 900° 
elr-S 900° 
4Cr-S-N 800° 
4(r-5 800) 
Cr-5-N 700 


Fig. 5. Graph showing the relationship between 

increase in weight of the testpieces and the an- 

nealing time in sulphur vapour and in mixed sulphur 
and nitrogen vapours. 


Investigation of the texture in the layers of 
scale showed that both in the system Cr-S and 
in Cr-S-N, the outer layer of the diffusion 
zone has a very well-defined texture at all 
annealing temperatures, 

1000 900 


9(,K-10) 


809 700° 


oCr-5 N 
elr-S§ 


1,0 
Fig. 6. The temperature relationship of the logar- 
ithm of parabolic constants of the kinetic curve 
shown in Fig. 5. 


0,8 


ANALYSIS OF RESULTS 


From a study of the structural characteris- 
tics of products of chemical reaction in the 
system chromium-sulphur the conclusion may be 
drawn that there is two-way diffusion of com- 
ponents in this system, Indication of this 
is given by the position of the neutral] mark, 
the presence of growth texture in the outer 
layer of scale, the shape of the testpieces 
after diffusion annealing and the character- 
istic diffusion of the metal on the surface, 
This conclusion is in agreement with the re- 
sults of previous examination of the reaction 
diffusion in this system at other sulphur 
pressures [10]. The chromium is diffused 
through the scale onto its outer surface, on 
which three growth of the outer surface crys- 
tallites occurs, As a result of the departure 
of chromium from the inner zones, the layer 
adjacent to the metal becomes brittle and 
porous, The sulphur is diffused throtigh the 
scale into the metal, on the boundaries of 
which there occurs growth of the inner layer, 
As a result of the porosity of the inner layer 
penetration through it occurs not only by 
means of diffusion through the lattice, but 
also along the inner surface of the pores 
where a higher compound is formed between the 
chromium and sulphur, Metallographically 
these sectors appear in the form of the bright 
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disseminated substance of the outer layer in 
the brittle internal layer which is dark in 
colour. It is possible that the parting of 
the scale on the layers in the preparation for 
phase analysis was not in accordance with the 
metallographically observed layers, Besides 
this it is quite possible that there has been 
a mixing of the different phases as a result 
of the presence of the disseminated substance 
of the outer layer in them It should be 
aoted that the diffraction picture of the 
inner layers of scale in the system chromium- 
sulphur was somewhat different in testpieces 
obtained under completely identical conditions 
but at different rates of cooling after anneal- 
ing. The suggestion has been made that the 
structure of the sulphides is dependent on the 
rate of cooling, which confirms the results 

of the specially mounted experiments [16]. 

Following this identification of the phases 
obtained with theoretical ones (for the struc- 
tures known in literature) some approximations 
were made, as the picture of the phase distri- 
bution in this work has an orientation charac- 
ter (Table 1). 

The relationship between the speed at which 
the sulphur and chromium arrive through the 
scale at the raction front changes with tem- 
perature, At high temperatures chromium passes 
more quickly through the scale than does the 
sulphur into the metal. This is confirmed by 
metallographic investigations: the outer 
layer on microspecimens of testpieces annealed 
at high temperatures, has a considerably 
greater depth than that at low temperatures 
(Figs.,4a and 4b), In making this comparison 
it should be remembered that the neutral mark 
can always be seen between these layers, The 
inner layer of scale on testpieces annealed at 
high temperatures becomes more brittle than at 
lower, 

This speed ratio is also confirmed by the 
fact that, after diffusion annealing at low 
temperatures (700°), the testpiece remains 
virtually the same shape, while with higher 
temperatures the angles and edges of the piece 
are rounded and this effect is increased with 
increasing temperature (Fig. 2). 

Reaction diffusion in the system chromium- 
sulphur-nitrogen is complicated by the part 
played in the process by nitrogen, The mecha- 
nism of reaction diffusion described above for 
the systems chromium-S is qualitatively main- 
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tained in the system Cr-S-N, From a compari- 
son of the structural characteristics of the 
scale formed it can be seen that here also 
the sulphur is diffused through the scale to 
the metal and the chromium is diffused onto 
the outer surface of the scale, i.e. onto the 
phase surface of separation scale-gas medium, 

A difference is observed in the diffraction 
pictures for sulphides obtained in the system 
chromium- sulphur and chromium- sulphur-nitro- 
gen, This, as described above, consists in 
the displacement of lines on the radiographic 
pictures and the appearance of new ones, Be- 
sides this, an additional layer is formed on 
the metal, the diffraction picture of which 
has a line distribution different from the 
known sulphides of chromium and agreeing very 
well with the system of lines of the hexagonal 
chromium nitride Cr.N. Where the original 
testpieces are textured, the chromium nitride 
will also have a well-defined texture with a 
diatropic maximum (d = 1, 37 A) which, as 
already indicated, is in complete agreement 
with the results of the investigation of 
reaction diffusion in the system chromiunm- 
nitrogen, 

The rate of scale formation in reaction dif- 
fusion in the system chromium-sulphur-nitrogen 
is greater than in the system chromium-sulphur 
(Fig. 5). 

All these facts observed indicate the part 
played by nitrogen in the process of reaction 
diffusion in the system chromium-sulphur- 
nitrogen, 

The difference in the structures of the 
sulnhide phases formed (in the systems Cr-S 
and Cr-S-N), the parabolic course of the time 
relationship of growth of the scale, the dis- 
tribution of chromium nitrides in a continuous 
layer directly on the metal, - all this bears 
witness to the fact that nitrogen diffuses 
together with the sulphur through the scale to 
the metal, 

The reaction front of nitrogen with chromium 
is in the inter-phase boundary chromiun- 
chromium nitride, The nitrogen arrives at 


this boundary by means of diffusion through 
the crystal lattice of the sulphides forming 
in the scale (and perhaps to some extent 
through the micropores). 

The reason for saying that diffusion pos- 
sibly occurs through the crystal lattice of 
the forming phases is that, as has been men- 
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tioned above, the X-ray photographs of the 
layers of scale obtained in the combined dif- 
fusion of sulphur and nitrogen are different 
from those of similar testpieces of the system 
Cr-S in the quality of the lines and in their 
position. 

Reaction between the chromium and sulphur in 
the system chromium-sulphur-nitrogen occurs 
both on the boundary sulphide-nitride (due to 
diffusion of the sulphur inwards) and also on 
the 2.oundary scale-gaseous medium) due to dif- 
fusion of the chromium). Chromium comes to 
the boundary sulphide-nitride from the phase 
Cr.N which is in a solid layer on the metal, 

The structural picture of the process of 
reaction diffusion in the system Cr-S-N has 
features in common with the ternary systems 
Cr-O-N [1-2] and Cr-C-N [8-4] previously 
studied, a general description of which process 
has been given in detail in our paper {5]. 


CONCLUSIONS 


1. In the systems Cr-S and Cr-S-N, reaction 
diffusion in the temperature range 700 to 
1000° occurs according to the parabolic time 
law. Rate of growth of the scale in the sys- 
tem Cr-S-N is higher than in the system Cr-S, 

2. The scale on the chromium in the system 
Cr-S consists of two different layers: 

1) the outer is light with a metallic 
glint and its composition at 1000° is 
close to CrS., while with a reduction of 
temperature it approximates to Crs, 
(700°); 

2) the inner layer is a dark colour and its 
composition is close to Cr.Se. 

3. From the study of the structural charac- 
teristics of scale in the system Cr-S the con- 
clusion has been drawn that reaction diffusion 
in this system occurs by bilateral diffusion 
of the components through the layer of the 
products of reaction. The relative role of 
chromium in the process of diffusion increases 
with increased temperature. 

4, From these same characteristics the con- 
Clusion has been drawn that reaction diffusion 
in the system Cr-S-N occurs by diffusion of 
the sulphur and nitrogen through the crystal 
lattice to the metal and by diffusion of the 
chromium on to the outer surface of the scale, 


5.5. The temperature dependence of the para- 
1 


bolic constants (in the co-ordinates lgk mi. 


has a straight line course for the system 
Cr-S and a more comp] ex one for the system 
Cr-S-N. 
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THE CLARIFICATION OF IDEAS CONCERNING THE 
LOCALIZATION OF THE CHEMICAL REACTION IN 
REACTION DIFFUSION IN SOLID BODIES* 

11. THE CONDITIONS FOR THE MOST COMPLETE 
LOCALIZATION OF REACTION ON THE 

BOUNDARIES OF A SUBSTITUTION-TYPE 
PHASE LAYER 
V.I. ARKHAROV 
Institute of the Physics of Metals Academy of Sciences USSR 
(Received 8 December 1959) 


The distribution of concentration through a diffusion layer is discussed, 
where the chemical reaction is localised to the maximum possible degree 
on the boundaries of the layer and the quantitative characteristics are 
given for the conditions of this type of localization. 


1, 1n the previous article [1] it was shown that where there is the 1.aximum degree of 


localization of the chemical reaction on one of the boundaries of the layer of a product of 


reaction of the substitutional solid solution type on the basis Me, 0,, distribution of concen- 


tration through the layer cannot be a simple linear one, The distribution curve should consist 
of a main sector very close to the horizontal, and a short sector showing an abrupt change in 
concentration at the boundary opposite to that on which there is localization of the reaction, 


8, 


= 


A. % 


Fig. la. Distribution of concentration in a grow- 
ing layer of reaction products with localization 
of the reaction on the left boundary (Az, = 0). 


* Fiz. metal. metalloved. 9, No.5, 709-717, 1960. 
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This type of distribution is shown diagrammatically in Fig.la or Fig. 1b (with localization on 
the left and right boundaries respectively). These drawings are completely analogous to those 
in article [1]. 

Ir the first of the cases illustrated (Fig,1la) all the Me atoms, immediately they appear on 
the righthand side of the left boundary (in the composition of the layer), are almost completely 
bonded with O atoms which have arrived there by diffusion through the layer, and form a com- 
pound of composition Mem4;:- O,—:'; with maximum excess of Me it is comparable to stoichio- 
metric composition, 

Me atoms hardly diffuse at all through the layer; diffusion is carried out by the component 
0. 

On the opposite (right) boundary the Iie concentration (in the narrow zone close to the boun- 
dary) falls sharply to the minimum level corresponding to composition Mem-3-Onss-, which is in 
equilibrium for existence with the pure component 0. 

In the second case (Fig.1b) Me and O exchange roles; the reaction is localized on the right 
boundary, 

The fact that on sector abo (Fig. 1a) or bya (Fig. 1b) the concentration, although weak, 
should nevertheless vary (this could not be possible by diffusion of the basic element) shows 
that in principle ideally complete localization of chemical reaction on the boundary cannot 
occur and on the main sector delocalization effects may occur due to the linear distribution of 
concentration observed earlier [1]. The slope (deviation from horizontal) of the main sector 
of the concentration distribution curve ec by in Fig. la or 64% in Fig. lb may serve as a measure 
of the deviation of the process from ideally complete localization of the reaction on the 
boundary. If the gradient of this sector is very small, the effect of deloc#lization is very 
weakly reflected and could be ignored as localization of the reaction on the boundary will be 


practically complete. 


Fig. 1b. The same as la but with locali- 
zation on the right boundary (4 x, = 0). 


using the same symbols as in {i], we have for the first case (Fig. 1a) 


AN? Be. = (n 3’) Ax. 
4 


In the same way, for the second case (Fig. 1b) 


2. Besides these two cases of virtually complete localization of the reaction on one of the 
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boundaries of the layer other cases may be encountered where localization of reaction occurs 
simultaneously on both boundaries, 

In this case both components are diffused through the layer in opposite directions while 
neither accumulation nor evacuation of the atoms occurs nor redistribution of the concentration 
in general. The process has the following form. Part of the \Me atoms passing across the left 
boundary into the layer are delayed on this boundary by reaction with the O atoms arriving 
there (by diffusion across the layer), the remaining part of the Me atoms are diffused across 
the layer and arrive at the other boundary where they react with the corresponding number of 0 
atoms which are passing across this boundary from the external medium on the right, in this 
way both components behave in the same way towards each other. From the quantitative point of 
view there may be a difference in the values p™® and p? and, as a result, in the amount of 
growth — the layer on both the left and righthand sides (Ax, and Ax 9)* The differences in 
pMe ang p® are. due to the different properties of the components site” together with diffusion 
by nodes (exchange of places) cause diffusion along the intersites or vacancies. 

Distribution of concentration through the layer when there is reaction localization on both 
boundaries, should conform to a system which is a combination of Figs. la and ib, 

3. We note that concentration distribution in the layer in the way demonstratedin Figs, la 
and lb, while being necessary for the virtually complete localization of reaction on one of the 
boundaries, is nevertheless not a sufficient reason for the unilateral localization. This type 
of distribution does not exclude the possibility of localization of the reaction on both boun- 
daries, For example, with distribution of the type shown in Fig. ia, Me atoms may diffuse along 
the internodal spaces to the right and, arriving at the righthand side of the layer enter into 
reaction with part of the 0 atoms diffused in the opposite direction. Upon this a new layer 
will be formed in point by, between the main body of the layer and the narrow zone next to the VO! 
surface, in which the Me concentration falls sharply (sector bby’ )- This zone will be pushed 
to the right while new layers will here always have a composition determined by ordinate point 
bo» If the extremely smal] value ¢ on sector ayb) is ignored, this composition wil] answer to 
the formula 

4. With more intensive Me diffusion part of the atoms may penetrate even further than point 
by arriving on the righthand boundary and forming here a layer of composition Mem—;”Onj4:-. 
Diffusion of Me from the left boundary to the right may be sufficiently intensive to cause a 
drop in the concentration of Me in the narrow zone adjacent to the left boundary, up to a cer- 
tain intermediate level m + 84. which is preserved (with precision down to small values of 

ec) on the length of the main sector abo, and here 


m+s>m+t,>m—2. 


Similar considerations may also be applied to tne diffusion of 0 from the right boundary of the 
layer, where there may be (in the narrow zone close to the boundary) a change in the Me concen- 
tration from (m- 6’) on that boundary to the intermediate level (m+ §,), when 


m+6,>>m+ np > m— 0”. 


5. The narrow zone where there is considerable change in concentration (of the type shown by 
6,6, in Fig. 1la or aye in Fig. 1b) emerges of course at a much earlier stage in the reaction 
diffusion, as a ‘‘primary’’ film of phase Me,O,. On one of its surfaces the phase constitution 
should deviate from the exact stoicheonetric to a level corresponding to pure Me, and on the 
other, — to pure 0, 

Subsequent growth of the phase layer, depending on the ratio of the rate of localized reaction 
and the partial rate of diffusion, will cause distribution of concentration through the layer 
corresponding to one or other of the possible variants shown schematically in Fig,2a - 0. These 
diagrams have been constructed in a similar way to all the previous ones but, as there are so 
many of them they have been presented on a smaller scale and for this reason no symbols are 
drawn in on them Besides this, the table gives the characteristic ratios for each case, for 
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| 


Fig. 2a-o. Distribution of concentration in a layer of reaction products with localization of the reac- 
tion on various boundaries; the conditions determining the various cases illustrated are shown in the 
table. 


values being calculated from the horizontal of precise stoichiometric composition; in this way 
where 6’>0, 6” <0. 

In Fig.3 for example, a diagram is given on the same scale and with the same symbols as those 
in Figs, la, 1b sd 20 of this article and of article [1]. In each of the cases illustrated by 


System of 
concentration The relationship between the deviations 
distribution from stoichiometric composition. 


(see Figs. 2a-0) 


| 
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the diagrams in Fig.2, localization of reaction is possible both on the external boundaries of 
the layer and on the boundary of initial contact between the pure components which is preserved 
in the form of a narrow ane of sharply differing concentration inside the layer (shown in the 
diagrams by the vertical dotted lines), on either side of this boundary or from one of its 
sides. 


Fig. 3. The changes in the distribution concentration in 

a growing layer of reaction products with localization of 

the reaction on the boundaries for the case illustrated 
in Fig. 2m. 


6. Let us consider the quantitative relationships determined by realization of one or other 
of the possible variants in the distribution of concentration through the layer. We will use 
the following symbols for the values being calculated for a definite small interval in time 
(and which may therefore be regarded as relevant rates of the components of the process): 

AN™® is the total number of Me atoms arriving in the layer across its left boundary; 
AnMe is the number of Me atoms delayed by reaction localized on the left boundary; 
(Ant) is the number of Me atoms delayed by reaction on the boundary between the sublayers 
on its left hand side; 
(An*)ois the same on the righthand side; 
the number of Me atoms arriving on the righthand side and delayed by reaction 
localized on this boundary; 
AN is the total number O atoms passing across the layer from its right boundary; 
Ano, is the number of 0 atoms delayed by reaction localized on the right boundary; 
( Ancp) is the number of O atoms delayed by reaction on the boundary between the sublayers 
on its righthand side; , 
(And) is the same on the lefthand side; 
An? is the number of O atoms arriving on the left boundary of the layer and delayed by. 
reaction localized on this boundary; 
Ax, is the increase in the width of the layer on its lefthand boundary; 
Axnp is the same on the righthand side; 
(Axcp); is the same on the lefthand side of the boundary between the sublayers; 
(Axcp)2 is the same on the righthand side of this boundary. Besides this we wil] use the 
following symbols: 
bDY* is the partial coefficient of diffusion of Me in the left sublayer, 
p'° is the same in the right sublayer,; 
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D° - is the partial coefficient of diffusion of 0 in the left sublayer; 
D9 - is the same in the right sublayer; 
x,-is the width of the left sublayer, 
x,- is che width of the right subl ayer; 
Ac,/x,- is the extremely small gradient of concentration in the left sublayer; 


Ac2/xy -is the same value in the right sub] ayer. 
According to these we have: 


ANS = + + (Ans), + 


AN® = Anny + + (And), + An?. 


According to the diagrams of concentration distribution (Figs, 2 and 3): 
Ant = (m—%,) Ax. Anny = (n + * 


Annp (m Axnp: An? (n 64) 


Besides this we have: 


+ + AnMe — Aer 


Me Me Ac 


+ (Ang), + = Do . 


From these equations we finda: 


— 9) 


Ac 


Ac. 
+ — D2) 


Ac 


Ax, 


m+n 
— — D9) 


m+n 


Mea 


AXnp = 
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Then (Ax,,); and (Ax,»). are equal to zero, i.e. there is no reaction on the boundary between the 


sub] ayers, 
And here we will] have: 


(nD™* + A@ = (nDM* + mD$) =A,.: 
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7. The relationships found in the preceding paragraph determine which of the forms of concen- 
tration distribution illustrated in Figs. 2a-o0, take place in a layer of reaction diffusion. 

The virtually complete localization of reaction on the boundaries of the layer which is 
characteristic for the phases reviewed, is a division into two sublayers with extremely smal] 
concentration gradients in each of them and with a narrow zone where there is a sharp fall in 
concentration, between the sublayers,. Growth of the left sublayer is determined by diffusion 
of the component 0, and on the right by diffusion of Me. It is interesting that the mean level 
of concentration in each of the sublayers is established in relation to the rate of the reac- 
tion and diffusion, independent of the limiting values of the deviation from stoicneometric 
composition of the phase (§ and 6 ). 

It is possible that this also explains the results of the measurement of concentration dis- 
tribution in the diffusion zones of certain systems obtained by Borovskii and Marchukov [2]. 
Using the original method of local radiographic analysis of the chemical composition, these 
authors discovered that in layers of reaction diffusion of the system Cu-Zn, the concentration 
ranges of the intermediate phases do not conform with the equilibrium diagram: the ranges 
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observed seem to be much more restricted than it should be according to the diagram It is 
possible that this ‘‘contraction’’ is due to the existence of narrow zones of reduced concen- 
tration on the boundaries of the layers in question, from the diagram levels (m ~6) and (m -§) 
to the intermediate values (m # 5) and (m t Sint) which can also be detected by local analysis, 
It seems that the sector across the layer embraced by local analysis in the method of Borovskii 
and Warchukov, is wider than the zone of sharply altered concentration at the boundaries of the 
layer, 

In a number of cases of reaction diffusion it has been observed that there is division of the 
phase layer into two sublayers with a narrow zone of reduced concentration between them and 
with a small gradient in each. For example, in a layer of wustite at high temperature oxida- 
tion of the iron, in a layer of CoO on oxidation of the cobalt [3], and on sulphidization of 
copper [4]. 

The system of distribution illustrated in Fig. 1b occurs in the reaction diffusion in the 
systems Ag-Se, Ag-Te, Cu-Se, Cu-Te [5]. A similar distribution apparently occurs also in a 
layer of wistite on reduction of the magnetite by hydrogen [6]. It should however be noted 
that these examples of the distribution of concentration in single-phase layers on reaction 
diffusion [3-6] refer to the more complex case as here they are only concerned with phases of 
the interstitial of subtraction solid solution type. 

A third article will be devoted to the study of some of the complications in the concentra- 
tion distribution picture in layers of phases comparable to the case in question of substitution 
type phases, 


Translated by V. Alford 
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The results are described of the investigation of the growth of a diffu- 
sion layer PbSe, which arises on contact between solid Pb and liquid Se. 
The PbSe diffusion zone has been found to have a complex structure. 


In the present paper the results are descri- 
bed of the study of the diffusion process which 
occurs on contact between solid lead and liquid 
selenium. This is quite possible in practice 
as selenium has a fusion temperature of (217°) 
which is considerably lower than that of lead 
(327°). As selenium is in the same group in 
the iiendeleev table as sulphur, it is to be 
expected that on contact with lead diffusion 
will occur in a manner similar to that obser- 
ved in the zase of contact between lead and 
liquid sulphur [1]. However, the results of 
the experiments conducted with lead in liquid 
selenium have revealed a considerable differ- 
ence in the nature of the growth of the lead 
selenide layer and that of a lead sulphide 
layer, 

The first few experiments showed that the 
lead selenide layer is formed very rapidly. In 
order to be able to fix the heating time and 
to rule out diffusion during this time, the 
ampoule illustrated in Fig.1 was used. In 
this type of ampoule there is a branch separa- 
ted from it by a thin-walled extension, The 
selenium was put into the branch and the lead 
testpiece into the ampoule, after which the 
air was evacuated from both down to a pressure 
of 107° mm.Hg. The ampoule was then placed in 
a thermostat where a constant temperature was 
maintained with a precision of t 2%. After 
the ampoule and its contents had acquired the 
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temperature of the thermostat it was turned 
upside down, The testpiece broke through the 
bridge and the selenium flowed out covering 
the whole of the lead quite rapidly. After 
diffusion heating the ampoule was removed 
from the thermostat and rapidly cooled by 
immersing in heated water whereupon the test- 
piece in the selenium was also cooled. The 
lead testpiece was a portion of a cylinder 
with a flat face along the matrix. Measure- 
ment of the depth of the diffusion zone was 
carried out on the flat face, the width of 
which was 20 mm, A comparator IZA-2 was used 


Selenium 


Fig. 1. Diagram showing arrangement of ampoule for 
production of a diffusion layer of PbSe. 
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for these measurements, The lead contained 
some hundredths per cent tin, The total con- 
tent of impurities in the selenium was 0, 006% 

The layer of lead selenide which is formed 
in the course of a few minutes is easily 
visible by the naked eye on a specimen after 
polishing and it can also be seen that it 
consists of two sublayers, Radiographic 
analysis of the layer showed that both sub- 
layers consisted of PbSe. Fig. 2 shows a 
photograph of the diffusion layer of lead 
selenide. Fig.3a, with greater magnification, 
shows a photograph of the porous part of the 
layer. 


Photograph of PbSe diffusion layer: 1 — Se; 
3 — PbSe, continuous; 
x 15. 


Fig. 2. 
2 — PbSe, porous; 
4 — Pb; 


Microscopic examination of the layer showed 
that the sublayer bounded by the lead is a 
continuous layer of lead selenide while the 
other sublayer is formed of a network of lead 
selenide crystals (the light sectors of the 
sublayer), the pores of which are filled with 
amorphous selenium (the dark sectors of the 
sublayer. Fig. 3b). 

This is confirmed by measurement of the 
microhardness of different parts of the dif- 
fusion layer, The microhardness of the con- 
tinuous sublayer and of the light sectors of 
the porous sublayer was almost identical (75 
kg/mm?) and different from the microhardness 
of the dark sectors of the porous sublayer, 


which in its turn has fallen to the microhard- 
ness of selenium (57 kg/mm2), 

In view of the peculiar structure of the 
lead selenide layer, it was difficult to fix 
the boundary on the selenide side as this was 
not clearly defined, The boundary inside the 
layer was quite easy to photograph It 
appeared that the depth of the continuous 
sublayer of lead selenide was the same in 
various testpieces obtained in similar cir- 
cumstances, This kind of agreement is not to 
be observed for the porous parts of the lead 
selenide layer, For example, in two pieces 
obtained at 250° for 20 min the depth of the 
continuous sublayer was 0.75 + 0.02 mm, while 
for the porous sublayer it was 0.93 + 0.09 mm 
mm for one and 0.58 + 0.05 mm for the other 
testpiece, 

The depth of the lead selenide layer is 
dependent on temperature and the duration of 
diffusion heating. If the heating time is 
increased the depth of the continuous sublayer 
is always increased while the depth of the 
porous sublayer in some cases, is reduced, A 
similar picture emerges for the temperature 
dependence of the growth of the continuous and 
porous parts of the layer. Quite thick layers 
are formed in contact between the lead and 
liquid selenium, even at temperatures close to 
the melting point of selenium, For example, 
the depth of a lead selenide sublayer obtained 
at 90 min at a temperature of 223°, was 
0.17 + 0.01 mm while the depth of the porous 
part of the sublayer exceeded 1 mn, 

It was found that atmospheric oxygen in- 
fluences the growth of the layer. A layer 
obtained in ampoules with air, will be several 
times thicker than that obtained in evacuated 
ampoules under the same conditions, 

The nature of the diffusion which occurs on 
heating for several hours is quite peculiar, 
After several hours heating the whole of the 
selenium reacts with the lead and the subse- 
quent lead selenide layer is not continuous, 
As a result the diffusion has a form which 
reflects the shape of the ampoule, 

The structure and growth of the diffusion 
layer of lead selenide described above are 
only characteristic in contact between lead 
and liquid selenium, No allowance has been 
made for the possibility of the solid material 
being dissolved in the liquid medium, The 
growth of the diffusion layer in contact be- 
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Fig. 3. Photographs: a — porous part of PbSe layer; x 66; 
b — boundary between solid (1) and porous (2) parts of the 
diffusion layer, x 225. 


tween lead and solid selenium is quite differ- 
ent. The solid layer formed in this case is 
very thin and there is no porous sublayer, 

Even at temperatures close to the melting 
point of selenium, the layer will be very thin. 
Formation of the lead selenide layer can be 
observed electrographically using a film of the 
reacting substances deposited on slides of 
rock salt. [2]. Fig.4 shows an electron photo- 
graph of a lead selenide diffusion layer ob- 
tained as a result of the diffusion of thin 
films of lead and selenium at 200°. It can be 
seen that the mechanism of growth of the layer 
is different in this case from that where 
liquid selenium is used, 

At the point of contact between the liquid 
selenium the lead selenide layer grows very 
quickly and its structure is complex due to 
some characteristic mechanism in the growth of 
the layer which is inherent in this combina- 
tion of substances, Obviously for the forma- 
tion of a network of lead selenium crystals, 

a flow of lead atoms is necessary and this 
would be supplied by the dissemination of the 
porous layer in the liquid selenium, In order 
to satisfy ourselves that this growth of the 
porous part of the layer was supplied by a 
flow of lead atoms, the following experiment 
was carried out, A layer of lead sulphide was 


grown on a lead testpiece. It was an estimated 
0.6 mm thick and covered the whole surface of 
the piece. Only the corners of the testpiece 
remained uncovered, Then, after removal of 

the sulphur, it was immersed in fused selenium 
for a long time. After heating it could be 
seen on the section that in this case no 

porous sublayer of lead selenium had been 
formed as the lead sulphide had removed the 
flow of lead atoms to the selenium, On the 


Electron photograph of PbSe diffusion 
layer 2Z = 47 mm A. 


Fig. 4. 
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corners where there was no lead sulphide and 
consequently, direct contact between the lead 
and the liquid selenium, diffusion was obser- 
ved of the lead in the selenium in which lead 
selenide was formed along the walls of the 
ampoule, Diffusion on the corners was so 
intense that the edge of the lead sulphide 
layer had been bent back. If the growth of 
the layer is followed, it can be seen that 
the layer of lead selenide which forms first 
of all is completely porous, Only in the 
course of time does part of the porous layer 
adjacent to the lead become continuous, due 
to the thickening of the network of crystals, 
The intensive growth of the network of lead 
selenide crystals is only possible where there 
is sufficiently high diffusion movement of 
the lead atoms, both in the cellular part of 
the layer and in the continuous sublayer of 
selenide. Displacement of the atoms in the 
solid body frequently occurs not only in the 
body of crystals but also on their faces, 
For example, atoms of lead in lead [3] have 
considerably greater diffusion mobility on 
the crystal boundaries than in the bodies, 
This might also be the case with lead selenide. 
Possibly however, the lead atoms have greater 
mobility on the surface of lead selenide 
crystals and the growth of the porous part of 
the layer occurs due to this mechanism, 
Diffusion layers arising on the contact 
area between copper and silver in gaseous 
selenium [4,5] also have a complex structure, 
Here there is a quite rapid anisotropic growth 
of needle crystals Cu,Se and Ag.Se ina 
definite orientation relationship to one 
another. In the opinion of the authors, ani- 
sotropic growth is due to the increased dif- 


fusion mobility of the silver and copper atoms 
in the body of crystals in certain crystal- 
lographic directions, The structure of the 
PbSe layer and the nature of its growth appear 
to be different from the structure and nature 
of the growth of layers of Cu,Se or Ag.Se in 
that the PbSe layer consists of fine crystals 
of lead selenium without any particular orien- 
tation. Thus the growth of the lead selenide 
layer is highly peculiar and to determine the 
definitive mechanism of displacement of lead 
atoms in the diffusion layer a further study 
of the process is required, 

It is not only the lead but also the selen- 
ium which takes part in the growth of the 
layer of lead selenide. This can be seen from 
observations of the displacement of marks in 
the form of holes in the solid part of the 
layer relative to the lead. The whole lead 
selenide layer has a perforated surface which 
indicates lack of selenium, The self-dif- 
fusion of selenium in the body of the lead 
selenide crystal is negligible at the tempera- 
tures used in our experiments [6], In this 
case in the contact observed, penetration of 
the lead-lead selenide boundary by selenium 
is of a different character, 

In conclusion the authors wish to extend 
their thanks to Professor Nasledov for his 
interest and evaluation of the results of the 
work, 


Translated by V. Alford 
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RADIOGRAPHIC 
EROSION 


The selection of materials possessing high 
resistance against cavitation erosion is to a 
considerable extent complicated by the lack 
of any satisfactory description of the mecha- 
nism of cavitation erosion up to the present 
time. In connexion with this a study has 
been made of the mechanism of fracture due to 
cavitation, using radiographic methods of 
investigating the processes of the breakdown 
of crystallites and the emergence of micro- 
stresses, 

The materials used for the investigations 
were Stainless chromium steel 1KH13, copper 
and aluminium monocrystals, Cavitation tests 
were carried out on a magnetostriction vi- 
brator [1] at a frequency of 7.5 kc/s and 
amplitude 0.065 mm in clear water, 

1, The 1KH13 testpieces were X-ray photo- 
graphed in a cylindrical camera (d = 57.3 mm) 
in iron radiation on a sharp focus tube based 
on Professor Pines’ s system [2]. Each test- 
piece was photographed twice in order to focus 
the lines (110) and (220). The parts played 
in erosion of the lines by refinement of the 
mosaic blocks and by the extent of the micro- 
stresses were ascertained by approximation 
methods (G.V. Kurdyumova and L,I. Lysaka, 
Delinger and Kochendorfer) and by harmonic 
analysis, 

From these examinations it was possible to 
establish that the size of the blocks of 
mosaic structure is reduced by half in the 
initial stages of testing (15-20 min), after 
which it is stabilized. Total microdeforma- 
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initial stages of testing, while after pro- 
longed testing they were completely indis- 
cernible, 

Comparison of these data with the results 
of a study of deformation in steel in static 
plastic tension and in dynamic brittle frac- 
ture leads to the conclusion that where cavi- 
tation erosion is established, fracture of 
the metal occurs in a manner similar to im- 
pact brittle fracture, which has been fre- 
vealed radiographically mainly in the refine- 
ment of blocks without the appearance of any 
substantial microstresses, In the initial 
period when erosion has not yet set in, 
brittle fracture is accompanied by a certain 
amount of plastic deformation. Similar con- 
clusions may be drawn from harmonic analysis 
of the shape of the (220) line on X-ray 
photographs taken of testpieces after 5 and 
10 min of cavitation testing. 

Analysis of the line intensity of the X-ray 
photographs revealed certain peculiarities in 
the start of cavitation erosion of steel 
1KH13, Where testpieces had undergone cavita 
tion action for up to 20 min, on line (110) a 
considerable increase in blackening is obser- 
ved along the equator of the X-ray photograph, 
indicating the presence of axial texture [110], 
which is normal for the surface of the test- 
piece, This texture is the result of selec- 
tive rupture of the crystallites which are 
less favourably oriented with regard to the 
impact forces of the cavitation bubbles, The 
process of selective rupture of crystallites 
is only developed in the initia] stages of the 
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a — before cavitation testing; 
30 sec; 


test, carrying on until a considerable relief 
has been created on the surface, and it is 
accompanied by the appearance of microstresses, 
It is possible that the cavitation resistance 
of a metal might be increased by creating a 
favourable texture on its surface layer, 

2. X-ray photographs of monocrystalline 
testpieces of aluminium before and after cavi- 
tation testing were made in polychromatic and 
monochromatic radiations from respectively 
tungsten and copper anodes, 

On a monochromatic X-ray photograph taken by 
the back-reflection method, of a testpiece 
without cavitation, two interference spots are 
visible indicating the existence of disorien- 
tation of fragments of the monocrystal (Fig. 
la). The extent of this disorientation is 
confirmed by the clearly defined spots on the 
Laue photograph (Fig.2a). The back reflection 
X-ray photographs (Fig, 1b and c) of test- 
pieces with cavitation show that in the early 


Fig. 2. 


a — before cavitation testing; 


Reverse type X-ray photographs of aluminium monocrystals: 
b — after cavitation testing for 
c — after cavitation testing for 60 sec. 


stages of the test (the first 45 sec) there is 
intensive and progressive breakup of the mono- 
crystalline testpiece into separate crystal 
fragments which appears on the X-ray plate as 
tangential erosion of the lines of the X-ray 
photograph, From the central angle of the 
interference line of the photograph the angle 
of total disorientation of the monocrystal 
fragments is determined (Fig.3). Trial calcu- 
lations show that even in the first 45 sec of 
the test, the surface layer of the piece be- 
comes polycrystalline to a depth of up to 
0.15 mm with a linear dimension of the crys- 
tals in the region of 1074 cm. The lack of 
expansion of the lines in a radial direction 
and the clearly defined division of the Kg- 
doublet point the conclusion that there are no 
Significant microstresses in the testpieces 
after the action of cavitation. On the Laue 
photographs of eroded testpieces there are 
bands composed of separate spots which also 


Powder photographs of aluminium monocrystals: 
b -— after cavitation 
testing for 90 sec. 
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provide evidence of the fragmentation of the 
testpiece (Fig, 2b). 

Thus, by direct observation of the inter- 
ference picture in monocrystals, exactly the 
same results have been obtained as for steel 
1KH13 by the methods of studying the width 
and form of the eroded line: with cavitation 
erosion there is intensive breakup of the 
monocrystal into fragments without any sig- 
nificant microde formation. 
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Fig. 3. The angle of disorientation of fragments 
of the aluminium monocrystal related to the dura- 
tion of cavitation testing: 1 —- determined accord- 
ing to line (422); 2 —- according to line (333). 


3. The process of the cavitation rupture of 
copper was studied both on the eroded test- 
pieces themselves, and on the products (pow- 
der) of the cavitation erosion of copper. From 
the number of spots on the X-ray photographs, 
it was possible to estimate that the initial 
solid testpiece of copper had a grain size of 
around 150 yu (Fig.4a), while the size of a 
particle of powder was around 5 yp (Fig. 4c). 
Here the particles of copper, Tike the solid 
testpiece after cavitation testing (Fig. 4b), 
judging from the width of the lines, appear to 


Fig. 4. 
a — before cavitation testing; 
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The reverse X-ray photograpns of solid copper testpieces: 
b — after cavitation testing for 60 sec; 


have suffered no significant microdeformation, 
Consequently it may be said that in this case 
also transcrystalline brittle fracture of the 
grains occurs in cavitation erosion of copper, 

The results obtained explain the increased 
cavitation resistance of fine-grained alloys. 
Actually the stress necessary for the brittle 
fracture of the grain is inversely proportional 
to the square root of the linear measurement 
of the grain, There is also the possibility 
of providing an explanation for the negative 
influence of the microrelief of the surface 
on the cavitation resistance of metals, With 
a developed relief, the surface layer has a 
large number of microcracks which facilitate 
the brittle fracture of the grain, 

From the results obtained a qualitative ex- 
planation can be given of the kinetic curve 
which characterises loss in weight in the 
process of cavitation erosion, The kinetic 
curve is characterised by four periods: 1) 
the incubation, 2) the beginning of fracture, 
3) intensive even rupture, 4) dimishing 
rupture [3]. The beginning incubation period 
of the rupture is accompanied by the appear- 
ance on the surface of the metal of individual 
microhollows and, apparently due to this, 
microdeformations. The period of growing 
rupture is characterized by the breakup of the 
crystallites with selective fracture, Here 
microstresses are observed and there is in- 
tensive development of surface relief. The 
resistance of the material to fracture in 
this period depends on the anisotropy of the 
crystallites and on their plasticity. Hardness 
also plays a part as in the case of low ani- 
sotropy and high plasticity the development 


¢ — X-ray photograph of eroded particles of copper (cavitation testing 


5 min). 


VO! 


Cavitation erosion in metals 


of the surface relief will proceed by formation 
of microhollows on the surface, The third 
period of intensive even rupture proceeds with 
quite well-developed relief and is accompanied 
only by the breakup of crystallites and their 
disappearance, The duration of the period and 
also the rate of rupture are apparently deter- 
mined by the resistance of the material to 
brittle fracture, And finally, sometimes a 
fourth period of dying rupture is observed 
which in all probability, is due to the change 
brought about to the macrorelief developed by 
the conditions of fracture, 

4. In passing the phase changes were studied, 
which occur in quench-hardened steel] U7 in the 
process of cavitation testing. For this pur- 
pose the microhardness of the testpieces was 
measured and they were X-rayed before and 
after each consecutive cavitation test, It 
was established that as the duration of the 
cavitation test was prolonged, the microhard- 
ness of the surface layer and also the width 
of the lines on the X-ray, became smaller, 
indicating that the quench-hardened steel was 
becoming tempered. Subsequently a local heat- 


ing is observed in the zone of cavitation 
erosion under the conditions of our experi- 
ments, to temperatures sufficient for the 
tempering of the quench-hardened state, Using 
Gul yaev data [4] these temperatures may be 
approximately estimated at 450-500°. On the 
other hand, this effect indicates that the 
material is subject to intensive cavitation 
erosion not only in the state created by heat 
treatment but also in the state when it is 
subject to an additional thermal] reaction. 


REFERENCES 


. V.V. Gavranek, Trud. KhPI i/n V.I. Lenin, ser. 
inzh.-fizich., 5, 1 (1955). 

. V.V. Gavranek, M.Ya. Fuks and D.N. Bol’shutkin, 
Fiz. metal. metalloved., 1, 3 (1955). 

. V.V. Gavranek, Trud. KhPI i/n V.I. Lenin, ser. 
metallurg., 9, 1 (1957). 

. A.P. Gulyaev, The heat treatment of steel 
(Termicheskaya obrabotka stali), Mashgiz (1953). 


81 
1 
2 
3 
VOL. 
4 
1960 


THE POLYMORPHIC TRANSITION OF CERIUM UNDER PRESSURE* 
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From changes in volume and electric resistance, the pressure and tem- 
perature have been measured of they < 2 pclymorphic transition of 
cerium. Phase diagrams have been obtained for three testpieces of 
cerium with different contents of impurities. It has been established 
that there is a linear temperature relationship for the pressure of 
transformation in all the ranges of pressure studied up to 20,000 ke/em2 
and temperatures of -75 to 212°. The slope of the phase equilibrium 
lines was, within the limits of the accuracy of the experiment, iden- 


d 
=. 0.022°/kexem?, 


dp 

It is shown that the pressure of polymorphic transition is dependent 
on the content of impurities. Polymorphic transition from the gamma to 
the aipha phase at increased pressure and vice versa from the alpha to 
the gamma phase at reduced pressure, is accompanied by a hysteresis 
loop on the p-V dependence. When the temperature is increased the width 
of the hysteresis loop and the extent of the bound in volume, are re- 
duced. It may be assumed from the latter that there is in cerium a 
atransition, in which the 


tical for all the pieces investigated and equal to 


special point on the phase diagram fory._ 


change in volume disappears. 


1. THE INFLUENCE OF THE PURITY OF CERIU!N ON 
THE TEMPERATURE AND PRESSURE OF 
TRANSFORMATION 


It is known that polymorphic transformations 
[1] may occur when the temperature of cerium 
is changed at norma] pressure, In 1958 
Likhter, Ryabinin and Vereshchagin [2] estab- 
lished by direct experiment that the transi- 
tion which occurs at normal pressure and low 
temperature and which was investigated by 
Trombe and Foex [1] is the same polymorphic 
transition discovered by Bridgeman [3], which 
occurs under the influence of high pressure 
at room temperature, However, the transition 
pressures obtained by Bridgeman over a number 
of years, diverge widely among themselves 
(Pp, = 7,600 ke/cm, T, = 30° - 1927 [2]; 

(p, = 7,000 kg/cm? and 7, = 23.4° - 1951 [4] 


* Fiz. metal. metalloved., 9, No.5, 726-732, 1960. 


against p, = 12,430 kg/cm? at room tempera- 
ture in 1948 [5]). 

Frem his information Bridgeman proposes 
that the pressure of transition at room tem- 


perature is increased with purity. This 
assertion does not seem obvious to us, It is 
known that impurities may both reduce the tem- 
perature of transition (or increase the pres- 
sure) or conversely, produce the reverse 
effect. Arising from this it would be in- 
teresting to explain to what extent and in 
what direction the pressure of transition is 
changed by the content of known impurities in 
the metal, i.e. to determine the p-T diagram 
of the ¥<-% phase equilibrium for testpieces 
of cerium of varying degrees of purity. For 
this purpose we made measurements of the 
pressure dependence of the ¥ to a transition 
on temperature in a range of pressures from 
20,000 kg/cm? and temperatures from -75 to 
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The experiments were carried out by the 
method of displacing a piston on apparatus 
designed for the measurement of the volumetric 
compression of solid bodies (Fig.1). The 
apparatus consists of a hydraulic press with a 
free piston and piezometer 4 with a measuring 
device, The principle of the press is similar 
to that described in [2], from which it differs 
in certain details of design which improve its 
operation. The press was calibrated by a 
calibrating compression dynamometer. The use 
of a piston without packing 2 and a low vis- 
cosity working fluid (transformer oil) assures 
low friction between piston 2 and cylinder 1, 
which facilitates measurement of pressure 
force in the latter. For this purpose several 
calibrating manometers of various ranges were 
used and a precision of from + 10 to + 40 kg 
was obtained according to the precision of 
the manometer, This corresponds to a degree 
of error in the determination of pressure in a 
piezometer of, + 150 kg/om?. The piezometer 4 
had an internal diameter of 6 mm, It was 
built of the hard alloy VK6 and attached to 
steel support 5 by a shrink fit. In the piezo- 
meter the testpieces were compressed by two 
moving plungers 3, also the alloy VK6. The 
pieces to be examined (length 2-7 mm) were 
placed in the piezometer in a plastic sheath 
(lead or silver chloride) and packed with thin 
steel rings of triangular section. The width 
of the sheath varied from 0.3 mm (for lead) to 
1.3 mm (for AgCl). Here the friction force in 


the sheath is slightly dependent on its thick- 
ness, pressure and temperature (in the range 
2 to 200°) and amounts to 130-150 kg. Dis- 
placement of the plungers was measured by a 
dial indicator with graduations of 0.002 mm, 
The indicators 9, suspended over the upper 
flange of the press in the ‘‘cold zone” were 
attached to telescopic supports 8 which were 
fastened to the flanges of guide cylinders 6, 
firmly connected with the plungers and cen- 
tred relative to the piezometer. The whole 
equipment was surrounded by a special tank 6 
with a heating element. During operation at 
low temperatures the tank was filled with a 
cooling medium and at high temperatures, with 
‘vvapor’’ type oil; dry heating in a tubular 
furnace was also used. In all cases the ten- 
perature was measured by two thermo-couples 
the junctions of which were in the body of 
the piezometer and on its lower end surface, 
The drop in temperature between the points 
where the thermocouples were fastened and its 
fluctuation in the course of the experiment 
did not usually exceed 1°. 

The method of conducting the experiment and 
the evaluation of the results was as follows 
The loaded piezometer was placed in the meas- 
uring apparatus and compressed two or three 
times in the press at maximum force, Then the 
required temperature was created in the com- 
pression slab (30-50 kG) and it was held for 
the period necessary for its stabilization, 
At constant temperature the pressure in the 


A 


Fig. 1. 


Diagrammatic drawing of press with measuring 


apparatus. 
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press increased intermittently or by smal] 
steps, Indicator readings were made at defi- 
nite stages of pressure, 

The experiments were carried out on cerium 
of three compositions (cerium No.1, cerium 
No.2, cerium No.3). According to the specifi- 
cations, cerium No.1 contained: lanthanum - 
less than 0.01%, neodymium ~— less than 0.5%, 
prazeodymium — less than 0.5%, iron - 0.02%. 
Cerium No,2 was the same as that used in paper 
[2]. The impurity content is not known, 

Cerium No.3 contained: lanthanum - less than 
0.3%, neodymium — less than 0.75%, prazeodymium 
- less than 0.75%, iron — 0.1%. 

In the experiment the relationship was 
measured between the displacement of the piezo- 
meter piston AH and force F developed by the 
press, which created pressure p in the cerium 
testpiece. These measurements produced the 
relationships illustrated in Fig. 2 by curves 
drawn through the experimental points. It can 
be seen from the illustration that this rela- 
tionship is a well-defined hysteresis, Here 
the upper branch of the loop represents the 
course of compression of the substance with 
increase in pressure, while the lower shows 
the course of expansion with reduction in 
It should be noted that the hystere- 


pressure. 
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sis loop observed in the field of phase 
transformation is composed of two parts: one 
is due to the mechanical forces of friction 
and the other to a physical process, The 
illustration shows the results of tests with 
cerium No.1 at temperatures of 20.7 and 149°. 
If the friction forces are not directly deter- 
minable then the relationship between the 
actual displacement of the piston A¥# and 
pressure, can be found by the centre line 
drawn equidistant from the branches of the 
hysteresis loop. In the phase transformation 
zone the transition pressure p, is determined 
as the arithmetical mean of pressures p, and 
Pos Here p, and Po» as shown in Fig.2, cor- 
respond to the beginning of transition from 
one phase to the other with increase and re- 
duction of pressure, After a series of these 
measurements we obtained the relationship 
between transition pressure Ph and temperature 
T, for cerium of all three compositions, These 
results are set out in Fig.3. It can be seen 
from the illustration that all the points for 
cerium of each composition lie on the straight 
line in question, On straight line 2 (for 
cerium No, 2) there are also points which were 
obtained for cerium of this composition in 

the work described in paper [2] (ringed). It 


Fxi0 ke 5 


AH,mm 


Fig. 2. 


Relationship between the displacement of the piezo- 


meter piston DH and applied force F with increase and reduction 
in pressure: 


temperature 20.7°; @, temperature 149°. 
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can be seen that the three straight lines are 
parallel] to one another. The gradient of the 


straight lines in the given phase diagram ? 
0.022°/kg x cm?. It should be noted that 
this figure agrees very well with the result 
obtained in papers [2,10]. From the results 
of the present measurements it may be conclu- 
ded that, within the limits of dispersion, 

the gradient of the straight lines is not 
dependent on the purity of the cerium test- 
pieces, On the other hand purity does have a 
strong effect on the position of the straight 
line on the phase diagram: straight line 1 
is displaced relative to straight line 3 on 
the low pressure side by 2100 kg/cm?. It has 
been shown above that the amount of impurities 
in cerium testpiece No.3 was greater than in 
No.1. From this the conclusion may be drawn 
that if the content of one or some of the im- 
purities in cerium is increased, be it lan- 
thanum and iron or neodymium and prazeodymiunm, 
the pressure for phase transition at a given 
temperature will be increased or the tempera- 
ture of transition at the given pressure will 
be reduced. 


2. TRANSFORMATION HYSTERESIS IN A 
PARTICULAR POINT ON THE 
EQUILIBRIUM CURVE OF THE GAMMA 
AND ALPHA PHASES 


It has been noted above that the p-V rela- 
tionship which we obtained by experiment is a 
summated hysteresis, If the influence of 
friction is ruled out then, in the range of 
existence of one phase the curves V(p) will 
coincide with the growth and reduction in 
pressure; and in the fields of possible over- 
lapping of the two phases a hysteresis loop 
will be formed which could be described as 
true, 

The presence of ‘‘ true’? hysteresis charac- 
terizes the conditions of crystallization of 
the new phase during polymorphic transition, 
For this reason we were interested in the 
extent of the expansion on the loop of ‘‘ real” 
hysteresis, which may be determined from the 
difference in P4-P3 (Fig.4). We were not able 
to find the value of p “P3 in the experiments 
described above as we did not know the precise 
value of the friction forces, To determine 
these experiments had to be conducted in pure 


4 5/6/7768 9 1213 14 15 16 17 
p:10 kg/cm? 


Fig. 3. 


Phase diagram of cerium with different contents 


of impurities: 


1 -— for cerium No.1; 


2 -— for cerium No. 2; 


3 — for cerium No.3. 
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hydrostatic conditions, Here the phase tran- 
sition in cerium can be determinea both from 
the change in volume and the change in elec- 
tric resistance. We measured the electric re- 
sistance of a testpiece made of cerium No, 1, 
by placing it inside a multiplicator [6] 
filled with liquid pentane in which a high 
hydrostatic pressure was created. The results 
obtained are set out in Fig.4 in which the re- 
lationship is plotted between the electric 
resistance of the testpiece and the pressure. 
The points and crosses indicate the results 
obtained on increasing and reducing tempera- 
ture during the first cycle of measurements; 
the light circles and squares indicate the 
results of the second cycle. The results 
agreed very well. In the given circumstances 
the relationship R(p) in the phase transition 
field is a hysteresis the width of which 
P4-P3 = 1600 kg/cm .* The pressure, corres- 
ponding to the centre of the hysteresis loop 
P, = 6800 kg/cm? at T, = 20,5° obtained in 
these experiments, coincides very well with 
the figures obtained by measuring the volume 


R,Q 
0.42 


0.40 
0.38 
0,364 
0.34 
0,32 
0.30 
0.26 


0,26} 


bound (see Fig.3). Besides this we carried 
out experiments in the measurement of the 
‘‘real’* hysteresis loop in a testpiece of 
cerium No,1 in pure hydrostatic conditions by 
the system of measuring linear compressibi- 
lity. Here the width of the hysteresis loop 
at T= 20,5° was py-p, = 1550 ke/cm*. Thus 
practically identical results were obtained 
hy these different methods. We note also 
that the value for the width of hystere- 
sis loop obtained by Bridgeman [4] at a tem- 
perature of 23,4°, is 1940 kg/cm*. The diver- 
gence of this latter figure from those pro- 
duced by us is probably due to the difference 
in the purity of the cerium testpieces, ** 

If the p-V relationships for testpieces of 
cerium No,1 are studied, two of which are 
shown in the co-ordinates F- AH in Fig.2, the 


* The hysteresis loop could not be reduced by 
varying the rate of pressure change or the 
holding time (up to 1% hr). 

In our experiment and in Bridgeman’s the rate 
of change of pressure was more or less the same. 


Fig. 4. 


The relationship between the electric resistance 


of cerium No.1 and hydrostatic pressure. 
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influence of temperature on the total hystere- 
sis loop can be seen. 
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Fig. 5. The relationship between summated hystere- 
sis of Y2a transition in cerium No.1 and the ten- 
perature. 


Fig. 5 shows the temperature relationship 


of p, obtained as indicated earlier (straight 
line B) and also the values which charac- 
terise the width of the summated hysteresis 


loop (straight lines A and C). Points p. and 
P4 in Fig. 5 relate to pure hydrostatic con- 
ditions (see Fig.4). Thus, the difference 
characterises the width of the ‘‘real’’ 
hysteresis loop at a temperature of 20.5° 
while the dotted lines A and C refer to the 
non-hydrostatic experiments in which the 
influence of friction was not excluded. As 
can be seen from Fig.5 and also Fig.2, the 
width of the hysteresis loop decreases accor- 
ding to the increase in temperature, At tem- 
peratures exceeding 150° the width of the 
hysteresis loop on the p-V relationship is 
small, But considering that the extent of 
mechanical] friction in our tests changed 
slightly with increase in temperature, it can 
be assumed that at temperatures close to 200°, 
the ‘‘real’’ hysteresis'of the ¥ to atransi- 
tion is less than the sensitivity of the 
method. 

From paper [2] and also from a study of the 
p-V relationships obtained by us it follows 
that increase in temperature leads to a re- 
duction in the volume bound AV in the phase 
transition of cerium, From the equation 


—4AV-T st can be seen that at a constant 


value for aT 


P 
ments, if there is a reduction in the bound in 


volume AV which occurs on the phase tran- 
sition of cerium with increasing temperature, 
the thermal effect Q should be reduced on 
transition, The reduction in the transition 
heat Q of cerium is somewhat different accor- 
ding to purity (neodymium —- less than 0.75%; 
prazeodymium — less than 0.75%; iron — 0.01%; 
lead - less than 1 x 1074%) from that used by 
us, was observed experimentally by Ponyatov- 
skii [7]. He established that, at a tempera- 
ture of 280° and a pressure 18,500 kg/cm, the 
heat of transition is less than the sensitivi- 
ty of the method of measurement used, 

From an evaluation of the temperature depen- 
dence of the change in volume of cerium on 
polymorphic transition it is possible to pro- 
pose that, at a certain temperature T, and 
pressure p, both phases will have the same 
volume, which means that neither volume changes 
nor thermal effects which occur on changes in 
pressure and temperature, should take place 
under these conditions, In other words, above 
T, and p, there is no first order phase trans- 
formation in cerium, Consequently these para- 
meters characterise a special point which ter- 
minates the equilibrium line of the Yand a 
phases of cerium.* The existence of this 
particular point could be also assumed from 
other considerations, Schuch and Sturdivant 
[8] from radiographic structural analysis con- 
ducted at atmospheric pressure and low tem- 
perature, and Lawson and Tang [9] who studied 
cerium at high pressure and room temperature, 
produced results which indicate at the symmetry 
of the crystal lattice does not change in 
phase transition, Both modifications of cerium 
have a cubic face-centred structure, The 
changes in volume which occur on phase trans- 
formation (about 8%) at room temperature [5,2] 


which we have in the experi- 


* It should be remembered that the line P,® f(T). 
established in earlier [2,7], as in the present 
research, can only be regarded as an approximate 
line of equilibrium. However, the higher the 
temperature, the less the hysteresis and conse- 
quently the closer will be the equilibrium values 
to those determined in these experiments for 
points and p,- 
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are due to the change in the lattice parameter 
of cerium (from a, = 5.14 & for ¥ cerium; 
a, = 4,82 A for cerium) [9]. As the coef- 
ficient of volumetric compression in Y cerium 
should be reduced more rapidly than in 
cerium. It can therefore be assumed that 
several] critical values of T, and p, exist, at 
which the specific volumes of both phases are 
the same. 

The authors wish to extend their thanks to 
L.F. Vereshchagin and AI, Likhter for their 
evaluation of the results of their work. 


Translated by V. Alford 
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THE DEVELOPMENT OF POROSITY 


IN COPPER IN 


CYCLIC HEAT TREATMENT* 


L.M. RYBAKOVA & S.Z. YERMOL’ CHIK 


Institute of Mechanical Engineering, Academy of Sciences USSR 


(Received 1 August 1959) 


An investigation has been made, by metallographic and radiographic 
methods, of the structural changes which occur in technically pure 


copper on cyclic heat treatment. 


The formation of pores has been es- 


tablished, as also their development with the number of cycles and 
distribution through the testpiece, and the connexion between this and 


the depth of the piece. 
formation and the possible cause. 


Under repeated cyclic changes in temperature, 
metal and alloy bodies change their form and 
are ruptured. These changes are connected 
with the stress gradient which occurs on heat- 
ing and cooling. In this connexion papers 
[1,2] describe the study of the change in form 
and formation of cracks under different con-. 
ditions otf heating and cooling testpieces of 
pure metals and of alloys. In this case con- 
siderable attention was paid to thermal shock, 
It was shown that temperature stresses appear 
in flat plates with instantaneous changes in 
temperature of the external medium and certain 
criteria for the change in shape were dis- 
covered [3]. 

On the other hand the changes which can be 
observed in cyclic heat treatment are connec- 
ted with the difference in the coefficients of 
thermal] expansion, The influence of this 
factor has been very carefully studied on 
hexagonal metals which have a noticeable ani- 
sotropy of thermal expansion, It has been 
shown that interrupted heating and cooling 
causes slip on the crystallographic planes and 
twinning in the grains of these metals [4]. 
The influence of the difference in thermal] 
expansion also explains the development of 
mosaic pattern in aluminium monocrystals [4]. 


* Fiz. metal. metalloved. 9, No.5, 733-740, 1960. 


An analysis is made of the kinetics of pore 


In papers devoted to the study of the cyclic 
heat treatment of uranium testpieces it was 
shown that besides a change in form, pores 
develop [6,7]. These pores however, only 
appear in uranium which contains impurities, 
In high purity uranium change of form was 
noticed without any reduction in density [8]. 

The information available at the present 
time on the question of the influence of 
cyclic heat treatment on different materials 
is not very extensive, The most limited 
amount of data are those concerning the study 
of the behaviour of metals with a face-centred 
crystal lattice and there is a complete lack 
of information on metals which show practical- 
ly no change in shape, 

The results are set out below of metallo- 
graphic and radiographic analysis of copper 
testpieces under repeated cyclic treatment. 

It is known from paper [9] that copper test- 
pieces change their dimensions very slightly 
as a result of this treatment and for this 
reason great attention has been paid in this 
work to structural changes, 


RESULTS OF THE INVESTIGATION 


Technically pure bar copper mark \0 was 
examined. Cyclic heat treatment of the test- 
pieces was carried out in the usual muffle 
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Fig. 1. 
ment: 


furnace while the very small testpieces were 
dealt with in a specially constructed small 
furnace, Cooling in flowing water was carried 
out semi- automatically. 

1. The influence of the number of heat treat- 
ment cycles. 

Bars 20 mm wide and 130 mm long were alter- 
nately heated and cooled in the following 
cycle: heating for 15 min up to 650°, holding 
10 min at this temperature and cooling in 
running water (20°). In this way the bars 
were subjected to alternate heating and cooling 
1, 10, 50, 100 and 300 times, Practically no 
change was observed in the size of the bars, 

After cyclic heat treatment the bars were 
approximately cut into two and end-on micro- 
graphic specimens were made for examination 
under the microscope (in section). Fig. 1 
shows metallographic photographs of specimens 
which have undergone a different number of 
heat treatment cycles, Under cyclic heat 
treatment pores appear in copper. In Fig. 1 


it can easily be seen that the pores are 
mainly distributed along grain boundaries, 

The number of pores depends on the number of 
cycles and increases when these are increased, 
Fig.2 shows the relationship between the 

number of pores and the number of cycles of 
treatment, 


The number of pores is plotted 


Development of porosity in copper 


The development of porosity in copper under cyclic heat treat- 
a -— after 50 cycles of heating and cooling; 
x 145. 


b -— after 300 cycles; 


along the ordinate axis per unit of area of 
the specimen, Calculation of the pores was 
only conducted for the fields of vision 
around the centre of the testpiece, The 
means of 15 fields of vision were taken 

(x 130). 

The microphotographs in Fig. 1 taken of the 
centre of the testpieces, show that the size 
of grain is practically independent of the 
number of heat treatment cycles, The inves- 
tigation as a whole, however, revealed a rapid 
recrystallization course, Starting at the 
periphery of the testpiece at a small number 
of cycles, the recrystallization zone moves 
towards the centre with increasing cycles of 
heat treatment, 

Fig. 3 shows a macropicture of a testpiece 
after 300 cycles of heat treatment. The fine 
grain nucleus in the centre of the testpiece 
after 300 cycles of treatment, occupies a 
smal] part of the whole area, The number of 
peess in the recrystallization coarse grain 
zone is less, The character of the pores is 
the same, they are also congregated along 
grain boundaries, 

The sizes of the pores change: they become 
larger with an increasing number of cycles, 
Merging, the pores grow bigger and form micro- 
and then macrocracks. After 300 cycles of 
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alternating heating and cooling, a testpiece 
had become so permeated with micro- and macro- 
cracks as to have lost its solidity. 

2. The influence of the number of cycles of 
heat treatment on the mechanical properties of 
copper. 

After the bars described above had been 
treated for a varying number of cycles, new 
testpieces were cut out for the determination 
of mechanical characteristics, The testpieces 
were so made that the tensile tests affected 
only the inner fine grain zone. A slanting 
hyperbolic groove was made on the testpiece 


2 = 1, where a is the smallest diameter in 


the groove and was equal to 5 mm [10]. The 
tensile test was carried out on an IN-4R 


machine. 
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Fig. 2. Relationship between the number of pores 
and number of cycles of heating and cooling. 


By means of a special optical headpiece 
mounted on the supports of the testing machine, 
measurements of the diameter of the testpiece 
at the smallest cross-section were made in 
the course of tensile tests, In this way the 
transverse reduction of area W was determined. 
From the diagrams recorded on the instruments, 
0.2 proof stress, UTS and true tensile strength 
were determined. These characteristics are 
show as a function of the number of cycles of 
heat treatment in Fig. 4. 

With an increasing number of cycles of heat 
treatment the plasticity of copper falls con- 
siderably as demonstrated by the transverse 
reduction in area and, due to this, the true 
tensile strength. As regards yield point and 
tensile strength, and also Brinell hardness, 
these characteristics show only a slight ten- 
dency to fall] on cyclic treatment [11]. 


Fig. 3. Distribution of the recrystallization 
zone in copper under cyclic heat treatment after 
300 cycles. Macropicture; x 3. 


3. Distribution of pores across a copper 
testptece. 

In copper testpieces pores spread unevenly 
from the centre to the periphery. Fig.5 is a 
diagram showing the radial distribution of a 
number of pores in testpieces after 50 and 
100 cycles of heat treatment. Each point on 
the diagram is the average calculated from 
five fields, The number of pores in the field 
of vision was calculated with magnification 
130 along five different radii of the test- 
piece, 

The main and greatest number of pores is 
concentrated in the central field within 2-3 
mm of the centre. Moving away from the axis 
of the testpiece the number of pores becomes 
less, The reduction is particularly rapid at 
about 5-7 mm from the centre, The peripheral 
region of the testpiece at a distance of 
around 1.5-2 mm fromthe surface, is comple- 
tely free of pores. 

4. The influence of the depth of the test- 
ptece on the formation of pores. 

Testpieces were made in the form of plates 
10 x 10 mm and 1.5, 3, 5 and 10 mm thick, 
They were given cyclic heat treatment as 
follows: heating to 650° and cooling in 
running water (20°). Holding at 650° was 
carried out according to the thickness of the 
testpieces, for 0.5-2, 3 and 5 min respec- 
tively, They underwent 100 cycles of alter- 
nate heating and cooling. After heat treatment 
the testpieces were cut as mentioned above, 


91 
* 
- > 
¢, 
VOL. | 
9 
1960 


92 Development of porosity in copper 


The cutting 
plane was examined under the microscope, 


approximately through the middle. 
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Fig. 4. Relationship between the mechanical 
properties of copper and the number of. cycles of 
heating and cooling. 
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Distribution of pores across copper test- 
pieces. 


Fig. 5. 


Testpieces of different thickness which had 
undergone exactly the same number of cycles, 
contained a different number of pores, The 
distribution of pores was uneven in all the 
- pieces, the largest number was found in the 
centre and there were none on tne periphery. 
Variations in the number of pores in the cen- 
tral part of the testpiece is shown in Fig. 6 
in relation to thickness, It is easy to see 
from the illustration that the number of pores 
increases with thickness, There are prac- 
tically no pores in the testpiece which is 
1.5 mm thick: only one or two can be seen 
across the whole area of the specimen. It 
should be noted that the peripheral area in 


the. thick pieces which is free of pores 
(Fig. 5) is the same depth, around 1.5 mm. 

The last point on Fig.6 represents the 
number of pores in a testpiece 20 mm in dia- 
meter which was described in section 1 above, 
No thicker pieces were tested, These figures 
show that there is no increase in the number 
of pores in testpieces which are more than 10 
mm thick, 


10 15 20 
Depth of piece, mm 


Fig. 6. Relationship between the pore-forming 
process and the thickness of the testpiece. 


The 1.5 mm pieces, in which no pores 
appeared after 100 cycles, were treated up to 
300-350 cycles, As before, however, there 
were no pores and the grain size remained 
metallographically unchanged and no zone of 
recrystallization was observed, 

5. The development of mosaic structure in 
copper, Testpieces which had undergone cyclic 
heat treatment were examined radiographically 
in standard conditions by the reverse photo- 
graph method. Cobalt radiation was used, 
The interference spots received on the film 
were reflections from the system of plane 
(400). Before the X-ray photographs a film 
about 0.2 mm thick was removed electrolyti- 
cally from the ends of the testpieces which 
had been examined metallographically, 

It was seen that the interference spots on 
the X-ray photographs became more complex 
with increasing numbers of heat treatment 
cycles, The well-defined smal] spots obtained 
after 10 cycles of treatment became bigger 
after 50 cycles, The spots increased in size 
continuously after 100 cycles while after 300 
cycles they broke up into a number of smal] 


ones, 

Fig. 7 shows sectors of X-ray photographs 
obtained of testpieces 20 mm in diameter after 
underneath the 


10, 50, 100 and 300 cycles; 
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individual typical spots of each photograph 
are shown in greater magnification, The nature 
of the change in the interference spots is 
clearly visible in the X-ray photographs, In 
the thin testpieces which contain no pores, 
the change in the interference spots is quali- 
tatively analogous with the difference that 
the division of the interference spots is 
observed after a smaller number of cycles, 
This is apparently connected with the greater 
rate of cooling in the thin testpieces, 


X-ray photographs of copper testpieces 
a -— after 10 cycles 


Fig. 7. 
after cyclic heat treatment: 
of heating and cooling; b —- after 50 cycles; 

after 100 cycles; d-— after 300 cycles. 


DISCUSSION OF THE RESULTS 


In considering the problem of the origin of 
the pores which emerge in copper under repea- 
ted cyclic heating, two basic question arise: 
that of the origin of the pores and of the 
kinetics of their development under repeated 


heating. Leaving for the time being the 
problem of their origin, let us follow the 
kinetics of development, 

The photomicrographs in Fig.1 show that the 
pores in copper are congregated on grain 
boundaries, As the number of cycles of heat 
treatment increases the number of pores is 
increased. The pores grow in size with an 
increasing number of heat treatment cycles, 
To begin with they appear at the junctions of 
three grains, Gathering in large quantities 
on grain boundaries, they merge into micro- 


and then macrocracks, It is quite clear that 
pores formed on grain boundaries lead to con- 
siderable changes in the behaviour of the 
boundaries in a polycrystal, This can be 
seen by the sharp reduction in the plasticity 
of the metal, 

It has been noted above that the gradient 
of the stresses which arise in a testpiece on 
heating and especially on cooling, when the 
inner field of the testpiece is in a state of 
tension, facilitates the formation of cracks, 
Here the thickness of the testpiece exerts 
some influence on the rate of cooling and 
thus determines the gradient of the stresses 
in the piece, Fig. 6 shows how the number of 
pores changes with the thickness of the piece, 
The influence of the stress gradient can 
easily be seen on the macropicture, In a 
testpiece which has undergone 300 cycles of 
heat treatment, macrocracks are distributed, 
mainly radially, in four directions perpendi- 
cular to each other from the boundary between 
the fine and coarse grained zones in a manner 
similar to the distribution of cracks in a 
thick-walled tube with internal pressure, 

On the other hand in testpieces which are 
less than 10 mm thick the number of pores 
under the same conditions of treatment is 
reduced and is virtually nil at a thickness 
of about 1.5 mm. The change in the number of 
pores with the thickness of the piece is here 
analogous to the change in the number of pores 
along the radius of a thick testpiece (Fig. 5). 

From a study of the kinetics of development 
of pores under cyclic heat treatment and from 
observation of the experimental facts certain 
observations may be made on the problem of 
the origin and development of pores, 

When a metal is heated vacancies will] al- 
ways be formed in it and their number will be 
dependent on temperature and the rate of cool- 
ing. If cooling is rapid the vacancies appear 
to be trapped and by means of fluctuation, 
pores are formed from them Fig.8a shows a 
photomicrograph (magnification 400) of a 
copper testpiece heated to 650° and cooled in 
running water, The grain surface of the 
piece is covered by a large number of etching 
pits (the etching was carried out with ferric 
chloride). These etching pits are similar in 
character to a negative crystal [12]. In re- 
peated cyclic treatment, where the vacancies 
and pores become very many, it is observed 
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Fig. 8. 


Distribution of etching pits and pores in copper testpieces after 


cyclic heat treatment: 


a - after heating to 650° and cooling in water (20°); 
x 400. 


that they start to withdraw to the surface of 
separation between blocks and grains and to 


the surface of the piece itself. In Fig. 8b 
it is easy to see that etching pits have 
‘gathered together in groups forming subgrain 
boundaries, Part of the vacancies, leaving 
the body of the grain, withdraws to the boun- 
dary and forms a pore. When the number of 
cycles is increased the pores grow as a re- 
sult of the flow of vacancies into them As 
they also possess a definite mobility, the 
vacancies drift towards the surface of the 
polycrystal and leave it if the free path of 
the the pores is the same as the thickness of 
the testpiece. This explains the relation- 
ship between the number of pores and thick- 
ness of the piece, the absence of pores in 
thin pieces and their distribution across the 
depth. It can clearly be seen in Fig. 8b 
that around the pores which are the discharge 
points for vacancies, sectors of the body of 
the grain and the boundary are free of etch- 
ing pits. 

A number of factors influence the formation 
and behaviour of vacancies and pores, These 
include factors related to the conditions of 
heat treatment which in our work were as far 
as possible maintained constant, The only 


b - after 300 cycles; 


thing liable to change, as noted above, was 
the stress gradient which is determined by 
the thickness of the piece. Mention of the 
influence of factors connected with the 
material has been made in papers [4,5, 8]. 
Thus considerable influence on the develop- 
ment of pores and the formation of micro~ 
cracks is exercised by internal stress which 
arises in cyclic heat treatment as a result 
of the anisotropy of the coefficient of 
thermal expansion and that of the elastic 
properties in different crystallographic 
directions and different heterogeneities in 
the polycrystal. For instance, the emergence 
of a coarse-grained zone is evidence of the 
presence of internal stress the extent of 
which appears to be quite considerable on the 
surface of the piece. This causes the more 
rapid recrystallization of the metal than 
would be the case under prolonged holding. 

The initial formation of pores at the junc- 
tions of three grains, the formation of micro- 
cracks on grain boundaries and finally, the 
polygonization or development of a substruc- 
ture in the grains also indicate the presence 
and influence of internal stresses, 

Porosity in copper, crack formation, re- 
crystallization in testpieces under the action 
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of internal stresses, have previously been 
observed in connection with the investigation 
of the embrittlement due to gases (hydrogen, 
water vapour). Quite a large number of re- 
search works have been devoted to the study 
of the problem of gases in metal, Many 


hypotheses have been put forward to explain the 


embrittlement of copper [13]. In order to 
determine the influence of a gas on the metal 
under «cyclic heat treatment, we carried out 
some control experiments — heat treatment in 
a vacuum — in sealed quartz ampoules, In 
testpieces 20 mm in diameter, after 50 and 
100 cycles of treatment, microscopic examina- 
tion also revealed the presence of pores, The 
number of pores was, however, considerably 
less and the grain size was greater, But 
these results cannot be compared with the 
results obtained under normal conditions as 
the the conditions of heat conductivity in 
ampoules are different. which means that, for 
instance, the rate of heating and cooling i.e. 
the basic conditions of heat treatment, are 
quite different. On the other hand, in a con- 
trol experiment with prolonged heating of the 


copper in a muffle furnace at 650° for 50 hr, 


no pores appeared. 
that if gases have exercised some influence on 
the formation of pores in our experiments, 
this influence was not decisive, 


CONCLUSIONS 


Under cyclic heat treatment pores appear in 
technically pure copper, The pores are dis- 
tributed along grain boundaries, The number 
and size of the pores depends on the number of 
cycles. If the number of cycles is increased 
the size of the pores is greater, 

The number of pores in a testpiece is depen- 
dent on its thickness. No pores appear in 
thin testpieces. Distribution of the pores 
across the testpiece is uneven, The maximum 
number of pores is in the centre and there 
are none on the periphery. The peripheral 
zone is about 1.5 mm deep. 

The grain size in the central part of the 
testpiece changes slightly according to the 
number of cycles of heat treatment. On the 
surface there is a zone of recrystallization, 
the size of which increases with the number of 
cycles of heating and cooling. 


It may therefore be assumed 


When the number of cycles of heat treatment 
is increased, the pores merge. They form 
micro, and then macrocracks which ultimately 
lead to rupture of the piece. The plasticity 
of copper is reduced with increase in the 
number of heat treatment cycles, There are 
only insignificant changes in the strength 
characteristics and hardness, 

It is observed that a mosaic structure 
develops im the grains, The emergence of 
pores in the piece is explained by the for- 
mation of vacancies on heating and their 
fixation under rapid cooling, In the process 
of the heat treatment cycles the pores grow 
and are re-distributed, 

Some influence on the growth of pores and 


_ microcracks is exercised by the stress gradi- 


ent due to different rates of heating and 
cooling at the surface and in the centre, and 
the internal stresses which arise as a result 
of the heterogeneity of the body (the dif- 
ferences in the coefficients of thermal ex- 
pansion and in the elastic properties of in- 
dividual grains and the dissimilar properties 
of the boundaries and bodies of the grains). 
Gases may also have some influence on the 
development of pores under cyclic heat treat- 
ment, 

The authors take this opportunity to extend 
their thanks to Professor B.N. Rovinskii for 
his constant attention and interest in the 
work, 


Translated by V. Alford 
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INFLUENCE OF TEMPERATURE ON THE COMPRESSION 


DIAGRAMS OF METALS* 
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Compression diagrams of the metals: 
aluminium and nickel have been taken 


In reviewing current theories on cold short- 
ness [1] our attention was caught by Kochen- 
dorfer [2] and his collaborators [3] who 
explain cold brittleness in the lattice of a 
body-centred cube by the special influence of 
temperature on yield point and the coefficient 
of work hardening, comparing it with the be- 
haviour of the face-centred lattice. 

In their experiments in the compression of 
iron, aluminium and copper they established 
the existence of the following principal dif- 
ferences between metals with face-centred and 
body-centred lattices, The difference was 
disclosed by comparing on diagrams, the in- 
fluence both of different testing temperatures 


tantalum, molybdenum, iron, copper, 
at -196 and -20°. 


- (+20°) and (-180°), and transition from low 
temperatures (-180°) to high (+20°). 

1. In comparing diagrams taken at -180° 
with those taken at +20° it was found that: 

in body-centred cubic structures there is a 
sharp increase in yield point while the coef- 
ficient of work hardening remains the same; 

in face-centred cubic structures there is 
no increase in yield point and the coeffici- 
ent of work hardening grows considerably. 

2. Carrying out part of the test at -180° 
and continuing it at +20° it was found that: 

in body-centred cubic structure there is 
complete transition to continuous deformation 
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Fig. 1. 
deformation at -196°. 
3 22.1%; 4 28.5%; 
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Compression diagram for tantalum (ND 0.63%). 
Continuation at +20°; 
5 — deformation at 20° - 43.1%. 
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formation at -50°: 1 4.7%: 
liminary deformation at -196°: 
+ 


in face-centred cubic structure there is 
incomplete transition to continuous deforma- 


it. 


prove to be the focal point in the solution 


tion with subsequent gradual] withdrawal] from 


of the problem of the physica] cause of cold 


Fig. 2. Compression diagram for molybdenum (99.97%). 
2 10.1%; 
5 — 9.5%; 


3 14.8%; 
6 - 18.75%. 


20°; 7-33. 


brittleness, we decided to repeat these ex- 
periments in a larger field, On one hand, we 
proposed to use a wider assortments of metals, 
and on the other - to add a third cycle of 
tests, transition from high temperatures to 
It also seemed a good idea to verify 
the accuracy of the mechanism established by 
Kochendorfer and to find out whether it 
actually was the principle, 


Assuming in common with Kochendorfer, that low. 
the existence of such a noticeable difference 
in the behaviour of the metals described may 
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Fig. 3. Compression diagram for armco iron (0.04% C). 
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1. RESULTS OF THE EXPERIMENTS 


The following technically pure metals were 
used for the experiments in the polycrys- 
talline state: armco iron (0.033% C), molyb- 
denum (99.97% Mo), tantalum (99.11% Ta, 0.65 
Nb), copper (99.95% Cu), aluminium (99.99% Al) 
and nickel (mark N-1). The testpieces were 
in the form of cylinders of about 10 mm 
in diameter, with a length to diameter 
ratio of 1.5:1. |The compression tests were 
conducted on an IM-12A machine with the re- 
verse in a special guiding cylinder (to 
avoid twisting). Testing at a temperature of 
-196° was carried out in liquid nitrogen. The 
diagrams recorded on the automatic attachment 
to the machine are shown in Figs.1 to 13. 

They represent ‘‘force-reduction in height’’ 
(without conversion to stress and unit strain) 
for the following types of experiment: 1) con- 
tinuous testing at room temperature; 2) the 
same at -196°; 3) partial testing at -196° 
followed by testing at +20° (for 4-5 stages of 
deformation from 6 to 30%); 4) this order 
reversed — transition from +20 to -196° 

In analysing these diagrams it should be 
remembered that the elastic sectors have a 
highly exaggerated slope as, due to the nature 
of the testing machine, not only does elastic 
deformation occur but also the upper grip of 
the machine is displaced, due to the pendulum, 

Studying the diagrams we see that the main 
differences in them between the body-centred 
(Figs. 1-3) and face-centred (Figs.4-6) struc- 
tures observed by Kochendorfer, are qualita- 


tively confirmed; however, quantitative 
analysis of the diagrams, as conducted in 
Table 1, indicates that the body-centred group 
differs from the face-centred group mainly in 
the considerable increase in yield point (it 
should be observed that in nickel, despite 
the face-centred lattice, not only is there a 
considerable increase in yield point (by 30%) 
but also a small area of yield can be seen, 
see Fig.6). As regards the coefficient of 
mechanical] hardening, in the body-centred 
lattice it is very far from being insensitive 
to temperature but increases quite a lot, 
particularly in molybdenum for which the 
growth of the coefficient is about 1% times 
as great as that of copper (Table 1). 


TABLE 1 


Material 


Molybdenum .. .. .. 250 2.75 
Aluminium af 10 3. 26 


Diagrams 1 to 6, together with the results 
of the tests showing transition from -196° to 
+20°, reflect the different degrees of com- 
pressive strain, Here, for the metals of the 
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Fig. 5. Compression diagram for aluminium (99.99%). Preliminary de- 
formation at -196°. Continuation at +209: 1- 5.65%; 2 - 9.8%; 


3- 10.0%; 4- 12.1% 5 20,9%; 


6 - 31.6%. Deformation at -196°: 


7 20.9%. 


body-centred group (excluding iron) we have 
an almost immediate departure to the normal 
curve with only a slight growth at the very 
beginning (something like an area of yield). 
The iron is an exception (Fig.3): in it each 
new diagram is slightly below the previous one, 
This might be explained by the fact that at 
-196° there is partial strain hardening as a 
result of the absence of ageing at this tem- 
perature, and due to this, on transition to 
room temperature resistance to deformation is 
somewhat below normal. 
In the face-centred group (Figs.4-6) the 
main difference is that the ‘‘outgrowths’”’ 


mentioned above are considerably bigger, 

while the diagrams in general do not depart 
from normal; this is particularly noticeable 
in aluminium (Fig.5) and very slight in nickel 
(Fig.€) which, by the way, while preserving 
the features of a face-centred cube, is at the 
same time somewhat similar to iron as it has 
practically the same melting point. 

Table 2 shows some of the figures resulting 
from the experiments, which characterize the 
relative (in percent) extent cf the ‘‘ out- 
growths’’ and indicate what part they play in 
the total difference between the yield points 
appropriate for temperatures of continuous 
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Compression diagram for nickel (N-1). Preliminary deformation 
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Fig. 7. Compression diagram for tantalum (0.63% Nb). Preliminary de- 
formation at +20°. Continuation at -196°: 1- 8.2%; 2- 10.9%; 3- 
12.7%; 4-—- 17.2%; 5 — 22.5%. 


testing at -196 and +20° (the table lists the group differ sharply from those of the face- 


averages calculated for several stages at de- centred group of the low relative values of 
formations of 10 to 25%). the outgrowths (less than 3-4 times). The 
drop in stress after the beginning of defor- 
VOL. TABLE 2 mation, which is known as ‘‘work softening’’, 


was studied in detai] for aluminium (mono- 
The relationship of the size of the crystalline) and explained in the light of 
‘‘outgrowth’’ tothe general elevation the dislocation theory, in paper [4] and for 
of the curve on transition from this reason we will not dwell further on it 
-196 to +20°, % here. 
~ The second group of experiments was carried 
out with preliminary testing at room tempera- 
ture and subsequent continuation at -196° 
(Figs. 7-13). Here again the same picture 
waS repeated. The new diagram for the metals 
of the body-centred group withdraws almost 
immediately to its low temperature level. It 
is true that in tantalum (Fig.7) there is a 
It can be seen that metals of the body-centred slight “‘short fall’’ although the coefficient 
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Fig. 8. Compression diagram for molybdenum (99.97%). Preliminary de- 
formation at +20°: 1 - 6.6%; 2- 10.9% 3- 16.8% 4- 22.2%. De- 
formation at -50°: 5 — 31.0%. 
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Fig. 9. Compression diagram for molybdenum (99.97%). Preliminary de- 
formation at +300°. 


Continuation at +20°: 
13.2%; 4- 18.0%. 


1- 5.2% 2-7.5% 3- 


of work hardening reaches normal levels; in 
molybdenum (Fig.8) the departure to normal] 
level is delayed, while in iron (Fig. 10) the 
new diagram is each time slightly higher. 
This elevation, which is similar to the anoma- 
lies which occur in reverse temperature change 
(Fig. 3) is explained by ageing: ageing occurs 
in passage through the first high-temperature 
sector, giving additional strain hardening, 
which would not have occurred in deformation 
in liquid nitrogen. 

The picture for the face-centred metals 
(Figs. 11-13) is quite different. In them the 
transition from a high to a Jow temperature 


does not lead to a diagram wtil the level 
responsible for this temperature is reached, 
and no asymptotic tendencies towards it are 
revealed, This property is particularly re- 
vealed in aluminium (Fig. 12). 

A rough calculation shows that while in 
tantalum the transition to the lower tempera- 
ture takes up about 80% or more of the ten- 
perature range of stresses, in nickel it is 
restricted to a total of 50%, in copper -— 37% 
and in aluminium - 17%. 


DISCUSSION OF RESULTS 
Characterizing the features of the metals of 
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both groups — body- and face-centred cube, we 
can detect the following main tendencies in 
them: in the body-centred group, when the 
testing temperature is changed the diagram 
either transfers immediately to its new tem- 
perature level or very closely approximates to 
it so that it can rapidly merge with it. In 
the face-centred group on the other hand, a 
change in temperature only causes a certain 
displacement of the diagram in the direction 
of the new level, while the overwhelming part 
of the difference in level remains unchanged 
and is not subsequently changed. 

The part of the displacement of the diagram 
which appears immediately after the change in 
temperature (whether the change consists in 
transition from a low to a high temperature or 
vice versa), has been described by Cotrel] and 
Stokes [4] as reversible. It indicates a 
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purely temperature influence on resistance to 
strain which is not connected with structural 
re-arrangement, The remaining - irreversible 
- part of the interval between diagrams at 
-196 and +20° reflects the structural differ- 
ence in deformations occurring at different 
temperatures, This second half of the effect 
is easy to understand if one considers that 
the thermal movement is likely to have a con- 
siderable effect on the nature of the disloca- 
tion processes, Vasil’ yev and his collabora- 
tors [5] made a careful study, by means of 
optical and electron microscopes, of the fea- 
tures of the structural deformation of al umini- 
um monocrystals in relation to previous tem- 
perature changes; for example, multiple frac- 
tures (teeth) were found on traces of slip at 
transition from -196° to +20°. 

Regarding the nature of the first, reversible 
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part of the effect, it remains unclear; all 
the same it is precisely this part which 
should be responsible for cold shortness, as 
it is strongly developed in metals of the 
body-centred group as opposed to those of the 
face-centred group; in iron for example, it 
embraces the whole interval between the dia- 
grams. It is possible that in iron, the low 
temperature of deformation leaves no additio- 
nal changes on the structure as opposed to 
high temperature deformation. 

The radiographic picture of plastic defor- 
mation speaks in favour of this hypothesis. 
Actually the expansion of the lines of the 
powder spectrum in iron deformed at -196° (in 
photographs taken at the same temperature 
-~196°) is 1.5 times greater than at +20°; how 
ever, if a testpiece deformed at -196° is 
heated to +20°, then the increase in expansion 
disappears immediately, until new plastic de- 
formation starts at -196° [6]. The picture is 
similar to that obtained when second-type 
stresses of low stability occur at low tempera- 
ture deformation and disappear on heating, to 
re-appear again if the low temperature defor- 
mation is continued. Being the unavoidable 
accompaniment of this deformation they may 
well be responsible for cold shortness, 

As regards the origin of these stresses per 
haps here, by analogy with the views expressed 
by Bechtold [7], we have an oriented migration 
of interstitial atoms into the field of force 


Compression diagram for nickel (N-1). 
2 10.7%; 
4 — 20.5%: 5 — 25.6%; 6 — 32.0%. 


Preliminary 
3 — 15.0%; 


of the stress connecting the cubic lattice of 
the body-centred cube (but not a face-centred 
cube) to the tetragonal structure. It is 
probable that this transfer of interstitial 
atoms, which occurs by means of thermal move- 
ment, is because it reduces the consumption 
of energy in reforming the crystal lattice in 
the process of slip, although it is accom- 
panied by an increase in second type stresses, 
The lower the temperature, the more intensive 
will be the field of force enabling the ther- 
mal movement to complete its mission. Re- 
laxation at room temperature enables the 
thermal movement once again to re-arrange the 
tetragonal structure which is being formed 

and relieve both the expansion of the line 

and the softening which is connected with it. 
Besides this, this type of re-arrangement of 
the lattice may not be reflected in the micro- 
structure of plastic deformation, 

The explanation put forward errs in that it 
is only suitable for body-centred and ignores 
the existence, even if it is to a very small 
degree, of reversible hardening (and soften- 
ing) in a face-centred cube, Perhaps there 
remains yet another, hitherto unexp] ained, 
type of reversible deformation which is par- 
ticularly in evidence in the strain hardening 
of iron (and of body-centred cubes in general). 
The answer must be sought by a further devel- 
opment of the dislocation theory which still 
only weakly allows for temperature influences, 
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In conclusion we note yet another feature 
which appeared in the experiments described, 
As radiographic analysis of the testpieces [6] 
was conducted at the same time as the mechani- 
cal testing, it was found that the expansion of 
of the lines on the powder photograph during 
temperature changes, runs parallel] to resis- 
tance to deformation: the diagram for the two 
effects is exactly the same, 


CONCLUSIONS 


Compression tests have been made and dia- 
grams taken at temperatures of -196° and -20° 
for the following metals: with a body-centred 
cube — tantalum, iron and molybdenum; with a 
face-centred cube — copper, aluminium and 
nickel, Tests were also carried out with 
transition from low to high temperatures and 
reverse, 

The difference in the behaviour of the two 
groups consists in the predominance of a 
strong temperature influence in body-centred 
metals on the yield point and the greater part 


played by the reversible portion of strain 
hardening in transition from one temperature 


to the other, in comparison to the face-centred 
metals. An opinion is exnressed regarding the 
plausibility of the hypothesis which connects 
the temperature influence on reverse harden- 
ing in body-centred cubes with the transfer 

of interstitial atoms to the field of force. 


Translated by Alford 
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THE HETEROGENEITY OF PLASTIC DEFORMATION 
STRUNIN 
(Received 3 August 1959) 


Methods involving the theory of probability and mathematical statis- 


IN TENS !ON* 


tics have been used in the investigation of the deformation of metals. 
The value of the mean square deviation of elongation has been selected 


as the qualitative characteristic of heterogeneous deformation; 


the 


advantages of this index are demonstrated over that previously used. 
From a statistical study a relationship emerges for the scatter of 
percentage elongation on sectors of length Los on the value of Lo. 
This relationship is cenfirmed by experiments carried out by the 
author and the work in paper [11]. Paper [11] confirms experimentally 
the fact that the frequencies curve of elongation tends towards the 
normal distribution which was obtained by the author as the result of 


the theorem of the theory of probability. 


The relationship has been 


found experimentally between the mean square deviation of elongation 


It has been established by a number of 
research workers [1-4] that plastic deforma- 
tion in tension is distributed very wmevenly 
through the stressed volume. This unevennes 
in plastic deformation is a result of the 


heterogeneity of real polycrystalline materials 


in both composition and structure, From a 
study of the heterogeneity of plastic defor- 
mation and the changes which occur in the 
process of deformation, it can be seen how 
the mean deformation of the macro-volume is 
built up out of the deformation of its com- 
ponent elements, The nature of the beginning 
and the distribution of plastic deformation 
can also be seen and the initiation of the 
fracture which is mainly due to plastic de 
formation, 

In papers [2,3] the mit strain was deter 
mined from the changes in the distance between 
impressions made in a straight line in sectors 
of a testpiece by a Vickers tester at a load 
of 1 kg. AS a qualitative analysis of the 
degree of heterogeneity of plastic deformation 
the writers [2] put forward the coefficient of 


and mean deformation of a testpiece. 


® Fiz. metal. metalloved., 9, NO.5, 752-757, 1960. 


localization. 


max (1) 


where €max iS the maximum deformation on an 
individual sector of the testpiece; €nean 15 
the mean deformation of the testpiece as a 
whole. Papers [1,4] describe the study of 
the heterogeneity of the distribution of de- 
formation along the grains of a polycrystal- 
line metal by constructing frequency diagrams 
for the non-equiaxial state; we note that 
the connexion between the changes in the non- 
equiaxial state of a real grain and its local 
deformation is not analytical but assumed, 

the form of which has not been established, 
and for this reason it is difficult to say to 
what degree the method employed by the writers 
permits the determination of the distribution 
of the deformation of individual grains through 
the section. 

For the qualitative analysis of the degree 
of heterogeneity in the deformation of grains 
across the sections along the axis of a test- 
piece, paper [4] has used the change in dis- 


VOL 


Plastic deformation in tension 


persion of the logarithm for the ratio between 
the maximum and minimum grain sizes, 

It has been shown as a result of the inves- 
tigations [4] that the degree of heterogene- 
ity of the deformation in grains across the 
section increases in all materials which have 
been studied according to the increase in unit 
stress; the writers of paper [2] have come to 
an opposite conclusion - “the localization of 
plastic deformation in the types of steel 
tested, is reduced with increased deformation’”’ 
Although the deformations in papers [2] and 
[4] were studied in volumes of different size 
the difference in principle in the conclu- 
sions may be explained on one hand, by defici- 
encies in method [4] and on the other, by the 
unsatisfactory selection of coefficient (1) 
from the statistical point of view, 

In our investigation the same method is used 
as in papers [2,3], which provides a statis- 
tical study of the connexion between the 
heterogeneity observed in plastic deformation 
on sectors of 6 lengths of a piece in tension 
(macro-heterogeneity) with the heterogeneity 
of deformation generated by it in different 
micro-volumes composing the sector of the 
testpiece which provides the basis for the 
measurement of local elongation, 

The problem of analysing the heterogeneity 
of deformation from experimental data is a 
statistical one which amounts to analysis of 
the parameters of genera] distribution from 
selected data, 

1. In the method employed imprints from a 
diamond pyramid have been made in a straight 
line along the testpiece at distances of 


1) (i=1,2,...,2) from one another. The percen- 
tage elongation of the i sector under plastic 
deformation e for the whole testpiece will be 
designated by 

Let the length of the sectors l', be the 
same and equal to ly. 


We will divide the i sector of the test- 
piece by volume 2 and this in its turn will 
be divided by the element w[/5]. Inside the 
fixed volume §2 and equation similar to (2) 
holds good. 


where and are the percentage 
elongation of volumes {2 and w at mean plastic 
deformation equal to €; 1(() and 1(q@) are 
the mean linear dimensions of volumes 2 and w 
respectively and summation is made through 
the elements {2composing volume w. 

Thus we find the equation 


(4) 


where the summation covers volumes {2 composing 
the i sector, From (3) and (4) it follows 
that 


(1, 2)= 


(o, ¢). 

0 
where summation is carried out through the 
elements w which compose sector /}: 

Because of the heterogeneity of composition 
and structure in a real] material in different 
micro-volumes w, and also because of the 
large number of factors which influence the 
behaviour of the fixed element w,in the 
course of deformation, the values for 5(0,e) 
will be ranaom. Let us assime that for all 
cases of € dispersion D?5(,e) exists, For 
the random value 5(w,e) and let us take the 
value of D?5(,¢) as a quantitative indicator 
of the degree of heterogeneity of deformation 
in volume §2 (micro-heterogeneitics). | 

From equation (5) it follows that 8(lo, <) is 
also random, We will re-write (5) in the 
following form: 


i [(m)4 ( ’ 


If a sufficiently large, then in 


assuming the independence of the addends in 
the right side of (5’) and the existence in 
them of final dispersions, by virtue of the 
classic limit theorem [6], it follows that 


—* the density of distri- 


tribution of the random value a(li, e) will 


with increase in 
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tend towards the density of normal distribu- 


tion, 
It follows from what has been said that for 


quantitative evaluation of the degree of 
heterogeneity of deformation in the different 
sectors n (macroheterogeneity) the best thing 
to take is the value of dispersion D®2 (Jo, §), 


as this, together with the mean value 
=e provides: a full definition of 


normal distribution, 

If it is assumed that the addends of the 
right hand side (5) are independent, then the 
following equation wil] take place [7]: 


D% (lh, 2) = (w, (6) 
0 


Thus, at one and the same micro-heterogeneity 
of deformation (fixed by the value L)40(w,¢)) 


the extent of macro-heterogeneity of deforma- 
tion observed is-dependent on the 


value of the base los and the greater the 


,i.e., the greater the averaging, 


ratio 


the smaller will be the value D%é (/j, ©). The 


element according to definition, represents 
the volume which is in a state of heterogene- 
ous deformation right up to fracture. These 
volumes occur in polycrystalline metals in the 
form of a certain portion of a block in a 
crystallite [8]. From equation (6) it follows 
that the degree of heterogeneity observed at a 
fixed base lj, will grow with extension l (w), 
i.e., the greater the size of the block in a 
crystallite, the more heterogeneous will be 
the flow of the metal, 

Each of the pieces tested is a selection of 
n of sectors Lie and the results of measure- 
ment of the whole testpiece in deformation € 
give the random figures for 8 (lo, e). The 


problem of the analysis of the form of distri- 
bution of the random figure 4(/j, ¢) and its 


parameters from experimental data, is solved 
by methods of mathematical statistics [7,9]. 
The empirically determined Dé (/;, ©) provides 


I7| the mean quadratic deviation 


Plastic deformation in tension 


where ¢, is the percentage elongation of the 
i sector (the observed value of the random 
figure 4(l0, © is the elongation of the 


whole testpiece; n is the number of sectors 
in the length of the piece, 

The value which indicates how closely this 
or that estimation approximates to the figure 
sought for the parameter, is the dispersion 
of estimation. In the function of a norma) 
random value 6(/o, «) the dispersion of the 


mean quadratic deviation in a sample of volume 
n is written in the following way [9]: 


V 2n 


Dg (1, ¢) => (8) 


V2n 


From equation (8) it is possible to deter- 
mine the volume of sample n (the number of 
sectors of length lo) necessary to obtain the 


value Dé(lo, with the required precision, 


From the above, let us see how successful 
has been the selection of the coefficient of 
localization (1) as an estimation of the de- 
gree of heterogeneity of deformation. 

The mathematica] expectation Ms,, ata 
fixed value of base-line 1) is dependent on 
the number of sectors n and dispersion 


Dé (lb, ©) in the following manner [7]: 


| Da (Li, 
(9) 


InInn+In4zx 


2V 2inn 


where ¢= ‘s the mathematic expec- 
tation for the random value 8 (6, e) dividing 


(9) by e we get for the mean value ML for the 
coefficient of localization 


InInn+In4z 7 DB (if, 
2V2inn 
(10) 


The dispersion DL of the coefficient of 
localization is considerably greaten at low n 
than (8) [7]. Thus, the selection of L as an 
estimate of the degree of heterogeneity of 
deformation is not successful for the follow 
ing reasons: 


(a) At no _, the mean value ML does not 
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tend towards any definite limit; 

(b) At fixed n the sample value L has a 
dispersion figure which is greater than (8); 

(c) There is no simple relationship between 
L has base length 1), the extent of elongation, 

2 For an experimental verification of re- 
lationship (6) we carried out the investiga- 
tion of the heterogeneity of plastic deforma- 
tion on bases ly = 0.2, 0.4, 2, 5 and 10 m, 
The material used for the testpieces was the 
alloy AMG-6 (6.34% Mig; 0.5% Nn; 0. 28% Fe; 
0.17% Si, the rest Al). 

The testpieces were cut out of pressed strip 
and annealed; the average grain size was 
around 0.010 mm. For the investigations on 
bases 2, 5 and 10 mm, pieces 10 + 0.005 mm in 
diameter were used with a test length of 200 
mm, The surface of the pieces was polished 
with emery and GOI paste. Diamond pyramid 
imprints were made on the testpieces with a 
Vickers tester at 1 kg load. The sectors be- 
tween the impressions were 5 mm in length and 
were inside sectors 10 mm in length, sectors 
2 mm in length were inside sectors 5 mm long, 
A special device was made to ensure that the 
given distance was maintained between the im- 
pressions. This consisted of 2 prisms (a 
mobile and an immobile one). The fixed prism 
was attached to the stand of the Vickers in- 
strument and the testpiece was put on the mo- 
bile one, Graduations were marked on the 
prisms, by means of which the required dis- 
tances between impressions could be maintained 
at a precision up to 0.1 mm, The distance be- 
tween impressions was measured before and 
after tension on horizontal comparator IZA-2 
with a precision of up to 0.001 mn, 

Tension was applied on a machine with hyd- 
raulic drive at the rate of 0.5 mm/min. To 
examine the heterogeneity of plastic deforma- 
tion on bases 0.2 and 0.4 mm micro-specimens 
were made 0.8 + 0.01 by 2.5 x 10 mm in size. 
The surface of the testpieces was first poli- 
shed on fine emery and then given an electro 
polishing. The imprints were made on a PNT-3 
apparatus with a diamond pyramid at a load of 
2 g; 0.2 mm long sectors were disposed in- 
side sectors 0.4 mm long and the distance 
between imprints was maintained by means of a 
micro-adiusting screw at a precision of up to 
0.01 mm and was measured before and after ten- 
sion on microscope MIN-7 with an ocular micro- 
meter with a precision of 0.0002 mm, The 


testpiece was put under tension on a micro 
machine (see paper [10]) at a rate of 0.5 mm 
per minute, From the results of the measure- 


ments the mean unit stress ¢ = Alp for the 


whole testpiece and percentage elongation: 


Al 
& = ~_- were determined on sectors of the 


1 

0 
piece, in our experiments on all bases i = l, 
20. 


From the calcuJated values €,; and € the 
value of g(lo,e) was determined by the formu- 
la (7) for 1, = 0.2, 0.4, 2, 5 and 10 mm, 

If the value g?(l,, ¢) is sufficiently close 


to D% (1), e), then from (6) it follows with 
corresponding precision that 


1 
(11) 


(L,, 


The numerator in the first part of (11) at 
fixed 1(w) and e€ is constant, i.e., at a 
fixed value for € in the given material we 
have 


const 
8 (Io, = (12) 
Relationship (12) is plotted in Fig.1 for 
€ = 2.3% (straight line 1), = 8.4% (straight 
line 2) and € = 12.0% (straight line 3). We 
can see that the experimental values obtained 
for g*(lo,e) with different bases and fixed 
€ lie on the calculated straight line (12). 
Paper [11] describes the experimental exami- 
nation of the influence of the base of a net- 
work of stretches on the shape of the fre- 
quency curve of plastic deformation of the 
cells, It appeared that in a fixed range of 
groupings, the ordinate of the frequency curve 
corresponding to maximum possible deformation 
(we will designate it y*) grows in a linear 
manner as the base increases, i.e., at a 
fixed value for y* (4, = cl, (¢ is con- 
stant). For normal distribution in our syn- 


bols y*(I,, = D3 (lo, ¢); hence it 
follows from experiment [11] that = 
= 1///2zcl,, which coincides with the relation- 


ship (12) deduced by us, 
Relationship (12) is also confirmed if 
p7(1,, ¢) is calculated from the frequency 


110 


curves given in paper [11]. In the work descri- 
bed in paper [11] the material used is alu- 
minum (99.99%) with a mean grain diameter 

d, = 1.5 mm. Relationship (12) is thus veri- 
fied for 1,/d, = 2 x 10 - 103 in our experi- 
ments and for 19/d, = 0.5 - 3 in paper fii]. 
Paper [11] also confirms the proposition made 
above that if 1o/l¢gy) is increased, the fre- 
quency curve will tend towards a normal dis- 
tribution, The writer of [1] established by 
experiment the fact which is known in mathe- 
matical statistics [9,12] that for fixed 
proximity of the frequency curve to the norma] 
distribution, the range of grouping should 
increase according to the increase in the 
extent of dispersion of the random figure 
observed. 


9°4,,€) 
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ments contained, right up to fracture. 


The fixed degree of heterogeneity of defor- 
mation established in the mean deformation 
determined is, depending on the extent of 
active stress and the conditions of load, the 
result of competition between two processes: 
a) localization of deformation, local harden- 
ing (leading to increase in g (ly, € ); 

b) reduction in the heterogeneity ot the 
stressed state as a result of cutting off the 
peaks and reducing the stress gradients of 
plastic deformation and the levelling out of 
the values of deformation in the different 
elements composing the volume (leading to re- 
duction in 


er 


T 


15 


Fig. 


In Fig.2 (curve 1) relationship g (0.4; €) 
is represented, showing how the degree of 
heterogeneity of deformation changes along the 
length on base ly = 0.4 mm in accordance with 
the growth of average unit stress w for the 
whole testpiece of alloy AMG-6 in the annealed 
state, 

At first the extent of heterogeneity becomes 
less, demonstrating the dominance of process 
b, then process a begins to take over and this 
leads to gradua] increase in heterogeneity of 
the deformed structure in the different ele- 
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From the data in Fig.3 of paper [2] values 
values for g (10; 1.29), g (10; 3.71) and 
g (10; 4.55) for Armco-iron were found, and 
are plotted in Fig.2 (curve 2). The experi- 
mental points for Armco iron lie on a curve 
analogous in form to curve l. 

Having confirmed the authenticity of equation 
(6) from observation of the nature of the 
processes of plastic deformation in macro- 
volumes (change in macro-heterogeneity) the 
beginning and propagation of plastic defor- 
mation may be seen or their micro-elements 
(changes in micro-heterogeneity), Thus the 
method of investigating the change in hetero- 
geneity of plastic deformation may be applied 
in the investigation of the nature of the pro- 
pagation of plastic deformation under load in 
creep, relaxation of stress, cyclic tension, 
etc., etc, 


Translated by V. Alford 
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THE INFLUENCE OF HETEROGENEITY OF THE 
STRESSED STATE IN THE PROCESSES OF 
LONG-TIME FRACTURE*! 
N.D. SOBOLEV 
Moscow Engineering and Physical Institute 
(Received 12 August 1959) 


An approximate analysis is given of the conditions for the development 
of a single ‘‘main line’’ crack in the processes of long-time rupture and, 
on the basis of this analysis, it is shown from experimental data what 
is the effect of the initial heterogeneity of the stressed state, which 
changes in the course of rupture, on the development of the process. 


Under real conditions of load a rupture equally stressed zones, for instance under 
crack first appears in some elementary volume conditions of stress concentrations, the 
and extends further along the body leading to preparation and development of fracture may 
its total or partial rupture which is the proceed simultaneously, although with dif- 
result on the one hand, of the heterogeneity ferent intensities. 

of the mechanical properties of the material 
and on the other, on the heterogeneity of the 
fields of stress, 

Let us analyse what influence is exercised 
by the initial heterogeneity of the field of 
stress and by the changing conditions of the 
stressed state in the process of long time 
rupture (fatigue, corrosion cracking, long 
term static fracture, etc, etc.). 

If the curves of long-time fracture are 
studied it can be seen that fracture is pos- 
sible in quite a wide range of stresses as 
has been shown in paper [1] and that the re- 


lationship between stress and durability can 
be reflected by an equation in the following | ae 
way: 
T eC, (1) Fig. 1. Distribution of stresses in the zone of 
concentration. 


where uv is stress (or stress amplitude); T 


is durability (or number of cycles); C and n Let us consider two cases of stress distri- 

are constants, Hence it follows that in bution in the zone of concentration (Fig.1). 
In point a in the second case there is con- 

* Fiz. metal. metalloved. 9, No.5, 758-767, 1960. siderable stress and the materia] suffers 

1 This work was carried out in the Department for more damage than in the first case, and when 


the Strength of Materials at the Moscow Engineer- the crack which develops from the base of a 
ing and Technical Institute, under the direction notch approaches point a, then in the cases 
of Ya.B. Fridman. under review, the material at this point will 


Processes of long-time fracture 


both be damaged and prepared for final frac- 
ture, which is unavoidably reflected in the 
rate of development of the macroscopic crack, 

Let us now try, although in the form of a 
first approximation, to give a macroscopic 
description of the process of long-time frac- 
ture [2]. Let us restrict ourselves to the 
study of the case of development in a zone of 
maximum stress of one ‘main line’’ crack, 
where the influence of ‘‘accompanying’’ cracks 
may be ignored. 

Any process of long-time fracture can be 
represented in the form of two stages follow- 
ing one after the other: the formation of the 
crack and its development, During the first 
Stage damage is accumulated at a fixed point 
and ultimately leads to fracture, to the for- 
mation of a crack, 

Taking a linear interpretation of the accu- 
mulation of damage [1,2] we find: 


D= (2) 


where D is the damage in the point studied for 
time t (or number of cycles); kK is the coef- 
ficient of damage. 
D= 1, which corresponds to t = T. 

It is obvious that K is a function of the 
value of active stresses, properties of the 
material and also possibly, of time. Neglec- 
ting the latter we will express K in the form 
of a function of stress, From (2) it follows 
that 


(3) 
from (1) and (3) we find 


=—. 4 
K = (4) 


Using equation (1) let us assume that it has 
been obtained as the result of testing where 
T was established as the time needed for the 
appearance of the initial cracks at the given 
stress which, for example, in practice differs 
very little from the full durability under the 
conditions of a homogeneous stressed state in 
in the fatigue testing of unnotched testpieces 
[3]. 

To analyse the conditions of fracture one 
must know how the stresses change (bearing in 


mind the applied stresses which conform to this 


or that theory of strength) along the antici- 
pated path of development of the crack (here 


Here when the crack appears 


we are studying a one dimension case), 

In a heterogeneous field of stress which 
changes in the course of development of the 
crack, these stresses will be functions of 
the co-ordinates along the path of the crack 
and time. 


o=f ((x—x,), 4], (5) 


where x is the co-ordinate of the point under 
review, and Xo is the co-ordinate of the point 
with maximum value oop. Then 


K — x0), 1)" 
C 


K=¢[(x ¢]. (7) 


Fig. 2 shows some characteristic examples 
of distribution K along path x. Curve l 
shows how it is possible for damage to occur 
only on a sector of length L (for example, 
high stress concentration at low nominal 
stresses). Curve 2 indicates the possibility 
of damage along the whole path (for example, 
concentration at normal stresses which ex- 
ceeds the fatigue strength of an unnotched 
testpiece). Fracture occurs first of all in 
point x). While there is as yet no fracture 
in the one point (D< 1) the accumulation of 
damage under static load and also, in the 
absence of relaxation, of fatigue, will occur 
at constant stress and, therefore, also at 
constant values of K. Calculation of the 
damage can consequently be made according to 
(2). In the first stage x) is a fixed point 
and it is usually on the surface, In the 
course of time To» in the point Xo where 
oO = oo, fracture will occur, i.e., D= 1. 
Then 


(8) 


At this stage considerable influence is exer- 
cised by different imperfections on the sur- 
face of the material and because of this there 
is considerable dispersion in the values of 
T,, Which has been confirmed by the results of 
tests both for fatigue [2] and corrosion 
cracking [4]. 
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In the second stage xq is the co-ordinate of 
the end of the developing crack. Point Xo 
moves along half x and has total damage D = 1. 
On development of the crack curve K is dis- 
placed together with point x. Here the shape 
of the curve in a general case may not be 
changed. 


| 


Fig. 2. Distribution of the coefficient of damage. 


| 


transition; development | 
period period 


timed 
period 


Possible changes in the coefficient of 
damage. 


Fig. 3. 


Fig. 3 shows a possible typical change in K 
(dotted and dashed lines) for the whole path 
of development of the crack. The solid line 
shows the change in K at the end of the crack. 
In the transition period on displacement of 
the crack from xf to xl there is mutual in- 
fluence of the initial field of stress and 
the field of stress created by the crack. 
Then, when the end of the crack is far enough 
away from the concentrator and the nominal 
stress remains unchanged (i.e., the influence 
of the stress on the change in cross section 
of the body is small enough to ignore), the 
distribution of stress and K is practically 
identical, This is in agreement with the 


period established for the development of a 
crack on the sector from xii to i In the 
final period when nominal stress increases 
due to a perceptible reduction in cross sec- 
tion, the value of K becomes greater and this 
leads to a sharp increase in the rate of frac- 
ture. Depending on concrete conditions, the 
relationship between these periods may change 
considerably as regards time and the nature 
of K change in each period. This is confirmed 
by the analysis of the kinetics of deformation 
and fracture conducted by Fridman and collabo- 
rators [5] from a study of the changes in rate 
and acceleration of these processes. By plot- 
ting the curve for speed and acceleration of 
the process, from different stages have been 
identified: the incubation (j-acceleration 
> 0), retarding (j <0), the quasi-stationary 
(j = 0) and the accelerating (j >0). 

Let us find out what is the tempo of devel- 
opment of the crack. Obviously, the rate of 
extension of the end of the crack 


Let us first study the case where, at a 
certain distance from point Xo K=0. Then 
the point fixed with co-ordinate x will be 
subject to the action of changing stresses 
when the crack is extended, and the whole 
curve K, from the zone of influence of length 
L will pass through point x (Fig. 2). 

If the crack is displaced from x, to (x) - 
= dx) the point at x will sustain damage 


dD = Kdt. (10) 


The total damage in the moment when i) = x? 
will be 


x] 
D Kdt = 1. 


[x.=x—!] 


(11) 


From (7), (9) and (11) we find 


x 
— x0), 
v 


x—l 


Ify=2x- Xo» then 
1 1 
v= t)dx,= | K(y)dx,=A, (14) 
0 0 


where A is the hatched area in Fig. 2. 


| 
Ip 
2 
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Now we will analyse the case where K is 
greater than 0 at all points, (curve 2 on 
Fig.2). In calculating the damage at point 
Xy it must be born in mind that damage will 
have already accumulated at this point to the 
extent where the crack begins to extend from 
point Xo: 

Total damage where = will be 


D=D,+D,=), (15) 


where D; is the damage at the first stage when 


the distribution of K has been unchanged, and 
Bo is the damage in the second stage, 


= (16) 
where Ky is the value of K at point x in the 
first stage. 

From (13) 


t 
Dz (17) 


Vv 
0 

If the function K= @(y, t) remains un- 
changed on development of the crack within 
the range from Xo to (x9 and if, when 
the curve K approaches the points with > 
when K,; = Kj, the damage in point x; is equal 
to Dy, then the rate of development v would of 
course be constant and could be determined in 
the following manner: 


1° 


A, 


+ D, = landv= " 
1—-D, 


where a, is the hatched area in Fig. 2. 

It can be seen from this that v increases 
as D, increases and at D,7> 1 v0, which is 
appropriate for real conditions when the 
damage along the whole path of development of 
the crack reaches its maximum extent at the 
same time, for example, in the final period 
of development of a crack under conditions of 
static load, 

The proposition made earlier, that in points 
damage = Dy = const, does not fit in 
with the actual case where i, = const damage D i 
at points further from the crack will be greater 

than D due to the later approach of the curve 
from K> K and consequently, the rate of de- 
development of the crack will be greater 


than that calculated by formula (18) and will 
grow constantly, Thus, when the crack is 
sufficiently developed, in the moment when it 
may be considered that the cross section of 
the piece in tension has remained unchanged, 
function K in the immediate vicinity of the 
end of the crack will remain unchanged and in 
all the remaining points of the cross section 
K = const and corresponds to C non: If at 
this @.,, damage is possible (K >0) then 
the speed must increase continuously, which 
has in fact been observed, 

As demonstrated above, to explain the quan- 
titative picture of the kinetics of the de- 
velopment of rupture the distribution of 
stresses must be known and consequently, also 
of K, in every position of the developing 
crack, The existing method of the theory of 
elasticity and the theory of plasticity do 
not permit a determination of the precise 
picture of stress concentration caused by 
rupturing cracks. However, a qualitative 
examination of rupture using the analysis set 
out above does permit a number of conclusions 
to be drawn as has already been shown by a 
number of examples, 

First of all let us see what is the influ- 
ence of the nature of the initial stress dis- 
tribution in the zone of concentration. 

In the first moment of load the distribution 
of K is determined by the initial field of 
stress, In Fig.4 curves K have been plotted 
according to (4) for 2 cases of stress dis- 
tribution in the zone of their concentration, 
Assuming in the first approximation that the 
nature of curves K in the initial period of 
the development of a crack does not change 
essentially, we can see that the field liable 
to damage in the second stage (1 x n) increa- 
ses and the rate of development of the crack 
grows accordingly. This is graphically de- 
signed by area A > A). This is confirmed by 
corrosion cracking tests on testpieces in 
tension with a central] round aperture of vary- 
ing diameters where, with other conditions 
equal, with a diminishing absolute value of 
the stress gradient, durability is consider- 
ably reduced. This is due to the increase in 
the rate of development of the crack in the 
initial period [4]. 

Let us consider another example, In testing 
Armco-iron and steel St5 for corrosion crack- 
ing in torsion with testpieces with angular 
grooves of different radii but with the same 
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cross sectional] area, durability increased as 
stress concentration grew larger, while the 
torque remained identical [4]. At first 
glance this does not seem plausible, But 


analysis of the nature of the distribution of 
the maximum tensile stresses along the line 
of commencement and development of the crack 
(screen line on the surface of the notch) 
makes it possible to follow the results of 
these tests accurately. 


| 
1-7 


Fig. 4. Initial distribution of o and K in the 
zone of stress concentration in tension. 


The graph in Fig. 5 which has been completed 
for two types of notch (curve 1 for small 
radius and curve 2 for the larger radius) 
shows that the tempo of development of the 
crack increases when the radius becomes larger. 
This is represented by the area Ap > A;. Here 
the contradictory influence of stress concen- 


tration is clearly revealed: the zone of 
action of the critical stresses is reduced 
under increased concentration leading also to 
a reduction in the rate of development of the 
crack, In the cases being examined the con- 


ditions for the development of the crack on 
its deparature from the zone of influence of 
the concentrator, remain the same, as the 
minimum cross sectional area and load were 
constant in each series of tests. 

But there are a number of cases in which 
the conditions for the development of a rup- 
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turing crack when it leaves the zone of in- 
fluence of the concentrator, could be sub- 


stantially different. We are therefore going 
to try and give an explanation by a study of 
the experimental facts below. 

It has been established by Frost’s inves- 
tigations [6,7] that under conditions of 
static cyclic loads (symmetrical cycle) in 
tension-compression and flexure, if there is 
considerable stress concentration a above 
critical @,, and relatively low nominal 
stresses, a crack will form in the base of a 
notch, which will not develop further.* This 
a, is dependent on the material. 


Initial distribution of o and K in the 
(For experiments 


Fig. 5. 
zone of concentration in torsion. 


in [4]). 


Fig. 6 gives the curves for the nominal 
fatigue limits at the beginning of crack for- 
mation (......) and at the end of fracture 
( ) for testpieces of an aluminium alloy 
in tension-compression. Where a is less than 
a., (radius of notch p > Per) these curves 
coincide, but where a>a., (P <P,,) the 
nature of curves is substantially different, 
which also indicates the possibility of cracks 
forming which will not develop further. 

The results of the same experiment and of 
those in flexure are plotted in different 


* This was also discovered by Vagapov [3]. Non- 
developing cracks have also been found in with 
pressed-on parts [12]. 
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co-ordinates in Fig. 7. Ata= a ., the effec- 
tive coefficient of stress concentration K, 
reaches its maximum and the course of the 
curve in Fig.7 agrees very well with the known 
fact of the reduction in sensitivity of a 
material to stress concentration with increase 
in a, 


Non-developing crack 


4 


1+ 


_ No non-developing crack 


Minimum nominal fatigue 
limit 


Fatigue limit ton/in2 


0.’ 0,01 0.02 0.03 0.04 0.05 0.06 


cv Radius of notch in in. 


Fig. 6. Fatigue limits of notched testpieces (a - 
0.65 in., t -— 0.2 in., of an aluminium alloy in 
tension-compression [7]. 


The appearance of the first rupturing crack 
is determined by the initial stress state in 
the ‘‘danger’’ point on the base of the notch 
where stress and coefficient of damage have 
their maximum value. And so the nominal en- 
durance limit on the formation of the first 
crack is reduced with increase in a (reduction 
in p ), which can be seen from a study of the 
course of curve coO in Fig. 6 Further devel- 
opment of the crack is possible if the stress 
at the end of the crack is greater than the 
two fatigue strengths of the material. It 
appears that, as the crack is an exceedingly 
sharp notch, its appearance should increase 
the extent of the actual stresses which cause 
final fracture. 

To explain the halt in the development of 
the crack the following should be taken into 
consideration: first of all, the effective 
stress concentration of the crack is charac- 
terized by the final value, which is dependent 
on the material, and by virtue of this a 
material damaged by cracks could resist the 
action of a certain load without fracture; 
secondly, bearing in mind the well known in- 
fluence of the state of the surface on fatigue 
strength, it will be realized that the active 
stress concertration in the ‘‘danger’’ point is 


determined not only by the relationship of 
the geometrical dimensions of the notch but 
also by the character of the initial surface 
blemishes, An initial blemish on the base of 
the notch plays the role of concentrator 
within a concentrator, which leads to a con- 
Siderable increase in actual stresses over 
and above those calculated by the methods of 
the series of elasticity or plasticity. This 
is qualitatively confirmed by the investiga- 
tion of Vaganov [8] into “‘double’’ concen- 
trators, 


K ef . No non-developing crack 
10° Non-developing crack 


A=Nef 


Axial load 


\ 
Rotary bending 


30 40 50 


Fig. 7. Ration between and Kf for an aluminium 


alloy [7]. 


The mutual] influence and superposition of 
the stress field determined by the notch and 
the crack, create the actual concentration in 
the process of fracture, 

When 7@., (Fig. 8a), the end of the crack 
will be in the zone of minimum concentration 
of the main field, the value of which, at 
relatively low T nom iS not sufficient for 
the development of the crack as the maximum 
stress falls to the value for the two fatigue 
strengths of the material and K remains equal 
to zero. It should be emphasized that in this 
case the crack gives greater concentration 
than the notch itself, but less than the 
initial blemish on the floor of the notch (to- 
gether with the notch). It is also possible 
that the fault in the development of the crack 
is apparent, in view of the sharp reduction in 
the zone of action of the critical stresses 
around the crack under conditions of low 
nominal stress and that hence there is a con- 
siderable reduction in the rate of development 
of the crack (reduction in area A in ‘ig, 2). 
Consequently, in the case where a >@ tik if 
the crack is to develop the nominal] stresses 
must be increased which will also cause con- 
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siderably higher fatigue limits at final frac- 
ture in comparison with those at the beginning 
of the formation of the crack (Fig.6). The 
increase in fatigue limit on final fracture 
with increase in a (reduction of p) is due to 
the smaller depth (as a result of the increas- 
ing gradient of initial stresses) of the u- 
developing crack and consequently, also the 
reduction in concentration caused by this. 
Where @ <a, (Fig.8b) a crack will] occur 
under conditions of considerably greater 
stress in the main field, which means that it 
is sure to develop (K>0). Concentration 
from the crack, therefore, will also be grea- 
ter than the initial concentration and the 
reduction in fatigue limit will be determined 

_ by the value of @ and, as can be seen in Fig.7, 
at fairly low values K,,= @. 

An initial surface defect will also w- 
doubtedly have an influence on wnnotched test- 
pieces under load, Its transformation into a 
crack will lead to an increase in stress con- 
centration, as shown by the reduction in 
fatigue limit in testpieces which have fatigue 


cracks, 

As has already been noted, at @ oy the 
maximum reduction in strength is reached, 
which will be different for different material 
(Table 1). It follows from what has been said 
that this maximum reduction corresponds to 
the maximum stress concentration caused by. 
the rupturing crack, (Kap = 0). In Fig.10c 
in paper [11]. And for this reason the reduc- 
tion in strength is essentially a characteris- 
tic of the increase in effective stress con- 
centration in the process of transforming a 
surface defect into a developing crack. If 
the plasticity of the material is increased 
the effective stress concentration of the 
crack will be reduced (Table 1). Bearing in 
mind what has been said concerning the in- 
fluence of an additional blemish it is to be 
expected that when the quality of surface 
treatment is changed, the position of the 
maxima for K ef on curves a — K,y Will also be 
changed. We can see that deterioration of 
the surface does lead to a displacement of 
the maximum to the left (Fig.7). 


Fig. 8. 


The changes in 2 stresses ind the coefficient of damage on de- 


velopment of a crack under conditions of stress concentration where 


a<a,., (a) and whereaq<a,, (b): 


1 - initial stresses; 2 —- initial 


true stresses allowing for the influence of a surface blemish of length 


n 


l_; 3-— true stresses after development of a crack 


at a depth of Lr. 
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TABLE 1 


Qer and Key 


Mild 
Al alloy Steel Load 


4 


Axial and radial bending 


Axial 
Radial 


“Extreme value where 
oe ee ee 5.5 
2 


Axial 
Radial 


It is usually considered that final fracture 
under long-time load occurs when the reduction 
in area leads to increase of stress up to that 
of static strength. It is assumed here that 
these values are constant (within dispersion 
limits) for any given material, It can, how- 
ever, be asserted that, with all] other con- 
ditions equal, the stress in the moment of 
fina] fracture should be dependent on the 
durability of the part. For example, more 
time will be required for total fracture under 
tension of a testpiece with a large cross 
section than for one with smaller section at 
the same rate of development of the crack, and 
for this reason the materia] in the centre part 
suffers greater damage and this causes a re- 
duction in the fracturing stresses in the 
weakened section during the final period. It 
may be that this is in some way due to a scaled 
effect. 

It should also be remembered that the nature 
of the stressed state may change (in relation 
to main stresses) in the course of the devel- 
opment of the crack, which could influence in 
a cardinal manner the whole process of frac- 
ture [9]. 

We note that the result of the attempt in 
the present work to analyse long-time hardness 
with reference to the development of damage, 
confirms the analysis made by Kachanov [10] for 
fracture under conditions of creep. 


CONCLUSIONS 


1. In the processes of long-time fracture it 
is totally inadequate to approach the analysis 
of possibility of total fracture and exp]lana- 
tion of the course of development of the frac- 


turing crack only from the point of view of 
the stressed state in the region of the 
‘danger’? point of the initial stressed field. 

2. The quantitative picture of the kinetics 
of development of a fracture may be determined 
if stress distribution is known and conse- 
quently also the coefficient of damage K at 
each position of the developing crack. 

3. The rate of fracture is determined by the 
interaction of the initial field of stress and 
the field created by the crack, and as a re- 
sult of this the whole process of fracture may 
be divided into three periods: the transition 
period, the period when the development of the 
crack is being established and the final 
period. 

4, In the development period (the function 
K remains unchanged) the speed of the crack 
is constant if at a certain distance from the 
crack K = 0, and it will grow if K = const is 
greater than 0, on the whole anticipated path 
of development of the crack at a reasonable 
distance from the end. 

5. With other conditions equal, if the 
stress gradient of the initial field of stress 
is reduced along the anticipated path of the 
crack, the rate of its development will grow 
in the initial period. 

6. The change in the field of stress due to 
development of the crack has a considerable 
influence on the course of fracture, in some 
cases increasing the rate of fracture and in 
others, reducing it. Under sharp stress con- 
centration the development of the crack may be 
halted. 

7. The stress in the weakened section at the 
moment of sudden increase in the rate of ex- 
tension of the crack (the final period) will 
be dependent on the durability of the 
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part. 


Translated by V. Alford 
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Under various temperatures and various durations of load (i.e., various 
mean rates of deformation) hardness has been investigated in dilute solid 
solutions of mercury in cadmium, lead in tin, antimony in tin and lead, 
silver in cadmium, bismuth and cadmium in lead, tin in lead, sodium in 
lead, and zinc in bismuth and copper: Where there is considerable solu- 
bility of one metal in the other (20 at% and more) in the field of a 
solid solution a maximum hardness may be observed which becomes more pro- 
nounced the higher the temperature and the lower the mean rate of defor- 
mation, At low temperatures and high rates of deformation maximum hard- 
ness lies on the boundary of the solid solution. 


The present work provides additional material axis — the reduction in the diameters of the 
on the influence of temperature and duration of imprints in mm; the curves obtained in this 
load on the relationship between hardness and way show the nature of the change in hardness 
composition in dilute solid solutions, The in relation to the change in composition, 
method of working was explained in papers [i,2]. 

The materials used in the preparation of the / 


Ca 


alloys were: lead S-1, tin, granulated bismuth 
and cadmium of chemical purity, electrolytic 
copper, Kahlbaum zinc and Kahlbaum mercury 
distilled). 

The loads applied were 18.5, 28.5, 43.5 and 
61.7 kg. The duration of the application of 
load was 1, 6, 36, 216 and i298 min. Tempera- 
ture tests were carried out with a load of 
28.5 kg for 10 min: the same holding time was 
selected as for the application of the dif- 
ferent loads. Where the duration of loading 
was varied, the load was 28.8 kg. Impact 
tests were carried out with an impact hammer 


of 0.92 kg and a drop of 21 cm, 
The results of the tests are set out (par- Fig. 1. Graph showing the relationship between 


tially) in graphs along the horizontal axis the diameter of an imprint end the composition of 
of which are plotted the concentrations of the the solid solution of mercury and cadmium. 
solute metal in at%, and along the vertical 


2 


20 


The data concerning the solubility of a 
metal in another were taken mainly from 


* Fiz. metal. metalloved. 9, No.5, 768-777, 1960. | Hansen’s book [3]. 
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Cadmium-mercury (Fig. 1). Curves 1, 2 and 3 
show a certain reduction in hardness with in- 
creased concentration of mercury within the 
limits of the solid solution at loads lasting 
respectively for 1, 36 and 1296 min, The re- 
duction in hardness with increased concentra- 
tion of the solution is also observed (curves 
4 and 5) at loads of 18.5 and 61.7 kg. Curves 
6, 7 and 8 show a reduction in hardness with 
concentration of solution in the temperatures 
20, 100 and 180°. In general, the hardness of 
solid solutions of mercury and cadmium suffers 
a greater reduction with increased concentra- 
tion of mercury, if the temperature is higher 
and the duration of load longer. 


/ T 
: / 


G 


y | 
5 
10 20 30 
Fig. 2. Graph showing the relationship between 


the diameter of an imprint and the composition of 
the solid solution of mercury in lead. 


Lead-mercury (Fig. 2). Curves 1-2 and 3 
show a change, in the hardness of the solution 
with increasing concentration of mercury with 
loads applied for 1, 36 and 1296 min, while 
curves 4 and 5 show it at loads of 18.5 and 
61.7 kg. In all cases there is a maximum at 
concentrations of 10-15% mercury while the 
abruptness of the maximum is increased with 
increasing duration and extent of load, 

Lead-bismuth (Fig. 3). Curves 1, 2 and 3 
show the change in the hardness of the solu- 
tion with increasing concentration of bismuth 
at loads continued for 1, 36 and 1296 min, and 
curves 4 and 5 show it at loads of 18.5 and 
61.7 kg while curves 6, 7 and 8 show the 
changes at temperatures of 20, 100 and 140°. 
With higher temperatures and increasing dura- 
tion of load the hardness maximum appears on 
curve at concentrations of 6-15% bismuth, 


Dilute solid solutions 


Pb 
| 
| 
| 
T 
y 
| 
0 10 15 20 
Fig. 3. Graph showing the relationship between 


the diameter of an imprint and the composition of 
the solid solution of bismuth in lead. 


Tin-mercury (Fig. 4). The solubility of 
mercury in tin is about 1%. Within the 
limits of concentration 0-1% of mercury there 
is a gradually increasing hardness at loads 
continuing for 1, 36 and 1296 min (curves l, 
2,and 3), loads of 18.5 and 61.7 kg (curves 
4 and 5) temperatures of 20 and 140° 
(curves 6 and 7) and in impact testing at 20 
and 180° (curves 8 and 9). The most abrupt 
increase in hardness is observed at elevated 
temperature maximum duration and maximum 
value of load. 

Tin-antimony (Fig. 5). The solubility of 
antimony in tin is 8-9% With increasing 
concentration of antimony the hardness of the 
solution gradually increases at loads lasting 
1, 36 and 1296 min, (curves 1, 2 and 3), 
loads of 18.5 and 61.7 kg (curves 4 and 5), 
temperatures of 20, 100 and 180° (curves 6, 7 
and 8) and in impact testing at 20 and 180° 
(curves 9 and 10). 

Cadmium-silver (Fig. 6). The solubility of 
silver in cadmium is about 3% [4]. In all 
cases with loads of various duration (curves 
1 and 2) and various extent (curves 3 and 4), 
under various temperatures (20, 100 and 180°: 
(curves 5, 6 and 7) and in impact testing at 
20 and 180° (curves 8 and 9) hardness was 
observed to increase with increasing concen- 
tration of the solution; the existence of a 
maximum on curve 7 is apparently due to the 
fact that the alloy with 4% silver is 2-phase, 
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Fig. 4. Graph showing the relationship between the 
diameter of an imprint and the composition of the 
solid solution of mercury in tin. 
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Fig. 5. Graph showing the relationship between the 
diameter of an imprint and the composition of the 
solid solution of antimony in tin. 


Lead-cadmium (Fig. 7). 
cadmium in lead is about 3% (5]. 
ing concentration of cadmium there is a gradual 
increase in hardness at various durations (1 
and 1296 min, curves 1 and 2), and value of 
load (18.5 and 61.7 kg, curves 3 and 4) at dif- 
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ferent temperatures (20, 100 and 180°, curves 
5, 6 and 7) and in impact testing at 20 and 
in impact testing at 20 and 180° (curves 8 
and 9). 


Fig. 6. Graph showing the relationship between the 
diameter of an imprint and the composition of the 
solid solution of silver in cadmium. 
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Fig. 7. Graph showing the relationship between the 
diameter of an imprint and composition of the solid 
solution of cadmium in lead. 
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Lead-tin (Fig. 8). The solubility of tin in 
lead is about 6% at norma] temperatures [5]. 
In this work hardness was determined under 
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various conditions; duration of load 1, 36 
and 1296 min (curves 1, 2 and 3), loads of 
18.5 and 61.7 kg (curves 4-and 5), tempera- 
tures of 20, 100 and 180° (curves 9 and 10). 
For alloys with concentrations of 0-6% tin 
only (alloys with higher concentrations of 
tin have already been investigated [2]). In 
all cases hardness increased with increased 
concentration of tin in the solution and maxi- 
mum increase in hardness was observed in maxi- 
mum duration of load, maximum temperature and 
maximum load, 
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Fig. 8. Graph showing the relationship between the 
diameter of an imprint and composition of the solid 
solution of tin in lead, 


Lead-antimony (Fig. 9). The solubility of 
antimony in lead is about 0.4% [5]. Within the 
limits of a solid solution hardness gradually 
increased with increasing concentration of 
antimony at durations of load of 1 and 1296 min 
(curves 1 and 2), loads of 18.5 and 61.7 kg 
(curves 3 and 4), temperatures of 20, 100 and 
180° (curves 5, 6 and 7) and in impact tests at 
20 and 180° (curves 8 and 9), 

Lead-sodium (Fig. 10). The solubility of 
sodium in lead is about 2.8% [5]. With in- 
creasing sodium concentrations the hardness of 
the solution increases with durations of loads 
of 1 and 1296 min (curves 1 and 2), loads of 
18.5 and 61.7 kg (curves 3 and 4) and tempera- 
tures of 20, 100 and 180° (curves 5, 6 and 7). 


Dilute solid solutions 


Pb 


9 
05 


Fig. 9. Graph showing the relationship between the 
diameter of an imprint and composition of the solid 
solution of antimony in lead. 
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Fig. 10. Graph showing the relationship between the 
diameter of an imprint and composition of the solid 
solution of sodium in iead, 


Bismuth-Zine (Fig. 11). The solubility of 
zinc in bismuth is about 1% [6]. Within the 
limits of the solid solution the hardness in- 
creases gradually in all cases, At duration of 
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loading 1 and 1296 min (curves 1 and 2), loads 
of 18.5 and 61.7 kg (curves 3 and 4) and tem- 
peratures of 20, 100 and 180° (curves 5, 6 and 
7). 


l 
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Fig. 11. Graph showing the relationship between 
the diameter of an imprint and composition of the 
solid solution of zinc in bismuth. 
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Fig. 12. Graph showing the relationship between 
the hardness and composition of the solid solution 
zinc in copper. 


Copper-zine (Fig. 12). Only notch hardness 
was determined at the different temperatures, 
Curves 3 and 4 show the gradual increase in 
notch hardness within the hardness of the 
solid solution at 20 and 520°. Curves 1 and 2 
illustrate the change in Meyer hardness deter- 
mined at a load of 10.5 kg and duration of 30 

min at temperatures of 20 and 500° (data ex- 

tracted from the paper by Gubkin and Zakharov 
(7]. On the Meyer hardness curve there is a 

maximum at a concentration of 10-15% zinc. 


CONCLUSIONS 
From the results of this and previous works 


[{1, 2, 7] it is clear that the rule enunciated 
by Kurnakov [8], according to which the hard- 
ness of dilute solid solutions should increase 
according to the increase in concentration of 
the solute substance, is not always justified. 
It is just in the case where there is con- 
siderable solubility of one metal in the 

other (20 at% and more) in the field of a 
solid solution that a hardness maximum is 
observed the value of which is dependent on 
temperature and the duration of application of 
the load: the maximum increases with eleva- 
tion of the temperature and extension of the 
duration of loading, i.e , there is a reduction 
in the average rate of deformation, With other 
conditions equal this maximum shifts in the 
direction of the less concentrated solutions 
if the temperature is elevated and the rate of 
deformation decreased. In the solid solution 
of mercury in cadmium there is, furthermore, a 
reduction in hardness with increasing mercury 
concentration. The change in the value of 
load did not have any appreciable influence on 
the nature of the hardness/composition curves. 


Fig. 13. The change in the isotherms and isochrons 

of hardness in the field of dilute solid solutions 

related to changes in temperature and duration of 
load. 


Fig. 13 shows the change in the isotherms and 
isochrons of hardness H in the field of a 
dilute solid solution related to the change in 
temperature T and duration of load . The 
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presentation may be made quantitatively from 
the following considerations, Let us examine 
the mean bonding energy F which is defined by 
the equation 


Naa + Upp + Nap Uap 
Naat+Nppt Nap 


where N AA? Nep and Nap are respectively the 
number of bonds A-A, B-B and A-B, while Usage 
Upp and Uap are respectively ‘the bonding 
energies, Nap N,, and N,, are not indepen- 
dent but are connected by the following equa- 
tions 

z — Np) 


Nua 


where z is the co-ordination nunber, Ny is 
the number of A atoms and Np is the number 


of B atoms, 
If we introduce the energy of displacement 


2 


and pass to the concentration of substance B 
defined by the equation 


N 
Nat+Np 


then we find 


4Nppu 
E=u 
iat ( AB aa) z(Nqa + Ng) 
or 
2uN 
2 


Analysis of the equations shows that Kurna- 
kov’s law is a first approximation to the 
theory of metallic alloys. This rule may be 
found from equation (1) if it is assumed that 
UAA = Upp and that no bondis formed between 
atoms of the same type if these are the lesser 
quantity, or from (2) if it is assumed that 
the number of bonds between different atoms is 


proportional to the concentration of the com 
ponent which is present in the lesser quantity. 
In this case it follows directly from equation 
(2) that E takes the extreme value either 
where c = 0.5 or if c = Csa¢» Where c,,, is 
the concentration of the saturated solid solu- 
tion. However, on one hand in the majority of 
Cases uy, # Upp while on the other, even at 
extremely small concentrations of substance B, 
B-B bonds will be formed leading to the appear- 
ance of an extreme D and consequently to hard- 
ness at concentrations other than those which 
would conform to Kurnakov’s rule, 

Equation (1) can be made still more concrete, 
Using probability presentations for example, 
we can calculate the number of bonds between 
B-B atoms, If the probability of the displace- 
ment of i atoms from z+ 1 (p;) is known and 
if there are Np atoms of substance B, then the 
number of fields in which there will be aB 
atom surrounded by iB atoms and z — 1A atoms 
will be Np P; + 1 and the number of BB bonds 
for the alloy as a whole 


N 
B 
Noa = (3) 
i=0 
Substituting (3) in (1) we find 


z 
2ue . 
i=0 


In the simplest possible case where the 
probability of the displacement of any one 
atom is equal to the concentration of the 
solute substance, the sum (3) can be calcu- 
lated directly. In this case 


where i = 0),],..., 2 +1; 
Consequent ly 
[ee +) — 1] (4) 
and 
E = yy t — — — 
(5) 
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Equation (5) is quite complicated and can- 
not be solved in a general form, 
its external form it is possible to draw the 
conclusion that an extreme may appear at con- 
centrations other than those which conform to 
Kurnakov’s rule. The position of the extremum 
is determined by the bonding energy between 
the atoms of the solid solution and the co- 
ordination number, 

Similar results are also obtained if the 
number of bonds B-B is determined in the ap- 
proximation of Shukovitskii, Finkel’ shtein and 
and Kulikov [9]. In this case 


2 2u 


Ni = eRT 


and 


2u 
RT 
E=uy,, 


If it is assumed that the bonding energies 
of atoms in the solid solution is independent 
of concentration (which generally speaking, 
is not quite accurate), then the first deriva- 
tive E through concentration will be 

= 2 (Uy — 2ueRT 


and consequently the extreme concentration may 
be found from the equation 


2u 


RT 


2u 
+ = 9, 


u 


(6) 


2u 


u + (ugg — uaa) 


The solution obtained is by way of being an 
approximation and is only applicable for those 
cases where the approximation of Znukovitskii, 
Finkel’ shtein and Kulikov is justified, For 
this reason Kurnakov’s rule cannot be found as 
a special case from (6). Nevertheless, analy- 
sis of (6) shows that in certain circumstances 


However, from 


there is the possibility of the appearance of 
an extremum of mechanical properties within 
the field of existence of solid solutions, 

Let us now see what is the effect of a 
change in temperature on the concentration at 
which there is the extremum of mechanical 
properties, Let metal A and metal B be to 
some degree soluble within eech other. Now 
let the solid solution of the metal B in metal 
A at a concentration of B = fy» possess the 
extremum of mechanical properties at tempera- 
ture T. If the temperature is increased then 
the functional relationship between hardening 
and concentration will not be changed but the 
relationship between the intensity of re- 
covery and concentration will be increasingly 
altered with the change in temperature. 

For this reason elevation of the tempera- 
ture usually causes deviation from Kurnakov’s 
law. The results of our experimental investi- 
gations show that elevation of the testing 
temperature leads to displacement of the hard- 
ness maximum to the side of less concentrated 
solutions, 

The rate of deformation has a similar effect 
on the relationship between mechanical proper- 
ties and composition. The higher the rate of 
deformation the lower the degree of recovery, 
and as a result of this, as the rate of defor- 
mation increases the extremum of mechanical 
properties will be displaced on the side of 
the more concentrated alloys, Similar mech- 
anisms have been described in the paper by 
Makogon [10]. 

There are other factors whicn may cause 
deviations from Kurnakov’s law, One which 
might be mentioned is the change in the 
mechanism of plastic deformation, 

Konobeyevskii [11] has established that the 
presence of a stress gradient should lead to 
the appearance of a concentration gradient, 

If the solid solution under test is close to 
saturation or if the concentration gradients 
are sufficiently high there may be a precipi- 
tation of a second phase, In this case the 
alloy, being 2-phase, will be characterized 
by a different course in the change in inten- 
sity of the processes of hardening and re- 
covery with composition. Together with the 
mechanism of dislocation, there will be the 
dissolving-precipitating one of plastic de- 
formation which will lead to increase in the 
intensity of recovery. The rate of recovery 
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may also change as a result of the emergence 
of any of the other mechanisms of plastic 
deformation, for instance, recrystal lization, 
If the temperature of fusion of the alloy- 
solid solution changes noticeably with concen- 
tration, then at some temperature prior to a 
certain concentration deformation will occur 
mainly as a result of the dislocation mecha- 
nism while in alloys of higher concentration 
there will be the additional possibility of 
deformation due to the mechanism of recrystal- 
lization, 

The possibility of deformation by a new 
mechanism leads to an increase in the inten- 
sity of recovery. If the rate of deformation 
is high enough there will be practically no 
recovery of alloys of any composition. In 
this case hardness will be determined mainly 
by the change in strain hardening. In the 
first approximation the latter is dependent 
only on composition and, as has been shown 
above, will within known limits change mono- 
chromaticaliy with composition. In these 
conditions the course of the change in hard- 
ness with composition will be in accordance 
with Kurnakov’ s 

In other conditions, in which the rate of 
recovery is greater (for instance at smaller 
rates of deformation), recovery will not take 
place in alloys which are deformed as a re- 
sult only of the mechanism of dislocation, 
while in alloys which are deformed as a re- 
sult of dislocation and some other mechanism 
(dissolution-precipitation, recrystalliza- 
tion, etc), it occurs to a very high degree. 
In this case maximum hardness can be expected 
to appear within the field of existence of the 
solid solution, 

With a sufficiently high temperature and 
deformation due to various’ mechanisms occur- 
ring at any concentration, the change in the 
capacity for recovery may vary with concen- 
tration to a much greater degree than the 
change in strain hardenability. In this case 
the hardness of the alloys will be reduced 
with concentration. 

It appears therefore that all alloys may 
show a deviation from the variation of hard- 
ness with composition described by Kurnakov’ s 
rule. The conditions which promote accelera- 
ted recovery are also favourable to these 
deviations. Variations from the normal course 
of the hardness/composition changes are there- 


fore usually to be observer: 

a) where the mutual solubility of the com 
ponents is sufficiently high; 

b) where the testing temperature is suf- 
ficiently high; 

c) where the rate of deformation is suf- 
ficiently low, 

The temperature influence is also demon- 
strated by the fact that the solubility of 
the components usually increases with eleva- 
tion of temperature and, as a result, this 
reduces the influence of the change in com- 
position on the intensity of the processes of 
hardening and recovery in solid solutions, 

Finally, if recovery occurs, to some in- 
significant degree, the deviation from Kurna- 
kov’s rule may be due to a lack of direct re- 
lationship between the concentration and the 
number of bonds between heterogeneous atoms 
making up the composition of the solid solu- 
tions. 


SUMMARY OF CONCLUSIONS 


1, At certain degrees of bonding energy 
between the different particles in an alloy 
and at certain temperatures, an extremum of 
mechanical] properties may occur within the 
field of existence of solid solutions, 

2. If the mutual solubility of the compo- 
nents is sufficiently high, the testing tem- 
perature sufficiently high and the rate of 
deformation sufficiently low, favourable con- 
ditions will be created for an anomolous (con- 
trary to Kurnakov’s rule) variation of hard- 
ness with composition, 

3. The hypothesis of hardening and recovery 
provides a satisfactory qualitative explana- 
tion of a large group or phenomena connected 
with plastic deformation, 


Translated by V. Alford 
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The influence is investigated of eddy currents in ferromagnetic 


materials, and of the arrangement of reversible fields inside a testpiece, 
on the e.m.f. parameters induced by Barkhausen effect in the measuring 


coil. 


It will be shown that for the main mass of such discontinuities 


the duration of the transition process due to eddy currents will be 


somewhat greater than that of the discontinuity. 


For these conditions 


and on the basis of the principle of reciprocity a formula (21) is derived, 
which expresses the e.m.f. which may be induced in the measuring coil by 
the changing magnetic moments of the field across a ferromagnetic cylinder 


POSTULATION OF THE PROBLEM 


In investigating Barkhausen effect the e.m. f, 
of a coil going round the ferromagnetic test- 
piece is measured. E.m.f. impulses are induced 
in this coil by discontinuous variations in 
magnetization, This is the only source of 
information concerning this phenomenon, If a 
small enough testpiece is selected and low 
enough rate of change of field H, there will 
always be’ a position at which Barkhausen dis- 
continuities are separated from one another 
by appreciable intervals in time; in these 
conditions each e.m.f. pulse will correspond 
to one discontinuity. 

It appears to be important to determine by 
experimental data, the volume of the field Vp 
of a ferromagnetic material which is remag- 
netized by these discontinuous variations; the 
resulting increase in magnetization and change 
in magnetic moment Mo of this volume; the 
duration of the process T; the rate of the 
process as a function of time, i.e., m= f(t) 
and so on. For this purpose some conformity 
must be found between these values and the 
parameters of the e.m.f, pulse. 

Existing solutions. Elcock [2]'in 1952 and 


* Fiz. metal. netalloved, 9, No.5, 778-789, 1960. 


at an arbitrary distance from its axis. 


independently of him, Rytov [1] in 1954 
solved the following problem, In a ferromag- 
netic substance of cylindrical form at point 
z = 0 at a distance r from the axis there is 
a rapid change in the magnetic moment of the 
dipole from 0 to my according to the law a(t). 
It is assumed that the vector m is directed 
along axis z [6] in the course of the whole 
process, the duration of which is T. The 
e.m.f. value in the measuring coil is found as 
a function of time E(t). The measuring coil 
is arranged coaxially with the testpiece 
(Fig. 1). 

Both Rytov and Elcock followed the same 


-path, First of all they suggested that the 


dipole across the ferromagnetic substance was 
constant in time. Having solved the Laplace- 
Poisson equations for the space inside the 
ferromagnetic material and for that outside, 
they matched these solutions at the boundary 
and obtained a final solution which gave the. 
distribution of field H from a constant mag- 
netic dipole in the whole area inside and 
outside the ferromagnetic material, Integra- 
tion of induction B over section S of a turn 
of the coil produces a flow F linked with the 
turn, proportional to the moment of the 
dipole, Passing to the variable dipole both 
Rytov and Elcock simply differentiate by t 
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the expression for flow obtained for static 
conditions and find the e.m.f. in the elemen- 
tary turn. To find the e.mf. in the whole 


coil the expression obtained must be integrated 


along the length and width of the coil, 

This metho? of solution entails considerable 
mathematical difficulties. The expression for 
flow, or for H, is obtained in the form of an 
integral from 0 to oo and is a rather complex 
combination of the Bessel functions of an un- 
rea] argument, Rytov found the value of this 
integral only for zs rg- The solution he 
found played a decisive role in the experi- 
mental demonstration of the analogy between 
the fields of a Barkausen discontinuity and a 
changing dipole as shown for instance, in the 
paper by Grachev, Goronina, Kolachevskii, and 
others [7]. But in ordinary experimental 
conditions the measuring winding is evenly 
distributed over the testpiece and in these 
circumstances the main contribution to e.nm. f. 
comes from the field in the neighbourhood of 
point 

Elkock calculated the integral] by the graph- 
ic analytical] method. He took the integrals 
from the serial expansion of the sub- integral 
function and of its asymptotic presentation; 
for the mean values of variable integration 
Elkock drew the graph of the subintegral 
function and approximated it to the more 
simple exponential function. In this way 
Elkock obtained an approximate analytical 
expression for flow in all values of z. 


—— 


D, 


Fig. 1. Diagram of testpiece and measuring coil. 


However, neither of these solutions fits in 
with the physical conditions of the experi- 
ment as no allowance is made in them for the 
field of the eddy currents, which plays a 
very considerable part in the measurement of 
Rarkhausen effect in metals. Only the mag- 
netic permeability of the testpiece is 
allowed for in the solutions of Rytov and 
Elkock (Fig. 2) on the field of the permanent 
magnetic dipole; furthermore they are assum- 
ing that in conditions of magnetic dynamics 
the field will be the same shape at any moment 
of the dipole, 


this, 


Fig. 2. E.m.f. in elementary turn as a function 
of the distance between the turn and the dipole: 
a — in the absence of a ferromagnetic material; 
b — in the presence of a ferromagnetic material 
but without allowing for the eddy currents in it. 


It is impossible to ignore the fact that 
these solutions not only fail to conform with 
physical conditions but they are also irra- 
tional. In these solutions for the determi- 
nation of e.mf., the field strength created 
by the dipole is sought, first as the problem 
of the field (of the differential character- 
istics), as will be shown below. A closer 
and more complete solution to the problem 
which allows for the influence of eddy cur- 
rents, has been put forward by Tebble, 
Skidmore and Comer [3] in 1950. Although 
the solution they produced is not accurate 
enough*, it did allow them to draw a number 
of qualitatively accurate conclusions, Their 
solution is studied in detail below. 

Proposed method of solution. The simplest 
accurate solution to the problem can be found 


* In formulating the problem they assumed that the 
dipole was arranged in the points r = b, 
and z = Z>- However, the field under examina- 
tion is not dependant on co-ordinate z, i.e., it 
is actually the field of a filament-type dipole 
whichis being studied, whichis parallel to z. 
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if the principle of reciprocity is used. Let 
us illustrate this by a simple example: let 
us find the e.m.f. induced in the coil of a 
dipole arranged on its axis, in the absence 
of a ferromagnetic material. 

The usual method of solution [5] will lead 
in this case to the equation 


4 t 
or in a system of absolute practicability 
l dm (t 
E (t) = (1) 


Ve+p: 


where Ng is the number of turns per unit of 
length of the coil; L is its length; B is 
the diameter of a single layer coil or the 
mean diameter of a multilayer one, i.e, 
(D, + D2)/2, = 10~* henrys/cm is the 
magnetic constant of the practicable system 
of units. 

In order to make use of the principle of 
reciprocity, let us substitute dipole n(t) 
with a smal] turn with current i(t), en- 
circling the area Sp so that Spi(t) = n(t). If 
the coefficient of reciprocity of induction ¥ 
is known for this turn and coil, then the 
e.m f. in the coil 

di (t) 
E(t)= M (2) 


Let us find w using the principle of recip- 
rocity. Let the pole be created not by the 
dipole but by the measuring coil, in which 
flows current I(t). Then on the axis of the 


coil 


the magnetic flow connected So is here equal 
to D=p,HS, (where p= 1). 

The coefficient of mutual induction of the 
coil and turn which replace the dipole 


H=N (3) 


0 
We thus arrive at an expression which coincides 
with (1) which is what was required. 


The 


calculation in other conditions (position of 
dipole not at the beginning of the co-ordinate, 
etc.) presents no problem in principle [11]. 

We will use a similar method for the case 
of a dipole across a ferromagnetic cylinder, 
Let W(t) be the magnetic flow linked with 
the contour surrounding area So of the equiva- 
lent dipole M(t) at a flow of current i(t) in 
the measuring coil. On the basis of the 
principle of reciprocity this same flow will 
be linked with the whole of the measuring 
winding, if the moment of the dipole is 
changed according to the law ¥ = Soi(t). 
this reason the problem is reduced to the 
determination of the field created by the 
external winding in the place where the dipole 
is situated. The e.mf,. sought in the measur- 
ing winding is determined by a simple differ- 
entiation W in time 


For 


(5) 


We note that there is a simple proportion- 
ality between the function M(t) and w(t) 


W(t) =Km(t) and (6) 
only in the simplest case of very slow change 
in moment (or equivalent current) when the 
eddy currents are low. For this reason if 
there is considerable eddy current effect 
this interpretation of the coefficient of 
mutual induction MW = yp / i cannot be used 
directly, as it is not only dependent on time 
but also the form of this dependence changes 
with change in the form of the function of 
current and time i(t). 

If the duration of the change in moment or 
equivalent current is of the same order or 
less than the relaxation time of the eddy 
currents, formula (6) is not practicable, 

At very rapid changes in moment, i.e., short 
Barkhausen discontinuities W, the calculation 
can be made on the assumption of instantaneous 
discontinuous change, In this case at any t 
the value of function W(t) is directly 
proportional to the value of discontinuity 
Mo. Knowing this function for a single 


change in current, which we will call b(t), 
it is always possible, using Fourier’ s trans- 
formation or Duhamels’ integral, to find the 
form of function # (t) for any form of func- 
Here of course the form of the 


tion i(t). 
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function will change, 

It is important to note that the extreme 
value of the function will always coincide 
with a value determined for static conditions, 
i.e., (00)= Km(oco). Therefore the full 
change in the flow connected with the winding, 
when the moment is changed to Mo 


AV = (7) 


The perfect integral time/e.m.f. measuring 
coil will also be of the same value so that 


0 0 


This could be formulated thus: the area of 
the oscillogram of a measured e.m.f. will 
always be proportional to the total change in 
moment of the saturated field, The results 
of the measurement of total moment therefore 
(in the final analysis one is talking of the 
z component) is not dependent on the emerging 
eddy currents which always die down again 
quite rapidly. This means that the calcula- 


tion set out below provides substantial clari-— 


fication only in the determination of the 
duration of discontinuities where they are 
being determined from observed duration and 
shape of e.mf. impulse. 

In all] the formulae which we will consider 
below, together with other physical parameters 
the permeability of the ferromagnetic test- 
piece » and field # are inserted in place in 
the arrangement of the dipole. The selection 
of these values requires further discussion. 

Selection of the value for permeability. 

If there are small changes in the external 
magnetic field-making it possible to observe 
the separate discontinuities, it may be 
assumed that in the whole of the rest of the 
ferromagnetic material the change in the 
average intensity of magnetization occurs 

only as a result of the small] elastic distor- 
tions of the boundaries and to some extent 
perhaps of a certain, also elastic, rotation 
of the elementary magnetic moments, This 
elastic change in magnetization is appropriate 
for reverse permeability u, = »,,, which 
should also be introduced into the calcul a- 
tion when determining field strength H arising 
in dynamic conditions inside the ferromagnetic 
testpiece under the influence of the change in 
the external field. 


A different value for permeability must be 
introduced into the calculation when deter- 
mining the magnetic flow connected with the 
circuit surrounding area So of the equivalent 
dipole, In fact, the differential permea- 
bility which is interesting to us must be. 
determined as the value proportional to the 
ratio of the increase in the average value of 
induction and field strength. 


(9) 
Yo OH 

In conditions where the increase in induction 

occurs as a result of increase in field 

strength it is only in this case that it can 

be assumed that B,, = (H)* 

Finally, averaging must fi carried out 
within the limits of the field under observa- 
tion assuming 

l 
Bay= H -- (10) 


After crossing the boundaries of the stable 
position, i.e., after the beginning of the 
Barkhausen effect, the further change in 
magnetization in the area of the discontin- 
uity is practically independent of further 
changes in field. In the case of exceedingly 
rapid Barkhausen effect magnetization will 
take on a permanent value. As for a big 
change in magnetization in the field of the 
discontinuity itself, it is allowed for in 
explicit form by the change in moment M/dt, 
which is completely independent of the smal] 
change in magnetization which corresponds to 
the product of reverse susceptibility 
Ky» = fey - 1, and the increase in field 
strength, Therefore the permeability in the 
field of the discontinuity must be regarded 
in calculations as equal to l. 


Selection of the value for field strength. 
It is natural to assume that the fields in 
which the boundaries are propagated are of 
small transverse dimension in comparison to 
the dimension in the direction of field 
(Figs. 3 and 4). Here as in the case of a 
narrow slit with walls parallel to the field 
or in the case of a drawn out ellipsoid it 
can be assumed that the field strength inside 
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coincides with that which is averaged in the 
longitudinal direction, i.e., with field 
strength H in the ordinary macroscopic strength. 
This field is wu times less than the average 

for the transverse direction, The latter is 
equal (divided by Hg) to the mean value of 
magnetic induction where p=» 4, 
according to earlier discussion. 

Thus in calculating the function p(t) the 
parameters used for the medium must be reverse 
permeability #,, and conductivity o while the 
flow linked with the equivalent circuit is 
determined by the equation 


(12) 
Yoh tp 


= Sp, =S 


In selecting the equivalent circuit of the 
current, current i and area of the circuit are 


determined by the equation 


Mo => 2] Vo = Sol, (13) 
where 2I 1s the total change in the intensity 
of magnetization. We have in mind the measur- 
ed z component for moment and for magnetiza- 
tion); Vo is the volume of the field. 

Explanation of Figs. 3 and 4, Fig,3a is a 
diagram of the boundary whose displacement is 
held up by the non-magnetic connection, Re- 
moving itself with increase of field, the 
boundary completes its jump and occupies the 
new position indicated by the dotted line. 
The equivalent currents at first created 


(their surface density i=Rot/) occupy a new 
position after the jump. The disappearance 
of the currents on the previous boundaries 
and the appearance of currents on the new 
boundaries is shown diagrammatically in Fig. 3b 
by the distribution of points embracing the 
saturated field. 

Fig. 4 is a diagram of the ellipsoidal 
field in which the jump occurs. The field 
created by this zone spreads throughout the 
piece and is partially connected with the 
external measuring winding. For the external 
field and for the field created by the satura- 
ted zone the magnetic properties of the medium 
are characterized by reversed permeability. 
Inside the ellipsoidal zone permeability is 
equal to 1. However, as it is so small, for 
the externa] field the whole medium can be 
regarded as macroscopically heterogeneous, 
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Fig. 3. 
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Diagrammatic illustration of Barkhausen 
effect. 
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Fig. 4. The elipsoidal zone inside a testpiece 
surrounded by a measuring coil. 


Calculation of function (t). We will 
assume a gradual change in moment: m= 0 at 
p <0, as ny at t>0. As will be show 
below one is probably justified in using this 
assumption for materials in which the Bark- 
hausen effect is being studied. We will 
assume that the length of the coil and the 
length of the specimen are great in comparison 
with the radius of the specimen and that the 
zone is at a large distance from the ends, 

In this case the field which interests us 
coincides with that which arises inside a 
long cylindrical conductor after the gradual 
change of the external homogeneous field. 

Calculation for this case was first carried 

out by Vvedenskii [4]. It has been described 


in detail in the book [10] (Para 6-5). 
In the space surrounding a round ferromag- 
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netic cylinder let the field strength parallel 
to the axis grow directly from the moment 

t = 0, from 0 to Hy (duration of growth of 
the fieldt~>0). After this the outer field 
will remain constant. Due to the presence of 
eddy currents the field inside the cylinder 
H(t,r) will grow gradually, approximating 
finally to Hj. The law for this growth may be 
found in Maxwell’s equations which for this 
case are reduced to the expression 


or 


(14) 


the initial and boundary conditions for the 
problem: H = Hy where oo, H = Ho where 
r=r, and t>0; 
The solution to equation (14): 


H(t) = 1 - 


2 


where J, and J, are Bessel functions, A, is 
the n root of equation Jp(A,,) = 0; Ry is the 
radius of the cylinder; pe is the reversible 
permeability; o is conductivity; = 
Henrys/m is the magnetic constant of a prac- 
ticable system of units (called the ‘‘permea- 
bility of a vacuum’). 

The nature of this function is reflected in 
Fig. 5. 

If too, as can be seen from (15), 
H(t) = Hp and the flow link with equivalent 
circuit at o, 


Andi (hn) 


(00) = py = 2S; No, (16) 
where No is the number of turns of the winding 
per unit of length. But in principle the 
reciprocity of current in the coil shculd be 


such that 
is = m,. (17) 


Therefore the value of the external field 
Ho = No must be taken to be such that 
SH, = mN,. (18) 


The desired magnetic flow connexion with 


H = O where t = 0 and r<ro- 


the measuring winding due to the moment of 
the dipole, is, according to the principle of 
reciprocity, equal to the flow connexion with 
the equivalent circuit at winding current i, 
is on the basis of (16) and (18) where t->o, 
equal to 
(00) = Yo SHy = Ny. (19) 

For any time, after substituting the value 

SHy from (k8) into (15) 


 (t) = SH (t) = po I~ 


and the e.mf. sought 


dv 
—E()=— = 


exp 


A similar formula was found by Tebble, 
Skidmore and Corner [3] who, speaking of the 
field localized in point A (Fig.1), actually 
passed over to the consideration of a thread- 
type field parallel to the axis and permea- 
ting the whole piece. Actually, in their 
calculation the change in induction AV 
occurs in any section of the piece indepen- 
dent of co-ordinate z. But in such a thread- 
type field the total moment my and total 
e.mf. in a coil of infinite length should 
should also grow infinitely (in the end their 
remains the e.mf. per unit of length of the 
coil so that in our solution it is the total 
e.m.f, which remains independent of the total 
length of the coil. This fact was not 
allowed for in the work of these authors and 
for this reason their solution cannot be re- 
garded as correct although they have provided 
an accurate qualitative characterization of 
the influence of parameters of the specimen 
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on the magnitude of the effect observed, 


= 


25 50 75 100 125 tm sec 


Fig. 5. Graph of function H(t). 


DISCUSSION OF THE RESULTS OBTAINED 


Solution (21) while justifiable for a 
duration 7 is much less so for all constants 
of time 


7<T, (22) 


In practice in determining the form of the 
e.m.f. impulse for small intervals in time 
about 20 turns of the series are added to- 
gether. In future it will be possible to add 
only 2 or 3 turns, 

Fig. 6 shows the course of E(t) for a nickel 
cylinder (u=p,, = 140, o= 1.40 x 105 
(ohm/ cm) ry = 0.25 mm). Curves have been 
plotted for a jump with a constant value no 
at its various positions in the cylinder, 

i,e., at various r/To. Time in microseconds 
is plotted on the horizontal axis and on the 
vertical, e.mf. in relative units (a wmit is 
taken to be the maximum e.m.f. induced by a 
jump on the axis of the cylinder). It can be 
seen from the graph that jump which occur 
close to the axis induce e.m,f, with minimum 
amplitude and maximum duration, The shape of 
the e,mf, changes according to the size of 
r/rg: the amplitude increases and duration, 
measured at a certain distance from the ab- 
scissa axis of the oscillogram (for example 
above the level of noise), diminishes, Here 
the areas bounded by the curves (the so-called 
volt-second areas) remain unchanged in accord- 
ance with equation (8). 

From formula (21), the graph of which is 
shown in Fig.6, it is possible to find the 
distribution of e.m.f. pulses in amplitude 
and duration for any given distribution of 
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magnitudes for the jumps and for any given 


distribution of jumps across the piece, 


Let us consider the simplest case: 


jumps are the same in magnitude, and the 
density of their distribution across the 


testpiece is constant. 


In this case jumps 


arising on the circle (Fig.7) between cir- 
cumferences of radii r and r - dr, will cause 
e.mf. pulses of the same amplitude. A at 


one and the same duration T: 


T = 


all the 


(23) 


The number of jumps on this circle will be 


proportional to the area of the circle. 


dN = §2zrdr. 


Here the ful] number of jumps on the cross- 


section of a cylinder of unit length 


From this it follows that 


N,= E nro. 


0 To 
E(t) 
6 
5 
2 
2 
j 
0 0 20 30 4O 50 tmseo 


Pig. 6. 


(24) 


(25) 


(26) 


The form of an e.m.f. pulse related to 
the position of the bound in the piece: 


r 


To 


= 0,0; 2— 


To 
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Fig. q. 


Let us introduce the functions which are reci- 
procal to (23): 


r 
— =/(A), —=9(7), 
To To 

Then their differentials: 


ar (A)dA, =. =9'(T)dT. (28) 


To 0 


Substituting (27) and (28) in (26) we find 
that 


aN 
= 29 (T) 9! (7) dT. 


dN 
27 (A) f’ (A) dA, 

(29) 
Dividing the first of these equations by dA 
and the second by dT, we get the final expres- 
sion for differential distribution: 
“dN 
—— =20(T) (T). 
9 (T) (T) 


dN 


Fig. 8. 
a — in amplitude; 


Calculation of the distribution of pulses. 


The lefthand sections of these formulae 
indicate directly the way of treating the 
results of the experiment, while from the 
righthand portions it is possible according 
to any particular Premise, to calculate the 
distribution of bounds in amplitude and sec- 
tion of the piece. The curves of differential 
distribution calculated according to these 
formulae in the premise mp = const and the 
equally possible distribution of bounds in 
the cross-section of the testpiece, are shown 
in Fig. 8. It can be seen that the distri- 
bution in amplitudes is of the same type as 
that determined experimentally (c.p. Fig. 9) 


while length distribution differs sharply 


from that found in experiment (c.p. Fig. 10). 


This latter indicates that the premise: nj 


is the same in all jump, is not even approxi- 
mately fulfilled. 

If the distribution of the jumps is known 
for the amplitudes of magnetic moments a,, 
which may be reflected by the function F = 
= F (my), then in expression (23) a multi- 
Plier should be substituted for A which will 
allow for this distribution (we note that at 
any given position of a jump in the case TCT 
the amplitudes of the e.m.f. are proportional 
to m)). If there is a corresponding change 
in the form of the functions inserted in 
formula (30), it will be possible to find the 
distribution of the e.mf. pulses in both 
amplitude and duration (from A and T) for a 
given distribution F(mp). 

In Fig.11 there is an example of the form 
of function F(m)) found experimentally by 
Rodichev and Kim using the impulse electron 


0-5 10 15 20 25 30 35 


7, sec 


Distribution of e.m.f. pulses: 
b — in duration. Both distributions were 


obtained theoretically for the case Mm = const. 
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integrator*, Fig, 12 shows the distribution 
of pulses in duration calculated for the 
indicated form of F(mo). In the same graph 
the points are plotted from the experimental 
data of Rodichev, Salanskii and Sinegubov 8. 
Experimental data are show only for durations 


- where the results of measurement can be con- 


sidered to be reliable (a rather stricter 
attitude must be adopted towards the results 
obtained for low durations). The theoretical 
curve coincides with a very high degree of 
accuracy with the experimental data, It 
should be noted that the theoretical results 
are not very sensitive to the form of func- 
tion F(m), i,e., there is a fairly substan- 
tial variation in function which however, does 
not alter its genera] falling character and is 


- only slightly different from the form of the 


theoretical curve, 


410? gs cm sec 


Fig. 9. Distribution of e.m.f. in amplitudes (ex- 
perimental data). 


The duration T in the theoretical calcu- 
lations and in the treatment of the experi- 
mental data is determined as that interval in 
time in which the e.m.f. exceeds a certain 
arbitrary level which in all cases is higher 
than the noise level (e.g., level 0.5 in 
Fig. 6). It is just because of this arbitary 
determination of duration that the amplitudes 
of the jumps mp effect it. If the duration 


* Report by G.M. Rodichev and P.D. Kima delivered 
at the Seminar of the Institute of Physics, A-S, 


U. Ss. Ss. R. 


of each pulse were determined as the interval 
between the levels, expressed in portions of 
the amplitude of this impulse, then the dis- 
tribution F(my) would not exert any influence 
upon the distribution of e.m.f. pulses in 
duration. Finally all this is applicable to 
the assumption that t< T. 


LN 
at wa 
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Distribution of e.m.f. in duration (ex- 
perimental data). 
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Fig. 11. Distribution of bounds through % (func- 
tion F(mp)). 


In a similar way the distribution of pulses 
may be calculated through A for a concrete 
form F(mo). 

According to the extent of the agreement 
between experiment and theory on the assump- 
tion *< T, the accuracy of this assumption 
may be confirmed by the following: if t< T 
the duration of the e.m.f, pulses will be 
determined only by the influence of eddy 
currents and consequently, it should grow 
with the thickness of the piece and with the 
product jo, which has also been observed 
experimentally by Rodichev. 
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7, pe sec 


Fig. 12. Distribution of pulses in duration: con- 

tinuous line - theoretical curve; 0 - experimental 

curve. Calculation was completed for F(no) as 
shown in Fig. 11. 


CONCLUSIONS 


1. From the analysis which has been carried 


out the conclusion is drawn that in practically 


all experimental work*, the main mass of jumps 
corresponds to the condition where t< T. It 
is, of course, possible that for a certain 
portion of the jumps 7 is in the region of or 
even greater than T (jumps which occur close 
to the surface of the piece, for which, due to 
the small influence of eddy currents, T should 
be very small). These bounds however should 


disappear from observation if the width of the. 


frequency characteristics of the apparatus 
used is inadequate. | 

2. The duration of the e,m.f. pulses ob- 
served is determined not by the duration of 
the bound, but by electrodynamics - by the 
transitory process of establishing a field 
which is well described as an integral effect 
of the induction of e.m.f. which occurs in 


* The study does not include works similar to the 
observations of Forsta and Wetzel [9] on pern- 
alloy testpieces 9-11 microns in diameter where, 
due to special circumstances, the whole test- 
piece was remagnetized in this way - in similar 
cases the effect is essentially different 
from Barkhausen effect. 


accordance with formula (21) derived here, 

The e.m.f. amplitudes are also precisely 
determined in the main by electrodynamic 
factors, and the distribution of amplitude of 
the e.m.f, should in no circumstances be 
identified with the distribution of jumps. 
through m). An indirect conclusion regarding 
distribution G(mg) can be made only if there 
is at the same time allowance for the electro- 
dynamics of the process, as has been done in 
the present work (see the results shown in 
Fig. 12). ; 

3. The study of the influence of different 
physical conditions (temperature, extension, 
etc, ) on Barkhausen effect is also meaning- 
less if no allowance if made for the changes 
which occur in p and a, as the influence of 
electrodynamic factors may in these circum- 
stances be dominant. 

4. The single physical characteristic of a 
jump which may be found immediately from the 
e.m.f, observed, is the magnitude m) propor- 
tional to the e.m.f. integral or, as it is 
called, the volt-second area, For this 
reason, to measure the distribution of jumps 
through mj, an electron integrator of fairly 
high capacity should be introduced into the 
usual apparatus used for studying Barkhausen 
effect, 

The authors wish to extend their thanks to 
T. A. Stepanov who completed the quantitative 
calculations and graphs. 


Translated by V, Alford 
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LETTERS TO THE EDITOR 


THE DISTRIBUTION OF ELEMENTS 
COMPLEX ALLOY ON AN 


IN A 
IRON BASE* 


M.A. KRISHTAL & E.P. RIKMAN 
Tula Mechanical Institute 
(Received 16 October 1959) 


The properties of many alloys are known to 
be dependent on the distribution of their 
alloying elements. 


resistance, oxidation resistance, etc. etc. 
In the case of alloys which contain two or 


more phases the heterogeneity of distribution 


of the alloying elements is mainly due to 
their different solubilities in the different 
phases of the alloy. The characteristics of 
the distribution of the alloying elements in 
this type of alloy may be found by chemical 
analysis of the separate phases separated by 
special methods, one of which for instance, 
is that used to carry out a carbide analysis 
of steel. 
these methods are of course unsuitable for 
the distribution characteristics of the ele- 
ments as local methods of examination are 
needed here. Data are given below which 
concern the distribution of alloying elements 
in a single-phase alloy on an iron basis, 
consisting of 2.5% each titanium, silicon, 
manganese, molybdenum and chromium, 

The alloy was obtained by fusion in a high- 
frequency furnace in an argon atmosphere. 
The charge consisted of electrolytic iron 
with additions of the alloying elements with 
a high degree of purity. After casting the 
ingots were put under the forging hammer and 
then underwent high temperature annealing at 
1200° for 20 hr for the purpose of homogeni- 
zation. The microstructure of the alloy 
after this type of treatment is shown in 
Fig. 1. It can be seen that the alloy con- 


This especially refers to 
such properties as corrosion resistance, creep 


In the case of a single-phase alloy 


* Fiz. metal. metalloved., 9, No.5, 790-792, 1960. 


sists of the coarse homogeneous grains of 
alloyed ferrite. 


Microstructure after annealing at 1200° 
for 20 hr. 


Pig.’ 


The method of local spectral analysis with 
a pointed source, as described in paper [1], 
was used for the measurement of the concen- 
tration of alloying elements across the 
grains, With this method information can be 
obtained concerning the content of elements 
in fields with a diameter of 30-50y. In 
our case, as can be seen from Fig. 1, the 
grain size was in the region of 200-400 yu, 
and for this reason it was possible in each 
of the grains to carry out measurements quite 
a way from the boundary. The results are 
shown in Fig. 2 in which the degree of black- 
ening of the spectral lines 4S is plotted on 
the ordinate axis and the number of the 
measurement on the abscissa axis. The craters 
of the individual analyses were distributed 
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evenly while the distribution of titanium and 
silicon is extremely irregular, It should 

also be noted that in those parts of the alloy 
where the silicon concentration is at a mini- 


at a distance of not less than 200 yz from one 
another and did not overlap. 


Av 
0,6 | 5 mum, the titanium concentration is mainly at. 

0,4 . If the curves of distribution for manganese 

0 ] and chromium are studied it can be seen that 
~ OIF they correspond, The microvolumes of the 
bs Sc alloys are simultaneously either enriched or 

. impoverished by manganese and chromium, 

0 In connexion with these results considerable 
Ly interest attaches to the study of the distri- 
- 0,2 Lae bution of alloying elements in a cast alloy. 
-0,2 It seems that all five alloying elements are 
- 0,3 more evenly distributed in the cast alloy 
~ 04 (Fig. 3). The nature of the distribution of 
wii tr chromium, manganese and molybdenum is very 

4 7 oho similar to that in the annealed alloy. In 


2 4 6 8 1812 1% 16 16 20 the cast state titanium and silicon are more 
No. of measurements evenly distributed. After fusion the alloy 
was poured into the metal ingot mould and 
crystallized very rapidly. Due to the high 
rate of crystallization a fine-grain structure 


Fig. 2. Graph showing distribution of alloying 


elements along the grain of the annealed alloy. 
was obtained with relatively even distribution 
of the alloying elements. 
| Thus, in complex alloys high temperature 
aT : annealing does not always lead to an increase 
92 in the evenness of the composition. Our data 
- 0,3}-% IAN ASS show that where there is a combination of 
- 04 ava alloying elements like silicon and titanium 
aa high-temperature annealing will cause the 
- 0,3 tr opposite effect, i.e. it will reduce the 
— evenness of their distribution and as a re- 
a sult, appears to reduce the free energy of 
-02 tty | in the system. It can also be suggested that 
| these effects are due to intergranular sepa- 
= ration surfaces — block boundaries, 
| | 


2 ¥ 6 8 101214 16 18 Translated by V. Alford 
No. of measurements 


Fig. 3. Graph showing distribution of alloying 
elements in the cast alloy. 


The extent of the blackening was not conver- 
ted into concentration of alloying elements as 
we were only interested in their relative dis- 


tribution. 
The data presented show that distribution on 


annealing is not even, even at the considerable 
temperature and duration used. ianganese, 
molybdenum and chromium are distributed fairly (1957). 
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THE HEAT CONDUCTIVITY OF NICKEL AND 
NICKEL ALLOYS RELATED TO THE CONTENT OF 
IMPURITIES AND ALLOYING ELEMENTS* 
Ye. Yu. NEKHENDZI 
The Polzunov Central Boiler and Turbine Research Institute 
(Received 25 May 1959) 


At the present time there is a certain 
amount of data published regarding the rela- 
tionship between the heat conductivity of iron 
and steel on an iron basis, and the content of 
impurities and alloying elements [1-4]. How 
ever up to the present moment there still 


exist no similar details concerning nickel 
and its alloys. Some tables [5] do show cal- 
culations of the mean values for the heat 
conductivity of nickel according to the re- 
sults of various authors, but this method of 
working masks the influence of chemical com- 
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Fig. 1. Heat conductivity of nickel and its alloys at 200°. 
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position. An exception is the work of Shelton 
and Swanger [6] which sets out the relation- 
ship between heat conductivity for seven test- 
pieces of various chemical compositions ex- 
amined by the writers, and the paper by Sidles 
and Danielson [7] in which a similar relation- 
ship is shown for the temperature conductivity 
of six testpieces with a nickel content above 
90%. These two papers appear to be the only 
experimental material available in the litera- 
ture. The existing gap has become particularly 
noticeable as alloys on a nickel basis are 
widely used as engineering materials for 
elevated temperatures, i.e. in conditions 
where the value of the coefficient of heat 
conductivity may be necessary for calcul ations, 

Figs. 1-3 show the collection and systemati- 
zation of the experimental data available in 
literature concerning the heat conductivity 
of nickel of various degrees of purity and of 
nickel alloys of various chemical composition. 
Heat conductivity is presented as a function 
of nickel content (in weight percent). Along 
with the experimental points the special 
alloying elements are indicated in brackets, 
which constitute the alloy in question. The 
curves plotted represent the results of 17 
pieces of research work obtained by different 
methods in the course of the last 60 years*. 

It can be seen that the heat conductivity 
of all the testpieces with the exception of 
the binary nickel-cobalt alloys, is described 
by the plotted curves. The introduction of 


* Some of the points plotted were obtained by in- 
terpolation or extrapolation up to temperatures 
of 20, 500 and 800°. 


Heat conductivity of nickel and its alloys at room tem- 
perature. 


cobalt considerably reduces the heat conduc- 
tivity of an alloy, apparently as a result of 
the great affinity between the nickel and 
cobalt atoms. Cupro-nickel alloys (monel) 
also show a considerable increase in heat 
conductivity. 

In electrolytic and technical nickel a well- 
defined relationship is observed between heat 
conductivity and the degree of purity: if % 
impurities are introduced the heat conduc- 
tivity (at room temperature) will fall to 
almost half its value. In the range 55-80% 
nickel, the heat conductivity is practically 
independent of the chemical composition of 
the alloy. This important conclusion indica- 
tes that the heat conductivity of all indus- 
trial oxidation and creep resistant alloys on 
a nickel base is practically the same, 

If temperatures are increased the relation- 
ship between heat conductivity and nickel 
content is evened out. 

The curves shown in Figs, 1-3 may be used 
also in the selection of standard testpieces 
for comparison methods of determining heat 
conductivity. 


Translated by V. Alford 
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As no superconducting antiferromagnetic 
metals have been discovered to date, some 
interest attaches to the investigation of the 
problem of the criterion of superconductivity. 
In antiferromagnetic metals there exists a 
spherical interaction of conduction electrons 
with spin waves, In this note we would like 
to discuss the problem of the influence of 
this interaction on the appearance of the 


superconductive state. 
The energy operator of interacting elec- 
trodes and spin waves in an antiferromagnetic 


material has the form [1]: 


H, + Mem (EHED +E HE), 


Hin = — 


AEE dy 4 + complex 


where e, is the energy of a conduction elec- 
tron with impulse k; w, is the energy of a 
spin wave with impulse A; ois the spin 
index; ax, and a,, is the Fermi operator of 


secondary quantization of the birth and des- 
truction of an electron in the state kK, ao; 


tt and § are the Bose operators of secondary 


quantization of the birth and destruction of 
spin waves in the state A; I is the s-d 


4 
exchange integral; f (i) = / 2x (z is the 


number of nearest neighbours to the given 
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atom); V is the volume of the system. 

As it is the interaction of electrons with 
opposite impulses and spins which is respon- 
sible for the appearance of superconductivity, 
we will bring our Hamiltonian for the inter- 
action of electrons with spin waves to the 
effective electron-electron interaction, 

Let us complete the unitary transformation 
of Hamiltonian (1) 


H’ = eS HeS =H + 


+ i [HS] —[{HS}S] ..., 


where we select S in the form: 


S= (Part Rok An+r, + + 


Kr 


Restricting ourselves to the first two terms 
in (2), determining the coefficients P, R, S, 
T fram the condition where the terms contain- 
ing two Fermi and one Bose operator are equal 
to zero, and in the term which describes the 
electron-electron interaction, leaving the 
part responsible for the scattering of the 
electron cloud with opposite impulses and 
spins, we find 
— (I — a 
Kk? (3) 


+ + Q_ 


Thus, electron-magnon interaction will lead 
to the effective interaction of electrons 
with opposite impulses and spins and this 
interaction will have a repulsion character 


146 
(2) 19¢ 
H = Hy + Hint, 
| 


Letters to the Editor 


unlike that of electron-phonon interaction, 
(Compare, for example, (3) with the electron- 
electron interaction in [2]). The bonding 
energy of the electron pair formed as a result 
of electron-phonon interaction can only be 
reduced and the pair may generally be separa- 
ted, as a result of scatter of electrons on 
spin waves, 

The repulsive character of the electron- 
electron interaction due to the exchange of 
spin waves is explained by the fact that the 
scatter of electrons occurs with an inversion 
of spin. Indeed, if one of the electrons of 


the Cooper pair were scattered on a spin wave, 


then it would change the direction of its 
spin; electrons with parallel spin cannot — 
form bonded pairs. 


Translated by V. Alford 
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THE ARTIFICIAL GROWTH OF UNDISTORTED 


MONOCRYSTALS OF A DEFINITE FORM AND 


Current ideas concerning the properties of 
metals and the nature of the processes which 
occur in them are in many ways indebted to 
the artificial growth of monocrystals, At the 
present time monocrystals are used not only 
in research laboratories but also in industry, 
Research workers very often use monocrystals 
of a definite orientation, without distortion, 
of correct shape and with a sufficiently pure 
surface, 

It is not possible by any of the current 
methods of artificially growing monocrystals 
to obtain one which answers al] the require- 
ments set out above at once, A lot of work 
and time is expended so that the artificially 
grown monocrystal shall acquire the required 
form and surface purity, while avoiding dis- 
tortion, 

By the method which we have developed, it is 
possible to cultivate monocrystals of required 
form and surface purity, which are free of 
deformation, The essence of the method con- 
sists in the following. 

By mechanical means testpieces are produced 
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F. P. RYBALKO, M.A. BAINOV & L.M. KATANO 


Photograph of a zinc monocrystal testpiece for mechanical testing. 


from a polycrystalline metal. These are bars 
of required shape and with a high surface 
purity. At one end the bars are ground into 
a projecting sharp taper. Then, taper end 
down, it is placed in a metal container and 
fine dispersion powder is poured in, The 
dispersion of the powder should be greater 
than the required roughness of the surface of 
the future monocrystal. 

The testbar together with the container are 
placed in an electric furnace in the centre 
of which the temperature is somewhat higher 
than the melting point of the bar. Then, 
using a clockwork mechanism, the container 
passes through the furnace at an appropriate 
speed, The metal which melts, does not lose 
its form and crystallizes also without change 
of form, 

To extract the cultivated monocrystal all 
that need be done is to turn the container 
upside down and tap it lightly. The finished 


monocrystal of the required shape and surface 
purity will “flow out’’ of the container to- 
gether with the powder. 
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The oxides of various metals can be used 
for the power. To cultivate monocrystals of 
aluminium we used aluminium oxide and for zinc 
monocrystals — zinc oxide. 

Before filling the powder into the container 
it was heated at 200-300° and was then used in 
heated form to pour on to the testpiece, In 
this way it was possible to avoid some of the 
powder being ejected from the upper part of 
the container as a result of the rapid separa- 
tion of moisture and air which is contained in 
the packed unheated powder, 

Using this method we cultivated monocrystals 
of aluminium and zinc in the form of cylindri- 
cal testpieces with heads and bars of rectan- 
gular section, The dimensions of the cylin- 
drical testpieces were as follows: length of 


heads 25 mm, diameter of heads 10 mm, diameter 
of test length 8 mm, and length 80 mm One of 


the heads after the cylindrical part was 
finished as a pointed cone from which the 
growth of the monocrystal was started, The 
size of the rectangular monocrystals was 

8 x 25 x 200 mm, The surface finish of the 
testpieces was of the same order as in the 
bar (about class 8). The necessary dispersion 
of the powder was achieved by fractionation 
with a screen for inert bodies, 

In this method of cultivation it is par- 
ticularly important to see that withdrawal of 
heat is mainly in the direction of growth of 
the monocrystal, It is therefore advisable 
to put the bar as near as possible to the 
bottom of the metal container. 


Translated by V. Alford 
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INFLUENCE OF HEAT TREATMENT ON 
THE HARDNESS OF STEEL* 
Yu.H. IVANOV 
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(Received 19 December 1959) 


t is duration of heat treatment; 
c is a constant the value of which is 
taken by the authors as between 9.7 
and 14.3 for steels with carbon con- 
tents varying from 9,96 to 0.31%. 
This parametric curve has been widely used 
in recent times in the evaluation of the 
long-time hardness of metals at c = 20 [2]. 
The basis of this method is Arrhenius’ s 


equation 


For the selection of the conditions of heat 

treatment for the purpose of obtaining any 
- desired strength of steel, the method of 

parametric curves has been put forward by 
Holloman and Jaffe [1], by means of which 
interpolation may be made of the hardness 
figures R, in a certain range of change in the 
duration and temperature of heat treatment. 
This method consists in the plotting of Rock- 
well hardness numbers in relation to the para- 


meter K = T (c + lgt), where T is absolute 1 
temperature; A exp (—Q/RT), 


log t 
Fig. 1. Graph showing Rockwell hardness numbers of steel related to tne 
_ logarithm t at temperatures: 
1 - 100°; 2 - 150°; 3 - 200°; 4 - 250°; 5 - 300°; 6 - 406°; 7 - 500°; 8 - 602°; 9 - 700°C. 


metal. metallovedenie, (9), 5/60, pp.797-799 
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where t is time; 
Q is the energy of activation of the 
chemical reaction; 
R is the Boltzmann constant; 
T is absolute temperature; 
A is constant. 
From Equation (1) there flows a linear re- 


lationship between lgt and : at constant 
stress, 

Analysing this parametric curve, we have 
expressed the hardness figures set out in 
paper [1], graphically in relation to the 
logarithm of the duration of heat treatment. 
It was possible on the graph which we plotted 
to draw a system of straight lines through the 
experimental points representing the linear 


relationship between hardness and the logarithm 


R 


70 


300 400 500 600 700 800 800 1000 T.°K 


of time at T= const. When projected these 
straight lines intersect one another at the 
same point in the co-ordinates a= -3.7; Ro, 
= 72.16 (Fig. 1). 

It is of course precisely this graph, in 
the form of a bundle of straight lines con- 
verging in a pole, which Zhurkov [3] obtained 
for the metals, and the logarithm of time up 
to fracture under conditions of constant tem- 
perature. This similarity is evidence of 
some general conformity to a law which ap- 
parently connects the different processes of 
heat treatment with different durations and 
fracture under the long-time action of a con- 
stant load, 

The changes in the strength of the metal in 
the process of heat treatment are of an 
active nature, At the basis of the tempera- 


Fig. 2. 1. 
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Summary straight line for the hardness of steel; 2. 


graph. 
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ture-time relationship of the strength of 
solid bodies, as has been established by 
Zhurkov, is the activating mechanism of the 
process of rupture, Here it seems, is to be 
found the explanation for the remarkable 
similarity in the relationships observed, 

From this general conformity which is re- 
flected by the graphs in the co-ordinates 
hardness/logarithm of time in the form of 
bundles of straight lines with a pole (a, R,,) 
a simple method of inter- and exprapolation 
may be proposed for the determination of the 
strength characteristics of steel in relation 
to different conditions of heat treatment. 

This method consists in combining the bundle 
of straight lines shown in Fig. 1, into a 
single line called a summary line (Fig. 2) 
which is defined by the equation 


Roo Ro = 


where @= tna(at+lgt). 


From this and the graph for the tan a/T 
reJationship (Fig. 2, curve 2), hardness may 
be determined graphically from the summary 
straight line or analytically from equation 


(2) 
R, = $. (3) 


The advantage of the summary straight line 
method is its considerable accuracy in com- 
parison to the parametric curve method and 
also the fact that a considerable reduction 
can be made in the number of tests necessary 


to produce the plot. 
Translated by V. Alford 
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Translated by V. Alford 
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THE DETERMINATION OF THE NUMBER OF INDEPENDENT 
PARAMETERS OF LONG AND SHORT-RANGE ORDER IN 
MULTI-COMPONENT SOLID SOLUTIONS* 
A.N. MEN’ 
Sverdlov Agricultural Institute 
(Received 22 April 1959) 


In determining the degree of long-range order the distribution of atoms is allowed for 
both on equivalent and non-equivalent sites and in the determination of short-range order, not 
only distance is allowed for but also the arrangement of atoms in the intermediate spheres, A 
method is given for finding the number of independent parameters of short-range order with 

reference to neighbours of the second order, 


1. DETERMINATION OF THE NUMBER OF INDEPENDENT PARAMETERS OF LONG-RANGE ORDER 


Due to the increasing interest in the phenomenon of ordering in multi-component metallic 
solid solutions and semi-conducting compounds, mainly as a result of the technical application 
of these materials, and the efforts to construct a theory for the systems, it becomes necessary 
to provide a clarification and generalization of certain of the quantitative characteristics of 
the degree of ordering. This paper is devoted to a study of the implications of the parameters 
of long and short-range order in multi-component crystals with a complex structure, the deter- 
mination of the number of independent parameters and a generalization of papers [2, 6]. 

Let us assume a multi-component solid solution containing N; atoms of the i (i = 1.2....n) 
sort, arranged according to the points of an ideal lattice**. The full number of points occu- 
pied by atoms, is indicated by N. Let the lattice of this solid solution contain d types of 
non-equivalent sited***(d = 1.2.... t). Let us define the aggregation of sites of the given 
type d by Mj. We will exclude from N those sites which only contain atoms of one sort (“‘dead”’ 
sites), for example sites occupied by atoms of oxygen in lattices of spinel in mixed oxides - 

- granite etc, The remaining number of sites we will define by N. 

All the parameters of long and short-range order are determined through (a priori and a 
posteriori) the probability pd of the substitution of sites type d by atoms of sort i at a 
certain state of the lattice which is defined by the macroscopic parameters (pressure, equi- 
librium of temperature T and annealing temperature) respectively, for instance thermodynamic 
equilibrium. To establish the numeration of the sites (sublattices) the unit cell of the 
lattice must be selected which, in long-range order (superstructure) may be determined in the 
following manner, 


* Fiz. metal. metalloved., 9, No.6, 801-809, 1960. 
** Surface, line and point defects will not be studied, although they could well be calculated with 


the mathematical apparatus developed. 
*e* Sites which can be superposed by one another by some kind of symmetry transformation, are called 
para 121]. 
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Let us select a certain volume containing k sites disregarding the ‘‘dead site’. Let us 
construct the matrix of probabilities, 


i= 
P {Pt} (1) 


and let us delete from this matrix all columns which are equal to the first. From the resulting 
matrix let us delete all columns equal to the second and so on. Finally there will remain 
matrix P in which all the columns will be different (they will however differ from each other 
by only one element). The number of columns in the matrix P is equal to the number of sub- 
lattices ny- 

The of sites of the 6 sublattice we will define by ne (6 1.2 »- If 
= 1, then n° contains all W sites. This type of solid solution we will describe as -reee- 
ing. If ny >1, then the solid solution will be described as ordering. Such a definition of 
order is more general than that put forward by Landau and Lifshits [1], where the phenomenon of 
ordering was only studied on equivalent sites, From the proposed definition it is possible to 
study order in systems containing both equivalent and non-equivalent sites (for example, order- 
ing in mixed ferrites with a spinel-type lattice) and in particular, the reversibility in spinel 
lattices may also be described as phenomenon of ordering, only on non-equivalent sites, Thus, 
if for one pair of aggregates of points N® and n° the conditions 


N’=M,, (1, 2) 


obtain, then this is appropriate for the ordinary determination of ordering on equivalent 


sites. If for each no VOL 


N’ = (1.3) 


then this can be taken as appropriate for reversibility on non-equivalent sites in spinel. In 
a more general case aggregates of M, could satisfy conditions (1.2) and (1.3) which corres- 
ponds to — ne consisting of sub-agregates of different My From the definition of 
aggregates n° their properties follow 


(a, b=1,2..n), LN =N. (1, 4) 
a+b 


To find the characteristics of a solid solution at any definite T the distribution of atoms 
in sublattices ne must be known, Let us give this distribution the matrix 


j= 1,2...n 
(t= ) (1.5) 


where ne (T) is the number of atoms of sort i in the sites of aggregate n> at given T. Allow- 
ing for the fact that nn, which were not known in (1.5) are connected nen, by the equations 


(b= 1,2...0,), MM? =N,(i = 1,2... 0), (1. 6) 


b=1 


ix1 
in which the one is the result or the rest, it is then easy to find the number of independent 
parameters N, of long-range order [2] 


N.=nn,—n—n,+1. (1.7) 


All the elements of matrix (1.5) can easily be expressed through the selacted N, of indepen- 
dent parameters ne. It is possible from the number of ne to pass over to the parameters of 
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long-range order S° [3] 
= Ni— — (Ni (1.8) 


where(N°) | and ine ;), define the number of i atoms in type 6 sites at ananegnsgantel order and dis- 
order respectively, that is, the equilibrium values of ne at T= 0 and 
T = oo (assuming that T in the lattice being studied, remains stable). 
All the functions nor) can be broken down into two classes, To the first class belong 
functions for which the final temperature 7, obtains, at this temperature 


N? (T,) =N?(T >T,) = const. (1.9) 


This temperature 7, will be called the aaa 3 temperature, and ne (Ty) we will take for(N?),. 
To the second cl ene belong all functions of ne i(T), for which Tp = Ok ive, 


(N°), = lim N° (T). (1. 10) 


For the functions of the first class there is some sense in talking of a disordered arrange- 
ment of atoms of the given sort and of the temperature of ordering (this case corresponds to 
the usually accepted understanding of ordering [4]). For the functions of the second class, 
there is no sense in talking of the completely disordered arrangement of atoms and of a tem- 
perature of ordering (as this state is not possible; this case corresponds to the usually 
wena? understanding of reversibility in spinel [5]). If some of the independent pare- 
meters ne belong to the first class, it then follows from (1,9) that the number of these para- 
meters in points T) will be reduced with increasing temperature as matrix P is changed (1.1) 
while N° will a signify. From this it follows that to find the characteristics of any 
given solid solution a series of critical temperatures must be made (1.11) and the appropriate 
collection of aggregates ne compared with it (1.12), which also determines a series for the 
number of independent parameters N, (1.13). 


(T min < < <(T < (To)mas: (1. 11) 

b 


2. DETERMINATION OF THE NUMBER OF INDEPENDENT. SHORT-RANGE PARAMETERS 
FOR THE FIRST CO-ORDINATION SPHERE 


To find the characteristics of a solid solution, not only the arrangement of atoms in sub- 
lattices must be known, but also the arrangement of atoms in relation to one another, It 
should be noted that when the lattice is broken down into co-ordination spheres relative to 
the selected site there is some arbitrariness, Thus, for example, in a body-centred lattice 
the number of sites in the first co-ordination sphere is sometimes taken to be 14 and not 8, 
To determine the number of sites in an | co-ordination sphere we will take the following 
example: let us compile the matrix 


where r_, is the distance between points a and b. Matrix r will now be converted as follows: 
1) we will eliminate all columns which are the same as the first and in the matrix remaining 
we will eliminate columns which are the same as the second and so on; 2) in each column we 

will arrange rg, in increasing order leaving only the different ones; 3) from each | colum 
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we will take the maximum value r(t) (l =1,2...). The number of sites in the | co-ordination 
sphere relative to the given point. a is equal to the number of sites in or on a sphere of 
radius r(!) and outside a sphere of radius r('-1), projected from a (where r(9) = 0), In this 
definition site 6 may be proved in various co-ordination spheres of site a depending on the 
(arbitrary) choice of distance r(l) and in one co-ordinate sphere there may be points which 
are at different distances r (n> ro rte!) from the centre of the sphere, Let us use the 
symbol Z,,(1) to denote the nuuber of sites in sublattice 6 which are lying in the 1 co- 
ordination sphere of the given point of sublattice a; Qty ( ) is the number of pairs of i-type 
atoms of sublattice a and of j type atoms at the sites in sub-lattice 6 lying in the 1 co- 
ordination sphere of each of the sites a. Let us consider the case where lI = l. 


Let us compose the matrixes* 


Z=(Z,»} (a, 6=1,2...n,) (2.1) 
Q, = (Qi), (2. 2) 
where 
= ( nl 
ab +++ (2. 3) 


We will take m, as the number of elements in matrix Z which are different from zero and m, as 
the number of elements in matrix Z which are different from zero, for which b >a. Thus 


Qty = then 


a[m,(n 


of unknown Qty connected with m,n by the equations 


Examining the rank of matrix d from the coefficients with unknowns in equation (2.5) and the 
rank of the expanded matrix, we find the number of independent short-range parameters [6] 


(n — 1) (m,n — 2m) (2. 6) 


9 


As, in passage through the critical points in series (1.11), there will be changes in numbers 
m, and m,, then formula (2.6) for integral (TokTok-1) Should be written more precisely in the 
form 


n 


For the number of short-range parameters we find the corresponding series 


The calculation made for the number of independent short-range parameters for the first co- 


* For simplification we will use Z,, (1) = Qi Qi, 
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ordination sphere may be generalized for the case of calculating the neighbours of ! order.* 
If it is considered that the probability P; (1) of the formation of a pair of form (ij) is 
independent of the disposition of atoms in the intermediate co-ordination spheres, and depends 
only on number 1, then 


P= (2.9) 


where Q, jC ) is the number of (ij) pairs which are neighbours of the | order, 


Q(t) is the whole number of pairs of neighbours of | order, 
Knowing these probabilities it is possible to determine the coefficients of correlation for ary 
of the distances studied, for example, in Cowley’s work [7]. Actually, according to the theory 
of the multiplication of probabilities of dependent events we find 


(1) = pip" = pp"), (2, 10) 


where p, is the a priori probability that a k atom will be found in the given site, 


pt(k) (1) 4s the probability that a t atom will be the l-range neighbour of atom type k. 
If the events were independent then 


() = 


Following Cowlry let us introduce short-range parameters a 
(2, 12) 


it follows from (2.12) that the number of independent a parameters will be equa] to the number 
of independent p,; .(deP) parameters i9e, is determined by formulae of type (2.6). 

In the case of a binary alloy if only nearest neighbours of a parameters are allowed for the 
correlation in the alloy is actually allowed for and it is easily linked with the parameter of 
correlation x introduced in Lifshits’ paper [8] 


pi) = (1 + x) pj. (2, 13) 
Substituting (2,13) in (2.12) we find 


(i) 
a =—. (2. 14) 


knowing p, Oat it is possible to introduce the short-range parameter o according to Bethe [9]. 
de d 

Py 
dep) 

— 


(2. 15) 


In paper [7] an attempt is made to calculate parameters a from the condition of minimum free 
energy where it is assumed that the distribution of atoms in the crystal is determined with 
sufficient accuracy by the final number of parameters a. Besides this, in determining the 
distribution of atoms on the sites of a lattice it is necessary to give an infinite number of 
these parameters, which are the coefficients of the decomposition of ‘‘the density of the 
atoms’’ in the Fourier integral. 

For a more successive calculation in long-range spheres the number of possible pairs 


* We say that two sites are neighbours of / order if one of them lies in the l co-ordination sphere of 
the other. 
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must be found allowing not only for the distance but also for the disposition of the atoms in 
intermediate spheres and using the multiplication theorem for the 1 dependent events 


where 
Bin 
Pi, ’ (2. 17) 
Q(t) 


where the remaining p standing in denominator (2.16) is found consecutively using (2.13). 

If in the | co-ordination sphere there are sites at different distances from the point 
selected for the beginning of the co-ordinate, then to calculate this factor the 1 sphere 
(more precisely the 1 layer) must be broken down into k, sublayers, Thus, for example, if 
there are k at different distances then in the | sphere there will still be k, sublayers and 
then each Z,,(1) will give k, terms 

Allowance for this factor will change the values of the numbers m, and my: Thus for exanple, 
in alloys with anisotropic distribution of pairs of atoms (arising as a result of external 
stresses etc) to determine m, and m, it will be necessary to allow for the different distance 
of nearest sites when formula (2,6) determines the number of independent short-range parameters 
in this case also. For the case of a binary ordered alloy with simple and body-centred lattices 
it is easy to compose a matrix Z allowing for anistropy 


Za1 0 n,= 6, m,=3, 18) 
(2. 
Lob. = = (Zy' ij »fij» ) 
Z,, 0 m, = 8, m, = 4. 
Expression (2.6) for N will take the form (n = 2) 
N,=m,—m, 


(No) np = 3, (No) = 4, 
i.e. the number of independent parameters is equal to 7 where z is the co-ordination number, 


A detailed study of a binary solid solution with anisotropic distribution of atom pairs in a 
body-centred lattice has been made in paper [10]. Our examination permits a generalization of 
the results of paper [10] for the case of multi-component solid solutions with a comp] ex 
lattice. 


3. DETERMINATION OF THE NUM=ER OF INDEPENDENT SHORT-RANGE 
PARAMETERS FOR THE SECOND CO-ORDINATION SPHERE 


Let us construct the matrix Z(2)={Z,,(2)}, from which it is possible to determine the 
mutual arrangement of lattice points aliowing for neighbours of the second order, A pair of 
points ac, being neighbours of the second order, belongs to a trio of sites abc, in such a 
way that 6 is a neighbour of the first order of site a, and c in its turn is a neighbour of 
the first order of site 6. Let us compile matrix Qry which contains different types of trios 
allowing for the second co-ordination sphere 
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Qi Q 11721. Q191Q122 Qian, Qin 1Qine 


Qi 


where ny is the number of sublattices, 


Qabc is the number of trios of sites in sublattices a, 6 and c. 
Here there are n types of atoms distributed over these sublattices, To find the number of 
different methods of distribution of atoms the number of different points Qt. ,» must be known 
in which points a, 6 and c are respectively occupied ~ atoms of type i, j and k. It is easy 
to see that for given Q,,. we shal] find different Qik in the following way. If i#j#k 
then we can form all possible combinations of n elements for al] three, and each of the com- 
binations (ijk) will give three different combinations (ijk, ikj, jik). If in the numbers i, 
j and k, two are equal, then we will form all possible combinations of n elements for two, and 
each combination (ik) will give four different combinations (iki, itk, ikk, kik). If i= j zk, 
we then form all possible combinations of n elements for one, If the number of elements in the 
matrix (3.1) which have the form Qaba» is designated through Mop then the number of different 


will be equal to m,(3C; 44C2 +C}) = 1). For the remaining Q,,, (a c) 


from (3.1) the different gilt can be tound if all the n® combinations are formed with repe- 
titions from n elements through three. If the number of elements which differ from zero in 
the matrix or, is designated through m,, then for the number of different Orne (a+ C) we shall 
find (mg-m,) n®, It is then easy to find the full number Dy of different Oe bi 


m,n? (n + 1) 
4 + (m; — m,) (3. 2) 
Knowing the number of Q'/*, it is possible to find D, (2.4) of different Q'} according to the 
formulae 
ab = + (3. 3) 
Np Na 


where n° is the number of sites in the second co-ordination sphere of site a which are at the 
same time sites of the first co-ordination sphere in relation to b. 
Substituting (3. 3) in (2.5) we find the system m zn-my of equations for the determination Do 
of the unknown otfk, Making up matrix D (see example (8) in [6]) and finding its rank R, we 
find the number Ngg of independent parameters Qifk 


N.,= D,—R. (3. 4) 


As an example let us take the binary solid solution AB (n = 2) with two sublattices (ny = 2) 
where the sites of each of the sublattices have in the first co-ordination sphere sites of 


both sublattices. Then Z= (21 212). According to (2,4) the number of different Q/. is equal 


to 10 and the matrices @,, (2.3) will have the form: 


at 


* We note that the numbers Mo and ma are determined by the geometry of the piece. 
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The values of Q'{ are connected by eight equations like (2.5) 


+ = Qi + QR = 
+ = + = (3. 6) 
Qn = Z,,N3, 4 = 


where 


BA AB AA AA BA 
11 =Qi1, Qoo = i2, = 


Let us compose the matrix Qry (3.1) 


Q 1 Q 2 
Q ll 1 


according to the determination mg = 6, mo = 4. Let us write the different Qt 1 


ABA AAB BAA ABB BBA BAB AAA BBB 
ABA AAB BAA ABB BBA BAB AAA BBB 
ABA AAB BAA ABB BBA BAB AAA BBB 
ABA AAB BAA ABB BBA BAB AAA BBB (3. 9) 
222 » «6 222 » 222» 222 
ABA AAB BAA ABB BB BAB AAA BBB 
ABA AAB BAA ABB BBA BAB AAA BBB 
1225 1225 1225 122» 1225 1225 


in agreement with (3. 2) 


D, 6m, + 8 (m3 m,) 40. (3. 10) 
Let us make up the system of equations (3.3) which connect gift and Qi{ 
(Qi + + + ) ar 
+ + QTY + + ete: 
To find the rank of matrix D of this system we will remove from D the determinator A which 
differs from zero. 


AAA (BBB BBB 


It is easy to check that al] the determinators bordering on J are equal to zero. Consequently 
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From (3.4) allowing for (3.10) we find 


the rank of matrix D R= 7. 


(3. 13) 


= 33. 


From the example studied it is possible to find the number of independent parameters in the 
second co-ordination sphere for binary solid solutions AB with body-centred and face-centred 
lattices, In the case of a body-centred lattice (alloy type CuZn) we have 


0 Z 00 Q 0 
Z= 2) =( 121 J+ my = my = 2. 
he ;] Qiu 0Q 0 0 8 2 (3. 14) 


\ 


(3.14), (3.11) we find 


Then from (3.4) allowing for (3.2), 


No =6-2—3=9. 


as independent parameters one could select for example, trios of the form 


ABA AAB ABB BAB AAA BBB ABA 
121» 121» 121, 121 » 2125 (3. 16) 


where the trios Q‘A® Q’BB GSB are determined from system (3,11) allowing for (3.16). For 


the face-centred lattice (alloy of type Cu, Au) we have 
0 0 Qi , mM, = 4, m, = 3. (3.17) 


from (3.4) allowing for (3.2), (3.17), (3.11) we find 
Noo = (6-3+ 8)—5 = 21. (3. 18) 


The relationships found (2.5), (2.6) and (3.3), (3.4) should be allowed for in the statistical 
theory of the ordering of multi-component solid solutions (see for example [3], [4]) in the 
investigation of the temperature and concentration dependence of short-range parameters in 


first and second co-ordination spheres. 
In conclusion I would like to thank A.N. Orlov for his evaluation of the work and useful 


observations, 


Translated by V. Alford 
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COTTRELL ATMOSPHERE 


IN DILUTE SOLID SOLUTIONS* 


V.M. DANILENKO 
Institute of the Physics of Metals Academy of Sciences Ukr.S.5.R. 
(Received 16 December 1959) 


Although the conception of Cottrell atmos- 
phere [i] at the present time comes close to 
explaining a number of phenomena in plastically 
deformed alloys (yield drop, strain ageing 
etc.) the phenomenon of the formation of the 
atmosphere itself has not been sufficiently 
closely studied, Beginning with the work of 
Cottrell and Bilby [2] it has been assumed 
that the major role in the formation of the 
atmosphere is played by elastic interaction 
between the dislocations and the atoms of 
impurities. In paper [3] we showed that the 
interatomic action in the alloy is also of 
great importance, In ordered alloys the con- 
centration of the atmosphere is less than in 
disordered ones, where the formation of the 
Cottrell] atmosphere may be accompanied by 
local disorder, Thus, although an atmosphere 
of atoms of impurities will arise at disloca- 
tions as a result of the elastic distortion of 
the crystal lattice, its concentration may to 
a considerable degree be dependent on the 
nature of the interatomic action in the alloy, 

The present work is devoted to the problem 
of the influence of interatomic action in a 
dilute solid solution on the concentration of 
Cottrell atmosphere. As in paper [3] it is 
assumed that the solid solution is regular and 
that the interaction of the atoms of impurities 
with dislocations may be defined by the usual 
formulae [4]. 


DETERMINATION OF THE CONCENTRATION OF 
COTTRELL ATMOSPHERE 


Allowing for the energy of the elastic dis- 
tortions of the lattice by dislocations and 
atoms of impurities, and also the configura- 


* Fiz. metal. metalloved. 9, No.6, 810-814, 1960. 


tion part of the free energy of the crystal, 
then for the free energy of the crystal of a 
binary substitutional solid solution contain- 
ing dislocations the following equation may 
be found [3]: 


N;, (Ug; + + + 
i 


(1) 
+ kT {c,Inc, + (1—¢)In(1—a)]}, 
where N; is the number of atoms in the crys- 
tal in fields with constant dis- 
tortion of the crystal] lattice and 
concentration of Cottrell atmosphere; 
Cc; is the concentration of atoms of 
atoms of impurities in these fields 
of the crystal, and 
Vou Uy; and U> are equal to: 


Ogi = %+ Uy + View 


Uy, =, 


Yaa + 


Here z is the co-ordination number; 
Yep and Van are the energies of the pair 

interaction of atoms A and B; 

vp is the energy of the field of 
elastic distortions around 
the dislocation; 
is the free energy of the 
pure metal A without dislo- 
cation; 
are the energies of the 
elastic interaction of the 
atoms of impurities with the 
dislocations and with one 
another, which are equal 
(for the case of extreme 
dislocation) [3,4] to: 
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sin 6 


3(1 


In formulae (3) G is the modulus of elas- 
ticity in shear; 
v is Poisson’ s ratio; 
b is the magnitude of the Burgers’ vector of 
the dislocation; 
and rp are the atomic radii of atoms A and 
B, while r and @ are field co-ordi- 
nates in the plane perpendicular to 
the line of dislocation, 
Let us assume that on formation of the 
Cottrell atmosphere the chemical potential pu 
of the atoms of impurities remains constant 
(i.e. in the fields of the crystal which are 
far from the dislocation the concentration of 
the atoms of impurities will be constant), 
Then the conditions for the thermodynamic 
equilibrium for the crystal with dislocations 
may be expressed by the equation 


A 


p= (4) 


l—c; 


On the other hand, 
——+U yy, (5) 


p = 2¢,U, + kT In 


is the concentration of the atoms of 
impurities in the undistorted sectors 
of the crystal, and 

= z(Vap - 
Thus for ce; we find the equation 


where 


kT In (6) 


fo 


If the interaction of the atoms of impuri- 
ties is insignificant (UV, = 0) then for c; we 
would find the formula 


“kT 


+ 


At low cy (and high temperatures RT > |ep,!) 
(7) can be reduced to the Cottrell formula [4] 


"De 


kT. (8) 


However, in solid solutions where there is 
a considerable amount of atomic interaction 
Us is not smal] and for this reason the 
Cottrell formula cannot be applied to it 
(especially at temperatures 27 = |v,|). 

At low temperatures (kT < |¥).|) equation 
(6) is reduced to the relationship 


(9) 


If U,>0, then (9) will define the concen- 
tration c, of saturated atmosphere [2, 4] 
where the energy of interaction of the atoms 
of impurities with dislocations is equal to 
the energy of atomic interaction, As Us is 
dependent on the energy of dislocation 
(formula (2)), the concentration of the 
saturated Cottrell] atmosphere will be deter- 
mined by the nature of the atomic interaction 
in the solid solution, If the alloy is of 
the ordering type then U,> v; and consequen- 
tly ce, will be less than in similar ideal 
solutions. For alloys of the disintegrating 
type U. <v, and c, will be greater than in 
an ideal solution, 

If Us <0, then formula (9) will have no 
meaning. Here e; will remain low only at 
high temperatures, If the temperature is 
lowered (according to (6)) ¢; should tend 
towards 1 so that the logarithmic term would 
be greater than the term with Uy. Thus, 
according to the formulae where Uy, <0 and 
I 0%, ¢,; should tend towards 1, 

In practice this means that in this type of 
alloy the presence of even quite small dis- 
tortions of the crysta] lattice will lead to 


disintegration. 


CHANGES IN THE CONCENTRATION OF 
IMPURITIES IN THE PRESENCE OF 
DISLOCATIONS 


The formation of the Cottrell atmosphere in 
dilute solid solutions leads to an increase 
in the average concentration of an impurity. 
If, with a concentration of impurities co in 
the undeformed sectors of the solution, its 
concentration at the dislocation is greater 
than cq» then this concentration will increase 
as the temperature is reduced, This effect 
had already been put forward by Cottrell and 
Bilby [2] when they made an analysis of the 
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extent of excess solubility of carbon in 

iron. In this case they were only considering 
the chain of carbon atoms at the extreme edge 
of the dislocation, Here the extent of the 
additional concentration of impurities should 
be dependent not only on the density of dis- 
location as found by Oottrell, but also on the 
value of Uo. 

Let us assume that Uy>0. In this case the 
concentration of atoms of impurities at the 
dislocation should reach its maximum ¢, Which 
can be defined by formula (9). If it is 
assumed that the volume of the crystal per 


unit of length of dislocation is equal to 
3 
v — , then for the mean concentration of 


impurities in the solution (in conditions of 
saturated atmosphere) the formula may be 


obtained 
uv 


Substituting in (10) formula (9) and using 
(3) we find for e¢ the expression 


Re 
where R is half the average distance between 
dislocations and 


(10) 


AGb —ry) 


(12) 
2U 2 


Ry represents the effective radius of that 
part of the crystal which is most enriched by 
the impurity, If €g + 0 Ro co. Here part 
of the crystal is completely freed of impuri- 
ties and the other is enriched more than 
twice, Formula (11) is only of significance 
if Ry CR. If Ry >A then ¢ will begin to 
more slowly than and at Ro>>R it 
wil] tend towards the yalue 


R 


8Gh — 
R 


(13) 


If eo is constant while R changes, then c¢ 
will grow in a roughly linear manner with 
density of dislocation at R> Rp and propor- 
tionally to the root from the density of dis- 
location at R 


All these conclusions are only justifiable 
for a saturated atmosphere. At elevated 
temperatures the surplus concentration of 


impurity c. will be less than At 

QU; 
high temperatures (kT >> |v,.') formula (8) is, 
justified. In this case 


U, \2; 2 

Thus, here also increase in the concentra- 


tion of an impurity is dependent on the value 
of Us and the density of dislocation 


+ + 


(c—c,~ In intermediate cases the 


change in concentration may be determined by 
the numerical solution to equation (6). 

In analysing the value of ¢« we are taking 
the following values for the symbols in 
equations (11) and (14): 


r, = 1A. b= 2A, 


= 101! dynes/cm’; z — 8; 


0,1A; 


Vaa t+ 


-13 
= 10 ergs 


& v= 0,3. 


At these vaiues R,c,~4.10 * cm and for 


the concentration of impurities fg = 0.01, 
Ro = 40 R Thus, for an alloy with 1% impurity 
Ry > R and formula (11) is justified, from 


which 
C= + 0,4 (=) 


If R= 107°? cm (density of dislocation d= 0,2x 
x 1019 disl/cm?) ¢= 1.0006 at R= 106 cm 
(d = 2x10!! disl/cm?) 1,06 cy andat. R= 40 & 
(d=6 x 1012 disl/em2) ¢ = 1.4 Cy. 

If c, = 0.001 then R, = 400°A and formula 
(11) will be justified up to a density of 
dislocation d = 6 x 1019 disl/cm2. Conse- 
quently at d = 1012 disl/cm? formula (13) 
must be taken according to which ¢ = 0.01 = 

= 19 fo: 

The value of Rog is to a very — degree 
dependent on Uy. If 10714 ergs 
eof = 4% 10-8 cm even if = 0,01 Ry = 

= 400 A, and therefore according to (13) «= 
= 0.1 for d= 1012 disl/cm2, 

At high temperatures in the following case 


(15) 


Cottrell atmosphere 


C=C, 1 + 0,003 


i.e. ¢ is very little different from Co: 


CONCLUSIONS 


From a calculation of interatomic action in 
the theory of Cottrell’s atmosphere it is 
possible to examine the phenomenon of the 
formation of the atmosphere at temperatures in 
the region of = |U,,|, where the simplified 
Cottrell theory is not justifiable. The 
property of the atmosphere at low temperatures 
is to a considerable degree dependent on the 
extent of the energy of dislocation 

Va, tV 
w = 

if w>0 then the surplus concentration of 
atoms of the impurity will not exceed a cer- 
tain value, that of the concentration of 
saturation, 

2 (ue + 2w) ; 


If » <0 and v, + z~<0, then the concen- 
tration of impurity in the region of the dis- 
location may approach 1. If v, 4 zw>0 the 
mean concentration of the impurity in solid 
solution at low temperatures may be consider- 
ably in excess of its concentration in the 
undistorted sectors of the crystal, and the 
difference here will be dependent both on the 
density of dislocation in the crystal and on 
the value of v, + zw, AS the latter becomes 
greater the effect will be expressed more 
weakly, 


Translated by V, Alford 
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CALCULATION OF THE ELECTRICAL CONDUCTIVITY OF 
TWO-COMPONENT POWDER METAL PRODUCTS* 
A. I. RAICHENKO & I.M. FEDORCHENKO 


Institute of Powder Metallurgy and Special Alloys, 
Academy of Sciences Ukr.S.S.R. 


(Received 23 January 1960) 


Using the solution to the diffusion equation for a model of a two- 
component powder metal product [2] and concentration distribution [3], 
it has been possible to determine the electrical conductivity of a 
powdered alloy of two metals which are completely soluble in one 
another. The results of the calculations agree very well with experi- 
mental results. From these results it has also been possible to inves- 
tigate the influence of the surface and volumetric phenomena which 
occur on sintering, to determine the degree of accuracy of the concen- 
tration distributions used and what is the influence of the origin of 
the powders on increase in the coefficients of diffusion, 


Paper [1] describes the only attempt which the basis of the previously used [2] model of 
has been made to make a theoretical] analysis a two-component powder body and concentration 
of the electrical resistance of a mixed distributions obtained both theoretically and 
(cupro-nickel) powdered alloy in relation to experimentally [3]. 
the conditions of sintering. 

In this work however, the model for the 
conductivity of a two-component non-homogene- 
ous alloy used was not accurate, as it was 
assumed that current only flows through a 
double pyramid (Fig. 1) although the surround- 
ing medium is the same type of conductor as 
the pyramid itself, 

Besides this the model in [1] was only used 
for one individual case of concentration — 

50: 50%. Due to the limitations of this mode 
of presentation [1] the authors were not able 
to find a law for the arrangement of layers 
of different concentration in ‘‘the conducting 
element’ and therefore for this purpose they Fig. 1. “Conducting element’’ (model by Rhines 
decided to use the curve of concentration and Colton [1]). J, is direction of current. 
obtained in another experimental investiga- 

tion, 

In the present work we have made an attempt 1. THEORETICAL ANALYSIS OF CONDUCTIVITY ON 
to solve the problem of the quantitative THE BASIS OF A MODEL OF A | 
analysis of conductivity in powdered products TWO-COMPONENT POWDER BODY 
consisting of mutually soluble substances, on 


Let us use a model of a two-component body 
* Fiz. metal. metalloved. 9, No.6, 815-822, 1960. [2] which is a continuous heterogeneous con- 


VOL. 
9 
1960 


Cottrell atmosphere 


c= + 0,003 


i.e. ¢ is very little different from Co: 


CONCLUSIONS 


From a calculation of interatomic action in 
the theory of Cottrell’ s atmosphere it is 
possible to examine the phenomenon of the 
formation of the atmosphere at temperatures in 
the region of k/' = |v,,|, where the simplified 
Cottrell theory is not justifiable. The 
property of the atmosphere at low temperatures 
is to a considerable degree dependent on the 
extent of the energy of dislocation 


2 AB: 

If w>O then the surplus concentration of 
atoms of the impurity will not exceed a cer- 
tain value, that of the concentration of 
saturation. 

Uv 
2 (Ue + 2w) 


If » <0 and vo + zw <0, then the concen- 
tration of impurity in the region of the dis- 
location may approach 1. If v, 4 zw>0 the 
mean concentration of the impurity in solid 
solution at low temperatures may be consider- 
ably in excess of its concentration in the 
undistorted sectors of the crystal, and the 
difference here will be dependent both on the 
density of dislocation in the crystal and on 
the value of v. + zw. AS the latter becomes 
greater the effect will be expressed more 
weakly, 


Translated by V, Alford 
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Using the solution to the diffusion equation for a model of a two- 
component powder metal product [2] and concentration distribution [3], 
it has been possible to determine the electrical conductivity of a 
powdered alloy of two metals which are completely soluble in one 


another. 
mental results. 


The results of the calculations agree very well with experi- 
From these results it has also been possible to inves- 


tigate the influence of the surface and volumetric phenomena which 
occur on sintering, to determine the degree of accuracy of the concen- 
tration distributions used and what is the influence of the origin of 
the powders on increase in the coefficients of diffusion, 


Paper [1] describes the only attempt which 
has been made to make a theoretical analysis 
of the electrical resistance of a mixed 
(cupro-nickel) powdered alloy in relation to 
the conditions of sintering. 

In this work however, the model for the 
conductivity of a two-component non-homogene- 
ous alloy used was not accurate, as it was 
assumed that current only flows through a 
double pyramid (Fig. 1) although the surround- 
ing medium is the same type of conductor as 
the pyramid itself, 

Besides this the model in [1] was only used 
for one individual case of concentration -— 
50: 50% Due to the limitations of this mode 
of presentation [1] the authors were not able 
to find a law for the arrangement of layers 
of different concentration in ‘‘the conducting 
element’ and therefore for this purpose they 
decided to use the curve of concentration 
obtained in another experimental] investiga- 
tion, 

In the present work we have made an attempt 
to solve the problem of the quantitative 
analysis of conductivity in powdered products 
consisting of mutually soluble substances, on 


* Fiz. metal. metalloved. 9, No.6, 815-822, 1960. 


the basis of the previously used [2] model of 
a two-component powder body and concentration 
distributions obtained both theoretically and 
experimentally [3]. 


Fig. 1. ‘*Conducting element’’ (model by Rhines 
and Colton [{1]). I, is direction of current. 


1. THEORETICAL ANALYSIS OF CONDUCTIVITY ON 
THE BASIS OF A MODEL OF A 
TWO-COMPONENT POWDER BODY 


Let us use a model of a two-component body 
[2] which is a continuous heterogeneous con- 


ducting medium in any intermediate state up to 
full equilibrium of composition (up to full 
homogenization). As regards macroscopic con- 
ductivity let us assume that the model behaves 
like an isotropic body similarly to a cubic 
crystal [4]. Leaving considerations of sym- 
metry let us separate in the model the so- 
called “‘conducting element *”, i.e. the small- 
est field, the effective conductivity of which 
would coincide with the conductivity of the 
whole model. For this ‘‘conducting element’’ 
we will take a prism with triangular bases, 
which is divided from the remaining medium by 
five planes of symmetry (Fig. 2). It is not 
hard to see that concentration and conductivity 
at any point in the model] can be found either 
by mirror reflection of our pyramid or by 
translation by the whole number of lattice 
periods of the model, or by both of these. We 
will find the effective conductivity of the 
model by proceeding from the difference in 
potentials and current flowing through the 
prism, 

The system for calculation of effective 
conductivity is as follows, 

From the diffusion equation [2] is calculated 
first concentration, and then according to 
this, the electric conductivity in any point 
of the model. 

To determine the distribution of potential 
in the prism the Laplace equation is used; 


Ox, OX, OX. 


Ox OX; 


where Ais conductivity in any point; 
U is potential. 

Equation (1) is solved numerically by the 
network method. Steps in the network in al] 
three co-ordinates of direction are taken as 
equal to a/12. 

After finding boundary conditions on the 
faces of the prism equations are composed for 
potential. For this purpose a formula is used 
which is a generalization of the formula in 
paper [5] allowing for a three-dimensional 
field 


DY Mee 
U, = (2) 


where Uy is potential] at any given point; 
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where U, is potential in eight neighbouring 
sites in the direction of the propagated 
diagonals; 
‘A, is conductivity in the centre points 
of the propagation diagonals (see 


Fig. 3). 
43 
Uy 
4 
— 
4, 
Fig. 2. ‘‘Conducting element’’ (on the basis of 
the model in [2]). 
F 
/ 
A 
Fig. 3. Element of volume (for the calculation of 


conductivity on a model). 


The conductivity in all points of an ele- 
mentary cube with an edge equal to o/12, is 
regarded as identical with and equal to the 
conductivity in its centre A/Q;). In this 
case we have the resistance of the cube 


12 
4(O;)a 
The current in the cube flowing in the direc- 
tion of co-ordinate 


(3) 


(4) 


where Au; is the average drop in voltage, 
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AU, = —(U,—U; + U,— 
+Us—U! +U,—U?). (5) 


The total current in the prism flowing in the 
direction of co-ordinate xy will be 


From equation (6) the effective resistance of 
the prism is determined 


Re 12 


~ @ DAU; 


(instead of A(0,) we write A,). 

The effective resistance of the prism can 
also Le determined from its effective electric 
conductivity 


(7) 


From equations (7) and (8) we find 
2 
he AU, hj. 


On this system the conductivities of an 
alloy of 80% Cu-20% Ni were calculated for 
five values of factor y [3]: 0.081, 0. 162, 
0.600, 1.000 and 1.400, which correspond to 
the annealing of this mixture at 950° with 
duration respectively, of 30 min, 1 hr, 3 hr 
42 min, 6 hr 12 min and 8 hr 42 min, Figures 
for the conductivity of cupro-nickel alloys 
were taken from a manual [6]. The numerical 
solution of the system of equations was made 
on an electronic computer at the computing 
centre of the Academy of Sciences SR. 


THEORETICAL ANALYSIS OF CONDUCTIVITY ON 
THE BASIS OF CONCENTRATION DISTRIBUTION 


To calculate the conductivity of a heteroge- 
neous alloy it can be substituted by an alloy 
consisting of a mixture of homogeneous alloys 
and the formula of Landau and Lifshits [4] can 
be used 


(10) 


Moat 
i 


or Odelevskii’s formula [7] 


dyna 
——— 1, = 0, 


where A is the conductivity of the mixture 
8, is the volumetric proportion of the i 
alloy. 

Formulae (10) and (11) were derived for the 
determination of the dielectric constant of a 
mixture, In our case static field strength, 
induction and dielectric constant have been 
substituted respectively by field strength, 
current density and electric conductivity. 

It can be seen that the calculations of elec- 
tric conductivity set out in paragraphs 1 and 
2 allow for dependence of electric conduc- 
tivity on concentrations which vary in the 
process of diffusion, The influence of cer- 
tain other factors will be qualitatively 
analysed below, 


Ax/0 
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440: 
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Fig. 4. Relationship between conductivity and 

sintering time for the alloy 80% Cu — 20% Ni. 

- experimental data; 

O — model calculation [2]; 

+ -— calculation by theoretical distributions 
(according to the formula of Landau and 
Lifshits [4]; 

A — calculation according to experimental dis- 
tributions (according to the formula of 
Landau and Lifshits [4]); 

X= calculation according to theoretical dis- 
tributions (by Odelevskii’s formula [7]); 

0 — calculation according to experimental dis- 
tributions (according to Odelevskii’s 
formula [7]). 


The experimental investigations were 
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carried out on testpieces made of reduced 
powders of copper and nickel of dispersion 
about 5C 92, which were parallelepipeds 100 x 7 
x 5 mm. The following compositions were 
investigated: 80% Cu + 20% Ni (Fig. 4), 60% 
Cu + 40% Ni (Fig. 5) and 40% Cu + 60% Ni 
(Fig. 6). Each value for conductivity shown 
in the illustration is the mean for five 
identical testpieces. The electrical and 
other measurements were carried out on the 
same testpieces both before and after sinter- 
ing. Resistance was determined on the appara- 
tus MD-6. For comparison between the experi- 
mental and theoretical results the influence 
of porosity had to be excluded. It was 
possible to do this on the assumption that the 
testpieces were static mixtures of two com- 
ponents: substance and void, Thus, taking 
the conductivity of a void as zero, from (11) 
we find 
(12) 
where A... is conductivity of the substance 
of the alloy; 
A, is the conductivity of the porous 
alloy obtained in the experiment; 
6 or is the porosity in parts of a wit. 
Percentage error in the determination of the 
conductivity of the substance was around 4%. 
Let us examine the results obtained, If we 
turn to the concentration dependence of con- 
ductivity (Fig.7) it will be clear that at the 
very beginning of sintering the alloy (powder 
pressing) of the intermediate composition con- 
sists of two conducting phases — pure copper 
and nickel; according to the extent of mutual 
diffusion alloys will be formed of interme- 
diate concentrations which have conductivity 
lower than the alloys which are adjacent to 
pure copper and nickel. From these general 
considerations it may be assumed that there is 
a reduction in the conductivity of: the alloy 
which is related to the course of mutual dif- 
fusion, The general course of conductivity 
with the time of sintering (Fig. 4, 5 and 6) 
confirms this hypothesis, 
The unusual course of conductivity (rise) at 
the very beginning of sintering (first 15 min) 
is observable only in testpieces of 40% Cu + 


+ 60% Ni, (Fig. 6), and is explained as follows. 


Testpieces of composition 40% Cu + 60% Ni, 
unlike the other ones, consist of more than 


half nickel power which is less compressible 
than copper powder, Due to the elastic 
after-effect of nickel the testpieces after 
removal from the mould increase in size more 
than those which have more copper; the con- 
tact sectors in pressings which are rich in 
nickel are smaller and of lesser quality. 
For this reason these pressings have reduced 
conductivity. In the first stages of sinter- 
ing metallic contact between particles is 
established [8], and for this reason the 
conductivity of the testpieces increases 
abruptly. After this conductivity as in the 
other cases (Figs. 4 and 5), due to the for- 
mation of less conducting alloys of inter- 
mediate concentration, is reduced until 
equilibrium is virtually established: at 
this point it is still not dependent on the 
annealing time, 
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Fig. 5. Relationship between conductivity and 
annealing time for alloy 60% Cu — 40% Ni. 
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Fig. 6. Relationsnip between conductivity and 
annealing time for alloy 40% Cu — 60% Ni. 


Fig. 4 shows experimental and theoretical 
data for composition 80% Cu - 20% Ni. It can 
be seen that the theoretical results reflect 
approximately the course of the experimental 
curve and demonstrate the relationship between 
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electric conductivity and time. We note that 
the conductivity of an unbaked powder pressing 
(zero moment in time) is considerably greater 
in the theoretical calculations than that 
found experimentally. This is explained by 
the lack of good metallic contacts between 
particles. Formulae (10) and (11) are appro- 
priate for mixtures where there is no contact 
effect between components, 
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Fig. 7. Concentration relationship of conductivity 
in the system Cu-Ni (according to [6]). 


Considerable deviation from the experimental 
curve is also observed in the conductivity 
calculated from the model for sintering time 
30 min (Fig. 4). In order to make sure that 
this deviation was not accidental, conducti- 
vity calculation was made according to formula 
(10) using distribution with a concentration 
step of 1% instead of 10% [9]. The fact is 
that in calculating conductivity on the model, 
the concentration in the corresponding points 
of the model was calculated with an accuracy 
of up to 1% and as a result of this the con- 
ductivity calculated was applicable to the 
system of equation (2). Calculation according 
to (10) which uses distribution with a step of 
1% concentration, produces a conductivity 
value of 124 x 103 ohms“! ~ a result 
which is reasonably close to the result which 
is obtained on the model: 113 x 10? ohm7! 
cm™1, This exceeds by about 70% the experi- 
mental figure for conductivity at the same 
annealing time —- 30 min. This disagreement is 
explained by the fact that in the early stages 
of annealing the reduced powders have increased 


coefficients of heterodiffusion due to 
distortion of the crystal lattice similar 

to that which is “an excess value of the 
coefficient of self-diffusion” in the sinter- 
ing of single-component powder pressings 

[10]. 

According to the extent of the anneal- 
ing, distortions are reduced and the coef- 
ficients of diffusion are lowered to stable 
figures, In cases where the coefficient 
of diffusion equations in terms of indica- 
tors of the exponents (see formula (8) in 
paper [2]) it is not the product of the 
coefficient of diffusion by time Dt which 
should be inserted, but 


t 


i? (t) dt. This integral is changed in 


the product Dt if D is not dependent on time, 
In our case, where D has a higher value and 
approximates to its stable figure 


t 
J > Dt. 
0 


where the remaining values making up factor 
y remain the same as before. For this reason 


Yn > Yd, 


Yoin = 


Although the holding time was the same for 
the calculation and for the experiment, the 
value y was higher in the experiment than in 
the theoretical result, the degree of homo- 
genization found is insufficient (insufficient 
contraction of ordinates on the histograms of 
concentration distribution towards the mean 
composition of the alloy [3]) in comparison 
with that obtained experimentally. In par- 
ticular the theoretical calculations produced 
a greater portion of the non-diffusing rich 
component than was actually the case, and in 
our case (copper) this is the component with 
the greatest conducting properties, This 
explains the higher theoretical conductivity 
obtained. Calculating according to (10), 
proceeding from theoretical distributions with 
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10% steps in composition, at the same holding 
time of 30 min much lower conductivity was 
found, as in the “mixture’’ of conductors here 
reflected, on the copper side it is not pure 
copper with a conductivity of 588 x 10° ohms! 
em7!, but the alloy 95% Cu + 5% Ni with con- 
ductivity 118 x 103 ohms™! From this 
point of view the increase in the step of the 
histograms must be treated not only as a 
‘coarsening’ ’ but also as a ‘“‘levelling out’’ 
of the stepped function of distribution and in 
this case indicates approximation to the real 
distribution [3]. 

In the light of what has been said above the 
following question arises: why does the ex- 
perimental curve (Fig. 4) apart from the early 
stages of sintering, not take values which 


approximate to the theoretical (113-124 x 103)? 


This is not due to surface effects, In the 
first minutes of sintering two processes in- 
fiuence the course of electric conductivity in 
opposite directions; 1) the establishment and 
improvement of metal contact between the par- 
ticles increases conductivity; 2) the forma- 
tion by mutual diffusion, of alloys of inter- 
ediate concentration with low conductivity, 
reduces overall conductivity. In an alloy of 
40% Cu + 60% Ni the predominating influence on 
conductivity is that of the first process, in 
an alloy of 80% Cu + 20% Ni it is the second, 
It is therefore to be expected that if surface 
effects in the alloy 80% Cu + 20% Ni occur 
sufficiently rapidly (rapid formation of a 
considerable number of intermediate low 
conductivity alloys), then in Fig. 4 instead 
of the dotted section of the experimental 
curve there would be a conductivity peak 
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TABLE 1 
Change in conductivity of testpieces of different porosity with sintering time 


(Similar to Fig. 6) and the descending branch 
of this peak would pass into the region of 
the calculated values for conductivity 

(120 x 103), 

These considerations were verified in the 
following way. Three testpieces containing 
80% Cu + 20% Ni were taken, with different 
porosity: 18.8, 24.0 and 33.3%. The test- 
pieces of identical composition but with 
different porosities, differed besides this 
in the quality of the contacts in the initial 
state: the metallic contact in testpieces 
with high porosity was bad, 

Table 1 shows the figures for conductivity 
of the alloy 80% Cu + 20% Ni. The conductivi- 
ties shown in Table 1 refer to the substance 
(influence of porosity is excluded by using 
formula (12)). It can be seen that the in- 
crease in porosity reduces the conductivity 
of the substance of an unbaked powder press- 
ing. After the first baking however (15 min), 
the position is reversed: the greater the 
initial porosity, the higher becomes conduc- 
tivity. This type of relationship between 
conductivities is maintained in subsequent 
sintering, although in the later stages the 
difference between conductivities is to a 
very great extent levelled out (3 hrs 42 min), 
It can however be noted that testpieces with 
higher initial porosity (18.8, 24.0, 33.3%) 
have at this stage also, much higher conduc- 
tivity than that of the testpieces with 
initial porosity 9% (48 x 103 as against 
42 x 103 ohms~! cm-1), 

This relationship between conductivities is 
explained by the influence of porosity and 
reduced contact slows down the process of 


Initial porosity 


Conductivity A x 1073, x x 


in sintering time 


before 
sintering 


15 min. 


30 min. 3 hr. 


94.3 
18.8 80.5 
24.0 70.4 
33.3 53.3 


89.0 63.0 


124.1 95.6 47.7 
136.5 96.6 47.4 
144.2 194.7 48.4 


VO! 
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homogenization of the alloy. The value of 
conductivity 48 x 109 is increased in the 
tightly packed testpieces (porosity 9%) for 
approximately 1 hr 24 min, and in those which 
are less tightly packed for approximately 3 
hrs 42 min, As regards the initial stages of 
sintering, the roles of porosity and contacts 
are quite clear here: higher porosity means 
a smaller area of contact and reduction in 
quality, which hinders diffusion and promotes 
the formation of a considerable number of less 
conductive intermediate alloys, Here the pre- 
dominant role is played by the process of 
improvement of the metal contacts and for this 
reason conductivity grows initially, es in the 
case of the alloy 40% Cu + 60% Ni. 

In the other theoretical conductivities 
considered the maximum deviation from the 
experimental curve was 25%. From annealing 


time of 2 hr the theoretical conductivities 
coincided with the experimental ones right up 
to the first essential figure (in [1] diver 
gence of the third degree was observed). 
Conductivities calculated from experimental 
distributions also repeat the general course 


of the experimental curve and differ from it 
by about 25%. As can be seen from Fig. 4, 
they all lie below the experimental curve 
which can be explained as follows, As has 
already been pointed out [3], due to the 
presence in the X-ray interference picture of 
a dividing a doublet, the experimental dis- 
tributions are drawn out on the side of alloys 
rich in nickel while the average composition 
is 20% Ni, i.e. the experimental distributions 
appear to be “richer’’ in the less conducting 
components than is the actual case. The only 
evidence of this may be the reduction in the 
conductivity of the whole alloy which in fact 
occurred in our calculation, 


The authors wish to extend their thanks to 
Yu.B. Blagoveshchenskii and his collaborators 
for the solution of the system of equations 
on the electronic computer of the Computation 
Centre, Academy of Sciences Ukr. 


Translated by V. Alford 
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MAGNETIC INVESTIGATIONS OF ALLOYS OF 
THE SYSTEM Cr-Ge* 
S.D. MARGOLIN & 1I.G. FAKIDOV 
Institute of the Physics of Metals, Academy of Sciences USSR 
(Received 9 December 1959) 


1. INTRODUCTION 


The electric and galvanomagnetic properties of 
alloys of the system Cr-Ge have been set out 
in paper [1] in which it was shown that, 
beginning with a content of 50 at.% Ge and 
over, alloys of Cr-Ge become ferromagnetic in 
the temperature range 77-100°K. In the same 
paper the suggestion was made that the ferro- 
magnetizm of these alloys is due to the com- 
pound CrGe,. 

In paper [2] some structural data concerning 
these alloys was set out; the writer points 
out that in this system the chemical compounds 
Cr.Si, Cr.Ge. and CrGe are formed and that 
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Fig. 1. The temperature-magnetization relationship 
of alloys of the system Cr-Ge in fields 3000 oe. 


* Fiz.: metal. metalloved. 9, No.6, 823-827, 1960. 


Cr,Ge has the structure Cr,Si, Cr,Ge, has 
that of Cr,Si, and CrGe that of FeSi. We 
have encountered no relevant magnetic inves- 
tigations of alloys of this system in litera- 


‘ture, 


This paper is devoted to the study of the 
magnetic properties of alloys of the system 
Cr-Ge with a Ge content from 50 to 95% in the 
temperature range 77-320°K and magnetic 
fields up to 16,000 oe, and their relation- 
ship with composition, temperature and mag- 
netic field, 


2. PRODUCTION OF TESTPIECES AND 
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Fig. 2. The temperature-magnetization reiationship 
of an alloy with 33.3 at.% Cr, 66.6 at.% Ge (CrGe,) 
at different field strengths. 
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and high purity electrolytic chromium which 
had been first degasified in a vacuum at 
1000°C, The charged quartz ampoules were 
heated to a temperature of 1100°C and held at 
this temperature for 2 hr after which they were 
cooled in the furnace down to room temperature, 
After this the alloys were gradually heated to 
temperatures of 900, 800, 700 and 600°C, held 
at these temperatures for 5 hr and cooled in 
the furnace to room temperature. This heat 
treatment was carried out for the purpose of 
producing alloys of inaximum homogeneity and 
equilibrium, Thirteen alloys in all were 
prepared with germanium concentrations from 50 
to 95 at.%, and those with 70-75 at.% were 
produced in duplicate in order to compare the 
results. Heat conditions for the production 
of the alloy containing 95 at.% Ge were some- 
what different and have been described in paper 
[1]. The percentage content of components was 
calculated by weight. 

Investigation of the temperature relation- 
ship of the intensity of magnetization of the 
alloys was conducted by the ballistic method 
in fields of up to 3000 oe. in a solenoid by 
pulling out from the measuring coil, Magnetic 
susceptibility was measured by a pendulum mag- 
netometer [3] in fields of up to 16,000 oe. 


3. RESULTS OF THE MEASUREMENTS 


Fig. 1 shows curves for the temperature 
relationship of the magnetization I 
(gauss/cm3) of alloys with different germanium 
contents in a magnetic field of 3000 oe. It 
can be seen from the illustration that all 
the Cr-Ge alloys investigated have a ferro- 
magnetic transformation point in the range 
100-110°K, This indicates that only one 
phase is ferromagnetic, The maximum inten- 
sity is possessed by alloys with 66.6-70 at.% 
germanium. 

The temperature/magnetization curves for 
the alloy with 66.6 at.% Ge (Fig. 2) show that 
the magnetic transformation point is in the 
range 100-110°, 

Fig.3 shows curves for the intensity of 
magnetization of alloys with various contents 
of germanium at a temperature of 77°K. We 
can see that the steepest rise is shown for 
the alloy with 66.6 at.% Ge, 

The curve in Fig. 4 shows the relationship 
between magnetic susceptibility (per 1 g) 
and germanium content at room temperature 
(paramagnetic field) in a magnetic field of 
13,900 oe. The curve shows that maximum 
susceptibility is in the range of concentra- 
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Fig. 3. Magnetization curves for alloys of the 
system Cr-Ge at 77K. 
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tion close to 66.6 at.% Ge (CrGe,). 


10 


\ 


\ 
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Fig. 4. The relationship between magnetic suscep- 

tibility and germanium content in alloys of the 

system Cr-Ge at room temperature in a magnetic 
field of 13,900 oe. 


From Fig.5, which shows the relationship 
between inverse susceptibility : and the 


the temperature of an alloy containing 66.6 


$102 


at.% Ge at a magnetic field strength of 
10,800 oe, it can be seen that above a tem 
perature of 225°K the Curie-Weiss law obtains 


Cc 
X= Te" where 6, = 140% is the para 
magnetic Curie point. On the basis of the 
experimental data we calculated the number of 
Bohr magnetons per chromium atom of an alloy 
containing 66.6 at.% Ge and it came to 2,3. 

The phase composition of the alloys was 
examined on microspecimens which were etched 
in nitric acid, 

Fig. 6 shows microphotographs of alloys 
containing 65, 66.6 (CrGe.), 75 and 80 at.% 
Ge. 

The photomicrographs show that alloys with 
66.6 and 65 at.% Ge which have much higher 
susceptibility, have the greatest number of 
phases of a light-grey colour. If the Ge 
content is increased the number of light-grey 
coloured phases becomes less and the darker 
phases increase, which agrees with a reduc- 
tion in the paramagnetic susceptibility of 
these alloys. 


4. CONCLUSIONS 


From the magnetic investigations of alloys 
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Fig. 5. The temperature relationship of inverse suscepti- 
bility of an alloy with 33.3 at.% Cr, 66.6 at.% Ge (CrGe,) at 
magnetic field strength of 10,800 oe. 
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Fig. 6. Photomicrographs of the structure of Cr-Ge alloys 


a-— 65 at.% Ge; b — 66.6 at.% Ge; 


c — 75 at.% Ge; d— 80 


at.% Ge. x 75. 


of the system Cr-Ge with a germanium content 
of 50-95 at.%, and observation of microspeci- 
mens, the following conclusions may be drawn, 

1. Alloys which contain 50 at.% Germanium 
and over are ferromagnetic in the temperature 
range 77-110°K and have a Curie point in the 
region of 100 and 110°. 

2. In these alloys only one phase is ferro- 
magnetic and this is in all probability very 
close to the chemical compound CrGe.. 

Translated by V. Alford 
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MAGNETIZATION OF HEXAGONAL FERRITES IN WEAK FIELDS* 
Ye.S. BOROVIK and Yu.A. MAMALUI 
Khar’ kov State University i/n Gor’ kii 
(Received 18 January 1960) 


The temperature dependence of magnetization has been investigated in 
barium, lead and strontium ferrites and in cobalt at low intensities. 
It will be shown that in the ferrites investigated there is no Hopkinson 


effect. 


In cobalt, besides the usual Hopkinson effect maximum susceti- 


bility is observed in the field where there is a change in the constant 


of anisotropy. 


In the preceding article [1] the results 
were described of the investigation of the 
temperature dependence of the susceptibility 
of a barium ferrite in weak fields below 
Curie point. A feature of the relationship 
I = f (T) for barium ferrite is the absence 
of any increase in the initial susceptibility 
on approaching Curie point (Hopkinson effect). 

For this reason it seemed that it would be 
interesting to find out whether this feature 
obtained only for barium ferrite or whether 
the same property was possessed by other 
stable ferrites, The investigations were 
also continued into the properties of barium 
ferrite in fields lower than those discussed 
in paper {1]. 


RESULTS OF THE MEASUREMENTS 


Measurement of the intensity of magnetiza- 
tion of the testpieces was conducted by the 
ballistic method on the apparatus described in 
our paper {1]. Testpieces of barium, stron- 
tium and lead ferrite were examined, The 
testpieces were prepared according to the 
method described in papers [2-4] with certain 
changes of the temperature conditions for lead 
and strontium ferrite, 

Powders of PbCO, and Feo0, were mixed to- 
gether in appropriate proportions by weight 
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and annealed at 800°for 5 hr. Testpieces 


pressed from the annealed powder were sinter- 
ed at 950° for 1 hr. 

To obtain the strontium ferrite, SrQ0, and 
Fe powders were mixed in proportions 


appropriate for stoichiometric composition 
and were annealed at 1100° for 5 hr. Sinter- 
ing was carried out at 1200° for 1 hr, 

The barium ferrite was produced by the 
method described in paper [1]. 

The hysteresis loops for the material of 
the testpieces at magnetization in a field of 
up to 7000 oe are characterised by the 
following values: 

for testpieces Bad. 6Fe 0, 

B, = 2100 gauss, “, * 3050 oe 

for testpiece PbO. 6Fe .0, 

B, =1800 gauss, = 2000 oe 

for testpiece Sr0. 6Fe,0, 

B, = 2200 gauss, i. = 4000 oe 

Measurements of the relationship between 
magnetization and temperature were carried 
out at several fields. In the minimum field 
the magnetization at room temperature was 
some tenths percent of saturation figure, 

The results of the measurements on a 
barium ferrite testpiece for fields in 160 oe 
(curve 3), 105 oe (curve 2) and 53 oe (curve 
1) are shown in Fig. 1; the results of the 
investigation of the temperature relationship 
of magnetization for lead ferrite in the 
range from 200 oe (curve 4) to 26 oe (curve 
1) are shown in Fig. 2. 


The same kind of measurements were carried 
out for strontium ferrite (Fig. 3). 

The results of the measurements in minimum 
fields for these ferrites are shown in Fig. 4. 
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Magnetization-temperature relationship of 
barium ferrite in various fields: 
1 - 58 0e; 2-105 oe; 3 — 160 oe. 
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Fig. 2. 


Magnetization at room temperature in the 
field 26 oe in barium ferrite is 0. 2% of 
saturation; in the field 13 oe for lead 
ferrite - 0.1% of I,; for strontium — 0, % 
of I, in a field 10 oe, These fields may 
thus be regarded as the weakest possible for 
the ferrites in question, 

It is easy to see from the curves show 
above that in barium, lead and strontium 
ferrite there is no Hopkinson effect. The 
nature of the curves does not change if the 
field is reduced: magnetization falls evenly 
with increase in temperature, The relative 
change in magnetization with temperature is 
exactly the same in the maximum and minimum 
fields, There is therefore no reason to 


Magnetization of hexagonal ferrites 


suppose that further reduction in the field 


will produce Hopkinson effect, 
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Fig. 3. Magnetization-temperature relationship of 
a strontium ferrite in different fields: 
1 - 26 oe; 2-80 oe; 3- 130 0e; 4 — 200 oe. 
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Fig. 4. . Magnetization-temperature relationship: 

1 - for PbO. 6Fe 0, in field 10 oe; 2- for 

Ba0. 6Fe 03 in field 26 oe; 3 -— for Sr0. 6Fe 0, in 
a field 13 oe. 


For comparison measurements were carried 
out on a material which has Hopkinson effect. 
Cobalt was selected for this purpose, for 
which there is no information in literature 
concerning the measurement of the relation- 
ship in low fields, between magnetization and 
temperature, The data concerning measurements 
in comparatively large fields are set out in 
paper [5]. 

Fig. 5 shows the results of the measurement 
of I = f(T) for cobalt in several fields, At 
5 oe magnetization at room temperature is 
0.8% of saturation intensity. On approaching 
Curie point a maximum of susceptibility is 
observed (Hopkinson effect). At 300° yet 
another maximum is observed on the curve 
I = f(T), the value of which grows with 
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increasing field. Correction for the demag- 
netization of the field was introduced in 
calculating magnetization. For curves 2 and 3 
it is not large. In curve 1 it is quite large 
and it could not be precisely determined for 
which reason magnetization in the maximum has 
been determined with a precision of up to 10%. 
It should be noted that due to lack of purity 
in the cobalt testpiece, the absolute figures 
for susceptibility are less than those given 
in paper [6] but greater than those in paper 
[5]. Measurements in a field of 1 oe pro- 
duced the same curve but, due to the large 
number of corrections for demagnetization, 

it is not shown here, 
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Fig. 5. Magnetization-temperature relationship of 
cobalt testpiece in various fields: 
1-5 0e; 2-50 oe; 3 — 200 oe. 


DISCUSSION OF THE RESULTS OF MEASUREMENT 


The initial susceptibility of a substance 
determines the relationship between saturation 
intensity of magnetization I, and the energy 
of anisotropy K. On approaching Curie point 
the anisotropic energy is reduced and usually 
it becomes quite small when it is still a 
long way off Curie point. In this case tl. 

I 
ratio - is increased and near Curie point 
susceptibility reaches maximum, 

In cobalt the first anisotropic constant 
changes at 300° [7]. Susceptibility should 
therefore increase close to this temperature 
and become maximum when the anisotropic energy 
is least. This possibly explains the presence 
of a maximum of initial susceptibility at 
300°. The subsequent maximum is due to the 


usual Hopkinson effect. In the same fields, 
the maxima observed in our work were more 
abrupt than those described in paper [5]. 
This difference is due to the dissimilarity 
in purity of testpieces, 

The first maximum in low fields is less 
than the second, It seems that the lack of a 
high maximum is due to the fact that the 
higher terms in the anisotropic energy series 
do not return to zero at the same place where 
K, = 0. 

In barium ferrite the anisotropic energy is 
reduced more slowly than I, [8]. For this 


I 
reason the relationship . disappears with 


increasing temperature and there is no 
Hopkinson effect. 

There is no information in literature con- 
cerning the course of the temperature depen- 
dence of anisotropic energy and saturation 
induction for lead and strontium ferrites. 
But Hopkinson effect is also absent in lead 
and strontium ferrites and for this reason it 


I 
can be assumed that = is reduced in them 


also, 
It should be noted that the nature of the 


I 
change in = in barium ferrite is due not 


to the features of the change in the curve 
kK = f(T) but rather to the fact that satura- 
tion induction is considerably reduced even 
quite a long way off Curie point. 

In soft (cubic) ferrites, where there is a 
Hopkinson effect, saturation induction is 
reduced rapidly from a starting point at much 
higher temperatures than in barium ferrite 


[9]. 


Translated by V. Alford 


REFERENCES 


. Ye.S. Borovik and Yu.A. Mamalui, Fiz. metal. 
metalloved., 9, 36 (1960). 

. E. Gorter and G. Rathenau, J. Applied Phys., 
56, No.9 (1956). 

. F. Brockman, Electrical engineering, 71, No.7, 
644 (1952). 

. C. Guilland, R. Villers, C.r. Academy of 


VOI 


Magnetization of hexagonal ferrites 


Sciences, 242, No.24 (1956). 20, 323 (1931). 
5. K. Honda and S. Shimisu, Phil. Mag., 10, 548 8. J. Went and G. Rathenau, Phys. rev., 86, No.3 
(1905). (1952). 
6. M. Samuel, Ann. physik, 86, 798 (1928). 9. E. Gorter, Progress of Physical Sciences, 57, 
7. K. Honda, Scientific report of Tohoku University, No.3 (1955). 


29 
VOL. | 
9 
1960 


X-RAY EXAMINATION OF THE SURFACES OF IRON AND STEEL 
AFTER CHROMIZING BY THE POWDER METHOD* 
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(Received 25 July 1959) 


From X-ray examinations of the phase composition of steel which has 


June 1958. 


been chromized by the powder method, it has been found that the struc- 
ture of the surface diffusion zones is more complex than had hitherto 


been expected. 


In the border zones of iron, besides the solid solution 


phase, chromium nitride CroN is observed and, in the case of steel, 


besides the carbide phase there is carbo-nitriae Cro(N,C). 


The forma- 


tion of phases containing nitrogen is explained by the diffusion of 
nitrogen from the powder mixture which contains ammonium chloride, in 


the process of chromizing. 


Of the various methods of chromizing steel, 
. the powder method which is quite the easiest 
from the point of view of production, is 
widely used, 

Chromizing in powder media is carried out by 
packing the articles in a mixture of powders 
consisting of chromium (or ferrochromium) 
aluminium oxides and one of the salts: NH,Cl, 
NH,I, NH,Br, NH,F. 

The articles are packed in the chromizing 
mixture in a container (an iron box or tube 
with welded bottom) which is then heated in a 
furnace at 950-1100° (the temperature depends 
on the alloy with is to undergo chromizing) 
for 4-6 hr. 

Fig. 1 shows a diagram of the container 
used for chromizing articles by this method, 

Systematic investigation of the influence 
of the quantitative and qualitative composi- 
tion of the chromizing mixtures on the results 
in steel, have shown that depth of saturation, 
concentration of chromium on the surface and 
also the quality of the surface itself are 
substantially dependent on the composition of 
the powders used, The main role of the com- 


ponents of a chromizing mixture are as follows: 


chromium or ferrochromium provide for the 
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chromizing process: aluminium oxide prevents 
the particles of the chromium powder from 
sintering or becoming welded to the surface 
of the article. Halogen compounds of ammonia 
promote the creation in the container, of the 
gas medium necessary for chromizing, which 
consists of halogen compounds of chromium 
(CrCl, CrF,, CrBr,, CrI,). 

The following reactions take place when the 
container is heated: | 


(1) 
2NH,->2N-+-3H,, (2) 
Cr+2Hr=CrT,+H,, (3) 
Cr I’,+Cr. (4) 


The atomic chromium formed in reaction (4) 
is abosrbed by the surface and then diffuses 
in the surface zones of the metal, saturating 
them with chromium to the degree determined 
by temperature, duration of the process and 
also by the composition of the alloy, 

Investigation of the powder method of 
chromizing has shown, however, that besides 


chromium, the surface layers of the metal are 


also diffused with aluminium (from the 
aluminium oxide) and nitrogen which is formed 
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in accordance with reaction (2). 
The diffusion of aluminium is due to the 


reactions: 


Al,O, + 2Fe - ZAl + Fe,QOs, (5) 
while bearing in mind reaction (1) we have: 


4+ 2Al + 3H,, (6) 
3Fe + 2Al 2Al + 3Fe Ty. (7) 


For this reason the chemical and phase com- 
positions of the surface zones of the metal 
on powder chromizing are more complex than 
with chromizing in gas or liquid media or by 
the vacuum method, Chemical analysis of the 
surfaces of iron and steel after chromizing 
has revealed the presence on the surface of 
the iron of 1-2% Al, and 3-6% on the surface 
of steel. 


Container for chromizing parts by the 
powder method: 

2 - work piece; 3 -— asbestos top; 
4 — chromizing powder; 5 — mixture of sand and 
carbon; 6 — iron lid; 7- pin; 8 - greasing 
compound. 


Fig. 1. 


1 — container; 


Figs. 2a and b show the data concerning the 
influence of composition on the depth of the 
diffusion layer and on the concentration of 
chromium and aluminium on the surface of 
armco iron and steel U-8 after chromizing at 
1100° for 3 hr. The best chromizing (from 
the point of view of surface quality) was 
produced with a mixture consisting of 50% FeCr, 
43-45% Al,05 and 7-5% NH, Cl, 

In 1954 Dubinin and Zinovich showed that the 
use of salts such as NH 4F NH 4Br and NH, I as 
activators for the appeared to 


no effect essentially different from that of 
salt NH,Cl on the depth of the diffusion 
layer or on the properties of the surface, 
Depending on the nature of the alloy, either 
a solid solution or a carbide phase is formed 
on its surface as the result of the inter- 
action of the chromium diffusing from the 
surface into the metal and carbon which 
diffuses at the same time from the centre 
zone of the alloy to the surface, 
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Fig. 2. Influence of the composition of the 
chromizing mixture on the depth of the diffusion 
layer and the concentration of chromium and 


aluminium: a — on the surface of armco iron; 
b — on the surface of steel U-8. 
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The phase composition of the surface of 
steel after chromizing answers to two types 
of chromium carbide Cro3C, (on the surface) 
and Cr,C, (under a layer of this carbide) [1]. 

However, the investigations of powder 
chromizing which we carried out in collabora- 
tion with N.S. Zinovich revealed that, besides 
the solid solution or chromium carbide phase, 
a new phase of unknown composition arises 
which was called the X-phase, 

Fig. 3 shows typical examples of the micro- 
structure of iron and steel testpieces after 
chromizing and chromium case hardening, 

Microstructural analysis showed that the 
structure of the diffusion zone is substan- 
tially dependent on the composition of the 
steel and on the method used for saturating 
the surface, In the border zones of iron and 
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steel after chromizing, or case hardening with 
subsequent chromizing, the X-phase appears as 
a rule in the form of a thin light band (Fig. 
3a-c) with a higher microhardness (more than 
1500 kg/mm2), 

Below this is the solid solution zone with 
a hardness of 500-700 kg/mm2. 

In steel with medium and high carbon content 
a carbide phase is below the thin light band, 
with a higher microhardness (above 1700 kg/mm2), 
It has not always been possible, however, in 
steel with a high carbon content, to reveal 
the separation boundaries between these phases 


Fig. 3. 


by metallographic investigations with nitric 
acid etching (Fig. 3d). 

Microstructural analysis of low carbon 
steel after chromizing and subsequent case 
hardening did not reveal a light band on the 
surface. Embrittlement was found in the 
border zones of the testpiece, reflected in 
the microstructure by black spots (Fig. 3e). 

Table 1 sets out the composition, treatment 
and characteristics of the diffusion layer 
for some of the iron and steel testpieces 
examined, and in Table 2 there are the phase 
compositions of the diffusion layers of these 


The microstructure of iron and steel after chromizing, carbo- 


chromizing and chromo-case hardening: 


a — steel (0.25% C) after chromizing at 1050° for 6 hr, x 160; 


b - steel 


(0. 25% C) after case hardening at 950° for 8 hr and chromizing at 1100° 


for 6 hr, x 160; 


c - armco iron after case hardening at 950° for 8 hr 
and chromizing at 1100° for 6 hr, x 160; 
chromizing at 1050° for 6 hr, x 160; 


d — steel (0.8% C) after 
e — armco iron after chromizing at 


1100° for 12 hr and case hardening at 950° for 4 hr, x 160. 
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TABLE 1 


Total depth Depth of 


Micro- 
” individual |hardness of 


Mark of steel diffusion 
phases phases 
Chromizing medium 
layer, mm kg/mm. 


Armco iron Mixture with 7% NH,Cl 


Steel 25 Mixture with 7% NH4Cl 1/0.003 1/1514 
2/0.02 2/025 


Steel 45 Mixture with 5% NH,Cl - = 
Y8 Mixture with 5% NH,Cl 
Steel 45 Mixture with 5% NH,B,. 
Y8 Mixture with 5% 
Steel 45 Mixture with 8% NH,F 
SLKh15 Mixture with 5% NH,Cl 
KLVG Mixture with 5% NH,F 
Shkh15 Mixture with 5% NH4F 


Malleable Mixture with 7% NH,Cl 
ferritic iron 
(2. 5%C) 

Armco iron Case hardening — chromizing 

in mixture with 7% NH,Cl 0.090 


Steel 25 Case hardening - chromizing - 1/1514 
0.018 2/835 


Steel 15 Case-hardening — chromizing 0.60 = 
0.62 422 


1780 
- 1740 
- 1800 
- 1850 
1890 
1890 
1840 


testpieces as established by X-ray analysis, phases frequently exist but analysis layer by 

X-ray analysis of the phases was carried confirmed that these phases are arranged one 
out on the surface of the testpieces and in a top of the other which agrees with metal lo- 
number of cases in layers, in the rays of graphic analysis, As a rule the X-phase was 
K-series chromium in a Debye camera RKD with found on the surface and below it the carbides 
2R = 57.3 mm. Cr. and Cr,C, respectively, 

The plane of the testpiece was set at an Phase X is characterised by coarse grain, 
angle of 35° or 23° to the direction of the clearly revealed textural maxima on the front 
beam, lines of the X-ray and a smal] number of 

The depth of the layer of chromized steel lines (Figs, 4a-c), 
actively participating in the formation of Calculation showed that this phase is not 
the X-ray picture was, according to the X-ray one of those with a cubic lattice, 
absorption and with an angle of incidence of No positive results were obtained by check- 
35°, not more than 0.012 mm and, where an ing against al] the known carbides, A check 
angle of 23° was used it was not more than against chromium nitrides showed certain 
0.005 mm, similarities in the position of the lines 

The data in Table 2 show that in the surface with the data in tables [2]. According to 
layers of steel] after chromizing several tabulated data line (101) has maximum inten- 
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Fig. 4. X-ray photographs of iron and steel testpieces after 
chromizing and carbo-chromizing, taken from the flat surface of 
the piece: 

a — steel 25 after chromizing at 1050° for 6 hr. The angle of 
incline of the specimen to the first bundle of X-rays is 23°; 

b — steel U-8 after chromizing at 1100° for 8 hr. Angle of in- 
cline of specimen to the first bundle of X-rays 35°; c — Steel 
KhVG after chromizing at 1100° for 8 hr. Angle of incline of 
the specimen 35°; d-—- armco iron after case hardening at 950° 
for 8 hr and chromizing at 1100° for 6 hr. Angle of incline 
23°; e- steel 25 after case hardening at 950° for 8 hr and 
chromizing at 1100° for 6 hr. Angle of incline 23°; f — mal- 
leable ferritic iron with 2.5% C after chromizing at 1050° for 

6 hr. Angle of incline 23°. 
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Mark of 
steel 


Treat ment 


Phase composition 


Angle of 
specimen 


Characteristics of 
X-ray lines (phases) 


Armco iron 


Steel 25 


Steel 25 


Steel 45 


Steel 45 


Malleable 
ferritic 
iron 2.5%C 
Armco iron 
Steel 25 
Steel 25 


Steel 15 


Chromizing in mixture 
with 7% NH4Cl at 1050° 
for 1 hr. 


Chromizing in mixture 
with 7% NH,Cl at 1050° 


for 6 hrs. 


Chromizing in mixture 
with 5% NH,Cl at 1100° 
for 8 hrs. 


Chromizing in mixture 
with 5% NH,Br at 1100° 


for 8 hrs. 

Chromizing in mixture 
5% at 1100° 
for 8 hrs. 

Chromizing in mixture 
with 8% NH,F at 1100° 
for 8 hrs. 

Chromizing in mixture 
with 5% NH,Cl at 1100° 
for 8 hrs. 

Chromizing in mixture 
with 8% NH,F at 1100° 
for 8 hrs. 

Chromizing in mixture 
with 7% NH,Cl at 1100° 
for 6 hrs. 

Case-hardening- 
chromizing 

Case-hardening — 
chromizing 


Case~hardening — 
chromizing 


Phase X and -Fe 


After removing 0.005 mm 
-Fe 
Phase X 


After removing CrnC3 
Phase X 


After removing Cro3Cg 
and 

Phase X predominates, 
CrogCg and ConC, also 
found 

Phase X, CroaCg, CrnC3 


Phase X predominates, 
Crog3Cg and also 
found 

Phase X 


Phase X predominates, 


Phase X 


Phase X 
Phase X 
After removing 0.005 mm 


-Fe 
Fe 


Both phases coarse- 
grained. Lines con- 
sist of points but 
-Fe is more coarsely 
grained. 

Textural coarse 
grained 


Very eroded 


Textural coarse 
grained 


Textural coarse 
grained 


Coarse grained with 
large number of lines 


Coarse grained texturi- 

zed 

Coarse grained with 

large number of lines 

Lines eroded back lines 
invisible 

Coarse grained weak, 
very eroded. 
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sity which is taken to be 100, while phase X 
has a maximum intensity from plane (002) which 
according to the tabulated data is a weak (25); 
the line with plane (101) was not revealed on 
the X-ray. The schematic position of the 
lines and their relative intensity for Cr.N 
and phase X¥ is shown in Fig. 5. 

Spectral analysis of chromized steel showed 
the presence of nitrogen on the surface to be 
10 times greater than prior to chromizing 
(chromizing was carried out in a mixture con- 
taining an active addition of 7% NH,C1). 

Examination of the chromized surface of 
armco iron showed that a phase arises which 
is very close to Cr.N both in the position and 
number of lines, and also in their intensity. 
Further investigation showed that in steels 
also, under certain chromizing conditions, in 
phase X there is a reflection from plane (101) 
and from other planes of a hexagonal lattice, 
The relationship between the intensity of the 
lines and planes (101) and (200) was modified 
and produced some intermediate values (see 
Figs. 4e-f). 

For a definitive elucidation of phase X, 


cylindrical testpieces with a diameter of 0.4 
mm were made of armco iron, steel 40 and 
steel U-8 and chromized by the powder method 
in the following conditions: 1050° — 1 hr in 
powder medium consisting of 50% FeCr, 43% 
Al 0, and 7% NH,Cl. Analysis of the X-ray 
photographs showed that there are two phases 
on the surface of armco iron: the hexagonal 
interstitial phase Cr.N with periods of a 
lattice which agree with published informa- 
tion [3] and a cubic body-centred lattice 
with a period which answers to that of pure 
alpha iron with a = 2.861 A (Fig.6a). 
According to Blix [3] Cr.N is a typical 
interstitial phase with nitrogen atoms in the 
interstitial positions of the close packing 
of the hexagonal lattice of chromium, which 
is homogeneous within the narrow limits of 
the nitrogen content (11. 3-11.87%) and has a 
subtraction structure having the lattice 
periods: a= 2,747-2.77 = 4. 439-4.474 


According to our data the periods of 
lattice CrN formed on the surface of armco 
iron, when subtracted through the Bragg 
angles @ = 80°45’ and 76°24’ from planes (201) 


Fig. 5. 


Diagram of the position and relative intensity of the 


CroN lines and phase X. 
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and (112) respectively, were equal to: a= lines of the hexagonal phase CroN were 
visible, and on that of steel U-8 the only 
=2,77, A; c= 4,455 A; 1,607. things absent were the weak lines obtained 

X-ray photographs of the chromized surface from KQCr radiation, 
of a cylindrical specimen of armco iron 0.4 mm The ratio of the intensity of the lines 
in diameter, made without rotation, confirmed from crystal planes (101) and (200) was very 
the presence of two phases: a iron was more different in that there was a considerable 
coarse-grained than the Cr.N (see Fig. 6b). weakening in the intensity of the line from 
The intensity ratio of the Cr.N X-ray lines Plane (101) and increased intensity from 
both with and without rotation of the test- Plane (200). The intensity of the lines from 
piece, was completely in accordance with pub- planes (110) and (201) was also considerably 
lished information. reduced, 

Two phases were detected on the X-ray photo- A greater reduction in the intensity of the 
graphs of the chromized surface of steels 40 reflection from planes (101), (110) and (201) 
and U-8 (see Figs. 6 c-d). was observed for steel U-8. Steel 40 took up 

From the position of the lines the phases an intermediate position between armco iron 


are a complete repetition of the phase Cr oN and steel U-8 as regards the reduced inten- 
and « iron obtained on the surface of armco sity of these lines, i.e, the carbon content 
iron; certain differences in the position of in steel was responsible for the redistribu- 
the lines were noticed at big Bragg angles, tion of line intensity in the hexagonal 

On the X-ray photograph of steel 40 all the phase Cr.N, 


Fig. 6. X-ray photographs of iron and steel testpieces 0.5 mm in diameter after 
chromizing: 

a — armco iron after chromizing at 1050° for 1 hr. Taken with piece rotated; 

b — armco iron after chromizing at 1050° for 1 hr. Taken without rotating; 

c — steel 40 after chromizing at 1050° for 1 hr. Taken with rotation; 

d — steel U-8 after chromizing at 1050° for 1 hr. Taken with the piece rotated. 
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The periods of the crystal lattice Cr.N on the 
surface of steel U-8, calculated according to 
the Bragg angles (a@ = 80 and 76°) from the 
same planes of reflection (201) and(112) were, 
as with armco iron, equal to: a= 2.77, 


c 
c= 4.45, A> = 1. 60,. 


The data obtained show an increase in period 
a on transition from the iron to the steel and 
the constancy of period c. 

The law established in the change of lattice 
periods is in complete agreement with that 
observed [4] in the carbonitride phase obtained 
when steel is saturated by nitrogen. 

Thus the conclusion may be drawn that in the 
powder chromizing method the hexagonal inter- 
stitial phase Cr.N appears on the surface of 
iron and steel under certain chromizing con- 
ditions*, which in the case of steel, has a 
higher value for period a and a clearly defined 
texture due apparently to the simultaneous 
introduction into the hexagonal chromium 
lattice of atoms of nitrogen and carbon with 
the formation of a carbonitride phase Cr,(N,C). 

Where cast iron was chromized in the extreme 
zones a carbonitride phase was also observed 
(testpiece No.11 see Fig.4f). 

Investigation of the process of chromizing 
after case hardening showed that in this case, 
a solid carbonitride phase is obtained on the 
surface of iron and steel as with the ordinary 
chromizing of carbon steel (testpieces No, 12 
and 13, see Figs. 4 d-e). In the sublayer 
under this phase however, no carbides are 
observed, while alpha iron follows immediately 
with heavily eroded lines and, as shown by 
metallographic analysis, with increased micro- 
hardness (825 kg/mm), 

No carbonitride or carbide phases were 
detected on the X-ray photographs taken of the 
surface of chromized testpieces after subse- 
quent case hardening (testpiece No. 14). 

This agrees with information produced by 
metallographic analysis, 
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Thus, these investigations have estab] ished 
the fact of the diffusion of nitrogen in the 
surface layers of iron and steel in the pro- 
cess of powder chromizing with the formation 
on the surface of iron, of the nitride of 
chromium Cr.,N and on the surface of steel, 
the carbonitride Cr.(N,C). The diffusion of 
nitrogen when steel is chromized by powders 
has been established by paper [5]. 

In view of the high hardness, wear resis- 
tance and oxidation resistance of the nitride 
and carbonitride phases, this type of coating 
might be used with success in the manufacture 
of various parts, 

We extend our thanks to S.P. Kulagin for 
making the X-ray photographs and to K.A. 
Sukhenko for carrying out the spectral 
analysis on the content of nitrogen, 


‘Translated by V, Alford 
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1. INTRODUCTION 


It is known that in metals with macroscopic 
heterogeneities, where all other conditions 
are equal, diffusion processes occur at a rate 
which is considerably higher than in ‘‘equilib- 
rium’’ metals, When we speak of macroscopic 
heterogeneities in the case of single-com- 
ponent objects, we have in mind the interfaces 
between elements of the structure (boundaries 
between grains, and mosaic blocks), slip 
blocks, microcracks, pores etc, This type of 
macroscopic heterogeneity is found to a very 
great extent in plastically deformed metals 
and particularly those of electrolytic origin. 
In particular, decidedly increased diffusion 
“activity’’’ is found in the process of sinter- 
ing porous powder pressings from ‘‘active”’ 
powders obtained electrolytically. The effec- 
tive coefficient of diffusion determined from 
the course of the kinetic curves of shrinkage 
(packing) by means of the formula for diffusion 
theory [1], is in the region of 2-3 times 
greater [2] than the ‘‘equilibrium’’ value for 
the coefficient of diffusion and reduces with 
the duration of isothermal annealing. In- 
creased diffusion ‘“‘activity’’ in metals of 
electrolytic origin is also found from direct 
radiographic measurements of the coefficients 
of diffusion [3]. 

It is of considerable interest in many 
fields of high temperature physics of metals 
to explain the true causes for the increase in 
the coefficient of diffusion in crystalline 


* Fiz. metal. metalloved. 9, No.6, 842-851, 1960. 


bodies with distortions which have macroscopic 
heterogeneities of structure, 

In this article possible causes are discus- 
sed for the increase in the diffusion activity, 
in particular in connection with the mecha- 
nism and kinetic packing of porous powder 
pressings, 


2. THE VACANCY MECHANISM OF THE 
INCREASE IN DIFFUSION ‘“‘ACTIVITY’’ 


Bearing in mind the vacancy mechanism of 
the process of diffusion according to which 
the elementary act of displacement of atoms 
in the lattice consists in substituting them 
by vacancies in the immediate neighbourhood, 
which is formulated as 


D, =D, (1) 


(D, and D, are respectively the coefficients 
of diffusion of atoms and vacancies, 

is the concentration of vacancies), the 
following possibilities of increasing the 
coefficient of diffusion of atoms (D; >D,) 
may be discussed: 


3) = Dy > 


The first of these possibilities is excluded 
as it is contrary to the emergence and growth 
with time of pores of diffusion origin, which 


* Index i indicates that the value in question 
refers to a distorted lattice. 
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is observed experimentally in crystalline 
bodies with distortions [5], The second and 
third possibilities, as will be seen later, 
can also hardly cause the increase in the 
coefficient of diffusion observed experimen- 
tally on sintering. 

The increase in D,,; due to increase in D,,, 
i.e. the reduction in the potential barriers 
to the transfer of vacancies in the lattice, 
cannot be very significant [1]. In the first 
place, this is due to the low latent energy of 
distortion stored in the lattice, Even if all 
the latent energy of distortion (~ 10 cal/g) 
were stored in the lattice at high temperatures, 
‘the potential barriers in this case could only 
be reduced by 1-3% (assuming that the activa- 
tion energy of the process of transposition of 
vacancies is ~ 2 x 104 cal/mol). Secondly, 
distortions of the crystal lattice disclosed 
experimentally by means of calorimetric [6] 
and X-ray [7] methods, are rectified in tem- 
perature fields lower than those at which a 
noticeable sintering of the powder pressings 
is observed, 

Let us discuss the third possibility, It 
can be shown by simple calculations that this 
also can hardly be the cause of the increase 
in diffusion “‘activity’’ which is observed, 

Actually a supersaturated solution of 
vacancies in a crystal lattice cannot exist 
very long and the surplus vacancies must leave 
the solution, Bearing in mind that this 
departure may occur either as a result of 
collision between the vacancies and the hetero- 
geneities of structure (boundaries between 
mosaic blocks and grains, microcracks) upon 
which there occurs the process of coagulation 
of vacancies [5] or the result of the sub- 
stitution of the vacancies of atoms in the 
interstitial positions, it is possible to 
determine the time characteristics (respec- 
tively T, and 7») in the course of which 
equilibrium of concentration is practically 
established, 

Time T, can be determined by means of the 
ratio 


where L_ is the characteristic linear para- 
meter which defines the distribution 
of macroscopic discharges of vacancies 
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in the lattice, 

If L ~ 1074-1075 cm, in the temperature 
range 400-1000° in the case of gold (for 
which the value of D, can be determined from 
the data of the coefficient of self-diffusion 
f29] and the energy of gap formation [8]), 
the value ‘4, changes in a range from 10°? to 
1075 sec. 

Time T. can be calculated in the following 
manner, Assuming that the concentration of 
atoms in the interstitial positions and the 
concentration of vacancies is approximately 
the same (€ ,) the rate of loss of vacancies 


‘as a result of their recombination with the 


atoms in the interstitial sites is determined 
by the equation 


dt 


dt 


from which it follows that 
= ekT 
vei 


In these ratios v is the oscillation frequency 
of the atoms in the interstitial positions; 

u is the activation energy of the process of 
substituting a vacancy by an atom in an inter- 
site. If v ~10!3 7r~103 ux 
2x cal/mol* and we find 
that 7, sec, 

7 and T, are thus insignificantly small in 
comparison to the time in which the increased 
diffusion “activity” is observed experimen- 
tally. In the case of the sintering of powder 
pressings, even in the field of premelting 
temperatures, increased diffusion “activity” 
is observed in an interval of time <~104-105 
sec. 

There is no reason in principle why the 
vacancies which leave the solution should 
not be replaced by new ones which arise as a 
result of the closing up of micro-distortions 
in the lattice, It is however possible to 


* This figure comes from paper [8] where the 
activation energy of the process of substituting 
a vacancy with an atom was examined in the case 
of gold. For an atom in an interstitial site 
this figure should be less, which will reduce 
T> still further. 
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show that in the interval of time when the 
increased diffusion ‘‘activity’’ is observed, 
such a replacement could not take place, 

Actually the surplus number of vacancies in 
the lattice (An) is equal to 


An = n(&;—§&,) = né,, (2) 


where n is the number of atoms. AS 


Dj 
An= nk, (*)- (3) 


D; 
The value 7(t)= ra is dependent on time due to 
0 


the time dependence of D;. For the future let 
us assume that the ‘‘closing up’* of one focus 
distortion is accompanied by the appearance of 
one vacancy. This assumption does not provide 
complete detailization uf the understanding of 
‘focus distortions’’. The total number of 
“focuses of distortion’’ necessary to estab- 
lish the required number of surplus vacancies 
can be determined by the formula 


N= An, ~ (2) (4) 


where X(t) is the mean of X for time 7 in the 
course of which the increased diffusion 
‘activity’? is observed; 

Ti; is the life of a surplus ‘‘atomic’”’ 
vacancy at the given temperature, According 
to the understanding of the figures studied 


ea here (the number of “‘focuses of dis- 
n 


tortion’ ’ less the number of atoms), i.e. 


x(t) < — 


If 7, ~1078 sec, 105 sec, 1071-1072, 
we find x(t) 10—-!?, in the time where x (7), 
following the experiments in sintering, is 
roughly 102-103 [2]. 

Surplus vacancies may also arise in the 


lattice as a result of the healing of micro- 
cracks, The supersaturation of vacancies due 


to this mechanism cannot however be signifi- 
cant. According to the size it can be deter- 
mined by means of the known relationship 


where o is surface tension; 
r is the radius of a microcrack which we 
will assume to have a spherical form; 
5 is the lattice parameter, 
If 


r= 10-°— 107° em, 42 ~ 10-'— 1072. 


The suitability of this ratio for the 
evaluation of the supersaturation which is 
due to the presence of microcracks the form 
of which is actually not spherical but 
arbitrary, has been confirmed experimentally 
by the results obtained from investigations 
into the influence of pressure on the creation 
and growth of pores of diffusion origin 
occurring in the mutual diffusion of metals 
[9,10] and also from investigations into the 
relationship between the transparency of 
deformed monocrystals of rock salt and 
external pressure, which produces annealing 
[11]. These relationships and evaluations 
therefore show that the increase in the 
coefficient of diffusion which is observed 
experimentally, particularly in sintering 
experiments, cannot be explained by the 
presence of surplus ‘‘atomic’’ vacancies or by 
the reduction in the barriers to their trans- 
position, 

We note that in paper [4] which sets out 
the results of experiments in the diffusion 
growth of pores in electrolytic copper, the 
increased diffusion ‘‘activity’’ is treated as 
the result of the saturation of the lattice 
by vacancies, It follows from what has been 
said in the appropriate paragraph, that this 
could only be justifiable where the super- 
saturation is maintained by the presence of 
exceedingly small porosity, i.e, where 


=~ 10-' here (in [4] the results of tests 


0 


at T = 1000°). The relationships 


et), 
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plotted in [4] from the data produced at 
temperatures of 500 and 750° must be presented 
in the co-ordinates 


=o(t), where AD—D,—D, 


3. THE ROLE OF THE NETWORK OF BOUNDARIES AND 
GAPS IN INCREASING DIFFUSION ‘‘ACTIVITY’’ 


Another mechanism of increasing diffusion 
‘activity’? might be examined, The decisive 
part in this mechanism is played by the 
presence of a developed network of boundaries 
between the elements of macro- and micro- 
structure in microcracks, Diffusion along 
this network is considerably less than that 
through the centre of a grain whose lattice is 
in equilibrium, A network of boundaries might 
have been formed due to some previous circum- 
stance or it might arise at high temperatures 
as a result of the condensation of the surplus 
vacancies which appear on closing up of micro- 
distortions, According to the mechanism 
described, the experimentally observed 
microscopic diffusion flow is the sum of the 
flows along the grains themselves and along 
the branched network, individual sectors of 
which are either intergranular or interblock 
boundaries, or are microcracks, The effective 
coefficient of diffusion which determines the 
macroscopic flow observed experimentally (at . 
the given gradient) will in a general case be 


dependent in a complex manner on the geometry 
of the network and on the values of the 

corresponding true coefficients of diffusion 
along the grains and elements of the network. 

Diffusion along the elements of the network 
may make a substantial contribution to the 
total diffusion flow due to the fact that the 
corresponding coefficients of diffusion are 
higher in order than the coefficients of 
diffusion inside a grain with a distorted 
lattice. There is unfortunately no systematic 
data concerning the coefficient of diffusion 
along the boundaries of mosaic blocks, grain 
boundaries or free surfaces, From the 
fragmentary information available, however, 
certain comparisons and analyses may be made 
which indicate the use of this presentation 
concerning the reasons for the increase in 
diffusion ‘‘activity’’ in metals with macro- 
scopic heterogeneities, A comparison of the 
data on the coefficients of volumetric, 
boundary and surface diffusion has been made 
in the Table. 

In addition to the information contained in 
the Table we note that in real objects, as may 
be found by measurement [12-13], both boundary 
and ‘‘surface’’ diffusion exist not in a single 
atom layer but in a layer 1075-1076 cm thick 
which increases correspondingly the flow of 
the substance along the boundaries and free 
surfaces, There is a large amount of direct 
experimental evidence in use concerning this 
idea of the role of boundaries and gaps in 
increasing diffusion “‘activity’’. The role 


Comparative data on the coefficients of self-diffusion in crystals, 
and along boundaries and surfaces 


Temperature Ds 
650 10° [30], [31] 
Copper | 750-1065 105-104 [32].(33], [34], [36] 
Nickel | 200-1100 | 107-103 “i [35] 
Silver | 500-600 10° “a [37], [38] 
tron | 800-1200 | 104-10° - [30] 
550-850 - 108 [14] 
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of the grain refinement of the substructure of 


[18,19]. The additional pores and micro- 


the metal in increasing its diffusion ‘‘activity’’ cracks which occur as a result of the coagu- 


has been observed experimentally in objects in 


which the development of a network of boundaries 


and cracks (accompanying the refinement of the 
structure) has taken place both as the result 
of phase transition [15] and as the result of 


plastic deformation [16]. The work of Ovsienko 


and his collaborators [40] bears witness to 
the considerable part played by the network of 
boundaries in increasing the effective coef- 
ficient of diffusion, In particular they have 
shown that an increase of 2 times in the angle 
between the mosaic blocks in monocrystals of 
aluminium and the reduction of the linear 
dimension of the blocks by 1% increases the 
coefficient of diffusion of zinc in mosaic 
monocrystals of aluminium by a vaiue of the 
same order, 

Applied to porous bodies which have under- 
gone sintering, the role of the lattice of 
boundaries and cracks has been clearly noted 
in several papers [17-20] in which the reci- 
procal overbaking of “‘activated’® wires has 
been observed on models, These papers have 
shown the interconnexion between the metal- 
lographic data on the development of the net- 
work of boundaries, pores and cracks and the 
effective values of the coefficients of self- 
diffusion determined from the data on the time 
and temperature relationships of the chords 
along which the overbaking occurred, 

In papers [17-19] it was shown that the 
effective (true) coefficient of self-diffusion 
is higher in equilibrium and diminishes as the 
process of closing of the gaps and coalescence 
of pores proceeds, 

It follows from paper [12] which describes 
experiments in the baking of electrolytically 
copper-plated nickel wires, that the decisive 
role in increasing the coefficient of dif- 
fusion is that of the network of boundaries 
and not the ‘‘atomic’’ excess vacancies, Due 
to the predominant diffusion of copper in 
nickel surplus vacancies occur in the copper 
deposit, This “‘source’’ of additional vacan- 
cies has already been specially studied and it 
has been explained [5] that the proportionate 


A 
supersaturation due to it can 


apparently not be the reason for the increase 
by twice of the coefficient of diffusion 


lation of vacancies appearing due to the 
inequality in the converging diffusion flows 
(a ‘‘source’’ of low power but very constant! ) 
may to a considerable extent affect the 
growth of the effective coefficient of dif- 
fusion, 

In connexion with these considerations of 
the role of boundaries in the sintering of 
pores we will indicate also the paper by 
Klapson and Robins [22] in which the decisive 
role of intergranular boundaries in the 
*‘sintering’’ of pores in objects in equili- 
brium has been illustrated, Attention had 
already been drawn to this fact in paper [23]. 

Further evidence in support of these con- 
siderations concerning the reasons for the 
increase in diffusion activity is also given 
by the data on the influence of pressure on 
the parameters which are determined by dif- 
fusion in crystalline bodies, 

It is known that a marked increase in the 
coefficient of diffusion is observed in low 
pressure fields (~ 102-103 kg/cm?) and a 
corresponding reduction in the energy of 
activation. In this field pressure applied 
from without may promote the flow of processes 
of plastic deformation as a result of which 
there may be the development of a network of 
boundaries, This refers to polycrystalline 
objects in which the individual grains have 
considerable anisotropy of elastic constants, 
In conditions where the pressure is applied 
at a high temperature this network will not 
be stable as the appearance of its new sec- 
tors wil] be accompanied by the closing up of 
those created earlier, 

In this field of pressure therefore, the 
effective coefficient of diffusion may grow 
quite considerably, 

Gertsriken and his collaborators (25, 26] 
who studied the self-diffusion of iron in pure 
iron and iron alloys with small additions of 
aluminium have shown that the value of the 
coefficient of self-diffusion at p = 102 
kg/cm? is increased by several times, The 
increase in the coefficient of self-diffusion 
is accompanied by a considerable (2-3 times) 
reduction in the value of the energy of 
activation, In our opinion this fact is 
sufficient evidence that the increase in 
diffusion *‘activity’’ observed is due 
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precisely to this emerging development of a 
network of boundaries and not to the change in 
the diffusion characteristics of the lattice 
itself, Actually, all-round compression may 
only increase the activation energy of the 
process of diffusion through the lattice and 
consequently it will reduce the coefficient of 
diffusion, The fact that the activation 
energy in the experiments under discussion is 
reduced quite a lot at low pressures, is in 
agreement with the finding that surface and 
boundary diffusion are characterised by a 
lower activation energy than volumetric dif- 
fusion, 

It can be observed that all-round pressure 
has a marked (10%) influence on the increase 
in the activation energy of diffusion through . 
the lattice itself where 
(where ft is the energy of activation when 
p ~ 1 kg/em2), i.e. where p ~ 103-104 kg/cm?. 
In [27/28] it has been shown that the coef- 
ficient of self-diffusion In and Tl in the 
alloys In-Tl where p~ 5 x 10° kg/cm? is re- 
duced by 2 to 2.5 times, 


4. THE SIMPLEST PROBLEMS 


In the presentation of a definite and ele- 
mentary geometry for the network of boundaries 
and microcracks which arise in the testpiece, 
some very simple analyses may be made of the 
contribution of surface and boundary diffusion 
to the diffusion flow observed in experiment, 
Let us consider the relationship between true 
effective coefficient of diffusion D and 


D; 
equilibrium D, ( =] here in the case of 
0 


an elementary model of an ‘‘active’’ metal 
according to which the grain is an aggregate 
of alternating layers of the undistorted 
lattice and plane gaps (like a cone). Here 
and below we must bear in mind not only the 
gaps themselves (cracks) but also boundaries 
of the intergranular type as the ratio of the 
coefficient of boundary and surface diffusion 
to the coefficient of volumetric diffusion is 
of the same order (see Table), It is assumed 
that the direction of the gradient coincides 
with the direction of the gaps. In the first 
approximation we will disregard the ‘*‘flow’’ 
of the surface diffusion stream in the volume 
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D,~D,+ aD, 
where >, is the coefficient of surface dif- 


fusion and aw~ 7 is the value which de- 
fines the geometric comb (A is the width of 
of a “tooth” of the comb). Thus 


(6) 


At the values we are considering 


h~ 10-5 — 10-8 om [12, 13], L~10-4*— 


— 10-° cm, D,'Do = 10*—10*, y 10% 102. 


According to the representation described 
[17] in the later stages of the sintering 
process many of the so-called “‘isolated’’ and 
‘closed’ ’ pores are closed only in the sense 
that their presence is not revealed by ex- 
periments in which the gas permeability of 
the testpiece has been observed. Actually, 
in objects which have increased diffusion 
‘‘activity’’, they should be connected among 
themselves and with the outer boundaries of 
the testpiece by a multitude of microscopic 
capillaries and cracks the linear dimension 
of whose cross-section is in the order of 
interatomic distance, The surface diffusion 
which occurs along these capillaries and gaps 
may make a considerable contribution to the 
diffusion flow which causes shrinkage of a 
porous body. The reduction in volume of an 
‘fsolated’’ pore as a result of diffusion on 
the surface of capillaries and gaps is 
similar to the reduction in volume of a soap 
bubble at the end of a straw out of which gas 
is flowing under the influence of Laplace 
pressure, with the only essential difference 
that the real gas is transferred through the 
whole section of the straw and the ‘*‘gas” of 
vacancies is transferred along the surface of 
microhol lows, 

Let us consider the rate of diffusion 
closing of an ‘‘isolated’ ’ spherical pore 
with p gaps adjacent to its surface, The 
change in the volume of the ‘‘isolated’’ pore 
of radius r which takes place as a result of 
the diffusion of vacancies through the 
lattice and the surface of the gaps may be 


VOl 
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written in the form 


~ (SD’ + S,D)). (7) 


In (7) S and S, respectively are the surface 
of the pore and the total cross-section of all 
the gaps; 

D1 and D; are the coefficients of sel f- 
diffusion of the vacancies in the lattice and 
on the surface of the gaps, 

Let us insert the values into (7): 


From <7) and (8) it follows that 


AD, 


Without a second addend the sintering of an 
**isolated’® pore [17] is defined in the brack- 


ets of equation (9). 


According to (9) the ratio between the effec- 


tive coefficient of diffusion due to the 
sintering of a pore and the one which is in 
equilibrium for the case under observation may 
be written in the form 


p iD, : 
(10) 
Assuming that p~1-10 and 1073-1074 om we 
find x’~ 102-103, i.e, the sintering of a 
pore should be practically completely deter- 
mined by diffusion along gaps and boundaries 
adjacent to its surface, 

It is interesting to consider the question 
of the role of boundaries and cracks in the 
process of the sintering of a cylindrical 
pore. This problem has been studied experi- 
mentally in the well-known paper by Alexander 
and Balluffi [23]. By integrating an equation 
similar to (9) in the proposition that dif- 
fusion exists along boundaries it is easy to 
find the following time dependence for the 
radius of the cylindrical pore being sintered: 


(11) 


and consequently, the time for total closing 


(12) 


In (11) and (12) ~£ is the average distance 
between grains, 

As follows from the data in the paper by 
Alexander and Balluffi [23] (see [24] for 
short periods of time, ~ 200 hr) there is a 
linear relationship between (r3-r*) and t. 
From the gradient of the straight line rela- 
tionship between (r3-r4) and t. From the 
gradient of the straight line in the co- 
ordinates r3-r3 = @ (t) the value of Z can be 
found by using (11). If o= 1.4 x 103 dyn/cm 
10-5— 10-® cm and D,= 1075 cm?2/sec 
[33}, L 10°73 cm which is reasonable, At 
the same figures the value of t* ~ 108 secs, 
We note that the problem of the role of 
boundaries in the sintering of cylindrical 
pores has also been studied by Kuozinsky [24] 
who came to the following conclusions: a) in 
the case of diffusion predominantly along 
boundaries the radius of the pore is subject 
to a time change according to the law r4 ~t¢; 
b) the rate of the process is considerably 
less than in the case of volumetric diffusion 
(with discharge on the boundaries), 

The error in Kuczinsky’ s conclusions [24] 
is due to the fact that he assumed only the 
presence of one boundary lying on a plane 
level with the axis of the cylinder, and that 
the width of the boundary zone in which dif- 
fusion was facilitated was of the order of 
interatomic distance. The artificiality of 
the first hypothesis is obvious, The second 
hypothesis also fails to correspond to the 
real position as witnessed by a large number 
of reports of experiments published in recent 
years [12-14], that the so-called ‘‘boundary” ’ 
diffusion exists in a layer ~ 1075-1075 om. 
thick, 

It must be emphasised in conclusion that 
the considerations set out regarding the role 
of boundaries and microgaps in the process of 
sintering should not be regarded as evidence 
in support of the point of view [21] accord- 
ing to which the volumetric shrinkage which 
occurs on the sintering of powder pressings 
is due in the main to the diffusion transfer 
of the substance along the surface of the 
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powders, In the mechanism we have studied the 
increase in diffusion “‘activity’’, surface and 
boundary diffusion along the network which 
penetrates the body of the powders, promote 
the increased effective coefficient of volum- 
etric diffusion, 


5. CONCLUSIONS 


1. The possible role of surplus ‘‘atomic” 
vacancies has been discussed in increasing the 
diffusion “activity’’ of metals, It has been 
shown that the increase observed experimentally 
in the coefficient of diffusion, in particular 
in the sintering of powder pressings, cannot 
be caused by surplus ‘‘atomic’’ vacancies, 

2. The role has been discussed of the net- 
work of boundaries and gaps in increasing the 
diffusion activity of metals with macroscopic 
heterogeneities of structure, 

3. A semi- quantitative analysis has been 
made of the effective coefficients of dif- 
fusion in the case of objects of very simple 
geometry, allowing for the presence in the 
lattice of a network of boundaries and gaps, 
It has been shown that the presence of the 
network may cause a considerable increase in 
the effective coefficient of diffusion, 

4, The problem has been discussed of the 
influence of pressure on diffusion in crystal- 
line bodies in a wide range of pressures, It 
has been explained that experimental data 
concerning the influence of pressure on dif- 
fusion is in agreement with the proposition 
concerning the role of macroscopic hetero- 
geneities in increasing the effective coef- 
ficient of diffusion. 


Translated by V. Alford 
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The use of amalgam methods in the production 
processes for non-ferrous and rare metals [1, 2] 


THE SOLUBILITY OF METALS IN MERCURY* 
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and the use of mercury and amalgam as heat 
carriers in power plant [3] makes a detailed 
study of the properties of amalgams necessary, 
In this connexion there is some interest in 
finding out the law and explaining the causes 
of the different solubilities of metals in 


mercury, 


TABLE 1 


The solubility of metals in mercury ** 


Solubility 


Weight % 


Atomic % 


Lithium .. 
Sodium 
Potassium 
Rubrdium 
Caesiun .. 
Copper 
Silver 
Gold 
Magnesium 
Calcium .. 
Strontium 
Barun 
Zinc 
Cadmium .. 
Aluminium 
Gallium .. 
Indium .. 
Thallium 


Bismuth 
Plat inum 


0.09 [4] 
0.68 [4] 
0.80 [4] 
1.54 [4] 
4.34 [4] 
0.003[4] 
0.04 [4] 
0.13 [4] 
0.24 (4) 
0.30 [4] 
1.0 [4] 
0.33 [4] 
2.15 [4] 
4.92 
0.033[4 
1. 26[5 oes 
57.2 (6) 
42.8 [4] 
-0.62 [4] 
1.3 [4] 
1.4 [4] 
0.05 


2.52 
5. 89 
4. 25 
3.54 
6.48 
0.006 [7] 
0.07 
0.13 
1. 66 
1.31 
2. 25 
0.46 
6. 45 
8.55 
0.013 
2.70 

63.4 

42.6 
0.95 
1.13 
0.051 
0.051 [8] 


_ The liquid amalgams are one of the special 
classes of alloys — those which are in the 
fused state at ordinary temperatures, 

The liquid amalgams are of particular 
interest in that they are systems which 
occupy an intermediate position between the 
solutions of non-metals and metallic systems 
- the solid solutions, 

The solubility of metals in mercury differs: 
many metals are practically insoluble (the 
iron group, the subgroup titanium, vanadium, 
chromium etc.,), the solubility of others is 
as much as 50% (indium, thallium). Data on 
on the solubility of some metals in copper 
are set out in Table 1 which gives their 
solubility at 18° in weight percentages 
according to published information [4,5] and 
in atomic percentages calculated by us on the 
basis of these data, 

It is obvious that the transition from the 
expression of solubility in weight percentages 
to atomic will change the order of solubility 
of a number of metals, For example, the 
solubility of all alkali metals if of the 
same order, while when expressed in weight 
percentages they are spread over three orders, 

A number of hypotheses have been put forward 
regarding the reasons for the different 
solubilities of metals in mercury [4,9-11], 
but they are however, of a qualitative charac- 
ter and do not embrace all metals, 

Tamman and Hinnuber [4] attribute the 
solubility of metals to their place in the 
periodic table: maximum solubility is shown 
by those metals in the periodic table which 
are close to mercury — thallium, cadmiun, 


* Fiz. metal. metalloved. 9, No.6, 853-860, 1960. 
** Source is indicated in brackets. 
*** The solubility of gallium at 18° was obstained 


by extrapolation of the data for 35 and 100°[5]. 
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lead, This is not true for all cases, Gold, 
for example, which is the nearest neighbour of 
mercury, is only extremely slightly soluble in 
it, while indium dissolves better in mercury 
than any other metals and it is very far 
removed from it in the table, 

These same authors and also Hohn [9] attri- 
bute the solubility of metals in mercury to 
the temperatures of fusion, noting that the 
easily fusible metals have maximum solubility 
while the high melting point metals are not 
soluble in mercury, 

There is some basis for this comparison, as 
destruction of the crystal lattice occurs _ 
both in dissolution and in melting. This law 
is one of the results of the equation by 
I.F. Shreder: at a given temperature a solid 
substance with .a higher melting point is less 
soluble in a liquid than a substance which has 
a low melting point. 

This law does not obtain, however, in the 
case in question: lead (7, = 327°) is less 
soluble than strontium (T, = 771°), gallium 
(T, = 29.8°) is less soluble than zinc (T, = 
419°), Such conclusions are of course due to 


the fact that metals have a different structure 


and that the nature of their interaction with 
mercury (strength of intermetallic compounds) 
is different. 

An attempt has also been made, to attribute 
the formation of amalgams with the sizes of 
the atoms of the metal [10]. 

Gil’debrand [11] attributes the mutual 
solubility of metals in general] with the 
extent of their internal pressure, In the 
case of amalgams, however, no definite re- 
lationship has been observed between these 
two values, 

The attempts enumerated above, to find the 
law for the solubility of metals in mercury 
all suffer from the defect that their authors 
have not allowed for the structure of the 
mercury atoms and the metals dissolved in it, 
while the properties of elements are function- 
ally connected with the structure of the atoms 
and, in the first place, with the extranuclear 
electron shells, 

Comparing the solubility of metals in 
mercury with the structure of the electron 
shells of their atoms the following law may 
be propounded, The ‘‘simple metals’’ are 
easily soluble in mercury -— these are metals 
with completely free or partly filled d-shells, 


Metals with a partly filled d-shell - (the 
transition metals) -— are practically insoluble 
in mercury and have limited solubility. It 
should be noted here that mercury itself has 
a completely filled d-shell, i.e. it belongs 
to the group of simple metals and in the case 
in question, that of the solubility of metals 
in mercury, we have observance of the 
principle of ‘‘similarity’’. 

The size of the atoms which is one of the 
basic factors which determine the possibility 
of the formation of substitutional solutions 
in solid alloys [12-15] plays a small part in 
the case in question, Besides the metals the 
size of whose atomic radii are close to those 
of the atomic radius of mercury - 1.55 


(cadmium 1,52 indium 1,57 A), metals 
whose atomic radii are substantially different 
from those of mercury (thallium - 1,71 


caesium — 2.72 A and other alkali methls) 
also dissolve easily in mercury. Metals 
which have atoms whose dimensions are very 
close to those of mercury but with a differ- 
ent structure for the extranuclear shells, x 
are practically insoluble (zirconium - 1.60 A, 


hafnium - 1.59 A), 

The basic law thus consists in the fact 
that the solubility of metals in mercury - 
the possibility of the formation of amalgams 
- is determined by the structure of the extra- 


nuclear electron shells of the metals, The 
solubility of metals in mercury, as will be 
shown below, is dependent on a number of 
properties of the metals, 

For metals which are soluble in mercury, 
there is some interest in finding the 
relationship between the extent of their 
solubility and their properties and explain- 
ing its connexion with the periodic system, 

The process of dissolving a substance is 
connected with the breakup of its crystal 
lattice, We do not at the moment know the 
extent of the bonding energy of metallic 
crystals [17,18]. However, a suitable 
measure of the forces of binding in metals 
may be provided by the heat of sublimation - 
the energy necessary for the dissociation of 
one molecule of a substance in solid solution, 
into free atoms, The extent of the coupling 
forces may also characterise the bonding 
energy in two-atom molecules of metals, 
Figures for these two latter values are 
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available in literature [17, 18, 21]. 

According to current ideas the process of 
dissolving metals consists in the following 
stages: the ionization of atoms - the for- 
mation of a positive ion, the evaporation of 
an ion in a vacuum and the further transition 
into the solvent and interaction with it. A 
measure of the ability of metals for ioniza- 
tion is given by the values of the iorization 
potentials or the energy of formation of 
gaseous ions, 

It can be suggested that metals which have 
lower bonding energies with lower potentials 
of ionization, should dissolve more easily in 
mercury. Actually, thallium and indium which 
have a bonding energy below normal [20], have 
a low coefficient of thermal resistance and 
low potentials of ionization [20], and they 
dissolve in mercury more easily than other 
metals, 

Iron and other transition metals which have 
high bonding energy, high ionization potential 
etc, etc, [20], are only slightly soluble in 
mercury. 

Let us now make a more detailed study of the 
properties enumerated above of the metals 
which are soluble in mercury. Let us compare 
the solubility of metals in mercury with the 
extent of the heat of sublimation of these 
metals, which characterizes the strength of 
their crystal lattices (Fig. 1). To plot a 
graph showing the relationship between the 
solubility of metals in mercury and their heat 
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of sublimation the values for the latter 
given by Bichowsky and Rossini [21], Seite 
[17] and Cottrell [18] have been used, It 
can be seen from the illustration that the 
metals which have a small value for the heat 
of sublimation, are easily soluble in mercury 
and that the transition metals which have 
high sublimation heats are practically in- 
soluble; the metals with limited solubility 
occupy an intermediate position, 

Let us further compare the solubility of 
metals in mercury with the strength of the 
metallic bond in more elementary structures — 
in two-atom molecules, Fig. 2 shows the con- 
nexion between the solubility of metals in. 
mercury and the bonding energy of two- atom 
molecules [18,22]. Besides metals soluble in 
mercury, antimony and arsenic are also shown 
for comparison, 

As with the comparison of sublimation heats 
the same law may be observed when comparing 
the bonding energies of two-atom molecules, 

— the more easily the metal breaks up into 
elementary particles (atoms), the smaller 
will be the bonding energy and the greater 
its solubility in mercury. As has been noted 
above, the ionization energy of the atoms of 
the metals may also characterize and promote 
their dissolution, Let us compare the values 
for the first ionization potentials of a 
number of metals [22] with their solubility 
in mercury, Fig. 3 shows the change in the 
solubility of the metals in mercury (circles) 


The relationship between the solubility of metals in mercury 
and the heat of sublimation. 
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and the ionization potentials (crosses) as 
functions of the atomic numbers according to 
the periodic system. It is easy to see that 
there is some antipathy between the lines 
which reflect the changes in the values of the 
ionization potentials and solubility of the 
metals in mercury; when the ionization 
potential is reduced (i.e. when dissociation 
of the metal atom is easier) the solubility 
of the metal in mercury increases, and vice 
versa, On some of the curves in the graph 
(Fig. 3) there are the extreme values for the 
ionization potentials and degrees of solubi- 
lity. The extreme values for the ionization 
potentials and for solubility belong to metals 
of the third group: aluminium, gallium, 
indium, thallium, i.e, the metals which have 
anomalous crystal structures [14,17]. For 
indium and thallium, the metals with the 
highest solubility in mercury, the course of 
the curves showing the change in solubility 
and ionization potential is subject to a 
general law, In the case of aluminium in a 
number of values for the ionization potentials 
of sodium-chromium there is also an extreme 
value, However, this does not go against the 
law which has been noted: aluminium has very 
good solubility in mercury at elevated tem- 
peratures [16]. As for gallium, it behaves 
similarly to aluminium, It was established 
not very long ago that, beginning at 200°, 
gallium and mercury are endlessly soluble in 
one another [23]. 


¢, 
at. % 
10 


/00 Banding energy 
kcal 
Fig. 1. The relationship between the solubility 
of metals in mercury and the heat of sublimation. 


Comparing the values for the ionization 
potentials and solubility of metals in mercury 
according to groups of the periodic system 
the following law may be observed: the 
solubility of metals in mercury increases 
with reduction in ionization potential. 

It is to be expected that in liquid metals 
those metals will dissolve more easily which 
have an elementary cell whose structure is 
similar to the structure of the elementary 
cell of the solvent metal, 

Let us now study the connexion between the 
solubility of metals in mercury and their 
structure in solid and liquid states, Radio- 
graphic and neutronographic investigations 
of liquid metal [24,25] show that the packing 
of atoms in a liquid metal in a definite 
manner is due to the crystal structure of the 
metal in question in the solid state, 

Experimental data [3] indicate that the 
structure of mercury in the liquid state, at 
temperatures close to the temperature of 
fusion, is a simple cubic lattice. It could 
be assumed that metals which in the fused 
state have a close-range structure (close- 
range structure is determined by the co- 


ordination number [25]), similar to that of 
liquid mercury and atoms the size of which 
differs only slightly from those of mercury, 
should dissolve very easily in the latter, It 
is interesting to compare the ability of 
metals to dissolve in mercury with their co- 
ordination numbers in the solid and liquid 


states (close to the melting points). The 
change in the number of atoms in the field of 
co-ordination on the melting of metals is 

set out in Table 2. In the composition of 
this table co-ordination numbers were used 
which had been determined by radiographic and 
neutronographic methods [3, 24, 25, 29,31]. o- 
ordination numbers for the liquid metals are 
given for temperatures close to the tempera- 
tures of fusion (not above 40°). 

It can be seen from Table 2 that for the 
majority of metals, on transition to the 
liquid state there is a reduction in the 
number of atoms in the field of nearest 
neighbour co-ordination from 12 to 8. Gallium 
and bismuth behave differently from other 
metals and they belong to a group of metals 
with so-called ‘‘loose’’ packing, which breaks 
up on melting and approaches close packing, 
evidence of which is shown by the increase in 
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co-ordination number to 8 [15, 2]. 

The co-ordination number for liquid zinc 
seems doubtful when compared with the fact 
that zinc and cadmium in the fused state, and 
also their amalgams, have a similar structure 
[28]. The data given in Golik’s paper [29] 
show that the co-ordination number for liquid 
zinc is about 8. ; 

From the data which has been set out (see 
Table 2) it can be seen that the metals which 
in the liquid state have the structure of 
short-range order similar to mercury (co- 
ordination number 8) are easily soluble in the 
latter. The metals which have the structure 
of close range order different from mercury 
are less soluble. 

From this law it may be suggested that in 
the formation of an amalgam of metals which 
have the structure of short range order simi- 
lar to mercury, the structure of the amalgams 
should not be very different from that of 
mercury. The co-ordination number for the 
amalgam of thallium is 8.2 [30], and for the 
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amalgam of cadmium it is 8.3 [24], which 
confirms the hypothesis made above. 

Many of the properties of substances are 
due to their collective moments, values which 
are the functions of the charge, size and 
structure of ions [19]. Let us consider the 
connexion between the solubility of metals in 
mercury and their collective moments, The 
collective moment for ions and metallic 
liquids is determined by the mean electric 
moment — the charge and size of the ion: 


eZ 
m = ——, where e is the electron charge, Z 


is the valency of the ion, r is the effective 
radius of the ion [19,32]. It is only pos- 
sible to compare the various properties with 
the values of the collective moments in the 
the case where the ions have the same charge 
and the same structure for the extranuclear 
electron shells [19]. No precise character- 
istic can be obtained if the concept of the 
collective moment is used to compare the 
properties of ions which have a different 


Zr mat 


Atomic no. 
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TABLE 2 


The number of atoms in nearest neighbour co-ordination n 
for solid and liquid metals 


Metal 


"liq 


Solubility in 
Hg at 18°, % 


Source 


Lithium 
Sodium 


Potassium 
Gold .. 
Zinc :. 


Cadmium 
Mercury 
Aluminium 
Gallium 
Cadium 
Thalium 
Tin 
Lead .. 


Antimony .. 


Bismuth 


9.8 


2. 52 
5.89 


4.25 
0.13 
6. 45 


8.55 
0.013 
2.70 
63.4 
42.6 
0.95 
1.13 


Practically 
insoluble 
1.20 


structure, In this connexion it should be 
noted that the degree of ionization of differ- 
ent metals and consequently, the degree of 
collectivization of the extranuclear valent 
electrons, is different. In monovalent metals 
it is the less bonded — the external or valent 
electrons which are subject to collectivization, 
In multivalent metals it is impossible to draw 
a line between free and bonded electrons and 
any presentation concerning any definite 
degree of ionization will lose its meaning 
[27]. 

For a number of metals which have some 
valence electrons the higher valency rarely 
shows in the metallic state, which can be 
explained by the presence of the ‘“‘inert’”’ s 
electron gas [15]. As an example of these 
metals there are those of the third group: 
aluminium, gallium, indium, thallium, the 
atoms of which are in a state of partial 
ionization -— Al*, Gat, In*, T1* and have the 
structure of the resulting electron shells 
8 + 2 and 18 + 2 [14,15,17). The presence of 
the stable inert s electron gas is also 


observed in tin, lead and bismuth which, as 
with the preceding metals, are in a state of 
partial ionization [14, 15,17]. 

Let us compare the solubility of metals in 
mercury with the collective moments of their 
ions for ions which have similar structures 
of their extranuclear electron shells: com- 
plete 8 and 18 electron shells and 8 + 2 and 
18 + 2 electron shells, 

Fig. 4 shows the connexion between the 
solubility of metals in mercury and the col- 
lective moments of their ions according to 
groups of the periodic system. It can be 
seen from the illustration that with increase 
in collective moment increased solubility is 
shown by metals in the series lithium-caesiun, 
zinc-cadmium, aluminium-thallium etc, In the 
series aluminium-thallium there is an extre- 
mal point which belongs to indium, This 
deviation from the general course of the 
curves may apparently be explained by the 
fact that the atoms of indium are closer in 
size to those of mercury than the atoms of 
the other metals of the third group, Thus the 
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Solubility of metals in mercury 


relationship is observed between the solubility 
of metals in mercury and the size and structure 
of their ions, If the illustrations set out 
above are studied it will be seen that for the 
points which correspond to sodium, there is a 
considerable deviation from the general] course 
of the curves (Figs, 1-4). These deviations 


of course might be explained by the considerably) 


greater ionization of sodium atoms than those 
of any other alkali metals of the first group. 


Fig. 4. The relationship between the solubility of 
metals in mercury and the collective moment. 


Some confirmation could be found for this 
suggestion: the effective number of free 
electrons for sodium is higher than for the 
other metals of this subgroup, The effective 
number of free electrons is: for lithium - 
0.55, sodium — 1.1, potassium - 0.97, rubidium 
- 0.94, caesium - 0.85 [15]. 

There is some interest in the fact that the 
solubility of barium in mercury is considerably 
lower than one might expect from the course of 
the curves (Fig. 1-4). From this law concern- 
ing the solubility of metals in mercury, 
doubts might be thrown on the value for the 
solubility of barium shown in Table 1 and it 


could be suggested that the solubility of 
barium in mercury should be higher than 0.3%. 

The mechanisms noted above have been studied 
for the case of a simple amalgam-amalgam con- 
taining one solute metal without allowing for 
the chemical reaction between the solute 
metal and mercury. It would be interesting 
to find the laws governing the solubility of 
metals in mercury allowing for the formation 
of intermetallic compounds of metal with the 
mercury and between the solute metals in the 
case of complex amalgams, 


CONCLUSIONS 


1. A relationship has been noted between 
the solubility of metals in mercury and the 
structure of the extranuclear electron shells 
of their atoms, It has been shown that the 
metals which will dissolve in mercury are 
simple ones of which the extranuclear elec- 
tron shells have a structure similar to 
mercury; transition metals are only soluble 
to a limited degree, 

2. It has been shown that metals which 
possess a lower bonding energy in the metal- 
lic lattice and are more easily subject to 
ionization, have greater solubility in mercury, 
It has been shown that the solubility of 
metals in mercury changes according to the 
periods of the periodic system by the value 
of the first ionization potential. 

3. A relationship has been noted between 
the solubility of metals in mercury and the 
structure of metals in the liquid state, 

4. A relationship has been noted between 
the solubility of metals in mercury and the 
collective moments of their ions, 

5. Propositions have been made regarding 
the causes of the anomalous behaviour of 
certain elements, A relationship has been 
noted between the increased solubility of 
elements of the subgroup aluminium in mercury 
and the structure of their atoms, 

The authors wish to extend their thanks to 
Corresponding Member of the Academy of 
Sciences Kazakh SSR, Professor M.T. Kozlovskii, 
Dr, 0.A, Songina and A,I. Zebreva for their 
advice and comments, 
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INVESTIGATION OF THE TRANSFORMATION OF 
SIMPLE a-LEBOITE* 
F.A. SIDORENKO, P.V. GEL’D, M.A. SHUMILOV 
Urals Polytechnical Institute i/Kirov 
(Received 11 January 1960) 


The zeta-phase (Leboite) in the system iron- 
silicon is an interesting technological sub- 
stance which possesses metallic properties in 

_the high temperature state ({ q -phase or a- 
leboite) and semi-conducting properties in the 
temperature state ({ -phase, B -leboite) 

1}. 

The existence of the ( -phase was first 
established by Kurnakov [2]. In subsequent 
investigations the structure of a-leboite 
[3-5] was defined and the concentration limits 
of its stability [8,4,6-8]. In the paper by 


Ageyev and Kurnakov and collaborators [4] some 


of the phase transformation of leboite has 
been described. The nature of this transforma- 
tion and the constitution diagram Fe-Si were 
studied in detail by Gel’d and collaborators 
[1,8-11] and Abrikosov [7]. It has been shown 
that two modifications of leboite exist of 
which the low temperature modification may be 
formed as a result of the following reaction 
in the solid state (Fig. 1): 


Si+e+ (III). 


Published information regarding the kinetics 
of this reaction relate to alloys of commercial 
purity. In the present paper the results are 
set out of metallographic, dilatometric and 
radiographic analysis of the products of 

reaction (I) to (III) for high purity alloys. 


MATERIALS AND METHOD OF INVESTIGATION 


For the production of specimens for metal- 
lographic study of the processes, vacuum 


* Fiz. metal: metalloved. 9, No.6, 861-867, 1960. 


annealed carbonyl] iron R-4 was used with 
chemically pure silicon containing 99.95% Si 
and 0.03% Fe. The reagents were mixed to- 
gether in a quartz mortar and pressed into 
tablets and melted in quartz crucibles in a 
vacuum (1073-1074 mm.Hg.) tungsten furnace, 
After melting the pieces. were homogenized in 
a vacuum at a temperature of 1080° for 100 hr 
after which they were quenched in air (to fix 
the easily undercooled {gq -phase). 


800 


70 0 100 


Wt. YS SC 


Fig. 1. Constitution diagram FeSi-Si. 

For the dilatometer investigations alloys 
were made from electrolytic iron and lumps of 
monocrystalline silicon, They were melted in 
quartz crucibles in an induction furnace and 
specimens were produced by sucking the fusion 
into quartz capillaries 2-4 mm in diameter, 
Dilatometer measurements were made on both the 
untreated and homogenized (at 1080° with sub- 
sequent quenching in air) pieces, and iden- 
tical results were obtained both cases, 


Transformation of simple a-leboite 


The microstructure was studied and the 
microhardness measured on a microscope MIM-8 
and the instrument PMT-3. Some interesting 
optical effects were observed in studying the 
microspecimens of alloys containing leboite 
in polarized light. First of all the a- 
leboite revealed a clearly defined ‘‘anisotropic 
effect’’ expressed by the appearance of four 
positions of minimum illumination when the 
twisted polarizing screen were studied or the 
microscope table was rotated through 360° 
(similar to that described for a number of 
minerals in the monograph by Rinne and Berek 
[12]). Some of the grains whose optical axes 
are perpendicular to the plane of the specimen, 
do not change their illumination, If the 
angle between the polarizing screen is other 
than 90° then there will only be two such 
illuminations, Further, the B-leboite has a 
similar effect in crossed polarizing screens 
and besides this, there is a well-defined 
‘double reflection’? effect which may be 
observed when working with only one polarizer 
(in the range of rotation through 360° there 
are two illuminations and two darkenings of 
the grain, the optical axis of which is not 
perpendicular to the plane of the specimen), 

Finally, the two modifications of leboite are 
easily distinguishable by the following 
features, If there are some grains of B- 
leboite in the field of vision and the obser- 
vation of crossed polarizing screens is made 
at an angle of twist less than 90° (e.g. 88°) 
then part of the grains will be dark and part 
will be light; if by rotating the analyser an 
angle slightly higher than 90° is obtained, 
then the picture will be negative in compari- 
son to the preceding one. a-leboite, on the 
other hand, does not possess this feature, 

The method of measuring the changes in the 
length of the testpieces on phase transfor- 
mation was similar that previously described 
(10]. In all the dilatometer recordings taken 
the initial steep rise corresponds to the 
thermal expansion of the piece (after heating 
to the required temperature the furnace is 
rolled on the cold testpiece). All the sub- 
sequent changes in length are the result of 
volumetric effects on phase transformatign. 
The extension Z\l on the graphs is given on 
the basis of a standard length of piece taken 
at 50 mm, 

The phase analysis was carried out by the 


Debye-Scherrer method. Photographs were 
taken by cobalt radiation at 32 kV and a 
current of 11 mA, 


RESULTS OF THE INVESTIGATIONS 


The constitution diagram for the system 
FeSi-Si (Fig. 1) shows that in the ‘‘pure’’ 
form a eutectoid reaction (I) may be observed 
at temperatures not higher than 915° and in 
specimens with a high silicon content 
(around 54% and higher), The peritectoid 
reaction (II) can only be achieved in a tem- 
perature range 915-950° in alloys containing 
the é€-phase and a-phase, Finally, for 
reaction (III) the presence of the €-phase 
and silicon is necessary, which can be 
obtained as a result of eutectoid dissolution 
of a-leboite below 915°. 

The reaction (+, +Si (I). In the 
first stage of the investigation the struc- 
tural and kinetic features of the transfor- 
mation under discussion were determined. 
Metallographic specimens were prepared after 
annealing the alloys quenched from 1080° at 
830° for 20, 35, 55, 75, 120, 600, 1140 and 
1800 min. An appreciable quantity of the 
products of eutectoid dissolution appeared in 
the post-leboite pieces only after annealing 
for 75 min. It should be noted that on the 
polished surface of a specimen dissolution 
began earlier than in the body of the piece, 
The initiating effect of the new polishings 
was noticeably reduced with increase in the 
duration of annealing, 

It can be seen in Fig, 2a that the a- 
leboite begins to break up on the intemal 
cracks while inside and on the boundaries of 
the a-leboite no signs of the beginnings of 
eutectoid columns can ‘as a rule, be seen, 

The results of the dilatometric analysis of 
the eutectoid break-up agree very well with 
metallographic observations, As can be seen 
from curves 2, 3, 5 (Fig. 3) which refer to 
compositions with 58, 65 and 75% Si, there is 
a marked change in the length of the test- 
piece which begins only after an hour’s 
annealing at a temperature of 830°, i.e. after 
the first colonies of + Si have been 
formed in the alloys, Subsequently the 
transformation develops both as a result of 
growth and of the increase in the number of 
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eutectoid colonies, The total time taken for 
this process at 830° is about 4 hr. It is 
interesting to note that the microhardness of 
a-leboite during transformation is reduced 
from 780 to 630 kg/mm? which is apparently due 
to its unusual “recovery’’, 

Fig. 2b shows a photograph of the post- 
leboite alloy annealed for 10 hr at 830°. 
main area of the testpiece is occupied by 
eutectoid colonies of B-leboite-silicon (the 
long dark inclusions are eutectoid silicon), 
This photograph provides visual confirmation 
of the system (I) assumed for the dissolution 
of a-leboite below 915°. 

The volumetric effect on eutectoid dissolu- 
tion may be roughly analysed from the figures 
for the density of a-B-leboite and silicon, 
If we assume that the density of 56.5% a- 
leboite is 4.44 g/cm? [8], the density of 
silicon is 2.33 g/cm® and the density of B- 
leboite (50.1% Si) is 4.93 g/cm? (preliminary 
figures) then the elongation will be close to 
1%. Calculation of the temperature change in 
density (above the values shown for room 
temperature) provides a theoretical approxima- 
tion to the elongation observed experimental- 
ly (about 0.72% for a specimen with 58% Si). 

Reaction ¢ +, ><, (II). As shown by 
analysis of the micro-specimens and dilatometer 
recordings, the interaction observed begins on 
the boundary of monosilicide and a-leboite 
without any notable complications in the first 
minutes of annealing at 930°. The overal] 
duration of transformation at this temperature 


The 


Fig. 2. 


appears to be dependent on the structure and 
distribution of the monosilicide inclusions, 
In pieces (48 and 50% Si) which have been 
examined dilatometrically, transformation 
occurred in the main after 5 hr (Fig. 3, 
curve 4). However, even after holding for 
10 hr at 930° only a small reduction in the 
length of the piece was observed, Peritec- 
toid dissolution of the B-leboite occurs 

at 1000° very rapidly and is over in 5-6 min, 
Examination of the microspecimens (effects in 
polarised light, Fig. 4) and X-ray phase 
analysis show that at 930° the only product 
of reaction formed in a testpiece which has 
been annealed at 1080° is B-leboite. Thus 
on the X-ray photographs of samples which 
contain 40, 45, 48 and 50% Si and have been 
annealed for 10 hr at 930°, there are no 
lines for monosilicide and B-leboite, while 
on the X-ray photographs of alloys with a 
Silicon content above 53.5% Si after holding 
at 830° there are lines for B-leboite and 
Silicon, The difference between the X-ray 
photographs of B-leboite obtained as a 
result of reactions (I) and (II) consists 
only in that the eutectoid leboite produces 
wider rear lines, which is apparently due to 
the considerable distortions of the crystal 
lattice as a result of internal work harden- 
ing, 

The figure for the change in length cal- 
culated from the density of B-leboite (4.93 
g/cem2) and alloy with 50.1% Si containing 
monosilicide and a-leboite with 53.5% Si 


Microstructure of an alloy with 57% Si, twisted polaroids: 


a — beginning of eutectoid colonies on cracks (indicated by arrows) after anneal- 
ing at 830° for 75 min. x 800; b — eutectoid Cou Si, obtained as a result of 
10 hr annealing at 830° x 1800. 
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(4.87 g/cm?) coincide with the experimental 
figures (calculated change in length 0. 36%, 
experimentally observed change - 0.30%). 


300 


t min. 


100 200 


Dilatometer recordings of alloys contain- 
ing leboite: 

1 - 52% Si; 830°, 2- 58% Si, 830°; 3 - 65% Si, 

830; 4 50% Si, 930P; 5 75% Si, 830°; 6 - 48% 

Si, 830°; 7 - 48% si, 660°. 


Fig. 3. 


Fig. 4. The ¢ B -phase obtained by annealing an 
alloy with 50% Si at 930°. Immersion, polarized 
light (polaroids twisted), x 900. 


The microhardness of the B-leboite was 


750-850 kg/mm2. 

Transformations in testpieces containing 
the € and la phase at temperatures below 
915°. The three reactions (I), (II), (III) 
may occur at temperatures below 915° in test- 
pieces which contain the e€ and Ce phases, 

We will describe the metallographic picture 
of the transformation, A 20 min, annealing of 
pieces containing 48, 50 and 51.5% Si at 830° 
leads to the appearance around the € -phase 
particles of fine borders (up to 1 n) of 

B -leboite (without any noticeable impregna- 
tion of silicon), Subsequent annealing (for 
another 15 min) causes a thickening of the 

B -leboite edges, However, practically all 
the newly forming B-1 eboite is perforatedi 
by precipitates of very fine crystallites of 
Silicon (Fig. 5a). Parallel with the growth 
of the borders, development of the transfor- 
mation may be observed on defects of the 
ingot. Subsequently the amount of B-leboite 
increases mainly as a result of the growth of 
the rims around the monosilicide particles 
(Fig. 5b). It is extremely interesting that, 
at the same time as the increase in the 
number of components of eutectoid structure 
there is an increase in the depth of the B - 
leboite layer which is free of silicon in- 
clusions and in contact with monosilicide 
grains (Fig. 5c). 

The dilatometer recordings of specimens in 
which transformations of the pre-leboite com- | 
positions occurred at 830° are shown in Fig. 3, 
curves 1 and 6, Comparing them with the 
curves for the expansion of the post-leboite 
alloys (curves 2, 3, 5) it can be seen that 
in the pre-leboite pieces the processes begin 
earlier and the total duration of transforma- 
tion is less, which is in agreement with the 
results described above of the microscopic 
observations, 

The results of the metallographic and 
dilatometric investigations may provide a 
qualitative clarification of whether the 
following sequence of transformations obtains: 
firstly (in the course of about 15-20 min) 
reaction (I) occurs in the process of anneal- 
ing on the boundaries of the € and ba -phases, 
Where there is a large quantity of mono- 
Silicide (for example in an alloy containing 
48% Si) this will lead to a marked decrease 
in the volume of the system (Fig. 3, curve 6) 
which has not been observed in the less rich 
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(Fig. 3, curve 1) alloys, As the width of the 
order of ‘pure’? B-leboite increases the rate 
of the solid phase reaction (II) is reduced 
sharply as a result of the increase in com- 
plications due to the interdiffusion of the 
reagents (Fe, Si) through the layer of C B- 
phase. Due to this, after 15-20 min annealing 
at 830°, when a sufficient number of nucleii of 
the be -phase is formed, the dissolution of 
a-leboite by reaction (I) assumes bigger 
proportions, On the microspecimens this 
coincides with the appearance of the eutectoid 
CB. + Si and by the rise in the curve on the 
dilatometer recordings (Fig. 3, curves 1 and 
6). Reaction (III) begins with the appearance 
of eutectoid silicon. Evidence of its devel- 


opment is shown by the right-hand side of 
curve 6 (Fig. 3) and the increase in the depth 


Fig. 5. 


of the B-leboite layer which is free of 
silicon inclusions, 

Reduction of temperature (to 660°) will 
lead to the point where the first stage of 
the process (reaction II) apparently fails to 
advance any further, which causes a marked 
reduction in the length of the testpiece 
(Fig. 3, curve 7). 

The kinetic characteristics of the process 
are obviously extremely sensitive to the dis- 
persion and distribution of monosilicide 
particles, For this reason it is not absolu- 
tely certain that in thin ‘fpencil’’’ specimens 
containing fine crystalline suspensions of 
monosilicide, while the peritectoid process 
in the little ingots (which have solidified 
in the furnace and contain coarse monosilicide 
precipitations) is not fully completed after 


+ 


Microspecimens of the pre-leboite alloy (50% Si) after annealing at 


830° (twisted polaroids): 


a — for 35 min, x 400; 


b — for 75 min, x 400; 


c — for 10 hr, x 1800. 
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10 (Fig. 5c) or even 30 hr annealing, 

The density of the mixture of monosilicide 
and silicon corresponding to the B-leboite 
composition, will be 4.36 g/cm?. It follows 
from this that reaction (III) as a result of 
which the B-leboite is formed with a density 
of 4.93 g/cm%, will be accompanied by a 
reduction in volume which was in fact observed 
on the dilatometer recordings, 


CONCLUSIONS 


1. Some of the optical characteristics of 
leboite have been described, by means of 
which it has been possible to diagnose the 
presence in the alloys of q and phases, 
The microhardness of B-lebsite has been 
determined, 

2. Metallographic and dilatometric pictures 
of reactions (I), (II) and (III) have been 
given for high purity alloys, 

3. A description has been given of the pro- 
cesses which take place in alloys of the par- 
ticular system Fe-Si-Si on annealing both 
above and below peritectoid and eutectoid 
temperatures, 


Translated by V. Alford 


REFERENCES 


. P.V. Gel’d, Zh. tekh. fiz., 27, 113 (1957). 
. N.S. Kurnakov and G.G. Urazov, Zhurnal 


russkogo FKhO, 45, 676 (1913). 


. G. Phragmen, J. Iron & Steel Inst., 114, 397 


(1926). 


. N.V. Ageyev, N.N. Kurnakov, L.N. Guseva, 


0.K. Kononenko-Gracheva, Metallurg, No.4, 5 
(1940). 


. F.A. Sidorenko and P.V. Gel’d, Izv. VUZov, 


Chernaya metallurgiya, No.1, 171 (1960). 


. J.L. Haughton and M.L. Becker, J. Iron & Steel 


Inst., 121, 315 (1930). 


. N.Kh. Abrikosov, Isv. sektora fiziko-khimi- 


cheskogo analiza, IONKh AN, 27, 157 (1956). 


. F.A. Sidorenko, P.V. Gel’d, and L.B. Dubrovskaya, 


Fiz. metal. metalloved., 8, 5, 735 (1959). 


. N.N. Serebrennikov and P.V. Gel’d, Dokl. Akad. 


Nauk. SSSR, 97, 695 (1954). 


- ILN. Strukov and P.V. Gel’d, Symposium, In- 


vestigation of the properties of alloys (Sborn. 
Issl. svoistv splavov), Metallurgizdat, 134, 
149 (1957). 


. N.N. Serebrennikov, P.V. Gel’d and P.M. 


Sokharev, Fiz. metal. metalloved., 2, 244 (1956). 


. F. Rinne and M. Berek, Optical investigations 


by means of a polarization microscopic 
(Opticheskie issl. pri pomoshchi polyarizatsion- 
nogo mikroskopa), ONTI (1937). 


61 
0 
JOL. 
9 
1960 
12 
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Data are set out concerning the changes in the nitrided layer of 


steel 1KHI8N9T in the process of long-time holding at a temperature of 


680°. 


It will be established that as a result of this a two-layer 


scale is formed on the surface of the nitrided layer, and inside the 
layer there is partial disintegration of the austenite accompanied by 


The nitriding of austenitic steel as used in 
the aircraft engine industry [1] is practically 
unused in turbine building [2]. This is due to 
the difficulties of nitriding and polishing and 
also to deficiencies in the stability of the 
nitrided layer at high temperatures [3,4]. 

In the experiments which we carried out [5] 
it was established that there was a change in 
the depth and surface hardness of the nitrided 
layer in a whole number of austenitic steels, 
In these investigations the steel] which was 
found to have the best nitriding properties 
and showed the greatest stability of the 
nitrided layer against the action of elevated 
temperatures, was IKH18N9T. With this steel a 
detailed analysis has been made of the changes 
which occur in the nitrided layer under the 
influence of long-time holding at elevated 
temperatures, 


MATERIAL AND METHOD OF INVESTIGATION 


The chemical composition of the steel 
investigated (weight %) was as follows: 
carbon — 0.10%; chromium 17.80%; nickel 
9.70%; titanium 0.64; sulphur 0.012%; 
phosphorus — 0.020%; manganese — 0, 53%; 


* Fiz. metal. metalloved. 9, NO.6, 868-877, 1960. 


precipitation of the a-phase and formation of nitrides. 


Silicon - 0.58%. 

The testpieces were heat-treated as follows: 
quenching in water from a temperature of 
1150°, ageing for 8 hr at 800°. After 
etching in concentrated sulphuric acid the 
Pieces were nitrided in a laboratory appara- 
tus as follows: temperature - 600°, dis- 
sociation of ammonia — 40 — 60%, holding time 
75 hr. 

The resulting nitrided layer was 0.29 mm in 
depth and had a hardness of Hpy = 92. 

The following were investigated: a) the 
kinetics of the process of reaction diffusion 
of nitrogen; b) the changes in the nitrided 
layer as a result of long-time holding at a 
temperature of 680°. 

The pieces were weighed before and after 
nitriding or. analytical balances with a 
precision of up to 0.1 mg. Long-time holding 
of the nitrided pieces at 680° was carried 
out in the furnaces of machine IP-2 by the 
method already described [6]. 

The hardness of the nitrided surface of the 
testpieces was measured on a super-Rockwell 
instrument under a load of 15 kg before and 
after holding. Microhardness in the depth of 
the nitrided layer was measured on a PMT-3 
instrument at a load of 100 g, 

The metallographic specimens were etched in 


the following reagent: 2 g of picric acid, 
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5 cc sulphuric acid, 50 cc alcohol, In order 
to study the structure of the phases in the 
depth of the nitrided layer and the scale X-ray 
analysis* was carried out layer by layer; the 
layer was removed by grinding with emergy 
paper, X-ray photographs were continued until 
a depth was reached at which additional lines 
were no longer observed, The photographs were 
made in Cr radiation (4, = 2.2909 A). X-ray 
apparatus URS-55A was used for the photography, 
the tube was 40 kV and current 16 mA, exposure 
was 15 min, 


RESULTS OF THE EXPERIMENTS 


Metallographic analysis. In external 
appearance the structure of the nitrided layer 
of steé] 1KHI8N9T (see Fig.1a) is similar to 
sorbite, There is no transition layer, 


* X-ray structural analysis was carried out in the 
Urals University in consultation with V.N. Konev. 


Fig. 1. 


If the increase on the surface of the 
specimens is considerable there is a notice- 
able band of grey colour (see Fig. 2). X-ray 
analysis (see below) shows that this band is 
scale, The scale consists of two layers: 
the external layer is a light-grey colour and 
the internal is dark grey. It was difficult 
in our experiments to judge the intensity and 
nature of the growth of scale as in the 
nitrided steel IKHI8N9T it peels off during 
holding time in the furnace and the new 


surface undergoes fresh oxidation, 


The kinetics of the process of the reaction 
diffusion of nitrogen, The results of the 
kinetic investigation are shown in Fig.3. 
There is a straight-line relationship between 
the square of the increase in weight of the 
testpieces, calculated per unit of area, and 
the square of the depth of the nitrided layer 
on the one side and duration of nitriding on 
the other, which indicates that the diffusion 
of nitrogen in steel IKHI8N9T is subject to 


the parabolic time law, 
Similar results were obtained in investiga 


4, Pd 


4 


The structure of the nitrided layer in steel 1KH18N9T: 


a — after nitriding; b - after holding for 3000 hr at 680; x 120. 
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ting the reaction diffusion of nitrogen in the X-ray analysis, X-ray analysis of the 
binary systems of chromium-nitrogen [7] and carbide precipitate* separated from the 
iron-nitrogen [8]. unnitrided steel] 1KH18N9T disclosed the 
presence of carbide with the structure of TiC, 
X-ray structural analysis of the nitrided 
layer of steel 1KHI8N9T made in the first 
stages of nitriding (5-10 hr) showed that the 
nitrided zone, both on the surface and in the 
interior, is a heterophase system consisting 
of (a + y+ CrN) phases, 
After nitriding for 15 hr X-ray photographs 
were taken of the surface which revealed lines 
of Fe,N (Y’-phase) and, at a depth of 0.05- 
0.07 mm, lines of the free-phase system 
(a+ y+ Crn). 
The distribution of the phases in depth in 
the nitrided layer of steel 1KHI8N9T nitrided 


* Separation of the carbide and carbonitride pre- 
cipitates was effected by anodic dissolution in 


Fig. 2. Appearance of oxides on an etched micro- er ee 


specimen of nitrided steel 1KHI8N9T after holding KC1- 10g, Na,S50,-75g, HCl-100 ml/1 water [9]. 
at 680° for 250 hr; x 250. 
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Fig. 3. The dependence of the square of the increase 
in weight ( At )? and the souare of the depth of the 


nitrided layer (d2) on the duration of nitriding; 
1 — increase in weight; 2 — deptu. 
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for 75 hr (is shown in Table 1 and the X-rays 
- in Fig. 4, from which it can be seen that 
on the surface and at a depth of 0.06 mm there 
is a phase with structure Fe,N (y’-phase), At 
a depth of 0.11 mm the Fe ,N lines disappear, 
while the lines of the a and ¥Y-phases appear 
and of chromium nitride CrN. At depth of 
0.16, 0.21 and 0,27 mm the picture remains 
unchanged; lines of the a and ¥-phases and 
of CrN are visible, 

It should be noted that on all the X-ray 
photographs the @-phase lines are weak and 
the Y-phase lines are very intense, The 
lines of phase CrN suffer no noticeable change 
in intensity with change in duration or depth 
of nitriding. X-ray structural analysis of 
the carbonitride precipitate separated elec- 
trolytically from the nitrided layer of steel 
1KH18N9T at a depth of 0.15 mm and more, 
revealed a nitride with structure CN, 

On photographs taken of the surface of a 
nitrided specimen after holding at a tempera- 
ture of 680° for 309 hr, strong oxide lines 
are visible with the structure FeO, and 
strong lines of the @-phase, In the interior 
of the nitrided layer a three-phase system is 
revealed which consists of (a@ + ¥+ CrN) 
phases while the Y-phase lines are weak, 


Fig. 4. 
a — on the surface; 


The results of structural analysis of the 
layers of testpieces after holding at 4500 
hr are set out in Table 2, and the photographs 
in Fig. 5. The lines of the outer layer of 
oxides correspond to the phase with the struc- 
ture of Fe0, (hematite); as for the weak 
lines of the gamma phase, this latter is 
below the layer of iron oxide and is revealed 
on the X-ray photograph on account of the 
shallowness of the latter, At a depth of 
0.03 mm lines are revealed for Cr40,, the 
a-phase and CrN, At a depth of 0.15 mm the 
Cr.0, lines disappear leaving the lines of 
the a -phase and CrN;_ the picture remains 
unchanged at a depth of 0.28 mm. In the 
transition zone the lines of the a-phase and 
TiC are revealed, 

Changes in the surface hardness and depth 
of the nitrided layer. The effect of pro- 
longed holding at 680° on the surface hardness 
and depth of the nitrided layer are shown in 
Figs, 6 and 7, 

After holding at a temperature of 680° for 
5000 hr the surface hardness of the nitrided 
layer is reduced by 3 units, which amounts to 
97% of the initial hardness of the nitrided 
layer. In the first 250 hr holding time the 
reduction is 2 units, and during the subse- 


X-ray photographs of a nitrided layer of steel 1KH18N9T: 
b — at a depth of 0.11 mm from the surface; 


c — at a depth of 0.30 mm from the surface. 
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TABLE 1 


The distribution in depth, of the phases in 
the nitrided layer of steel 1KH18N9T after 
nitriding for 75 hr. 
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TABLE 2 


The distribution in depth, of the phases of 
the nitrided layer of steel IKHI8N9T after 
soaking for 4500 hr at 680°. 


Distance from surface, mm Phase 

Surface .. Fe 4N 

0.06 Fe ,N 

0.11 a+ CrN 
0.16 a+ + Crn 
0. 21 a+y+ 
0. 27 at+y + 
0. 30 a+y 
Centre Y + Tic 


Distance from surface, mm Phase 
Surface .. Feo0, +a 
0.02 oe +a 
0.03 a- CrNn 
0.15 + CYN 
0. 28 ‘ees --|a+ Crn 
0.36 transition layer ..|@+4 Crn 
0.50 ¥ + Tic 


quent 4750 hrs (from 250 to 5000 hrs) the 
total reduction in hardness is 1 unit. After 
5000 hr holding time the depth of the nitrided 
layer increases by 0.09 mm which is 130% com- 
pared to the initial depth of the layer, This 
increase is due to the appearance and growth 

of the transition nitrided layer while there 

is a slight decrease in the original layer, 

As a result of soaking from 250 to 5000 hr 
(4750 hr) the depth of the basic nitrided 
layer is reduced by 0.03 mm which is 90% of 
the depth of the basic layer obtained after 
holding for a duration of 250 hr. The depth of 
the transition layer increases accordingly by 
0.11 mm which is 470% of the depth of the 
transition layer which is obtained after 
soaking for 250 hr. 

The most intensive increase in the depth of 
the transition layer is in the range from 250 
to 809 hr; if the depth of the basic layer 
after 809 hrs is 93% of the initial depth 
obtained after holding for 250 hr, the depth 
of the transition layer will be 270%. 

Investigation of the distribution in depth 
of the microhardness of the nitrided layer. 
Microhardness measurements across the nitrided 
layer before and after soaking at a temperature 
of 680° for 5000 hr are shown in Fig. 8. It 
can be seen from the illustration that the 
distribution of microhardness across the | 
nitrided layer after holding at a temperature 
of 680° is of an even nature. 

Before holding there is a sharp reduction in 
the microhardness of the layer at a depth of 


0.30 mm where it is reduced from 724 to 274 
kg/mn2, i,e, by 450 kg/mm2, After holding at 
a temperature of 680° no such sharp reduction 
in microhardness is observed: at a depth of 
0.30 mm it is reduced by 103 kg/mm?. 

As a result of holding the nitrided layer 
is displaced towards the centre of the piece: 
if the depth of the nitrided layer correspon- 
ding to the hardness at the centre, is 0.45 
mm before holding, after holding it will be 
0.55 mm, 

It should be noted that the depth of the 
nitrided layer observed under the microscope 
is considerably less than that calculated 
from the curves of the distribution of hard- 
ness, This difference between the saturation 
depth determined according to the curve for 
the distribution of hardness in the layers 
and that determined from the microstructure, 
has been observed during the gas cyaniding of 
high-speed steels [10] and the nitriding of 
titanium [11]. This should be allowed for in 
calculating the depth of the layer by differ- 
ent methods, 


DISCUSSION OF RESULTS 


As a result of the prolonged action of high 
temperatures (in this case 680°) the nitrided 
layer of steel 1KH18N9T suffers some substan- 
tial changes: surface hardness is reduced 


while the distribution hardness through the 
layer becomes more uniform, the total depth 
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of the nitrided layer is increased, the surface 
is oxidized and finally, there is a change in 
the very nature of the structure of the nitri- 
ded layer. 

In the process of holding a nitrided aus- 
tenitic steel at a high temperature, diffusion 
takes place inside the metal, of the nitrogen 
in the solid solution and also that which is 
formed as a result of the dissociation of the 
less stable nitrides (mainly nitrides of iron). 
The nitrides of alloying elements, whose tem- 
perature of dissociation [8] is higher than 
the soaking temperature, do not become dis- 
sociated. For this reason, in the process of 
the prolonged holding of nitrided steel at 
elevated temperatures there is a more or less 
intensive increase in the depth of the nitrided 
layer in relation to the stability of the 
nitrides which form from it as a result of 
which the nitrided layer is, so to speak, 
*“‘resorbed’’ and displaced in the interior -— 
nearerto the centre. This in its turn leads 


Fig. 5. 


to the centre. 

Some reduction in the depth of the main 
nitrided layer occurs in the first 1500 hr 
soaking after which it remains unchanged, 
while the depth of the transition nitrided 
layer grows intensively in the course of the 
holding time as a result of the diffusion of 
nitrogen, 

The appearance of the transition nitrided 
layer as a result of holding and also the 
more even distribution of microhardness in 
the depth of the nitrided layer, should reduce 
the brittleness of the layer, 

The low diffusion rate of nitrogen in steel 
1KHI8N9T in the process of soaking, the pre- 
servation of the surface hardness and also the 
relatively high microhardness are evidence of 
the excellent stability of the nitrided layer 
which may be due to the following reasons: 

a) The presence in the nitrided layer of a 
large quantity of chromium nitrides which 
mechanically hinder the diffusion of nitrogen 


X-ray photographs of nitrided steel 1KH18N9T 


after holding for 4500 hr at 680°: 


a — on the surface; 
a depth of 0.03 mm; 


b — at a depth of 0.02 mn; 
d — at a depth of 0.15 mn. 


c — at 
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[6]; 


in the solid solution or of that formed as a 
result of the dissociation of nitrides of iron 


b) the considerable reduction (more than 
2000 times) in the co-efficient of diffusion 
of nitrogen in the lattice of the ¥-phase 
compared to that of the a-phase [8]. 
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will be the nitrided layer, 
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Fig. 6. Surface hardness of nitrided steel 1KH18N9T 
after long-time holding at 680°. 


The more stable the austenite, and the less 
the a-phase content in the nitrided layer, 
the more difficult will be the diffusion of 
nitrogen and consequently, the more stable 


From the data obtained the following mecha- 


Fig. 7. 


layer; 2 —- basic layer; 
layer. 
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Changes in the depth of the nitrided 
layer with duration of holding at 680°: 


3 - 


nisms may be suggested for the formation of 
the formation of the phases in a nitrided 
layer on steel 1KHI8N9T. 

After a certain concentration of nitrogen 
has been reached in the austenite, as a result 
of the great affinity of nitrogen to chromiun, 
nitrides of chromium* will be formed, probably 
[(Cr,Fe)N] [8], which can be revealed radio- 
graphically even after 5 hr soaking, Around 
the emerging nucleii of the nitride phase the 
concentration gradient is formed for the 
chromium which is leaving the solid solution 
to form nitrides of chromium, The presence 
of a large amount of hydrogen in the gaseous 
phase in the nitriding furnaces causes carbon 
impoverishment of the surface layers of the 
steel [12]. As a result of the loss of 
chromium and carbon the stability of the 
austenite is reduced, i.e, the martensitic 
transformation point is elevated which, with 
subsequent cooling to room temperature, may 


* The nitride of titanium, which has greater 
stability than chromium nitride, [8] ought to be 
formed earlier, but it was not revealed. This 
was apparently due to lack of sensitivity in the 
X-ray analysis and possibly, also as a result of 
the mutual solubility of the CrN and TiN phases 
with similar lattices, 
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Fig. 8. The influence of long-time holding at 
680° on the distribution of microhardness through 
the nitrided layer in steel 1KH18N9T: 1 — after 
nitriding; 2- after holding for 5000 hr. 
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cause the formation of martensite [13]. 

As the nitrides are formed there will be a 
gradual increase in the zone of unstable 
austenite as a result of the loss of the 
stable titanium and chromium nitrides from the 
solid solution which will lead to the appear- 
ance of a martensitic a-phase which is clearly 
shown in measuring magnetic permeability. 
Nitriding reduces the magnetic permeability of 
steel 1KHI8N9T to a considerable extent as a 
result of the ferromagnetism of the nitrided 
layer, and for this reason the magnetic per- 
meability increases with increase in the depth 
of the nitrided layer [14]. 

The loss of the stable nitrides of chromium 
at the moment of their formation, goes on 
until practically all the chromium has been 
used up (the intensity of the CrN line does 
not increase with the depth of the layer). 

On reaching a certain concentration of 
nitrogen in the Y-solution and on using up 
all the chromium in the formation of nitrides, 
the austenite is re-arranged to a lattice of 
Fe ,N type (15 hr nitriding). Here there is 
already quantitative domination of the inter- 
action between nitrogen and iron [8]. 

As the nitrides Fe,N and CrN are mutually 
soluble, phase CrN will not be visible alone 
on the X-ray photographs, As the concentra- 
tion of iron is considerably greater than that 
of chromium the nitride (Fe,Cr),N will be 
formed on the surface and dissolve the excess 
quantity of iron with the formation of a sub- 
traction solid solution, The surface layer 
((Fe, Cr) ,N) is thin: after 75 hr nitriding 
it has reached a total of 0.07-0.08 mm in 
depth, At a given stage in the formation of 
the nitrided layer the nitrogen diffuses 
through this thin nitride layer, under which 
there is a heterophase system consisting of 
(a+ y+ CrN) phases, The concentration of 
nitrogen in the ¥-phase is increased and the 
diffusion layer continues to grow. 

On the boundary between the nitrided layer 
and the metal (at a depth of 0.3 mm) there is 
a layer consisting of a and ¥-phases, The 
absence of CrN lines in this layer is apparen- 
tly explained by the fact that the chromium, 
due to the low concentration of nitrogen, has 
not formed a quantity of nitrides sufficient 
to be revealed by X-ray analysis, 

The formation of a double-layered scale 
consisting of the oxides of iron and the 


alloying elements, may be explained in the 
following way. Oxygen which has a greater 
affinity to iron than to nitrogen, displaces 
it in the nitrides, to form the iron oxide 
Fe,0.. Chromium, which is a less favourable 
element than iron, is immediately oxidised in 
this layer, Of course, the structure in the 
first moment will be (Cr, Fe) .04. The thicken- 
ing of the surface layer formed as a result 
of selective oxidation provides an obstacle 
to the penetration of the oxygen as a result 
of which the process of oxidization is re- 
tarded, Subsequent oxidation is determined 
by the diffusion of iron ions and possibly, 
of oxygen atoms through the layer of alloyed 
scale, As a result an external layer of 
practically pure Fe,0, is formed on the 
surface, 

Contact between the scale and the nitrided 
layer is established by diffusion bridges 
which provide for the approach of iron ions 
to the external layer or oxygen atoms to the 
internal layer, 

Marked changes also occur inside the 
nitrided layer as a result of long-time 
holding. Nitrogen, released as a result of 
of the compounding of iron and chromium with 
the oxygen and also as a result of the dis- 
sociation of the less stable nitrides of 
iron, is partly reabsorbed from the surface 
and partly diffused into the nitrided layer 
to the metal, 

Inside the nitrided layer, after holding at 
a temperature of 680° for 309 hr, the Y- 
phase is still preserved, although in a much 
smaller quantity than before soaking (the Y- 
phase lines are very weak). It seems that 
the disintegration of austenite is prolonged 
as a result of the withdrawal of chromium 
atoms from the solid solution, which substi- 
tute the iron atoms in the nitrides ((Cr, Fe)N) 
formed in the process of nitriding. On X-ray 
photos taken after holding for 4500 hr the 
austenite lines disappear completely; the 
structure of the nitrided layer consists of 
(a + CrN) phases the lines of which remain 
sharply defined and distinct, 


CONCLUSIONS 


1. In testpieces of steel] I1KHI8N9T, the 
increase in the depth of a nitrided layer 
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with increase in the duration of nitriding at 
a temperature of 680° occurs according to the 
parabolic law, 

2. Nitrogen saturation of steel 1KHI8N9T 
causes phase transformation in the surface 
layer: there is partial disintegration of the 
austenite with precipitation of a magnetic a- 
phase; the chromium fixes the nitrogen in the 
form of a nitride with the structure of CIN, 

3. Long-time soaking at 680° causes the 
formation on the surface of the nitrided layer 
of a two-layered scale, the outer layer of 
which consists of iron oxide Fe 0, and the 

_ inner one of a complex oxide (Cr, Fe) .0,; the 
nitrides of iron dissociate, 

4. Inside the nitrided layer long-time 
soaking causes complete disintegration of the 
austenite which is due to the processes which 
go on at elevated temperatures: levelling 
out of the concentration of nitrogen through- 
out the layer, formation and coagulation of 
nitrides, 

5. To increase the resistance of the nitri- 
ded layer of austenitic steels to the long- 
time action of elevated temperatures, nitri- 
ding conditions should be selected so as to 
obtain the maximum amount of stable nitrides 
which present a mechanical barrier to the 
diffusion of nitrogen and besides this, do 
not permit the formation of a large amount of 
a-phase in the nitrided layer, The presence 
of iron nitrides is also undesirable, 


Translated by V, Alford 
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This article is devoted to the development and particularization of 
the considerations set out in papers [1-2]. The necessity of clarifying 
arguments concerning the nature of the part played by components in 
reaction diffusion arises as a result of the accumulation of a large 
quantity of actual experimental data, and also of the increasing neces- 


sity of changing over from qualitative to quantitative analysis. 


A new 


system of carrying out these determinations is suggested in the article. 


1. BASIC PROBLEMS WHICH ARISE IN 
EXPLAINING THE MECHANISM OF 
REACTION DIFFUSION BY INVESTIGATION OF 
THE STRUCTURE OF THE SCALE 


As a result of a large number of experimen- 
tal investigations there is at the moment a 
tremendous amount of factual material on the 
problem of the mechanism of reaction diffusion, 
A large number of binary systems have been 
investigated by the use of many experimental 
methods and a multitude of data have been 
obtained, characterizing the different aspects 
and details of this exceedingly complex pheno- 
menon which is known as reaction diffusion, In 
particular, such material has been obtained in 
a number of works carried out with the par- 
ticipation of the authors of the present 
article [2-8]. 

This factual material requires systematiza- 
tion on the basis of definite physical re- 
presentations; it could lead to the establish- 
ment of general laws and to generalizations 
defining the main outlines of the mechanism 
of reaction diffusion, 

In this direction two cardinal problems 
require solution: 

1, In what state do the atoms of components 


* Fiz. metal. metalloved. 9, No.6, 878-887, 1960. 


accomplish diffusion movements —- in the forms 
of ions of ‘‘normal’ ’ or ‘‘average’’ valency, 
or in the form of neutral atoms with ‘normal ”’ 
or ‘‘screened’’ radius? 

2. In which crystallographic elements of a 
lattice do diffusion transl ations occur of 
each of the components: in interstitial 
sites or vacancies? Do the atoms of any 
given component here use only the vacancies 
of the actual sublattice or is translation 
possible via the vacancies of the sub-lattice 
of another component? 

The solution to these problems is to be 
found by comparison of a number of different 
crystallo-geometric and crystallo-chemical 
characteristics which determine the micro- 
nature of the phases composing the ‘‘scale’’, 

In comparing the crystal lo-geometrical 
characteristics of phases it is the chemical 
nature of the components which is of the 
greatest significance in the mechanism of 
diffusion, together with the character and 
magnitude of interatomic reactions in the 
crystal lattice of the phase which, in its 
turn, is determined by the position of the 
components in the periodic system, 

Before all else however, to solve the 
problem of the micromechanism of the process 
it is important to explain the following 
basic question the solution of which may be 
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based on the more direct study of certain 
features of the macrostructure of the scale, 
The question is whether diffusion takes place 
only by one of the components (and in that 
case which) or whether there is two-sided 
converging diffusion of both components, and 
in the latter case to what degree each compo- 
nent participates in the overall diffusion 
process, 

Despite the accessibility of the macro- 
structural features, it is difficult to draw 
any definite conclusions from them as not one 
of them provides in itself a precise answer to 
the question, particularly as regards quanti- 
tative analysis of the extent of participation 
of each component in diffusion. The expres- 
sibility of each of these features is depen- 
dent in a complex manner on the relationship 
between the roles of the components in dif- 
fusion; even the presence or absence of one 
of the features may not always imply the 
presence or absence of another, Conclusions 
drawn on the basis of different, individually 
treated features, not infrequently contradict 
one another, 

In order to overcome to some degree the com- 
plications which arise in investigating the 
mechanism of diffusion the following is neces- 
sary: 

1) The boundaries of applicability must be 
defined, of the different macrostructural 
characteristics of scale in estimating the 
extent of participation of the components in 
diffusion; 

2) Determination of the degree of participa- 
tion of the components in diffusion and, in 
particular, conclusions regarding the pre- 
dominant role of one or other must be firmly 
linked to the macrostructural feature by which 
the determination has been made; 

3) To obtain a more objective estimate a 
many-sided experimental approach to the 
solution of the problem is necessary and a 
comparison of the different macrostructural 
characteristics of scale obtained by different 
methods, 


2. STRUCTURAL FEATURES WHICH MAY BE USED IN 
ESTIMATING THE PARTICIPATION OF 
COMPONENTS IN THE DIFFUSION PROCESS 

A. Texture in the layers of scale 
One of the signs of the diffusion of a com- 
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ponent through scale and localization of 
chemical reaction on the boundary between the 
scale and the medium occupied by the two 
components, is the texture of free growth in 
the farthest layer of scale. For instance, 
in reaction diffusion of the oxidation type, 
a sign of the diffusion of metal is the tex- 
ture of growth in the outer layer of scale, 
i,e. in the layer of higher oxide. 

Other conditions being equal, the increase 
in the role of the given component in the 
general process of reaction diffusion will 
lead to an increase in the degree of com- 
pleteness of the texture of growth, In 
detailed investigations of the mechanism of 
the process the following facts must be 
allowed for. 

The emergence of a growth texture is due to 
competition between differently oriented 
crystals possessing sharply defined aniso- 
tropy of surface energy and consequently, 
anisotropy in the rate of growth, 

If here the energy resulting from the 
creation of new crystals on the scale boun- 
dary is sufficiently high, thickening of the 
scale will occur mainly as a result of the 
growth of the crystals first formed, and if 
the absolute value of the maximum rate of 
growth is sufficiently high, the competition 
will lead to the emergence of a well-defined 
growth texture, In those cases where the 
anisotropy of the rate of growth is not ex- 
pressed sufficiently sharply (while it might 
for instance, be reduced by means of external 
adsorption in certain media), competition on 
the growth of the different crystals will be 
developed weakly even if there is intensive 
diffusion of the component, i.e, at high 
rates of growth of the outer layer of scale. 
In this case the completeness of the texture 
will only increase very slowly and will 
remain low even after a long period of 
reaction diffusion, 

Besides this, the increase in the degree of 
completeness of the growth texture may be 
slowed down if the energy of the creation of 
the new crystals is low and on the external 
side of the scale, besides the crystals which 
were formed earlier, new regular] v orientated 
ones arise, 

The combination of the weak anisotropy of 
surface energy with the low energy of the 
creation of new grains may, despite the 
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unilateral diffusion of the component and the 
high rate of diffusion, have the effect of 
making the texture on the outer layer of scale 
practically invisible, 


Consequently, the high degree of completeness 


of the growth texture in the outer layer of 
scale is not necessarily a sign of intensive 
diffusion of the component from the opposite 
side of the scale, 

The development of texture occurs in more 
favourable circumstances if one of the com- 
ponents of the diffusion system is in gaseous 
or liquid form and the texture is formed in 
the layer of scale bordering on this medium, 
due to diffusion of the second component of 
the solid phase, 

In the opposite case, where there is growth 
of the inner layer of scale on its boundary 
with the solid phase, the conditions for the 
development of texture are considerably worse, 
Encirclement by crystals of the chemical com- 
pound emerging from the solid medium wil] 
prevent the increase in volume which, in the 
majority of cases, accompanies the boundary 
chemical reaction, As a result, crystallites 


emerging from the inner layer are subjected to 


phase self-work-hardening, i.e. stresses arise 
within themselves which sometimes reach a high 
level and cause plastic deformation, break-up 
of the crystals and their disorientation, All 


this put together provides a mechanical obstacle 


to the development of the texture which might 
have occurred in free growth without the 
destructive influence of phase self-hardening, 
As may be seen by experiment, the growth tex- 
ture in the inner layer of scale is usually of 
a low degree of completion, 

If the scale consists of several layers of 
different phases and the outer layer grows as 
a result of the diffusion of one of the com- 
ponents, then the layer immediately adjacent 
to the first will grow as a result of the 
phase re-arrangement of the boundary zone of 
the outside layer which adjoins it. The 
resulting crystallites in the second layer 
will also be subject to phase self-strain- 
hardening, When this strain-hardening is not 
very great, the growth texture, which has 
earlier been formed in the outer layer, may 
cause texture in the second layer, so that 
the phase re-arrangement on the boundary of 
the layers may be accompanied by dimensional 
orientation between the initial and forming 


phases, If the ratio between the initial and 
the forming phases is already known, then the 
texture in the second layer together with the 
growth texture in the first, may provide con- 
firmation of the intensive diffusion of one 
of the components*, 

A texture of orientation origin may also 
occur on the boundary between the scale and 
the solid component if the latter previously 
had a texture and the self-strain-hardening 
of the phase in the boundary chemical reaction 
was not great, In this case the presence of 
texture in the inner layer of scale, next to 
the textured pure component, is evidence of 
the diffusion of the other component from the 
other side of the scale, In certain cases 
this sign can be checked by a parallel ex- 
periment with untextured testpieces of the 
same solid component, In this type of ex- 
periment there should be no texture in the 
inner layer of scale, 

The texture picture in the layers of scale 
becomes complicated if the phase self-strain- 
hardening is considerable enough to start 
recrystallization in the newly forming layers, 
Then a recrystallization texture may arise 
and develop dependent on the original texture 
which occurred in this layer in the process 
of its formation (the growth texture in the 
layer adjacent to the solid outer medium or 
the texture of orientation origin itself), 

Thus, there may arise in the further layer 
of scale not only a growth texture, but also 
a texture of recrystallization and for this 
reason the presence of texture in the farthest 
layer cannot in itself serve as evidence of 
the formation of this layer as a result of 
the diffusion of one of the components, 

From this it can be seen that it is neces~ 
sary to allow for and to investigate, besides 
the texture in the outer layer, also the 
texture in the other zones of scale and most 
important of all, all the remaining struc- 
tural characteristics in all the layers of 
scale, It is particularly important to 
establish the presence or absence of signs of 
sel f-strain-hardening in the different layers 
of scale; the nature of the texture in these 
layers can be established by this means and 


* The texture may be obtained in the same way and 
consequently, a thicker layer of scale. 
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linked with the diffusion of one or other of 
the components*, 


B. Differences in the sizes of crystallites at 
different depths of layers of scale, 
granulation or lamination in the boundary, 
signs of phase self-strain-hardening 


If the front of the chemical reaction is the 
boundary between the scale and the solid 
external medium, phase sel f-strain-hardening 
may lead to grain refinement in the boundary 
zone of scale (in the case of the oxidation of 
the metal this is possible on the diffusion of 
oxygen through the scale towards the boundary 
between the scale and the metal). Ata 
certain distance from this zone, in the depth 
of the layer of the same phase, the grain 
size may frequently appear quite large, As 
evidence of recrystallization, this sign does 
not play a noticeable role in the diffusion of 
the component from the opposite side of the 
scale. A simildr distribution of the sizes of 
crystallites takes place also in the zones 
adjacent to the boundary between two neighbour- 
ing layers if there is here phase re-arrange- 
ment with considerable self-strain-hardening, 
The direction in which the grain growth occurs 
in the particular layer of scale will be 
opposite to the direction of diffusion flow of 
the component, and as a result of this this 
layer will grow. Thus, having found out from 
which side there is a zone of grain refinement, 
it is possible to find the direction of dif- 
fusion flow. In particular, the presence in 
the scale of a zone of fine grain on its 
boundary with the solid medium, is evidence of 
the presence of diffusion of the component 
from the other boundary of the scale, 

This sign is also not universal as the re- 
finement of grain on the boundary where there 
is growth of the layer, is not necessarily 
accompanied by growth of the latter if phase 
self-strain-hardening is not very great or 
the temperature not high enough, and for these 
reasons recrystallization would not occur, In 
this case the grain will remain fine through- 
out the layer, 

Resides this there is yet another factor 


* The matter is here complicated if the signs of 
strain-hardening are not easily recognisable. 


which may provide a variation in grain size 
in the interior, and this is the converging 
diffusion of two components from the boundary 
on which the reaction is occurring. Due to 
this diffusion part of the atoms withdraw 
from the zone of reaction and part of the 
space is liberated for volumetric expansion. 
The latter factor may in certain cases by 
itself be an adequate and special structural 
sign by which the direction of diffusion flow 
may be judged, For example, in the layer of 
scale adjacent to its boundary with the solid 
component sufficiently intensive diffusion of 
this component in the direction of the 
opposite boundary, may create macroscopically 
clear embrittlement (porosity). If this com- 
ponent plays no part or a fairly small part 
in diffusion, there may be yet another sign 
of phase self-strain-hardening which in this 
case would be very considerable: the distor- 
tion of the lattice of the forming crystal- 
lites as a result of stresses, They may be 
revealed in fine grain by the broadening of 
the lines on a powder photograph (Ni-0) while 
if the grains are fairly coarse the evidence 
may be shown by the asterism and distortion 
of the true form of the individual diffrac- 
tion spots (Co-0, Fe-0). 

As a result of the phase sel] f-strain- 
hardening on the boundaries between scale 
layers or on the boundary between the scale 
and the solid component there may in some 
cases also be the formation of microlamina- 
tion, As the new lamination of the phase is 
formed and is accompanied by considerable 
change in specific volume, this lamination 
which will be deformed along the whole of its 
length, may be mechanically separated from 
the boundary by the formation of microgaps, 
Due to this the subsequent process is delayed 
a little until solid contact has been re- 
established, If this scaling is repeated at 
regular intervals traces of microl amination 
will remain in the forming layer of scale, 

If there is diffusion of the components 
from both sides through the scale yet another 
characteristic macrostructural sign may 
appear, One of the layers of scale may be 
divided into two ‘‘sublayers’’ with a boundary 
between them on the original interface 
between the component media before the begin- 
ning of reaction diffusion, This will occur 
where the chemical reactions are localized to 
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the maximum degree on the outer boundaries of 
the scale [9]. The zones of scale lying on 
either side of the sublayer boundary will 

grow as a result of diffusion of the different 
components, 


C. Changes in the form of the outer surface of 
the testpiece as a result of 
reaction diffusion 


In some cases the degree of participation of 
the components in the overall process of reac- 
tion diffusion may be judged from the changes 
in the form of the outer surface of scale 
which occur during the processes, These 
changes are particularly apparent where the 
origina] testpiece of the solid component is 
a rectangular parallelepiped and the second 
component is a gaseous or liquid surrounding 
medium, 

If there is unilateral diffusion of the 
component from the gaseous (liquid) phase 
through the scale to the scale-metal boundary, 
then the layers which have formed much earlier 
will remain on the outer surface while those 
formed later will remain at a depth greater 
than that at which they originally arose, As 
has already been noted above, the process of 
scale growth is usually accompanied by con- 
siderable volumetric changes and by strain- 
hardening. As the process is contained the 
residue of the solid component which remains 
without reaction under the scale will be 
reduced in length in directions parallel to 
the original faces of the piece, The increas- 
ing stress in the scale will cause it at a 
certain stage of the process to crack in the 
places where stress concentration is greatest 
along the edges of the piece.will be divided 
along the edges by “‘grooves’’, which will 
become deeper al] the time and the section 
perpendicular to any of the edges will assume 
the characteristic form of a cross with 
branches stretching out to the ends, A 
typical example of this is shown in paper [10]. 

In the opposite case of the unilateral dif- 
fusion of a component from the solid phase 
through the scale to the outer surface, the 
edges gradually become rounded and the piece 
A characteristic of 
this case is that the inner surface of holes 
in the piece become filled up with scale and 


despite the gradual reduction in the surface 
for new laminations, no side pressure arises 
in them while in the zone adjacent to the 
unreacted residue there is embrittlement and 
lack of density in the crystallites of scale. 
Thus, signs connected with the outer form 
of the piece do give a very clear indication 
of unilateral diffusion of one of the com- 
ponents especialiy in the first of the cases 
described (diffusion of a component from a 
gaseous medium towards the scale-solid com- 
ponent boundary), Where there is two-way 
diffusion of both components these signs may 
compensate each other (partially or completely) 
and it will be difficult to estimate the par- 
ticipation of the components in the total dif- 
fusion process from the characteristics of 
the outer form of scale. 


D. The position of inert markers 
(Pfeil’s method [11]) 


Particles of a substance which reacts 
neither with the original pure component nor 
with the products of their reaction will, 
when deposited on the original interface of 
the components, fix the relative position of 
this surface across the forming scale, 

With unilateral diffusion of one of the two 
components the marks will remain on the out- 
side or on the inner surface of the scale, 

In two-way diffusion of both the components 
the marks will be inside the scale as the 
layers which form as a result of diffusion of 
the solid component will appear between the 
marks and the outer surface and those forming 
as a result of diffusion of the second com- 
ponent will be inside, between the marks and 
the surface of the unreacted residue of the 
solid component, For all its simplicity, 

the method of inert markers does contain a 
certain number of sources of error in the 
determination of the extent of participation 
of the components in diffusion, 

First of all, for satisfactory results the 
size of the particles which serve as inert 
marks should be as small as possible and they 
should be sited on the surface far enough 
away from one another to avoid “screening” 
of the diffusion flow; here the size of the 
particles should as far as possible be of the 
order of but slightly less than, the depth of 


the scale [12]. However, the better these 
conditions are fulfilled the more difficult, 
of course, will it be to find the inert marks 
inside the forming scale and to determine 
their relative position. Difficulties will 
furthermore arise in connection with the 
method of “‘securing’’ the spots to the surface 
of the testpiece, If the markers lie free on 
the surface, scale may grow in the gap even 
with unilateral diffusion from within, The 
marker will then be squeezed out by the grow- 
ing scale and will remain on its outer surface, 
If the inert marker is firmly secured (for 
instance, by binding the piece round with thin 
wire or by suspending weights on the end of 
wire) there may be creep deformation of the 
forming scale as a result of which the marker 
will go deeper into the scale as the latter 
increases and may be found quite deep inside 
it even without any diffusion of the solid 
component from inside at all, 

Besides the use of inert markers in the form 
of particles of a foreign chemically neutral 
substance, markers may be used in the form of 
light local mechanical defects to the surface 
(artificially applied scratches of sharp 
imprints). Where there is unilateral dif- 
fusion of a component from the outer gaseous 
medium these marks remain on the outer surface 
of the scale. 

With unilateral diffusion of the solid com- 
ponent from inside the mechanical marks will 
remain on the inner side of the scale and may 
be found in those cases where the scale is 
easily removed and there is a residue which 
has not participated in the reaction, In 
bilateral diffusion the mechanical mark will 
be inside the scale and it is often very 
difficult to find it after diffusion annealing 
if the scale cannot be removed (by mechanical 
stress) along the boundary of the layers which 
coincide with the original surface of the 
testpiece, 

The sizes of mechanical marks (width and 
depth should be many times less than the depth 
of the scale layer, The search for mechanical 
marks inside the scale becomes more difficult 
when the marks are very small, It should 
further be noted that a mechanical mark is a 
focus of considerable stresses which may 
change the character of the diffusion at least 
in the initial period; this also necessitates 
fairly long experiments, 
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3. ESTIMATING THE EXTENT OF THE 
PARTICIPATION OF COMPONENTS IN 
REACTION DIFFUSION FROM THE STRUCTURAL 
CHARACTERISTICS OF SCALE WHICH APPEAR 
IN EXPERIMENT 


From what has been said above it follows 
that each structural sign of diffusion taken 
by itself for one or other of the components 
of a binary diffusion system, may serve only 
for qualitative analysis (for providing a 
constant) of the participation of this com- 
ponent in the general process of diffusion. 

Evaluations based on different structural 
signs have different degrees of definitiveness 
when taken separately. It is possible here 
from the various different signs to make a 
division into main and subsidiary. This 
classification, of course with some arbitrari- 
ness, is shown in Table 1, applied to the 
case of systems in which one component is 
solid (e.g. metal) and the other comes from a 
gaseous surrounding medium (e.g. oxygen). 

Besides the signs which have been discussed 
in the preceding section of the article and 
which are included in Table 1, one more may 
be mentioned which can be put among the ‘‘main 
ones’’ for both components, but it requires 
an experimental method which is considerably 
more complicated than the others, We have in 
mind the form of the concentration gradient 
of the components across one or other single- 
phase layer of scale, In unilateral dif- 
fusion with localization of the chemical 
reaction on the side of the layer which is 
furthest from the external medium which 
supplies the diffusing component, the 
gradient will be low throughout the layer, 
while on the ‘‘entry’’ side of the layer there 
will be a sharp change in concentration (from 
extremely high for the diffusing element in 
the phase composing the layer to a level 
which is very little different for the remain- 
ing depth). In bilateral diffusion concen- 
tration jumps are observed on both sides of 
the layer [9]. The difficulties in method 
are here connected with the analysis of the 
composition of the layer in narrow zones as 
as the phases which are formed in systems of 
the metal-metalloid type (for practical 
purposes the most interesting) are very dif- 
ficult to prepare (both by mechanical grind- 
ing or by chemical etching) and the drop in 
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TABLE 1 


Classification 


of scale 


of the structural signs of diffusion of components in a system of the type solid 
component (I) — chemically active gas (II) 


Component Main signs 


Secondary signs 


Complete growth texture in the outer layer 
of scale. 


Brittleness in the zone adjacent to the 
scale-solid component boundary (with 
density in the layers on the outside). 


Separation of one of the layers of scale 
into two ‘‘sub-layers’’ (sign of bilateral 
I diffusion). 


Position of inert marks not on the outer 
layer of scale; in the absence of 
diffusion of the second component —- on 
the boundary between the scale and solid 
component. 


Incomplete texture in the outer layer of 
scale. 


Texture with orientation appropriate to 
the second layer of scale adjacent to the 
outer one, which has a more complete 
growth texture (or recrystallization 
texture in the second layer). 

Traces of phase self-strain-hardening* on 
the boundary between the differently 
phased layers of scale on the side of 
this boundary, extending to the inner 
surface of scale. 

Rounded barrel-shaped external form of 

scale. 


Texture of orientation agreement in the 
inner layer on the scale-solid component 
boundary (if the latter is textured). ** 


Traces of phase self-strain-hardening* in 
the zone of scale close to the scale- 
solid component boundary. 


*‘Cross-shaped’’ external form of scale with 
**pits’’ on the edges. 
Microlamination in the layer of scale 
adjacent to the solid component. 
Position of inert marks not on the boundary 
between the solid component and scale (in 
the absence of diffusion of the first 
component — on the outer surface of the 
scale). 


Growth texture on the scale-solid component 
boundary. 

Texture of recrystallization in the outer 
part of the inner layer of scale. 


Traces of phase self-strain-hardening* on 
the boundary of the complex layers of 


scale on the side of this boundary, close 
to the outer surface of the scale. 


Inner layer of scale very closely adjacent 
to the residue of the solid component 
which has not reacted. 


* Broadening of powder photograph lines as a result of stresses; 
finer grain on the boundary than in the zone of the same layer furthest from the surface. 


spots; 


asterism and distortion of Laue 


** In the absence of a texture in the solid component there should be no texture in the outer layer of 


scale. 


concentration in the limits of the field of 
homogeneity phase are not usually large 
necessitating a precision method of analysis system 
(e.g. by changes in lattice parameters, 
measured radiographically). 

Similar difficulties are encountered in the 
use of yet another method of investigation, 


that of radioactive indicators, 
In investigating a concrete binary diffusion 


conclusions regarding the extent of 


the participation of components in the over- 

all process of reaction diffusion will become 
more firmly based where the greatest possible 
number of structural signs are taken into 
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consideration, 

From this point of view the conclusions 
should be divided into the following groups, 

I. If the conclusion has been drawn on the 
basis of a complex of a number of signs in- 
cluding those of the main category (Table 1) 
it can be formulated as ‘‘the presence of 
clear signs of the diffusion of a certain 
component ’’, 

II, Where a conclusion is based on only 
partial, secondary structural signs, it could 
be formulated as ‘‘the presence of separate 
signs of diffusion of a certain component’”’. 

III. In certain cases a conclusion may be 
formulated as ‘‘the absence of signs of dif- 
fusion of the given component’’. 

IV. Finally, in some, generally speaking, 
rare cases a comparison of the absence of 
signs of diffusion of one component with the 
presence of a number of signs of unilateral 
diffusion of the other, may lead to the 
formulation ‘‘signs of the absence of diffusion 
of a certain component’’, 

Taking this numeration of formulae as given 
above, a system can be provided for the 
qualitative analysis of the degree of par- 
ticipation of components in reaction dif- 
fusion (Table 2). 

Allowing for all that has been said in 
section 2 of this article concerning the lack 
of clear definition in the connexion between 
the expression of this or that structural sign 
of diffusion of a component and the actual 
degree of its participation in the process as 
a whole, it can be said that in Table 2 
evaluations of type 6, ¢c relate to cases where 
the first component is of greater significance 
in the overall process of diffusion, h, i for 
the second component, while d, e, f, g (par- 
ticularly e, f) refer to cases where both 
components play a similar part in diffusion, 

In more objective analyses formulated 
according to the system in Table 2, they 
should be accompanied by concrete indication 
of all the signs on which they are based, 

Of considerable importance in solving the 
problem of the relative parts played by com- 
ponents in diffusion is the investigation of 
the structural characteristics of scale in 
the diffusion system in question at different 
temperatures, If the change in temperature 
is monotone then the analysis will be accord- 
ing to the system in Table 2 and in the order 


a-b-c-e-(or d-e-h, or g-i) which will provide 
the best possible means of judging the in- 
crease in participation by the second com- 
ponent in the general process of reaction 
diffusion, The order j-i-h-e (or g-f-c or 
d-b) is approriate for an increasing par- 
ticipation of the first component. In cases 
where the roles of the two components are 
“inverted’’ the order b-c-d-h-i (or d-f-g) is 
appropriate, 

It is our opinion that from this graduation 
it should be possible to provide more objec- 
tive characteristics of the mechanism of 
reaction diffusion than has previously been 
possible from conclusions based on the 
results of structural investigations of 
individual binary systems and particularly in 
attempts to compare data from different 
systems, which amounts to the actual problem 
of working out the theory of reaction dif- 
fusion, 


Translated by V. Alford 
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This paper discusses the problem of the lack of knowledge concerning 


the co-ordination number and radius of co-ordination sphere for the 


In investigations of metals in the liquid 
state by means of X-rays or other diffraction 
methods the co-ordination number and radius 
of co-ordination sphere are determined from 
the curve of radial distribution obtained, In 
plotting the curve of radial distribution the 
equation used is 


4nr%p (r) = 4nr°pg + = {si (s) sin srds, (1) 
0 


where 4x 7%o(r) is the number o1 atoms in a 
sphere of radius r and thickness dr, 


is the intensity of radiation in 
electron units; 
f is the atom factor; 
Po is the mean density of the liquid, 

The co-ordination number as is well-knowm, 
represents the number of atoms at a distance 
r from an atom which is taken to be the central 
one, 

Every metal in the liquid state is charac- 
terized by the temperature at which the 
closest packing of atoms is observed, In the 
case of. lead [1] for example, this temperature 
is the same as the melting point, while in 
the case of bismuth [7] it is ~ 300°C, It 
seems that the close packing temperature is 
equal to the melting point in the case of all 
metals which are characterised by more densely 
packed lattices in the solid state, 

Departing from the actual determination of 


where 


* Fiz. metal. metalloved. 9, No.6, 888-891, 1960. 


structural description of liquid metals. 


the co-ordination number, it can be seen that 
it provides a quantitative characteristic of 
short-range order and in no way affects the 
question of the lattice (actually, of the 
structure), on the basis of which the short- 
range order in question has arisen, i.e, the 
co-ordination number gives no indication of 
the special distribution of the particles of 
which the liquid is composed, 

The structure of a liquid is usually 
characterized by a certain “‘lattice”, the 
atoms of which are, as a result of melting 
and thermal movement, arranged in a manner 
which can be found by experimental results 
(the curves of radial distribution), i.e., 
the lattice must be found, on the basis of 
which the short-range order in question has 
arisen, 

In crystalline substances the co-ordination 
number is dependent on the type of lattice 
and, as is well-known, in the case of a 
hexagonal or cubic face-centred lattice it is 
equal to 12, and for cubic body-centred 
lattices - 8 etc, etc, The proximity of the 
co-ordination number in a liquid to that in 
the crystal cannot provide the answer to the 
question of the lattice which has been the 
basis for the close-range order in question, 
For example, bismuth close to melting point 
is characterized by a co-ordination number of 
7.5. However, as has been shown ih paper [2] 
the close-range order in bismuth arises on 
the base of a hexagonal close-packed lattice 
and not a cubic body-centred one, 

To find the “lattice” which characterizes 
metals in liquid form, the theoretically con- 
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Curves of radial distribution of atoms in liquid 


bismuth: 


A — experimental, 


structed lattices will have to be ‘‘washed”’ 
from the spheres with a radius equal to the 
interatomic distance in the liquid by means of 
a formula which allows both for fusion and for 
the thermal movement of the atoms, Such a 
formula, found by Prins [3, 4] and repeated by 
Glauberman [5], is written in the form 


(r—r,)? 


a +4Dr, 


exp 
s Jr (1 + 4Dr,) 
is the number of atoms at a distance 
r, from the central one; 

D is the coefficient of structural 
diffusion allowing for static 
dispersion in the equilibrium 
positions of the atoms, which 
occur after elimination of long- 


range order a= 


|. (2) 


where n, 


is the factor ot quasi-elastic 
bond, 


ptr) 


10 


B — theoretical. 


Having with the aid of this formula, 
‘“‘washed’’ the possible lattices (for example 
hexagonal, cubic face-centred etc, etc.) and 
having plotted theoretical curves of radial 
distribution from the experiments, it is 
possible to determine the “‘lattice’’ which 
will characterize our metal in the liquid 
state. In a number of experimental] works 
(see for example [1, 2, 6]) confirmation has 
been given of the fact that the nature of 
short-range order in the distribution of 
atoms in a liquid metal does not necessarily 
correspond to that in the crystal, i.e, the 
liquid metal may be described by a ‘‘lattice’’ 
which is different from the original, 

Fig. 1 shows graphs taken from paper [2]. 
Curve A represents the curve of radial dis- 
tribution obtained by experiments on bismuth, 
while curve B is the theoretically plotted 
curve of radial distribution obtained by 
‘washing’’ the hexagonal lattice by means of 
formula (2). It can be seen from the 


Fig. 3: 


Curves of radial distribution of atoms in liquid lead: 


A — experimental, B - theoretical. 
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illustration that these curves are identical, 
i.,e., as a result of melting and thermal move- 
ment the bismuth lattice has passed from 
rhombohedric in the solid state to hexagonal 

in the liquid, and close-range order has arisen 
on the base of a hexagonal lattice. 

Metals which in a solid state are described 
by hexagonal or cubic face-centred lattices 
(as the closest packed) do not on transition 
to the liquid state, apparently change the 
type of lattice. In Fig. 2 [1] curve A re- 
presents the experimental curve of radial dis- 
tribution for lead, while B is the curve 
theoretically plotted by ‘‘washing’’ the cubic 
face-centred lattice. Curves A and B are 
similar, i.e. the lattice of lead does not 
change on melting and close-range order in 
liquid lead arises on the base of a cubic 
face-centred lattice. 

The changes in the crystal lattice on the 
transition of a metal to the liquid state or 
its preservation, confirm, and provide more 
basic assumptions for, the fact that the 
nature of the distribution of atoms does not 
change, or changes only on the side of close 
packing, on transition from the solid to the 
liquid state. 

The ‘‘lattices’’ which provide a good defi- 
nition of the structure of the metal in the 
liquid state must necessarily be characterized 
by a certain quantitative value which we will 
call ‘‘degree of completion’’ (d,), 

The degree of completion d, of the lattice 
is determined by the first co-ordination sphere 
and is represented by the ratio of the co- 
ordination number in the liquid to that in 
the crystal, In the case of a hexagonal and 
cubic face-centred lattice 
n 


where nis the co-ordination number in the 
liquid, In the case of a body- 


centred lattice d,= etc, 


8 
etc, 


As has already been indicated, in the 
liquid state bismuth is described by a hex- 
agonal “‘lattice’’. The degree of completion 
of the ‘‘lattice’’ of liquid bismuth is 


(T = 275 C), 


(T = 300°C). 


d 


Lead in the liquid state is described by a 
face-centred cubic ‘‘lattice’’ with a degree 
of completion 


(T= 330°C), 


eee = 0.74 


lz 


(T = 450°C). 


It is clear from these examples that the 
degree of completion will be different for 
different metals and will be dependent on 
co-ordination number, 

Finally the following conclusions may be 
drawn: 

1, The structure of liquid metals is char- 
acterized by the ‘‘lattice’’ which provides 
the best agreement between the theoretical 
and experimental curves of radial distribu- 
tion, 

2. The co-ordination number does not define 
the structure of a liquid but affects the 
degree of completion of the “lattice’’ which 
characterizes the metal in the liquid state, 


Translated by V, Alford 
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POLE FIGURES FOR TEXTURED METAL OBTAINED BY THE 
ELECTRON DIFFRACTION METHOD* 
Yu.I. SOZIN 
Chemical Institute of the Kazan Branch of the Academy of Sciences USSR 
(Received 9 November 1959) 


In the development of a previous work [2] the possibility was shown of 
obtaining pole figures for a rolled metal by means of electron diffrac- 
tion. Pole figures were constructed {111}, {001} and {011} for rolled 
aluminium and copper from which the pole figure {001} for copper was 


deduced. 


The method of pole figures in electron 
diffraction has been used for axial textures 
in the quantitative analysis of the dissemina- 
tion of orientations in powdered metal layers 
[1]. 

In a previous work [2] a determination was 
made of the characteristics of the texture of 


rolled products without constructing pole 
figures, from one electron diffraction picture 
taken in the transverse direction using all 


the rings available on the photograph, 
this, to verify and aid the interpretation it 
was possible to use yet another electron dif- 
fraction picture taken in the direction of 
rolling. We carried out this check and its 
results agreed very well with the results 
obtained in the first electron diffraction 
picture, 

In the present paper complete pole figures 
will be constructed for rolled, copper and 
aluminium from several electron diffraction 
pictures, Although it is possible to make a 
determination of texture from one diffraction 
picture the individual peculiarities and 
details or orientation can only be differen- 
tiated by a pole figure reflecting the whole 
sphere of projection of the textured poly- 
crystal. ‘This can be achieved not only by 
X-ray analysis [3,4] but also by electron 
diffraction pictures, which method is much 
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Besides 


simpler and faster, ** 

When photographed in reflection the elec- 
tron diffraction picture is a section of a 
sphere in projection along the great circle 
[2]. Subsequently, in order to cover the 
sphere of the projection with the number of 
sections necessary for the construction of a 
pole figure there is a single possible path, 
A series of electron diffraction pictures 
must be obtained at azimuth rotations of the 
piece right up to 90° through definite 
angular intervals, Then half the sphere of 
the projection will be covered with sections 
(Fig. 1). But in view of the fact that, 
when photographing in reflection, there are 
no reflexes corresponding to the half of the 
sphere, the sections will cover only a 
quarter of the sphere — 2 octants, This is 
more than enough to obtain a pole figure as 
in a rolled material there are three planes 
of symmetry [3] proceeding in any two or 
three main directions of deformation (normal 
to the plane of rolling NR, the direction of 
rolling WR and the transverse direction QR). 

If the first photographs are made in the 
transverse direction QR the relevant electron 
diffraction picture will show the cross- 
section which contains NR and WR. On azimuth 


*¢We have in mind the usual method of constructing 
pole figures from a series of X-rays. We shall 
not here touch on the methods of the texture 
goniometer [3], automatic tracing [5], diffrac- 
tometer [6] and other improvements in the method. 
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rotation of the piece the sphere will rotate 
around NR at a fixed position of the electron 
beam and the sections will cover the first 
and third octants of the sphere, The last 
picture of the series wil] be that in which 
the electron beam is in the direction of 
rolling WR. It will give the section of the 
sphere which contains NR and QR. 

The apparatus and method of preparing the 
testpieces of aluminium have been described in 
paper [2]. The preparation of the copper 
testpieces consists in the following. After 
rolling the piece is electrolytically polished 
in a water solution of orthophosphoric acid 
with a specific gravity of 1.55 for 5 min at a 
current density of 0.4 A/cm. With electro- 
polishing it is possible to remove the upper 
layer with the scratches and roughnesses due 
to rolling. Besides this the texture and its 


changes can be investigated layer by layer. 


Fig. 1. System for obtaining an electron diffrac- 
tion picture forthe construction of a pole figure. 


Fig. 2. 
A base of holder; 
C -ot phosphor bronze; 


Diagram of holder: 


D- specimen- E angle 


scale. 


After polishing the testpiece is etched b, 


B —- 3 m stand with flat spring 


the method described in paper [7] - in a 10% 
solution of ammonium persulphate for 10 min. 

A diagram of the holder used in paper [2] 
and also in the present researches, is show 
in Fig. 2. With this holder the specimen 
plates can be observed along al] the direc- 
tions in their planes from both sides, and 
the azimuth angles can also be read, The 
fixed point for the angular scale is mounted 
on any fixed detail in the azimuth rotation, 

The required series of electron diffraction 
pictures are obtained without breaking the 
vacuum in the instrument with one loading in 
the cassette and with the specimen set up 
only once, The most suitable instrument for 
the purpose is the E¥-4, If a transparent 
window is fitted instead of the smal] elec- 
tron gun, rotation in azimuth can be made 
without moving the specimen for the purpose 
of reading the angles in the horizontal 
position, With 12 plates in the cassette it 
is possible to photograph through 10° and 
less, The whole of this procedure occupies 
only a few minutes, while to obtain only one 
of the series required for constructing a 
pole figure from an X-ray it requires a whole 
hour, The pole figure is constructed from 
electron diffraction pictures, 

The azimuth angle § at which the diffrac- 
tion picture is made (the angle between QR of 
the specimen and the beam) defines the appro- 
priate meridian, as with projections of the 
great circle, the possible reflections will 
be meridians, The position of the centre of 
the reflex at any given Debye ring (the angle 

between the radius projected through the 
centre of reflection and the centre line of 
the diffraction picture) is determined by 
the width calculated from the centre of the 
circle of projection Fig. 3. 

Angular erosion of reflex a is reflected by 
the same angular erosion for the correspond- 
ing meridian, On the pole figure in Fig, 3 
this erosion is reflected in the form of line 
Bc. At the end of the procedure the projec- 
tion will be filled by these lines, When 
they are evenly joined we shal] have obtained 
the pole figure. Having graduated the re- 
flection according to intensity and also grad- 
uated intensity along each reflection, a pole 
figure can be obtained in several graduations 
of intensity. 

It can be seen that this process of con- 


£4 
lie 
VO! 
9 
19¢ 
QR 
| 
{ 
SN 
A | 
| 


Pole figures for textured metal 


structing pole figures is considerably simpler Figs. 5 a-c show three of ten electron dif- 
than the radiographic method in which addition- fraction pictures for copper, obtained at 
al rotations have to be made on the Wolfe net 
corresponding to the different angles of 
incident of the X-ray, 
The pole figures {111}, {001} and {011} for 
aluminium with 83% reduction were constructed 
and for copper with 90%. In both cases the 
three pole figures were made from one and the 
same series of electron diffraction pictures 
and corresponded very closely to the X-ray 
pole figures shown, for instance, in paper [8]. 


Fig. 4a. Pole figure {001} of copper constructed 
from electron diffraction pictures. 


Fig. 3. Construction of pole figure. 


One of them is shown in Fig. 4a, -— the pole 
figure {001} for copper in two gradations of 
intensity. The electron diffraction pictures 
were taken at intervals of 10°. Fig. 4b shows 
the same pole figure obtained by the X-ray 
method and shown in paper [8]. It has been 
made in three gradations of intensity. The 
similarity between the two pole figures is 
obvious, It took about half an hour to produce 
the pole figure from the electron diffraction Fig. 4b. Pole figure {100} of copper constructed 
pictures, from X-ray diffraction pictures. 


a — taken in transverse direction QR; b — taken at an 
angle = 50° to QR; c — taken in the direction of roll- 
ing WR. 


85 
SAAS 
A 
we 
1960 
| 


86 Pole figures for textured metal 


azimuth angles B of 0, 50 and 90° respec- 
tively. The changes in the position, inten- 
sity and amplitude of the reflexes can be 
seen quite clearly on the rings, 

Pole figures can be analysed by the templet 
method [4] or by means of an “analyser” [3]. 

The whole process of obtaining a pole figure 
is thus considerably simpler and quicker by 
the electron diffraction method than by the 
X-ray one. It occupies a tenth of the time 
necessary for the latter system, 

Where it is only required to find the main 
directions of deformation (NR, WR and QR) and 
not to express in the greatest possible detail 
the arrangement of the poles, the investigation 
can be made on one electron diffraction pic- 
ture by analysing all the rings on it [2]. 

In the electron diffraction method there is 
some difficulty in selecting suitable pre- 
liminary treatment for the testpiece in order 
to get a well-defined and clear diffraction 
picture, It is unfortunately not possible to 
recommend a method of preparing the testpieces 
which is suitable for all cases, 

It is a good thing to carry out electro- 
polishing of the piece before chemical etch- 


ing or electrochemical treatment, to remove the 
outer damaged layers of metal, but this is not 


absolutely necessary. This method of obtain- 
ing pole figures could, it seems, be applied 
not only to rolling textures but also to tex- 
tures of another type, for example recrystal- 
lization ones, 


CONCLUSIONS 


1. A method has been developed for 


obtaining pole figures of rolled metal from 
its electron diffraction reflections, which 
is very much simpler and faster than the 
X-ray method, 

2. Pole figures {111}, {001} and {011} have 
been obtained for rolled copper and aluminium 
which agree very well with those obtained by 
the X-ray method, 


Translated by V, Alford 
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The properties of engineering materials are 
known to be to a considerable degree dependent 
on their crystal structure, including the fine 
_intergranular structure. Block size and dis- 
tortion of the second type in the a-phase of 
carbon and alloy steels after various forms 
of treatment have been measured in a number of 
works of the school of G.V. Kurdyumov; only 
a very smal] number of works have been devoted 
to the fine intergranular structure of the 
y-phase [1-2]. Of course, the state of the 
crystal lattice of each phase at room tem- 
perature is dependent on the preceding heat 
treatment and in particular the state of the 
lattice of the a-phase in steels is depen- 
dent on the conditions of Y +a transformation 
and on the conditions of cooling the a-phase; 
the state of the ¥-phase is only dependent on 
the condition of cooling in steels with a pure 
austenitic structure and on the conditions of 
cooling and interaction with the crystals of 
the a@-phase in steels with an austenitic- 
ferritic structure, 

There is some interest in an investigation 
of the fine intragranular structure of the a 
and ¥-phases in steels which have undergone 
various forms of heat treatment. Steels 45 
(0.4% C) and austenitic manganese steel (0.4% 
C, 12% Mn) have been studied, after quench- 
hardening from a temperature of 600 to 1200° 
and tempering in the range 200 to 700° with 
1 hr holding time. 

The investigation was carried out with Fek 
radiation on the apparatus URS-50I. 
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Analysis of the expansion of the lines on 
the lines on the X-rays was made by deter. 
mining the width of line B and correcting for 
the non-monochromatic radiation for the 
determination of By. It was established by 
the method of approximating the intensity 
curves by analytical functions, that the 
intensity curves for the a-phase are de- 


fined by functions of the form — Sal for 
(1 + 

all types of heat treatment, while for the 

Y-phase a good approximation is made with 

curves of the form e—+*, For the a-phase 

the true expansion of the line was located by 

a special corrected graph plotted for the 


for the -phase 


function of form 


- according to the relationshir 8 = y Bs — 0, 


where Bo and by are respectively the extension 
of the line being investigated and of the 
standard, 

Determination of block sizes and type II 
distortions in the y-phase was made from the 
three lines (111), (200) and (311) by plotting 
graphs showing the relationship between 
sin?}/* of the lines under investigation and 
8* cos"3/,® [3,4]. The graph of this re- 
lationship is nearly rectangular, Fig. 1 
shows the appropriate graph for the )Y-phase 
in steel with 12% Mm quenched from 8u0°. 

The intersection ordinate of the straight 
line on the graph with the vertical axis is 
numerically equal to 16( /\a/a)?, where 


Aa/a is the value representing type II dis- 
tortion. A detailed description of the method 
is given in paper [5]. 

Determination of block sizes and lattice 
distortion in the @-phase was carried out 
from lines (110) and (220) by the method 
described in [6] with some alteration of the 
correcting graphs which was required by the 
change in the form of the curves of intensity. 

Due to a certain vagueness in existing 
methods of calculating the values D and Aa/a 
the problems of a method of calculation and 
of the selection of a standard were the 
subject of special investigation, In using 
the method described in [6] not only is the 
value of the true expansion of the line 
dependent on the selection of the standard 
material, but also the ratio of expansion 
B00 and B19. which in their turn determine 
the ratio between m and n parts of the ex- 
pansion of the line due to the dispersion of 
the blocks and distortions of the lattice. 


10” 
\ 


(30) 


(200) 


10 14 18 22 


Fig. 1. Graph for the determination of block 
sizes and type II distortions in the Y-phase of a 
steel with 0.4% C and 12% Mn, quenched from 800°. 


As it is possible, for example, for steel 
45 to take as the standard material, either 
an annealed testpiece of armco iron with 
bo-110 = 3-68 x rad, and by 559 = 7.6 x 
x 1073 rad., or an annealed testpiece of 
steel 45 with 6) 149 = 5.6 x 1073 rad, and 
bo-2209 = 14.9 x 10-3 rad. The possible 
causes of the different widths of the lines 
on X-rays of pure metals and alloys in the 
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annealed state may apparently be found in the 
dispersion of blocks in annealed alloys which 
has been studied in [7]. 

The calculation for a large number of 
materials (armco iron, steel 20, steel 45, 
18KHGT, 30KHGT, 3KH2V8 etc, etc.) and study 
of the methods of treatment have shown, that 
the use of different standards will cause 
considerable difference not only in the values 
for the elements of the fine intra-granular 
structure (up to 300%) but also in the course 
of the curves in relation to the method of 
heat treatment, This is due to specific 
features in calculating from the ratio between 
the tangents and secants of the slip angles, 


JO 


D 10 &cm 
2 

20 


"200 400 600 800 
° 
Tempering temp C 


Fig. 2. Changes in block sizes on tempering steel 
45 which has been quenched from 1100°, calculated 
with the use of different standards: 

1 — standard annealed armco iron; 2 — standard 
annealed steel 45. 


As an example Fig, 2 shows the change in the 
size of the blocks in steel 45 which has been 
quenched from 1100° and tempered in the range 
200 to 700°. Curve 1 was plotted by calcula- 
ting from a standard of armco iron, curve 2 
was plotted on the basis of the same experi- 
mental data but for a standard of steel 45, 
The results of the analysis show that com- 
parison of the experimental values D and Aa/a 
obtained from the expansion of lines on X-ray 
photographs of different materials, is ex- 
ceptionally difficult. 

A method of quantitative analysis of the 
intragranular structure showing much grz2ater 
perspective would seem to be that of the 
determination of the density of defects in 
the crystal lattice (dislocations) of the 
materials, In the present work an attempt is 
made to apply the method of determining the 


State of the crystal lattice 89 


density of dislocation from the expansion of 
lines on X-ray photographs [8] for the inves- 
tigation of the processes which occur on heat 
treatment, The density of dislocation can be 
calculated from the relationship 
K_ 

= 
where p is the dislocation density; 

6 is the Burgers vector; 

F is a multiplier which is dependent on 
the change in the elastic energy of a 
single dislocation on interaction with 
the stress field in a crystal; 

K is a coefficient which is dependent on 
the modulus of elasticity in tension 
and in shear, the nature of the dis- 
tribution of dislocations (form of the 
line) and the size of the crystals, 


80,107 


30 


2,0 


a 


400 600 800 
Tempering temp °C 


Fig. 3. Changes in block sizes and type II dis- 
tortions op tempering steel 45, annealed from 920°. 


In calculating coefficients it is usual to 
take a number of simplifications, In par- 
ticular it is assumed that F = 1, i.e. that 
there is_no dislocation interaction, Thus, 
for the model of a dislocation structure a 
network is taken in which a dislocation 
coincides with each edge of a block. The 
value K according to theoretical calculations 
is about 15 [8]. The Burgers vector for the 
planes under examination (110) and (111) is 
accordingly, about 2.5 and 2,8 x 1078 cm, 

Inserting these in equation (1) we get 


90,232. 101, 


where p is expressed in radians (x 1073), It 
is best to express the density of dislocations 


in the units cm2/cm3, i,e, in the form of the 
area of the sectors with a defeccive struc- 
ture (for example, the boundaries of the 
sectors of the crystal with an ideal struc- 
ture) per unit volume of the crystal, 

The advantage of representing the results 
in the form ot dislocation density is that 
the choice of standard will only influence on 
the absolute value of p, and will have 
practically no influence on the course of 
curves p in relation to the conditions of 
heat treatment, as opposed to curves D and 
4Aa/a where the choice of standard has a 
considerable influence on their course, 

The results of the determination of the 
block sizes D and II type distortions Aa/a 
in the a-phase of steel 45 after quenching 
and tempering at different temperatures, are 
set out in Fig. 3 and in Table 1, Analfsis 
of these curves shows that their course is 
analogous to the course of the curves ob- 
tained for alloyed ferrite [9] and low- and 
medium-carbon steels of different compositions 
[10]. It should be noted that the changes in 
block size in the low-tempered state which 
eccur on changes in the temperature of quench- 
ing, take place in the same direction as the 
changes in II-type distortions, This fact 
confirms the direct connection already re- 
vealed between block size and lattice dis- 
tortions of materials in the quenched or de- 
formed state, i.e. in a state of extreme 
strain-hardening [11]. The change in the 
density of dislocation in steel 45 with tem- 
pering temperatures is shown in Fig, 4. It 
can be seen from the graph that the disloca- 
tion density is considerable in a low tenm- 
pered steel exceeding by several times the 
value p obtained for cold deformed materials 
[8]. With an increase in the tempering tem- 
perature the dislocation density will be 
reduced and, beginning at 500°, it becomes 
constant. The results for the other tem- 
peratures shown in Table 1, show that the 
course of curves D and Aa/ea for the majority 
of tempering temperatures is similar to the 
curve in Fig. 4; individual deviations may 
be explained by the processes of carbide 
formation on tempering which cause a change 
in the stress field in the crystal. The 
course of the curves of dislocation density 
for steel 45 are practically identical for 
all quenching temperatures but the absolute 
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Quenching 
temperature 
% 


Tempering 
temp °C 


Blocksize 
D x 1076, om 


Density of 
dislocations 


Type II 
distributions 


Aa/ax 1073 


50 
50 
7.5 
7 
12 
50 


value of the density of dislocation is sub- 
stantially different. 

In calculating block sizes and the distor- 
tions of lattices in the y-phase the stan- 
dard used was a specimen of annealed fine- 
grained nickel. The results of the calcula- 
tion showed that the block sizes in the Y- 
phase of a steel with 12% Mm exceeds 50 x 107 
cm at all conditions of treatment and cannot 
be determined from the expansion of the lines, 
The values of Aa/a for the ¥-phase is set 
out at different quenching temperatures in 
Table 2, and the values for p- in Fig. 5. 
Examination of data in Table 2 and Fig. 5 will 
show that the course of curves p and Aa/a for 
the ¥-phase is identical. Lattice distor- 
tions and dislocation density grow sharply in 
austenite on passing through AC, point, i.e. 
in the range of temperatures where quenching 
causes a partial ¥ + a transformation, and it 
is considerably reduced at further elevation 
of quenching temperature which is apparently 
due to the reduction in the interface on re- 


crystallization of the austenite, 


TABLE 2 


Type II 
distributions 
Da/a x 1073 


Quenching 
temp. 


1.22 
2. 28 
1.53 
0.94 


600 
800 
1000 
1200 


From the results of the work it is suggested 
that the following dislocation mechanism of 
quenching and tempering exists for steels, 

When steel is quenched, during the y-@ 
transformation a large number of point de- 
fects and dislocations are formed in the 
crystals of the a-phase concentrated on the 
boundaries of the blocks (possibly also those 
which form the boundaries) and distributed 


90 
TABLE 1 
p x 101! 
em2/cm? 
200 3.1 11.0 
300 2.0 10.7 
400 1.0 6.1 
1000 500 0.4 6.1 
600 0.3 4.0 
700 0.2. 2.0 
200 2.9 0.9 26.0 
. 300 5.6 1.6 11.8 
400 6.0 0.8 11.0 
1100 500 16.0 0.8 5.0 
600 2.0 0 3.0 
700 50 0 2.0 | 
200 5.3 1.8 21.2 
300 7.2 1.5 8.7 
400 4.9 0.5 8.7 
1200 500 5.5 0 5.4 196 
600 50 0.2 0 
700 50 0 2.0 
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inside the blocks, i.e, lattice distortions, 

The increase in the number and length of 
dislocations inside a block is appropriate to 
an increase in ‘II type distortion’’; the 
increase in the number of closed chains (re- 
laxation defects) corresponds to the increased 
dispersion of the blocks, 


pay cm? 


20 


Tempering temp °C 


Fig. 4. The changes in the density of dislocation 
in the a-phase on tempering steel 45 annealed 
from 920°. 


p10 "om 


3.0 

600 6800 1000 
Quenching temp % 


/200 


Fig. 5. The changes in the density of dislocation 
in the Y -phase in a steel with 12% Mn on quenching 
from different temperatures. 


Thus, the dislocation density characterises 
the value of both elements of the fine crys- 
talline structure of the material: the size 
of the blocks and distortions of type II. 

When the quenching temperature of steels is 
increased, where the Y— a transition is com- 
plete, there is apparently a definite rela- 
tionship between the grain size of the austen- 
ite and the dislocation density. Increase in 
the size of the crystals of austenite will 
lead to a reduction in the interface, i.e, to 
the area occupied by dislocations, while in- 
increase in the heating temperature will lead 


to more rapid correction of lattice defects 
and to a reduction in the number of point 
defects which are not in equilibrium. From 
these facts it follows that when quenching 
from phase transformation the density of dis- 
location, while it is still increased, will 

be so to a lesser degree than when quenching 
from a lower temperature where there is no 
phase transformation, When steels are 
tempered there is first of all a correction 

of the point defects due to elementary ‘‘jumps’’ 
of atoms at higher temperatures and besides 
this, the rate of movement of the dislocations 
will be increased and promote their withdrawal 
to the surface and boundaries of the crystals, 
and the density of dislocation will be sharply 
reduced, 

It is also interesting to note that, even 
in high tempered steels, the dislocation den- 
sity does not remain at zero, This is due to 
the existence in annealed steels of a separa- 
tion surface between crystals and the residual 
defects on the grain boundaries, 

When steels with a mixed ¥Y+ a structure 
are quenched, the mechanism of the processes 
is somewhat different. When quenching from 
temperatures below Ac, point the dislocation 
density in the ¥-phase will be increased as 
a result of the influence of thermal stresses, 
With further increase in quenching tempera 
ture, the dislocation density in the ¥-phase 
is reduced as the main mass of austenite, as 
we have mentioned above, has a more correct 
structure, The value p in the ¥-phase will 
then be increased, apparently as a result of 
the increase in the accuracy of the crystal 
lattice of the Y-phase and its concentration 
heterogeneity, which makes formation of an 
a-phase difficult in the process of cooling, 
and the @-phase will arise in the remaining 
few defective parts of the lattice, 

The mechanism described is, of course, only 
one of many possible dislocation mechanisms 
in quenching and tempering and further de- 
velopment is required (establishment of the 
type of dislocations and defects, calculation 
of p on boundaries and inside blocks and 
crystals etc, etc.). 


CONCLUSIONS 


1. The fine intragranular structure has 
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been investigated in steel] mark 45 (0.4% C) 
and steel] with 0.4% C and 12% Mn after quench- 
ing from temperatures of 920 to 1200° and ten- 
pering at 200 to 700°. 

2 The problem has been studied of the 
selection of a standard for the determination 
of the sizes of blocks and type II distortions 
in materials, 

3. The method of determining the density of 
dislocation from the expansion of lines on 
X-ray photographs has been suggested as 
suitable for the investigation of the processes 
of heat treatment. 

4, Data have been obtained for the changes 
in the dislocation density in austenite and 
ferrite on quenching and tempering. 

5. The probable dislocation mechanism has 
been suggested for the processes which occur 
in the @ and -phases on quenching and 


tempering. Translated by V, Alford 
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THE DYNAMICS OF BARKHAUSEN EFFECT* 
A.M. RODICHEV & V.A. IGNATCHENKO 
Institute of Physics, Academy of Sciences USSR 
(Received 15 December 1959) 


The nature of the movement of the domain boundary during Barkhausen 


effect will be studied. 


A solution is found to the equation of move- 


ment which has been fromed with allowance for the main forces which 
act upon the boundary. Formulae are deduced which establish the re- 
lationship between the duration ahd speed of the process at different 


ferromagnetic characteristics. 


It has been shown in the paper by Tebble, 
Skidmore and Corner [1] and also in that by 
Polivanov, Rodichev and Ignatchekno [2], that 
the experimentally observed e.m.f, pulse from 
a Barkhausen jump is distorted by the eddy 
currents in a ferromagnetic material (the 
duration of the pulse is increased and the 
amplitude reduced). In paper [2] it has been 
shown that it is impossible to calculate the 
duration of the jumps from the observed 
duration of the pulses, and that the duration 
of pulses in metallic ferromagnetic materials 
is as a rule somewhat longer than that of the 
jumps. The true duration and nature of the 
process of discontinuous remagnetization, 
which is of considerable interest, will be 
the subject of discussion in the present 
paper, 


It can be taken as established that Barkhausen 
effect is mainly due to the following mechmism, 


With slow increase in magnetic field H, the 
boundary between domains is displaced in such 
a way that at any moment of time conditions 
are suitable for the minimum sum of all the 
magnetic energies. If the boundary meets any 
obstacle on its path (stress irregularities, 
non-ferromagnetic inclusions etc, etc,) it 
may be delayed by them, 

As an example let us study the delay 
mechanism in a non-ferromagnetic inclusion as 
described by Neel [3]. It can be seen in 
Fig. 1 that the rupture of the boundary as a 


* Fiz. metal. metalloved. 9, No.6, 903-907, 1960. 


result of this type of obstacle is due to the 
increased energy of the magnetic poles on the 
surface of inclusion. Let the value of the 


Fig. 1. a — Boundary delayed on an inclusion 

shown by the distribution of poles; b — Boundary 

torn away from obstacle as a result of the in- 
crease in magneto-static energy. 


> 


Xo=-a 


Fig. 2. The arrow indicates the direction of 
movement of the boundary on the growth of H. 

= 0 -— is the position of the boundary in the 
absence of obstacle A; x = -a - is the position 
of the boundary in the presence of the obstacle 
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field H = H, correspond to the position of 
the boundary x = -a (Fig. 2) both in the 
presence of obstacle A and its absence, Then 
on increase of the field by 4H the boundary 
will stand fixed in the position x = -a (more 
precisely, it will slowly shift without break- 
ing away from the obstacle) until the energy 
of the magnetic field 21, 4H exceeds the dif- 
ference between the magnetostatic energies of 
figures a and b in Fig. 1. After this the 
boundary of the jump will be shifted to a new 
equilibrium position according to the field 
H = Hy + Hy ( iy is the value of 4H at 
which jumps occur), With further increase in 
the field the boundary will move in the 
opposite direction until it meets a new 
obstacle. It follows from this mechanism 
that the boundary may make two jumps on one 
obstacle: one on approaching close to the 
inclusion and one on tearing itself away from 
it. After jumping away from the obstacle the 
boundary will be moved into a position of 
thermodynamic equilibrium under the influence 
of a quasi-elastic force 


= aX. 


This force is due to the pressure of field 
QH on the boundary. In the position x = 0 
this force will of course be equal to zero, as 
the boundary will here occupy an equilibrium 
position in accordance with the field #H = 
= H, + QH,. In the process of movement a 
force will arise which will retard the move- 
ment of the boundary 


— Bx, 


where 8 is the parameter of plastic attenua- 
tion. 

The moving boundary is known to have effec- 
tive mass r ,, (see e.g. [4]). 

Consequently, the movement of the boundary 
during a Barkhausen jump may be determined by 
the equation 


3x + ax =0 (1) 


with the starting conditions: at t=0, x= 
= -a, z= 0. 
This equation may conveniently be written in 


the form 


x + 2nx + =0, (2) 
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where 


8 
k= V/ 


This equation is known to have various 
solutions according to the ratio of para- 
meters n and k. 

If n <k (the case of ‘“‘low’’ resistance), 
then the solution will be an equation of 
attenuating oscillations 


x= —ae™ (cos gt + sin qt | (3) 
q 


where g = — n? 
The rate of movement of the boundary 
v= aq sin qt. (4) 
If n>k (the case of ‘thhigh’’ resistance), 


then an aperiodic process will be obtained 
which is defined by the equation 


(en pt+ —sh pt) , (5) 
p 
where p = V n? - — Rk. 
The rate of movement of the boundary 
v= 1) sh pt. (6) 


Let us consider the value of the parameters 
inserted in these equations. As a concrete 
example we will for our future considerations 
take the movement of a 180° boundary in 
silicon iron, 

The coefficient of the quasi-elastic force. 
The expression for the coefficient a has been 
obtained by Becker [5] 


where X 0 is reversible susceptibility at a 
given field H; 
D is the mean width of the domain; 
I, is saturation induction, 
For silicon iron 


(/, 1,6x 108; = 40; Dw 107? — 


191 
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x ~ 3(10'—10) 
cm’ sec 


Effective mass. Calculation of the inertia 
properties of the boundary has been made by 
Doring [4] and Becker [5]. They found the 
difference between the energies of the moving 
and stationary boundary 


is the mass of an electron; 
is the charge of an electron; 
is the speed of light; 
is the constant exchange interaction; 
is constant anisotropy; 
is the rate of movement of the 
boundary. 
Adjusting this expression to the value of 


the kinetic energy , they found 


For silicon iron 
= 107'° g/en? 


The parameter of attenuation. The parameter 
of attenuation Bis the measure of the loss in 
energy on movement of the boundary. It is 
usually represented in the form of the sum 


8, 3,- 


where #, represents the loss due to eddy 
currents arising on movement of the 
boundary; 
B, is the characteristic of internal 
‘‘quantum-mechanical’’ losses, the 


nature of which is not yet completely 


clear, 
Measurements of 8, on iron ‘‘whiskers’ ’ [6] 


proauced the value 10 — secs, For ferro- 
cm 


magnetic metals the most important value is 
Be Calculation of B. has been made by 
Becker [5], Williams, Schockley and Kittel [7] 
and others, In all cases the conditions used 
involved slow movement of the boundary. 
Williams, Schockley and Kittel found 


160B? d 


nc? 


re 
where o is conduction; 
B, is saturation induction; 
d is the width of the square rod. 

Unfortunately none of the existing formu] ae 
can be applied to the case being examined 
here as the calculation of B, which was made 
by all these authors was on the assumption of 
a low rate and uniform movement of the boun- 
dary. In very rapid processes like these 
jumps, it is impossible to use this approxi- 
mation, 

Briefly the essence of the matter consists 
in the fact that the opposing field due to 
eddy currents may reach its maximum (which 
is used in reduction of formula (9)) at a 
moment when the jump has already been com- 
pleted. It is therefore to be expected that 
the aetual value &, during a jump will be 
somewhat less than that calculated according 
to formula (9). From these considerations 


4~ (10— 103) 

cm 

From the values obtained for a, m_ and B 
n~5 10!%), ~ 5 (108—10". 


Consequently for silicon iron k < n (and 
more probably, k Kn). According to this a 
Barkhausen jump in iron will be defined by 
equations (5) and (6). We can simplify these 
equations a little by assuming that k Kn; 
neglecting smal] values of a much higher 


order than we find: 


-2nt 
——e 10 
Hem), cao) 


(11) 


Considerable interest attaches to the 
equation for the speed of the boundary, as it 
could decide the form and extent of the e,m, f. 
pulse in the measuring coil if it has not 
been distorted ferromagnetically [2]. Actually, 
in this case 


~ v(t). 
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Let us investigate (11) more closely. The specimen with known domain structure the 


speed of the boundary reaches its maximum range of possible values of +r and v is res- 
tricted; their precise values however, can- 


k3 (12) not be obtained in this case because of the 
si daa: absence of a theory for parameter f for the 
short-term movement of the boundary at very 
in a moment of time high speed. 
Let us also reduce the expression for th 
and + through the parameters my’ Banda: 


t az in (13) 


n k 


-The duration of a pulse measured at a 


1 
height of —— of the maximum height, will 


be 


a 
ee = Ing — Um Iné. (14) Fig. 3 shows graphs of the tunctions x(t) 
and v(t). 

In the paper by Rodichev, Salanskii and 
Sinegubov [8] the distribution was measured 
according to the duration of the pulses from 
the (1 - iden part of volume Vo is remagneti- Barkhausen jumps on nickel testpieces, The 

pulses were 2 — 30 microseconds in length, 
zed (Vg is the total volume which is remag- The analysis of the results of this experi- 
netized by one jump), Numerical analysis Will went which was carried out in paper [2] re- 
give (if it is assumed that « ~(10"4 + 1075) sulted in the conclusion that the true dura- 


It is not difficult to verify that this 
formula is determined by the time during which 


cm): ; tion of jumps was here not more than a micro- 
a ~ (10°-*—10~”) em): second. Analysis according to formula (14) 
for this specimen, produces a value for 
Um ~ 3(10° — 10°) cm/sec which does not contradict this conclusion, 
Translated by V. Alford 


(10-*—107*) sec . 
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THE INFLUENCE OF PLASTIC DEFORMATION ON THE 
STRUCTURE AND PROPERTIESOF THE ALLOY A!-NMg* 
N.I. VARICH, N.N. BELOUSOV & G.I. SHCHERBAKOV 
Mepropetrorsk State University 
(Received 10 October 1959) 


An investigation has been made of the influence of plastic deformation 
on the change in the submicrostructure and properties of the alloy AL8-U, 
crystallized under piston pressure and hot pressed. It has been estab- 
lished that the cast alloy AL8 (11.5% Mg) with additions of berylliun, 
zirconium and titanium becomes 50% work-hardened in the cold state. The 
hot-pressed alloy has greater stability in its mechanical properties, 
both at low and at elevated temperatures. The recovery of the hot-pressed 
alloy after work-hardening occurs at a higher temperature than in the cast 
alloy which work-hardened in the cold state. 


Alloys on the basis of aluminium and man- 
ganese are greatly to be recommended as 
materials for the manufacture of cast, drop- 
forged and farricated structures, 

The main advantages of the binary aluminiun- 
manganese alloys consist in the high corrosion 
resistance and excellent plastic properties 
(particularly impact toughness) in combination 
with adequate strength and good weldability. 
The drawback to the alloys of this group is 
very low heat resistance in comparison with 
other aluminium alloys, which is due to the 
comparatively low stability of supersaturated 
aluminium-manganese solid solutions in the 
process of long-time holding at elevated 
temperatures, This drawback is however not 
very apparent where aluminium-manganese alloys 
are used for the manufacture of parts subject 
to short-time heating, | 

In recent years a new cast alloy, mark 
AL8-U (‘‘AL8 improved’’) has been put forward** 
and introduced into production for the manu- 
facture of complex shaped castings. This 
alloy contains 9.5-11.5% Mg and is made from 
high purity aluminium (mark AVOOO or AVOO) as 
a result of which it contains the minimum 


* Fiz. metal. metalloved. 9, No.6, 909-917, 1960. 
** N.N. Belousov, A.A. Dodonov, V.A. Yegovov, 
A.A. Ivankin and Ye.N. Mikheyev. 


amount of harmful impurities of iron and 
silicon, To refine the structure and in- 
crease mechanical properties and corrosion 
resistance additions of the rare metals, Be, 
Zr and Ti have been introduced at an average 
of 0.1% each into the composition of this 
alloy. 

Besides the development of the new alloy for 
the manufacture of cast parts, an attempt has 
been made to use this alloy for the produc- 
tion of pilot batches of hot-pressed and cold- 
drawn semi-finished pieces, 

The increased strength of hot-pressed 
aluminium alloys is known to be dependent on 
the ability of the alloying elements to form 
supersaturated solid solutions close to the 
melting point. and also to be dependent on 
plastic deformation, 

Considerable increase in the strength of 
hot-pressed aluminium alloys (the effect is 
known as press effect) can be brought about 
by additions of manganese or chromium [1]. 
Some press effect has also been revealed in 
alloys of aluminium with additions of titanium, 
zirconium and vanadium [2]. In paper [3] it 
was established that at high cooling rates 
the solubility of the second component in 
binary aluminium alJoys with Mn, Cr, V, Ti and 
Fe is several times higher than the limit of 
its solubility according to the constitution 


Vo! 
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diagram, 

The strain-hardening of these alloys under 
the influence of hot pressing has been studied 
both for the binary and for the industrial 
alloys of more complex composition: Dl, D116, 
avial AK5 and B95 [4]. It is the purpose of 
the present work to investigate the influence 
of plastic deformation of the cast and hot 
pressed alloys on changes in the mechanical 
properties and submicrostructure of the alloy 
AL8-U'. 

An alloy was prepared for the investigation 
with the following chemical composition: 
11.5% Mg; 0.14% Be; 0.1% Ti; 0.1 Zr; the 
rest — aluminium mark AVOOO. Ingots of this 
alloy were produced by casting in a metal 
mould 120 mm in diameter with the application 
of pressure from a ram in the process of 
crystallization, The specific pressure 
amounted to 1300 kg/cm?. The ingots thus 
obtained were heat treated as follows: heat- 
ing at 435° (holding for 20 hr) with subse- 
quent quenching in hot water, 

Part of the alloys were investigated in the 
cast and heat treated states, Besides this, 
a batch of testpieces of the cast alloy were 
work-hardened in the cold state by 25, 50 and 
75% The other part of the alloy was hot 
pressed at a temperature of 420° and a batch 
of the testpieces of the pressed and heat 
treated alloy was also work-hardened in the 
cold state at a deformation of 25 and 50%. 


The results of the determination of mech- 
anical properties of testpieces of the alloy 
AL8-U after various forms of deformation, are 
set out in Table 1, 

The data set out in Table 1 demonstrate the 
possibility of a considerable increase in the 
strength characteristics of the new aluminium- 
manganese alloy by work-hardening in the cold 
state, The plastic properties of the allov 
(percentage elongation and impact toughness) 
can here be maintained at a satisfactory 
level, 

The shape of the piece for subsequent 
hardening (crystallization under piston 
pressure and hot pressing) did not appear to 
exert any substantial influence on their 
strength properties when work-hardened in the 
cold state, As for the plastic properties 
(impact toughness) some advantage is observed 
in the case where the original piece was an 
ingot crystallized under piston pressure, 

A group of testpieces of the new alloy 
AL8-U was examined in the hot pressed state, 
The average results of mechanical testing of 
these testpieces at various temperatures** are 
set out in Table 2, 

The figures in Table 2 demonstrate the 
preservation of the high mechanical proper 
ties of the hot-pressed alloy at a temperature 
of -60° and the satisfactory mechanical 
properties under comparatively short-time 
tests at elevated temperatures, 


TABLE 1 


Degree of 


Mechanical property indicator 


deformation 
in cold 
strain- 
hardening, 


Shape before 


strain-hardening Limit of 


propor- 
tionality 


Yield point 


Notched bar 
value 


Percentage 
elongation 


Ingot 
diameter 
120 mm 


37 46 
38 50 
39 54 


Pressed bar 
diameter 
13 mm 


21 43 
41 52 
42 55 


* N.D. Zibrova and V.A. Yefremov took part. 


** Holding time of 15 min at each temperature. 
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TABLE 2 


Property 


Temperature °C 


20 150 


0 p 

Ke/mm? 

UTS Oy, Ke/mm? .. 
Flongation 5, %, 

a,, kg/em2 

Reduction in area 


Oy 


17 
21 
31 
49 
67 


For further metallographical investigations 
with the use of X-ray structural analysis the 
testpieces listed in Table 3 were selected, 
In the determination of Vickers hardness a 
difference was discovered in the changes of 
this characteristic under the influence of 
work-hardening in the cold state, dependent 
on the original shape of the piece (ingot or 
hot pressed bar). As can be seen from Fig. 1, 
the hardness of the hot pressed alloy increases 
with greater intensity with increase in the 
degree of deformation, and at 50% deformation 
it becomes at 22 kg/mm? higher than the hard- 
ness of the alloy which has not undergone hot 
pressing. Besides this it was established 
that on X-ray photographs obtained in copper 
Kq illumination the interference line from 
plane (511) is not eroded in the hot-pressed 
alloy. The Kq@ doublet is quite clearly 
defined. In the cast piece the K q doublet 
is also divided after heat treatment but the 
line from plane (511) is noticeably eroded, 


The lattice parameter in the hot-pressed 


alloy was 0.0043 A lower than in the cast 
and heat treated alloy, Redistribution of 
the intensity of the interference maxima was 
also observed, 

Because of the considerable changes in the 
interference picture with regard to the ex- 
pansion of the lines and their intensity in 
testpieces of the same composition but having 
undergone different forms of treatment, we 
undertook a detailed study of the submicro- 
structure by the X-ray method both in the 
process of strain-hardening and in the re- 
covered alloy, X-ray analysis of the sub- 
microstructure was carried out for the de- 
termination of second type stresses, mosaic 
blocks and the change in the mean quadratic 
deviation of the atoms from equilibrium 
position. The determination of second type 
stresses and the sizes of mosaic blocks was 
carried out by separating up the interference 
lines according to width, X-ray photographs 


Vo! 


TABLE 3 


State of testpiece 


Work- 
hardening 

in cold 
state, 4% 


state 
The same 
Alloy 


Alloy 
state 


The same 


” 


Alloy in cast and heat treated state 
Same alloy work-hardened in the cold 


**20’’ in the pressed state 
work-hardened in the cold 


100 
ye 18 20 15 
es 22 23 18 
43 44 23 
35 37 45 
47 43 66 
9 
191 
Mark 
20 - 
B4 25 
B24 50 
B 
| B42 25 
52 50 
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were made in one Ka copper illumination, 


10 20 30 4O S50 
Deformation, % 


Changes in Vickers hardness related to 
the degree of deformation: 
1 for alloy ‘52’; 2 for alloy ‘824’. 


Fig. 1. 


4a 
q 
2.5 


2.0 


15 


10 


Deformation, % 


Fig. 2, The relationship between second type 
stresses and the degree of deformation; 
1 — cast and heat treated alloy; 2 —- hot pressed 
alloy. 


The width of the line was determined from 


Ss 
the formula: Bo = 


where S is the area under the curve of maxi- 
mum darkening; 
I is the maximum intensity of the 
interference line, 
The expansion of the line was determined from 


the formula g—V B—0?, where B is the 


width of the line for tne material 
being examined correc d by the 
K q doublet; 
By) is the width of the line for the 
standard, 
A testpiece of aluminium mark AVOOO was usec 
as a standard, Second type stresses were 
determined according to the formula: 


is the expansion of the line due to 
second type stresses; 
R is the distance between the film 
and testpiece and 
6 is the Bragg angle. 
The sizes of the mosaic blocks were determined 


where n 


from the formula: D=— , Where n is the 
m cos $ 

expansion of the line due to the sizes of the 

fields of coherent dispersion, The mean 

quadratic dislocations of atoms from equilib- 

rium position in the crystal lattice of the 

alloy were calculated from the formula 


3a* 


ant + x3 +05) — + 


where a is the lattice parameter of the alloy; 
(hokol and (hyky ly) are the reflecting 
planes corresponding to (511) and (311); 


w= 


is the ratio of the integral intensities of 
the lines of the alloy under investigation 
and the standard, 

As shown by calculations second-type 
stresses prior to work-hardening were almost 
the same in both alloys, The mosaic blocks 
were considerably smaller in the hot pressed 
alloy. Third-type distortion was considerably 
greater in the cast and quenched alloy then 
in the hot pressed one, The value 


V in testpiece ‘‘20’’ was equal to 0.456 


A and in piece “tb”, — only to 0.344 A. The 
changes in the characteristics of the fine sub- 
microstructure in relation to the degree of 
deformation under cold strain-hardening are 
shown in Figs, 2 and 3. At 50% deformation 
second type stresses are considerably greater 
than in the cast alloy. Blocks become much 
smaller up to 25% deformation with a subse- 
quent slowing down of this process. AS can be 
seen from Figs. 2 and 3, each of these charac- 
teristics in the alloys in different states, 
changes almost parallel with the increase in 
deformation. The only thing revealed is a 
certain rapid growth in second type stresses 
in alloys which have not undergone hot pressing 
(see curve 1). 


Dx 10,'cm 


0 25 50 
Deformation, % 


Fig. 3. The relationship between the sizes of 
mosaic blocks and the degree of deformwtion: 

1 - cast and heat treated alloy; 2 -— hot pressed 

alloy. 


Distortions of the third type behave in 
exactly the opposite way in testpieces which 
have undergone plastic deformation (Fig. 4). 


The value Vie is higher in a cast piece 
after quenching; on deformation by 25% it is 
reduced to 0. 416 A and on 50% deformation it 
becomes still lower —- 0. 276 A. In hot pressed 


testpieces the value of Via? increases with 


increase in work-hardening. Mean quadratic 
deviation is leased in testpiece ‘B”, at 25% 


deformation it increases to 0.403 A and at 
50% deformation it reaches maximum at 0, 428 A 
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10 2030 S0 
Deformation, % 


Fig. 4. Relationship between third type distor- 
tions and degree of deformation: 
1 — cast and heat treated alloy; 2 — hot pressed 
alloy. 


120 
110 
10 


20 60 100 140 180 220% 


Fig. 5. Changes in Vickers hardness related to 
annealing temperature: 
1 for alloy ‘52’’; 2 for alloy ‘R24”. 


On the basis of these figures we now come 
to the conclusion that in the cast alloy 
after normalizing and quenching greater 
hardening stresses arise which, because of 
the unequal distribution of alloying elements 
throughout the alloy, create considerable 
third-type distortions, In the process of 
strain-hardening plastic deformation redistri- 
butes the concentration heterogeneity and as 
a result of this distortion of the crystal 
lattice is reduced. Here second-type stresses 
predominate, In the hot-pressed alloy con- 
centration heterogeneity is eliminated in the 
process of pressing, while on work-hardening 
third-type distortions increase in the same 
way as this is to be observed in pure metals 


mS A 
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in the process of plastic deformation, Mainly 
for this reason, the hot pressed alloys strain- 
harden more intensively than the cast ones, 


a 10 


2,0 


15 


10 


0 20 60 100 10 180°C 


Changes in second type stresses related to 
annealing temperature: 
1 for alloy “52’’; 2 for alloy ‘B24’’. 


Fig. 6. 


These considerations are full confirmed by 
the results of the investigation into the re 
covery of alloys by heating. Strain-hardened 
pieces were annealed at each temperature for 
30 min, The changes in the hardness of test- 
pieces of each alloy strain-hardened at 50% 
deformation is show in Fig. 5 in relation to 
annealing temperature, The curves defining 
the changes in hardness on heating up to about 
135° run parallel for each alloy, Beginning 
with a temperature of 140° the change of hard- 
ness curve for the hot pressed alloy is re- 
duced more intensively but, right up to a ten- 
perature of 220°, it still remains higher than 
that for the cast alloy. Amore rapid reduc- 
tion in hardness is observed in testpiece 
‘24°’ on heating above 180°. 

According to calculation, the relationship 
between the extent of second-type stresses and 
annealing temperature is set out in Fig. 6. 
Second-type stresses are somewhat less in 
testpiece ‘‘B24’’ on heating at 80°, while at 
180° they are completely removed. In test- 
piece '52’’ on heating to 90° the second type 
stresses remain unchanged, Only at a tempera 
ture of 125° is any considerable reduction 
observed, Then the curve falls quite sharply 
in a narrow temperature range and on heating 
at 180° the stresses also disappear completely. 

On recovery an extremely unusual change in 


the sizes of the mosaic blocks is observed 
(Fig. 7). In testpiece ‘B24’? heating causes 
refinement of the blocks up to a temperature 
of 135°, after which their growth is set. The 
fall in the curve of the change in blocks may 
be partially attributed to the emergence of 
diffusion which leads to heterogeneous dis- 
tribution of the components in the solid 
solution, as these two characteristics have 
been revealed radiographically in the erosion 
of interference lines and their change will 
be subject to some law, In the hot pressed 
alloy practically no change in the size of 
the blocks is observed on annealing to a tem- 
perature of 180°. In this case the diffusion 
process in the solid solution is difficult at 
low annealing temperatures, 
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Fig. 7. Changes in the sizes of mosaic blocks 
related to annealing temperature: 
1 -— for alloy ‘52”; 2 - for alloy ‘B24’’. 
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Changes in third type distortions related 
to annealing temperature: 
1 - for alloy ‘52’"; 2- for alloy ‘B24’’. 


Fig. 8. 


103 
| 


It can be seen from Fig. 8 that the value 


V @ in piece ‘‘B24’” is also reduced even on 
heating up to 80° and at 180° it becomes equal 
to zero in relation to the standard, In piece 
52°’ there is a noticeable reduction in the 


value of Va only on heating above 135°. In 
this testpiece the third type distortions are 


becomes aven greater i.e. 0. 24 A. 

The results obtained on the basis of cal- 
cul ation are visibly confirmed by the nature 
of the separation of the K, doublet or the 
interference line from plane (511) in relation 
to the temperature of heating. In testpiece 
‘*824’’ separation of the Ka doublet is already 
to be seen at a temperature of 80°; in the 
piece “52’’ it becomes noticeable only at an 
annealing temperature of 150°. The relatively 
low intensity of the interference lines is 
also evidence that, in the hot-pressed alloy 
after strain-hardening, recovery up to 150° is 
for a number of reasons, considerably more 
difficult than in an alloy which has not 
undergone hot pressing. 

The difference which is observed in the 
diffusion processes in an alloy of one and the 
same composition, is undoubtedly due to the 
change in the state of the solid solution 
which arises as a result of hot pressing. 
Attention is drawn to the considerable grain 
refinement as shown in Fig. 9. In the cast 
alloy a comparatively coarse-grained structure 
is fixed. Prolonged normalizing at a tempera- 


ture of 435° will lead to yet greater grain 
Inside 


size, in the region of 2 x 1073 cm. 


Fig. 9. 


a — testpiece ‘20’; 
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Microstructure of the alloy: 
b testpiece ‘b”’; 


these grains fields of increased concentra- 
tion of the alloying elements are created, 
particularly magnesium, which produce re- 
laxation stresses and accelerate the dif- 
fusion processes. 

During hot pressing recrystallization 
occurs at the same time as plastic deforma- 
tion. But this process is short-lived; the 
new grains only manage to grow to a size of 
0.4 x 10-5 cm, Despite the fact that the 
structure of the alloy has become fine- 
grained, each grain in the first stages of 
re-crystallization will be relatively homo- 
geneous in composition. For this reason, in 
the hot pressed alloy where the structure is 
fine-grained, the relaxation of stresses at 
comparatively low temperatures will be in- 
significant. 


As there is a fairly wide separation 
boundary between grains in the ailoy after 
hot pressing, it may be assumed that on re- 
crystallization heterogeneities of any kind 
will be segregated between grains, As there 
is about 0.4% high melting point alloying 
elements in the alloy which with aluminium 
and manganese form fine dispersion phases 
with a high melting point, they should 
apparently also create a fine-grained net- 
work, Naturally, an alloy with this struc- 
ture should possess satisfactory stability of 
mechanical properties under the action of 
elevated temperatures. The data in Table 2 
confirm this assumption. 

As shown by X-ray analysis, no type of 
normalizing as opposed to hot pressing, will 
cause more equal distribution of the alloying 
elements inside the grain. Cold deformation 
has a different effect on strain-hardening 


x 200. 
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and recovery in the cast and hot pressed alloys, REFERENCES 
In the cast alloys second and third type stres- 
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Thanks to their properties, alloys on the 
basis of chromium carbide are widely used in 
different fields of technology [1-4]. IThe 
properties of chromium carbide have not, 
however, been fully studied, In particular 
there is a lack of information concerning the 
modulus of elasticity of this compound, If 
the modulus of elasticity is known, it is 
possible to determine the strength of the 
interatomic bond [5] which is the most im- 
portant characteristic of creep-resistant 
alloys. The modulus of elasticity of a 
material must also be known in the deter- 
mination of heat resistance [6] and in strength 
calculations for machine parts, 

The present paper is devoted to the deter- 
mination of the modulus of elasticity for 
alloys Cr.Co-Ni with a high chromium carbide 
content. 


METHOD 


The materials used in the production of the 
specimens were chromium carbide produced by 
the method described in paper [1] and a 
reduced nickel powder 99.5% in purity. The 
chromium carbide had the following composition: 
Cr — 86.5%, Cy +9) 13.3%, C - 0.3%. The 
mixing and grinding of the components of the 
alloys was carried out in a drum in ethyl 
alcohol, Mixing took 50 hr. Six mixtures 
were prepared with different nickel contents: 
5, 10, 15, 20, 30 and 40%. The size of the 
main mass of particles of the powder (more 
than 90%) was less than 5p after grinding. 


* Fiz. metal. metalloved. 9, No.6, 918-921, 1960. 


Testpieces 100 x 6 x 6 mm were produced 
from the mixture in steel press moulds, 
Sintering was carried out in a hydrogen 
atmosphere at a temperature of 1200-1400° for 
1 hr. 

To prevent deformation as a result of 
heating and as an additional protection from 
oxidation, the specimens were sintered in a 
filling of aluminium oxide. After sintering 
the shape of the pieces was precisely prisma- 
tic. With the exception of their end faces, 
no further mechanical treatment was required, 

The modulus of elasticity was determined by 
the dynamic method [7], according to the 
formula 


4h. 


E ’ 
981 10° 


where | is the length of the piece in cm; 
f is the free frequency of longitudinal 
oscillations of the piece in c/s; 
d is the specific gravity in g/cm?. 

The frequency of free longitudinal oscil- 
lation was measured on the apparatus described 
in paper [8], and specific gravity was deter- 
mined by hydrostatic weighing. In the deter- 
mination of the modulus of elasticity the 
error did not exceed 0.5%. 

The results of the determination of speci- 
fic gravity of the alloys are set out in the 
Table from which it can be seen that the 
porosity of the testpieces is not high, An 
indirect indication of porosity is also given 
by the microstructure of the alloys (Figs. 1 
a-f), The calculation of porosities shown in 
the Table is confirmed by a study of the 
photographs of the microstructure of the 
alloys. 


Vol 


Modulus of elasticity 


Fig... 1. 
a- CreCo 5% Ni; 


Fig. 2 shows the relationship between the 
modulus of elasticity of chromium carbide and 
the nickel content, Each point on the illus- 
tration is the mean of two measurements. 
Ignoring the deviation for 10% nickel (with 
10% nickel the alloy was very porous), it can 
be seen from Fig, 2 that the modulus of 
elasticity of chromium carbide decreases in a 
linear manner with increase in the nickel 
content. By extrapolation to a zero nickel 


b CrgCy 10% Ni; 
f CreCy 40% Ni; x 300. 


Rr 


Microstructure of alloys Cr,C,-Ni: 


content in chromium carbide, we can find the 
value for the modulus of elasticity of car- 
bide which is 3.8 x 108 kg/cm2. 

The relationship of the modulus of elas- 
ticity of chromium carbide shown in Fig. 2, 
can be expressed by the formula 


E, = E,(1—0,0061 K), 


where E. is the modulus of elasticity of the 
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TABLE 1 


Specific weight and porosity of the alloy Cr,Co-Ni 


Specific weight, g/cm? 


Nickel Calculated 
content, % according to 
additive law 


Obtained by 
hydrostatic 
weighing 


Porosity, % 


6.75 
6.84 
6.93 
7.02 
7.21 
7.41 


6.76 
6.65 
6.89 
6.91 
7.12 
7.27 


K is the carbon content in weight %; 
EF, is the modulus of elasticity of 
pure chromium carbide, 

It should be noted that the formula set out 
above is only suitable for the alloys men- 
tioned, Cr The reservation should also 
be made that the determination of the modulus 
of elasticity of high-melting point compounds 
by the method described in this article, is 
only possible for such compounds where the 
bonding metal are not dissolved, If atoms of 
the metal bond are dissolved in the lattice 
of the high melting compound, the modulus of 
elasticity of the main alloy will be essen- 
tially different from that of the pure high- 
melting compound, This conclusion may be 
drawn from an analysis of the influence of 
alloying additions on the modulus of elas- 
ticity of alloys [9]. The greatest change in 
the modulus of elasticity is due to additions 
in cases where they have been dissolved in 
the lattice of the main alloy, if alloying 
additions are in the alloy in the form of a 
surplus phase, their influence on the modulus 
of elasticity will be less, 

Nickel dissolves practically not at all in 
chromium carbide and chromium carbide dis- 
solves up to 8% in nickel [10]. 

Thus, in our case al] the alloys investigated 
consist of two phases (Figs. 1 a-f): pure 
chromium carbide and a solid solution of 
chromium carbide in nickel, 

As the modulus of elasticity in two-phase 
alloys changes additively [11], it is possible 


by means of extrapolation excluding the 
presence in the alloy of the solid solution 
of chromium, in nickel, to find the modulus 
of elasticity of the pure phase, chromium 
carbide, 


E10 
38 


10 20 30 40 
Nickel content % 


Pig. .. Relationship between the modulus of 
elasticity of chromium carbide alloys and the 
content of nickel. 


CONCLUSIONS 


1, The concentration dependence of the 
modulus of elasticity of the alloys CroC,-Ni 
has been investigated in the range of compo- 
sitions from 5 to 40% nickel. 

2. The modulus of elasticity for pure 
chromium carbide has been obtained by extra- 
polation and has been found to be 3.8 x 106 


vol 
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From investigation of the influence of the 
break-up of a crystal lattice as a result of 
phase strain-hardening on mechanical proper- 
ties at elevated temperatures it has been 
established that, depending on the test con- 
ditions, this may lead to either increase or 
reduction in strength. It has been shown 
that testpieces which have undergone phase 
strain-hardening have less strength under the 
prolonged application of load at elevated 
temperatures (700°) than those which have not 
undergone phase strain-hardening. This differ- 
ence is due to structural transformations 
(the result of phase strain-hardening) which 
cause a change in the properties of the grains, 
It could also be due to the change in the 
mechanism of deformation which in its turn, is 
dependent on the original structure of the 
material. To verify the latter, microscopic 
investigation is required of the picture 
emerging on creep in testpieces of the solid 
solution. To rule out the influence of boun- 
daries this investigation is better conducted 


on nonocrystals. 


MATERIALS AND METHOD OF INVESTIGATION 


The alloy selected for the investigation 
contained 30% nickel, 0.4% titanium and 0, 15% 
manganese, the rest iron, This alloy is a 
solid solution with a face-centred cubic 
lattice (Y). When the y solid solution is 
cooled below room temperature martensitic Y+ 
a transformation takes place. If the a- 
solid solution is heated to above 500° the 
reverse a + Y transformation takes place, 


* Fiz. metal. metalloved. 9, No.6, 922-926, 1960. 
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also of a martensitic type, The yeavr+y 
transformation causes break-up of the crys- 
tals of the ¥-phase in a number of fields 
with disruption of the correct arrangement on 
the boundaries of these fields, These 
changes in the intercrystalline structure 
also cause a change in the properties of the 
crystals, 

Two specimens were cut out of a monocrystal** 
of the composition indicated above, on an 
electro-erosion apparatus, The test section 
of the pieces was 2 x 1 x 10 mm, The orien- 
tation of both pieces with regard to the 
tension axis was the same, Fig. la shows 
how the crystals are oriented in relation to 
the axis of tension and the surface of the 
piece; Fig. 1b shows the orientation of the 
axis of tension and the axis of the piece on 
a standard projection, Analysis of this pro- 
jection will show that in these crystals slip 
should occur along the plane (111) in the 
direction [110]. 

After cutting out, the surface of the 
pieces was ground, mechanically polished and 
then additionally polished in electrolyte 
consisting of a mixture of acetic anhydride 
and hydrochloric acid, 

Both pieces were annealed at 1350° for 2 hr 
and cooled in the furnace to room tempera- 
ture. Then one of them was enoled in liquid 
nitrogen (to carry out the ¥Y+qa transforma- 
tion) and was heated for 6 hr at 750°, Heat- 
ing was conducted in a vacuum As it had 
been established by special experiments that 
the temperature of reverse transformation in 


** The monocrystal was obtained by the withdrawal 
method by V. Ovchavov, of the Institute of 
Precision Alloys. 
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this alloy was 530°, after this treatment the 
piece was again in the y phase, 

The testpieces were tested at 700° and a 
stress of 2.5 kg/mm? in a vacuum (pressure ~ 
10-3 mm.Hg). After the application of some 
tension the load was removed and the test- 
pieces were cooled and removed from the vacuum 
chamber. Total length was measured and the 
surface was examined metallographical ly. 

After fracture, the relief which emerged on 
the surface of the testpiece was studied by 
means of an interference microscope and the 
change in the orientation of the crystals in 
relation to the axis of tension was determined 
radiographically. 


DISCUSSION OF THE RESULTS OF 
THE EXPERIMENTS 


Creep curves for both crystals are shown in 
Fig. 2 It can be seen from the illustration 
that the annealed crystal is deformed consider 
ably less than the crystal which has undergone 
a Yy*+a-+ ytransformation, The results of 
this experiment show that reduction in the time 
to fracture and increase in the rate of creep 
of a ¥Y-solid solution after direct and 
reverse martensitic transformation as revealed 
in polycrystals [1,2] is due to a change in 
structure inside its grains, If the change in 
properties were due to boundaries, a similar 
effect would have been observed in monocrys- 


tals, 
Microscopic investigation of the testpieces 
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Fig. 1. 


after fracture disclosed traces of slip on 
their surfaces, It can be se@m from Figs, 3a 
and 4a that there are considerably fewer slip 
traces in the annealed testpiece than in the 
one which has undergone direct and reverse 
martensitic transformation. Figs. 3b and 4b 
are microphotographs of the same sectors of 
the pieces, taken on an interference micro- 
scope, These photographs show that the 
pieces differ not only quantitatively in the 
slip traces but also qualitatively. For an 
annealed piece the average value of the 
vertical component of dislocation in a slip 
trace is~ 0.067 wu. In a transformed piece 


the steps which are formed on deformation are 
so much smaller that when green light is used 
it is not possible to measure their height, 
4 high can be 


although unevennesses 250-300 
measured on the surface, 

The reason for the increased number of slip 
traces and the reduction of the shear in them 
in a crystal which has undergone y+a-+y 
transformation can only be explained by the 
emergence of a large number of defects. The 
data given in papers [2,4] bear witness to 
the presence of defects, It is impossible to 
decide the nature of the distortions which 
lead to the appearance of the large number of 
slip traces on the basis of the information 
at our disposal, 

Calculation of the number of slip traces 
and measurement of the extent of the dislo- 
cation in them carried out on the surface of 
a deformed piece which had not undergone 
phase transformation and also the data con- 
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The orientation of a crystal relative to the surface and axis; 


b — The position of the axis of tension and surface of a testpiece on a 
standard projection. 
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The slow deformation of monocrystals 


ceming the orientation of the crystal in 
relation to its surface and the axis of ten- 
sion have produced some interesting additional 
information regarding the nature of the slip 
traces and the localization of deformation. 
The method of conducting this part of the in- 
vestigation was the same as in the work of 
Yakutovich and his collaborators [5] who in- 
vestigated the deformation of iron and zinc at 
room and lower temperatures, 
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Fig. 2. Creep curves of monocrystals: 1 —- Annealed 
at 1350° for 2 hr and cooled slowly to room tempera- 
ture; 
nitrogen, heating to 750° for 6 hr and cooling to 
room temperature. 


Fig. 3. 


ditions (see Fig. 2) after 5.6% deformation; 
an interference microscope; 


2 - The same with subsequent cooling in liquid , 


From the diagram in Fig. 5a it follows that 
the angle @ between the steps and the surface 


of the testpiece can be found from the ex- 
pression tga=4A//. Measurements made on an 
interference microscope produce the values 

h = 0.067 w andl =9 mw. From this a = 26’, 
On the other hand, the angle X between slip 
planes and the surface of the piece deter- 
mined radiographically, was 74°, i.e. 170 
times larger than angle a. This shows that 
the slip step is a dislocation not on one 
slip plane (Fig. 5b) but on a group of planes 
(Fig. 5c). 

Using Schmidt and Boas’s [6] terms and 
knowing the orientation of the crystal before 
and after tension, absolute crystallographic 
shear S’ can be calculated 


sin Ag 
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Here ly and 1 are the length of the piece, 
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Surface of a monocrystal treated according to the first con- 


b — The same but taken on 
x 175. 
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The slow deformation of monocrystals 


Fig. 4a. 


conditions (see Fig. 2) after 6.4% deformation; 
an interference microscope; 


while Ao and A are the angles betwea@m the 
direction of tension and the direction of slip 


before and after tension. If Xo = 34°, ly = 
= 10.3 mm, 1 = 10.9 mm we find S’=7H pe, 
On the other hand, the amount of dislocation 
in the slip step can be determined if the 
vertical component is known and also the angle 
between the axis of tension and the slip 
plane. As can be seen from the diagram (Fig. 
5a). 
h 
siny 

It has been established radiographically 
that X = 74930’ (X_ = 84°). Measured by 
means of an interferometer the mean value of 
h = 0.067 w. From this in one step S” = 0.07 
pt. Where there are 300 steps visible on the 
surface of the testpiece S = 0.07 x 300 = 21 
ft. The disparity between S” and S’ (S’/S” = 
= 34) indicates that not all the deformation 
is localized in the visible signs of slip. A 
further indication that the greater part of 
the deformation is not localized in the 
visible signs of slip is given by the follow- 


The surface of a monocrystal treated according to the second 


b — The same taken on 
ITS. 


ing determination, As can be seen from Fig, 
5a, the elongation 1° due to one step is 


equal to 


eat 74° 30’ 


= 0,243 


The elongation due to 300 steps will be 300 x 
x l = 73 por, for example, 0.7% of the 
original iength of the piece, At the same 
time measured macrodeformation is 5, 8%. 

The large part of deformation remaining is 
apparently localized in fine traces of slip 
not visible under the optical microscope. 
This slip will flow homogeneously throughout 
the whole of the piece. It could be suggested 
that part of the deformation which is not 
localized in the signs of slip visible under 
the microscope, is due to diffusion processes, 
The short time, however, in which the proces- 
ses of deformation and rupture occur, does 
not speak in favour of this suggestion, 

From the data presented it is possible to 
draw the conclusion that the differences in 
the behaviour of an annealed testpiece and 
one which has undergone phase strain-harden- 
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The slow deformation of monocrystals 


Fig. 5a. Diagram of the cross-section of a monocrystal 
through a step; b — Diagram of step on dislocation in 
one plane; c — Diagram on dislocation in a number of 


planes. 


. N.S. Borisova and V.M. Rozenberg, Reports of 
the inter technical college conference on re- 


ing, are not connected with qualitative change 
in the mechanism of deformation. The presence 


of defects in the lattice in transformation 
indicate that the processes of slip are more 
intense in this than in the annealed piece. 
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THE DISTRIBUTION OF HETEROGENEITIES OF 
PLASTIC DEFORMATION* 

IV. ORIENTED STRAIN-HARDENING AND ITS 
DEPENDENCE ON THE TEMPERATURE OF DEFORMATION 
F.P. RYBALKO, A.F. NESTEROV & B.F. RYBALKO 
Urals State University i/n Gor’ kii 
(Received 8 January 1960) 


The influence of frequency, amplitude and temperature of deformation on 


oriented strain-hardening has been investigated. 


It has been established 


from the number of unrecovering deformations, that oriented strain-hardening 
occurs more intensively in the initial stage of variable load. With 
increase in the amplitude of deformation the extreme value of the non- 
recovering deformation will be increased and the mean intensity of orien- 


ted strain-hardening will also grow. 
increase in both these values is halted. 


At amplitudes of 0.1 g and over the 
The maximum possible intensity of 


growth of the unrecoverable deformations will grow with each cycle of in- 


creased amplitude, up to 20% and then it will be reduced. 


Increase in the 


frequency of the cycles lowers the intensity of oriented strain-hardening. 
With an increase in the temperature of deformation the extent of plastic 
deformation is unchanged while the average intensity of oriented strain- 
hardening grows slightly, but up to a temperature of 200° the maximum 
possible intensity of oriented strain-hardening grows rapidly and is then 


reduced, 


INTRODUCTION 


In studying the distribution of deformation 
along a testpiece which has undergone alter 
nating cyclic torsion, it has been established 
[1-2], that in the torsion of tubular mono- 
and polycrystals, plastic deformation is dis- 


tributed unevenly; part of the sectors are 
considerably deformed in one way and part — in 
the other. When the nature of the aeformation 
is changed the extent of non-recoverable de- 
formation is dependent on the action of orien- 
ted strain-hardening which should apparently 
be reduced when the temperature of deformation 
is increased, 

The purpose of this work is a more detailed 
investigation of the relationship between 
directional strain-hardening and frequency, 
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amplitude and the temperature of deformation. 
Experiments have been carried out on copper 
polycrystalline testpieces in the form of 
hollow cylinders, 


METHOD 


The method of the experiment differed in no 
way from that described previously [2-3]. 
Testpieces 100 mm in length were cut from 
copper tubes whose extemal diameter was 6 mm 
and internal diameter 4 mm. 20 mm long metal 
plugs were stuck into the ends of each piece, 
This part of the piece went into the grips of 
the machine, A series of fine longitudinal 
scratches were made along each piece, which 
after plastic alternating deformation were 
transformed into broken lines with clearly 
defined sectors of preferred deformation, 


From the size of the angle of each sector of 
the broken line the extent of the shear of the 
non-elastic deformation was determined after a 
certain number of cycles. Unlike the previous 
experiments [1-2] the pieces were not removed 
from the machine for measurement of the angles 
and measurement was carried out by means of a 
microscope fitted on the stand. 
ment deformation was temporarily halted, 
not operating the crank of the machine was 
always kept in the same position. 

After testing all the pieces were annealed 
in carbon powder at a temperature of 500° for 
2hr. Above room temperature deformation was 
carried out by heating the testpiece with 
their extensions in a sectional electric fur- 
nace installed on the bench of the machine. 

The temperature in the furnace was maintained 
with an accuracy of + 5°. Amica window was 
made in the fumace, through which measure- 
ments were made of the angles of rotation of 
the longitudinal lines breaking up on some of 
the parts composing a broken line. 

The deformation temperatures used were 2, 
100, 200, 300 and 400°, Amplitudes of defor- 
mation in the relative shears at room ten- 
perature were selected as follows: 0.03, 0.06, 
0.08, 0.10, 0,12 and 0.166 G, Frequencies 
were 0.30, 0.98, 1.74 and 2.38 c/s, Errors in 
measuring the angles did not exceed + 10% 

At higher temperatures oriented strain- 
hardening was studied at an amplitude of 0.1 G 
and frequency of 0.3 c/s. The grip extensions 
were in the fumace together with the test- 
pieces and even distribution of temperature 
was obtained, 


When 


DISCUSSION OF THE RESULTS 


Figs. 1-3 show graphic representations of 
the results of measurements carried out on 
testpieces deformed at room temperature, 
Fig. 4 shows those obtained at higher tem- 
peratures, 

Fig. 1 shows the relationship between the 
extent of non-recoverable deformation (in 
relative shears) and the number of cycles. 
Curve 1 refers to the most extended sector 
with the greatest amount of plastic deforma- 
tion. Fig. 1 refers to a case of deformation 


at a change frequency of 0.3 c/s and an an- 
plitude 0.1 G. 


Heterogeneities of plastic deformation 


During measure- 


For all the frequencies and amplitudes used 
the curves are of a similar shape and differ 
only in height, width and the position of the 
maximum, 

It can be seen from Fig. 1 that there is a 
very sharp increase in deformation at the 
beginning of the process (the first 20-25 
cycles) and then it dies down and after 
reaching the maximum accumulation of deforma- 
tion the nature of the growth on the sector 
is changed. At the steepest rise in the 
curves 1 and 2 non-recoverable deformation is 
19% of that transmitted by the cycle of 
shear. We will describe the biggest portion 
of non-recoverable deformation for one cycle 
as the ‘maximum intensity’? of oriented 
strain-hardening. The term ‘‘average inten- 
sity’’ of oriented strain-hardening will be 
used to indicate how much percent of the 
transmitted shear (at given amplitude) fails 
to returm after changing the type of deforma- 
tion if al] the shear accumulated is evenly 
distributed throughout all the cycles, as a 
result of which maximum accumulation of de- 
formation is reached, 

Fig. 2 is a graphic representation of the 
relationship: maximum non-recoverable de- 
formation (curve 4), maximum intensity of 
Orie@ted strain-hardening (curve 3), great- 
est average (curve 1) and lowest average 
(curve 2) of intensity of oriented strain- 
hardening and amplitude, for a cycle frequency 
of 0.3 c/s, It can be seen from curve 4 that, 
if the amplitude is increased to 0.1 G there 
is a noticeable increase in the total accumu- 
lation of permanent deformation, the maximum 
intensity of oriented strain-hardening in this 
sector grows weakly while the maximum possible 
intensity ot oriented strain-harda@ing in- 
creases sharply. Further increase in ampli- 
tude is accompanied by a slight reduction in 
all these values including maximum intensity, 
whicn is sharply reduced after a maximum at 
an amplitude of 0.1 G, 

The high maximum intensity of orientation 
strain-hardening for any given amplitude is 
due to the fact that at the first moment of 
deformation the undistorted crystal lattice 
is intensely saturated by distortions and 
becomes strain-hardened, The strain- 
hardening, including the oriented part, in- 
creases to its limit and then it should 
approach physical recovery and fracture, In 
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Heterogeneities of plastic deformation 


our case, when the oriented strain-hardening 
approached its ‘‘limit’’, the strain accumu- 
lated in certain sectors (of one type) began 
to be relieved to a greater extent than 
previously, After reaching the maximum 
accumulated permanent strain for each cycle, 
more strain was relieved from the sector on 
the reverse cycle, more strain was relieved 
from the sector on the reverse cycle than had 
been transmitted, This continued until the 
action of the oriented strain-hardening became 
macroscopically equal to zero (in Fig. 1, 
after 200 cycles). 
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Fig. 1. The relationship between non-recoverable 

strain (in relative shears) and the number of 

cycles: 1 — maximum extended sector; 2 - least 
extended sector. 
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Fig. 2. Graph showing amplitude relationship: 

1 — maximum; 2 — minimum (average); 3 — maximum 

intensity of oriented strain-hardening; 4 — maxi- 
mum non-recoverable deformation. 


At low amplitudes the rates of deformation 
in the sectors are less than at high ones, 
and for this reason the strain-hardening 
reached for one cycle both in the middle and 
the beginning of the process, and besides 
this the specific weight of the elastic de- 
formation is greater and this leads to a 
slow accumulation of non-recoverable strain. 

From the microscopic point of view the 
phenomenon of oriented strain-hardening can 
be explained by the fact that the direction 
of movement of dislocations does not remain 
indifferent to the direction of shear, The 
dislocations moving in one direction become 
‘*fixed’’ by the shear in another direction, 
If the number of cycles or the amplitudes of 
deformation are decreased the dislocation 
density in the crystal lattice will be close 
to ‘‘saturation’’ and the level of volumetric 
stresses will become sufficiently high for 
the dislocations to withdraw to the bounda- 
ries of the fragments, This will lead to a 
reduction in the all-over level of stress and 
as a result of this, also to a loss of resis- 
tance in that part of the ‘‘clogged’’’ dis- 
locations in motion in the opposite direction, 
At the same time the strain-hardening in the 
angles of the broken lines will begin to lose 
its orientation, i.e, between neighbouring 
macrosectors, The dislocations withdrawing 
from various sides towards the boundary will 
be of different types and, when most of them 
are accumulated on the boundary, they are 
cancelled out. At this stage the strain will 
be increase at every cycle and the strain 
which returns from the neighbouring sector 
will be greater than that transmitted to the 
sector which has been deformed as a result of 
a specific type of strain. At large ampli- 
tudes, there will be even in the initial 
stages of deformation, a partial withdrawal 

of dislocations to the boundaries followed by 
their annihilation and for this reason the 
intensity of the maximum oriented strain- 
hardening will be reduced here (falling branch 
of curve 3 in Fig. 2). 

Fig. 3 shows the effect of the frequency of 
cycles on the average (curve 1) and maximum 
(curve 2) intensity of strain-hardening 
orientation for the amplitude 0.1 g. It can 
be seen from the course of curves 1-2 that 
increase in frequency will lead to a reduc- 
tion both in the maximum and the average 
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intensity of orientation of the strain- 
hardening. This is in complete agreement with 
the proposition concerning the ‘‘limiting’’ 
intensity of orientation of strain-hardening, 
The highest maximum intensity of orientation 
was obtained at an amplitude of 0.1 g. Further 
increase in the amplitude only intensified 
distortions so that part of the dislocation 
withdrew to the boundary and was annihilated, 
thus reducing the relative strain- hardening 
for each cycle, (At the absolute value, the 
fixed deformation was almost the same at all 
amplitudes, cf. curves 1, 2 and 4 in Fig. 2). 
Increase in the frequency of change is, like 
increase in amplitude, connected with the 
increased rate of deformation and should also 
reduce the extreme maximum and average inten- 
sity or orientation, 

Fig. 4 shows the relationship between the 
temperature of deformation and: the absolute 
value of maximum fixed deformation in shear 
dislocations (curve 1), and of the mean (curve 
2) and maximum (curve 3) intensity of orien- 
tation of the strain-hardening, 
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Fig. 3. Graph showing the relationship between 

average (curve 1) and maximum (curve 2) intensity 

of oriented strain-hardening and the frequency of 
cycles. 


It can be seen from curve 1 that there is 
some limiting value for oriented strain- 
hardening. In all events the extent of total 
non-recoverable deformation is practically 
independent of the temperature of deformation; 
the average intensity of orientation is also 
independent of this, Curve 2 shows that the 
average intensity of oriented strain-hardening 
at room temperature deformation is, like the 
maximum intensity, somewhat below its value at 
a temperature of 100° and over. 


Heterogeneities of plastic deformation 


This could be explained in the following 
way: at low temperatures maximum distortion 
is reached with rather less strain and at a 
rather lower degree of average and maximum 
intensity of oriented strain-hardening. The 
lower intensity of oriented strain-hardening 
is due to the considerable influence of elas- 
tic recovery which, judging from curve 3, is 
extremely sensitive up to a temperature of 
100°. In the range 100-200° the intensity is 
greater than at room temperature because of 
the complete removal of the returning action 
of elastic strain, 
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Graph showing the relationship of the 
temperature of deformation: 1 — maximum accumu- 
lated deformation; 2 — average; 3 — maximum in- 
tensity of oriented strain-hardening. 


Fig. 4. 


Strain-hardening is relieved at temperatures 
above 200° because of thermal recovery, and 
maximum non-returning strain is reached at a 
lower maximum intensity of growth of the 
oriented strain-hardening, In these circun- 
stances the width of the maximum on the first 
curves will be less than at temperatures of 
deformation of 300-400°. 


CONCLUSIONS 


1, The nature of oriented strain-hardening 
indicates that the direction of movement of 
dislocations is not independent of the direc- 
tion of shear, 

2. There is a certain limit to oriented 
strain-hardening on reaching which there 
commences a state of maximum even strain- 
hardening in all macroscopic sectors and loss 
of oriented strain-hardening, 

3. The maximum total non-returning strain 


Heterogeneities of plastic deformation 


increases with increase in amplitude up to a 
certain point, and then has a tendency to fall. 
The average intensity of strain- hardening 
orientation also changes with amplitude, 

4. The low maximum intensity of oriented 
strain-hardening at low amplitudes can be 
explained by the high elastic recovery of 
strain, Reduction in the intensity of orien- 
ted strain-hardening at high amplitudes of de- 
formation can be explained by the fact that at 
high amplitudes, the maximum strain-hardening 
will be reached with each cycle, and the re- 
verse strain will occur to a greater degree, 
Rapid strain-hardening is to some degree 
levelled out by increase in the temperature of 
internal friction, 

5. Increase in the change frequency will 
reduce the maximum and average intensities of 
oriented strain-hardening for the same reasons 
as at high amplitudes, 

6. The temperature of deformation gives some 
slight indication of average intensity and the 
extent of oriented strain-hardening as a re- 
sult of the maximum value for non-retuming 
deformation, 


7. The low maximum intensity at room ten- 
perature is due to elastic recovery of the 
strain which will disappear when the tem- 
perature is increased and at 200-300° the 
deformation will be unable to return to 
23-24% of the value of the deforming shear, 

8, At elevated temperatures the maximum 
intensity of oriented strain-hardening will 
be reduced, The explanation of this may be 
found in the increased action of thermal 
recovery, 


Translated by V. Alford 
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A HYDROSTATIC METHOD OF MEASURING THE COM- 
PRESSIBILITY OF LIQUIDS UNDER HIGH PRESSURE* 
A.D. YEKHLAKOV & K.P. RODIONOV 


Institute of the Physics of Metals, 
Academy of Sciences USSR 


(Received 14 December 1959) 


A hydrostatic method of measuring the compressibility of dielectric 
liquids is described, which is based on the determination of the change 
in weight of a solid in the liquid when its density is increased under 
pressure. Measurements are made of the compressibility of kerosene, 
transformer oil and mixtures of both, related to pressure (up to 5,000 
kg/cm), temperature (in the range 20 to 80°) and concentration of trans- 
former oil in kerosene (0, 25, 50, 75 and 100%). 


The c )mpressibility of a liquid is an impor- 
tant characteristic which is widely used both 
in scientific physico-chemical researches and 
in various technical applications, particularly 
in designing high pressure apparatus (hydrau- 
lic presses, intensifiers etc.). 

Determination of the compressibility of a 
liquid is usually made by measuring certain 
physical values such as volume (by the static 
method) [1,2] and the speed of a sound (by the 
dynamic method) [3] under pressure, These 
methods, however, require a number of correc- 
tions. In the static methods of measuring the 
compressibility of a liquid enormous correc- 
tions have to be introduced for the change in 
volume of the piezometer, for the compres- 
sibility and change in the electric resistance 
of the measuring instrument under pressure for 
friction of the alternating pistons, sliding 
electric contacts etc, etc. There are also a 
large number of corrections which must be made 
in the dynamic methods to allow for the 
presence of boundary conditions as the rate of 
dissemination of acoustic waves in high pres- 
sure tunnels and chambers is very different 
from the rate of dissemination in a limitless 
medium, 

A previously published paper [4] has indica- 
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ted the possibility of using a static method 
for the determination of the barometric 
coefficient of Young’ s modulus in solids in 
the study of the compressibility of liquids, 
In the present paper a method of calculation 
is given and the results are set out from an 
experiment in the measurement of compressi- 
bility carried out on various liquids, From 
the numerical results obtained it is possible 
to make corrections to the determination of 
Young’ s modulus for testpieces under pres- 
sure, which will allow for the change in 
density of the surrounding medium, 

The method which we propose is based on the 
hydrostatic measurement of a solid in a 
liquid or more precisely, on the determination 
of the change in weight of one and the same 
volume of liquid displaced by a solid at 
atmospheric and at high pressure, This 
method is in principle similar to the flota- 
tion method of measuring the coefficient of 
compressibility of polymers and liquids [5] 
using the initial compressibility at 
pressures of flotation 1-6 kg/cm2, but it 
differs in that there is a weighing mechanism, 
With this mechanism it is possible to carry 
out any desired number of measurements at 
different pressures without dismounting the 
pressure chamber. 

A diagram of the working parts of the high 
pressure chamber used for determining the 


Vol 


Compressibility of liquids 


compressibility of a liquid is shown in the 
illustration, Changes in the density of the 
liquid under pressure will change weight 2 
and, as a result of the elasticity of beam 1, 
will cause contact 3 to break. The changes in 
density can be determined by measuring the 
angle of incline a of the high pressure cham- 
ber 4 by putting the operative part of the 
apparatus into the initial position (when the 
contacts will once again be connected to 
correspond to the original deflection of beam 
1). A detailed description of the apparatus 
is given in paper [4]. However, formula (3) 
set out in this paper for the calculation of 
the pressure coefficient of Young’ s modulus in 
the differential form is unsatisfactory as 
where low final experimental figures for 
alterations in the angle of incline of the 
chamber, load and pressure are substituted 
there is a considerable reduction in the 
accuracy of measurement. For this reason an 
expression must be found for the change in 
Young’ s modulus in relation to the final 
figures for the change in the angle of incline 


of the beam Aa and load AQ under pressure p. 


2 


Fig. 1. Diagram of the operative of the appara- 

tus: 1 -— Steel beam; 2 —- Duralumin weight; 

3 — Silver contact; 4 — High pressure chamber; 
5 - Holder. 


At atmospheric pressure we have 


sina, 


Under pressure 


0 


(! + sin (% + Az), (2) 


centrated load at the end of the 
beam consisting of Q - the weight 
of the load (kg) and Q; is the weight 
of the free part of the beam (kg); 


is the length of the overhang of 
the beam (cm); 
J is the inertia of the section of 
the beam (cm4); 
is the deflection of the beam (cm); 
is the angle of inclination of the 
high pressure chamber (the beam is 
attached along the axis of the 
chamber) ; 
Ep is Young’ s modulus for the beam 
(kg/cm?), 

By dividing formula (2) by (1) and carrying 
out a simple transformation neglecting the 
low values which do not exceed the accuracy 
of the measurement, we find 


where l 


sin Az 3) 


tandg 


=> 


AE AQ’ sin Ax 
—_ = 
Ey Qo 


tan 

The deduced concentrated load at the end of 
the beam in the liquid is equal to 


3 
Q5 = Q—(Vo+—Vi) 10% 4) 
and the change under pressure 
3 —3 
AQ = 10 (5) 


is the volume of the weight (cm); 
is the volume of the overhang (cm); 
is the specific gravity of the 
liquid at atmospheric pressure 
(g/cm); 

is the specific gravity of the 
liquid at pressure p (g/cm) ; 

Ay =1{—Yo is the absolute change in 
specific gravity of the liquid 
under pressure (g/cm), 

In our case the weight and volume of a 
round cantilever beam diameter 0.5 mm, length 
117 mm, made of material St.50 were respec- 
tively, Q; = 0.173 x 1073 kg and V, = 0.022 
The barometric coefficient of Young’ s 
modulus which we measured previously [6] was 
equal to 2,3 x 1075 cm2/kg, The absence of 
internal stresses in the beam which would 
distort the measured effect was checked by 
means of a second measurement of the com- 
pressibility with the beam deflected in the 
opposite direction. The volume of a duralumi- 
nium weight a, = 0.553 x 10-3 kg at atmospheric 
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Q’ 
where Q) = Q,+ - Q, is the deduced con- 


Compressibility of liquids 


TABLE 1 
Density of a liquid related to pressure, temperature and composition 


Pressure, kg/ em2 


Composition of liquid 


1500 2000 


Kerosine 


75% Kerosine + 
+ 25% transformer oil 


50% Kerosine + 
+ 50% transformer oil 


25% Kerosine + 
+ 75% transformer oil 


Transformer oil 


pressure and a temperature of 20° was 
= 0,199 cm%. 

with our numerical data, therefore, formula 
(3) has the form 


207 Ay 
618 — 207 v 


(6) 


(1 sin re sin Aa 


tana 


tan79 / 


The numerical results of the experiment as 
determined by formula (6) are set out in the 
Table. As can be seen from the Table, these 
figures agree very well with the data produced 
by Vereshchagin, Semerchan and Galaktionov [7] 
and Adams, Williamson and Johnston [8]. 

The accuracy of the density measurements 
according to the dispersion of experimental 
points was in the region of 0.5% in this 


method, The advantage of this hydrostatic 
method of measuring the compressibility of a 
liquid consists in the simplicity of the high 
pressure apparatus, the absence of a multi- 
tude of measurement corrections as is neces- 
sary when using a piezometer and in the fact 
that the volumetric changes in the liquid are 
obtained directly from the experiment. 


Translated by V, Alford 
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DISCUSSION 


REMARKS ON- THE PAPER BY GOLIK, SIRENKO AND 


KHOTKEVICH 


"X-RAY ANALYSIS OF THE 


DISTORTIONS OF A CRYSTAL LATTICE IN 
METALS DEFORMED AT LOW TEMPERATURE* 


B.I. 


SMIRNOV 


Physico-technical Institute, Academy of Sciences USSR 
(Received 15 November 1959) 


Using the method of harmonic analysis of the 
lines on an X-ray photograph of deformed poly- 
crystals, the writers of paper [1] have deter- 
mined the microdistortion and extent of the 
field of coherent dispersion. They found that 
‘the relative microdistortion is substantially 
non-homogeneous and grows when the distance is 
increased, passing through a maximum”’ (Fig. 
6); in this the change in the value of the 
maximum and in its position at a reduced tem 
perature of deformation is noted, 


300 


0 100 200 


Relationship between unit microstrain and distance. 


The course of the relationship of e€ to L 
obtained here seems curious to us, When its 
average value for € at small distances can be 
close to zero. In fact, if the deformation 
in the metal is homogeneous, € = const; in 
the case of heterogeneous deformation the, 
fore, € should decrease with increase in L. 


* Fiz. metal. metalloved., 9, No.6, p.936, 1960. 


From the atomic structure of the materials 
examined it follows that [2] e€ cannot change 
appreciably at distances of the order of 
several interatomic ones, i.e. its value is 
not dependent on L where L +0 and 


Oc 
OL 
where reflections of several orders have been 


=0. And actually, in all papers 


used from one plane [3-5], ¢«?) % is only 
reduced with an increase in L. 

The relationship which we have found [6] 
from the broadening lines (110) and (220) 


between (e?) % and L for iron deformed 8.5% 
under pressure at -196°C and X-rayed without 
heating, is shown in the illustration, It is 
similar to the curve obtained in papers [3-5] 
but not to that in paper [1]. 

The presence of the maximum on curves e€ = 
= f(L) in paper [1] could apparently be 
explained by the fact that the authors used 
the broadening of only one line, The possi- 
bility of this effect in such a case has 
already been noted [7]. The curves drawn by 
the authors of [1] in point e = 0 at L=0 
are quite arbitrary and do not even agree with 
their own results shown in Fig. 5. This is, 
for example, particularly apparent when com- 
paring curves 5 on Figs. 5b and 6, . 

The remarks made above also apply to paper 


[8]. 


Translated by V, Alford 
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B. I. Smirnov [1] in his comments criticises 
the curves showing the relationship between 
unit microstrain and distance € = € (L) plot- 


ted from the data on the broadening of one line 
in the X-ray photograph, as was done in papers 


[2,3]. In doing this he cited his own inves- 
tigation [4], in which he criticised the 
separate determination of crystal lattice 
distortions and dispersion from the data on 
the broadening of one X-ray line. 

The results given in paper [4] seem dubious 
to us. 
[4] have not been given and they have been 
treated in a manner which is not correct, 


Instead of the tangent which should be plotted 


according to this method, the author has pro- 
duced tangents the angle of inclination of 
which is naturally highly dependent on the 
range of dislocation selected while what is 
required is for the tangent to be drawn 
through zero, the position of which is inde- 
pendent of the scale, 

The treatment of the data undertaken by the 
author is tendentious and takes no cognisance 
of the improved methods of plotting curves of 
Fourier coefficients [5,6] from which it is 
possible to determine the tangents of the 
angle of the curve at zero at conparatively 
low probable error (some tenths percent and 
not 1000 percent as stated in [4]). 

One of Smirnov’s remarks however, is de- 
serving of attention, The point on curve 
€ = e (L) at L =0 should be determined from 
the tangents of the gradient on the graph 


V aL? =/f/(L) at L=0. In this respect we 
are in agreement with the remarks by Smirnov 
concerning the plotting of zero points on 


The initial experimental data in paper 


* Fiz. metal. metalloved., 9, No.6, 937-938, 1960. 


Fig. 6 of paper [2]. In this illustration 
the curves should go not to zero, but in 
accordance with the data in Fig. 5 of the 
same paper, in certain points € = e€, where 
L=0. The illustration shows the curves 
= € (L) reduced more precisely for the 
objects studied in paper [2]. As for paper 
[3] which is also criticised by Smirnov, 
here, according to the data from curves 


V al =/(L) in the graph e = € (L) vir- 
tually zero values for e€ are obtained for 
@, 


exo? 


1,4 


N 


y 


~ 


100 200 300 400 300, 


Fig. 1. Curves showing unit microstrain as a 
function of distance for specimens of aluminium 
deformed at 77°K. The degree of compression is: 
1- 4%; 2- 14.5%; 3 - 338%; 4- 52%; 5 -— 69%. 


We note that, as can be seen from the 
illustration, even after rendering the 
maximum more precise at some intermediate 
values of the curves L is still] maintained, 


| 
9 
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Discussion 


Regarding the reference to the paper by 
German authors [7], the analysis of the re- 
sults of this paper which we have carried out 
has revealed a substantial scatter of the 
experimental data which makes it impossible to 
make a definitive determination of the form of 
the relationship € = € (L). The results taken 
from these papers for the expansion into a 
Fourier series of lines (440) and (220) pro- 
duce the curve € = €(L) with a maximum which, 
as with the data relating to line (110) shows 
a monochromatic growth with reduction in L. 

In paper [7] the data relating to the reflec- 
tions (hhO) have been rather arbitrarily 
averaged in order to obtain the relationship 
in this form, 

The question of the interpretation of the 
maximum on the curves will remain open as long 
as the conditions of equilibrium for the micro- 
stresses studied are unknown, There is, 


however, no basis for the assumption that in 
elements with linear dimensions in hundredths 
of Angstroms which have distorted fields of 
the lattice, the dislocations should grow only 
in a linear manner with distance and that, for 
example, it is absolutely impossible for dis- 


locations to grow according to the quadratic 


law which would be in agreement with the 
maximum obtained, The doubts expressed by 
Smirnov do in fact amount to just this and 
they must therefore be considered premature 
and ill-founded, 


Translated by V. Alford 
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It was shown in report [1] that in the 
anisotropy of magnetic properties in indus- 
trial cold-drawn electrical engineering steel, 
the scattering of grain orientations in the 
rolling plane is decisive, and that here the 


function of the scattering of grain orientation 


p(y) has two maxima in the case of specimens 
with low induction Bos and one where it is 
high, For an i scattering of grain orienta- 
tions is similar to that described by Glocker 
[2] for annealed cold-drawn iron. 

It is possible in the framework of the mag- 
netic textural analysis shown by Akulov and 
Bryukhatov [3,4] to find the distance 2 £ 
between the peaks of maxima p(y). 

As the conditions of rolling and annealing 
provide for symmetry in the spacial arrange- 
ment of grains in relation to the direction 
and plane of rolling (RP) the mean value for 
the density of free energy of textured speci- 
mens which have (110)//RP and direction [001] 
rotated through an angle of + € in the direc- 
tion of rolling, can be written with precision 
up to the terms which contain kis in the form 


(Fir 10) + (1) 


2 


= 


Fisto) =Ky + (2) 


+4 [+ —cos2(y +8) cos 4 
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COLD ~ DRAWN ELECTRICAL STEEL* 
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Fito) = Ky + (3) 


where ko is the energy of magnetization 
along the tetragonal axis; 

y is the angle between the direction 
of rolling and intensity of magne- 
tization 
is an arbitrary value defining the 
relative volume of grains having 
orientation (110)//RP, or 001 


//DR. 
Equation (1) is appropriate for approximation 


”(110) 


p(y) = + + 8. 


As the magnetic moment communicated to the 
testpiece by the external magnetic field is 
defined by the equation 


then, after a simple transformation we find 


A, 3cos 4€ 


Az 2cos 25 


Here A, and A, are harmonic amplitudes of the 
curves of magnetic moment. The values of 
calculated from (4) for various marks of £ 
steel, are set out in the Table. This same 


table gives the values € determined optically 


for the same specimens, 


19€ 
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0 


€ 0 
Determined by 


Bos gs. calculated by | optical method 


formula (4) 


19,900 
19, 700 
19, 200 
18,900 
18, 600 
18,500 
18,000 
17, 600 


It is not difficult to see that where 
&<10° p(y) at the width of the maximums 
observed in tne experiment, there should be 
only one maximum corresponding to y= 0, which 
has in fact been observed in the better marks 
of steel, Translated by V. Alford 
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The solubility of impurities in solids is of crystals of a second phase, 
a simple nature if the crystal of the solid is The purpose of this paper is to discuss 
perfect and the solid solution is subject to this possibility. ; 
the theories of ideal or regular solutions. As in paper [2] we will proceed from the 

The presence in a crystal lattice of dis- following formula for the chemical potential 
tortions created both by the atoms of an of the atoms of an impurity in a solid 
impurity and by internal defects in the lat- solution: 
tice such as dislocations, grain boundaries, 
pores etc, etc., will lead to a change in its c 
solubility in a solid. As shown by Maclean 
{1] the assumption that there are two levels 
in a crystal which may be occupied by the where c is the concentration of atoms of 
atoms of an impurity, is sufficient to explain the impurity in a certain field of 
the increased solubility of the atoms of the the crystal in which it is constant 
impurity in distorted lattices. The represen- (for example a long way from the 
tation of the appearance of an additional dislocation, where it is equal to 
level for atoms of impurities on deformation CQ); 
of the crystal is over-simplified. There is, 
in actual fact, a collection of levels of dif- U “e ‘ 
ferent depth, the relative number of which 1 = Up, $2 (Ong (2) 
depends on the structure of the deformed U, =U, + 2w. 
crystal lattice. In paper [2] we investigated 
the problem of solubility of atoms of an where VAR’ BBW “Dc 2nd v, are respectively 
impurity in a binary substitutional solid the energies of interaction of the 
solution with distortions in the crystal atoms A and B, A and A; the energy 
lattice. Here it was assumed that, firstly, of interaction of an impurity atom 
there was a saturated Cottrell atmosphere with from the dislocation and the coef- 
a concentration of considerably below 1 and ficient of reduction of the latter 
secondly, that change in this concentration on increase in the concentration of 
would not lead to the appearance of a new the impurity at a given point; and 
phase. However, in solid solutions of the finally, z is the co-ordination 
precipitating type the concentration of number of the crystal lattice, 
Cottrell atmosphere at low temperatures may be The coefficient v. allows for the relaxa- 
close to 1 which in the natural course of tion of elastic strains close to dislocations 
events will lead to the formation of sub- on the formation of Cottrell atmosphere is 
greater than the concentration of the satura- 
ted atmosphere at » = 0, the term with v. 


vol 
(1) 
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will define the elastic strains on segregation 
of the atoms, 

The simplest thing is to investigate the 
behaviour of a solid solution in the case 
where the density of dislocations in the 
crystal is extremely small (or where the dis- 
torted crystal is linked with an infinite 
ideal crystal of a solid solution of composition 
Cg - a reservoir of impurity atoms). It can 
then be taken that the chemical potential pis 
equal to 


p = Uy, + + kT In , (3) 


U,,=2 — 


The change is the concentration of the atoms 
of the impurity on removal from the dislocation 
can be described by the equation 


2cU, + aT In =p—U, 


The function of c to the left of (f(c)) will 
have a different form for 


Rails 


In the first case this function of c will 
grow monochromatically (Fig. A). If U, is 
changed from —U,,, to -Uyy,, then the concen- 
tration of Cottrell atmosphere will be 
changed in the range ¢, to cy- In view of 
the bulges in the curve pz - U,= f(e) at 

cn <% the average concentration of the atoms 
of the impurity will be above Cg. In the 
case where T<T,,, f(c) will cease to be a 
monochromatic function its points, for which 
f’(c) < 0 will correspond to the maxirum of 
free energy and will not be realized. In the 
case shown in Fig. B, where the values p- Uy 
lie between u-U,, and w-U’,, only one phase 
can exist with a small concentration of the 
impurity (from c, toc’). Both phases will 
exist in the range from to 
Strictly speaking, if M-U, <pU", the phase 
with c <% will be formed immediately dif- 
fusion commences but, due to the presence of 
concentration fluctuations in the solid 
solution the ‘‘potential barrier’’ between the 
phase with c < % and that with c 2%, can be 


overcome. Finally, if p—U/<p— 


c 


Change in the chemical potential of the atoms of an impurity with its 
concentration in a solid solution: 


a — above critical temperature; 


b — below critical temperature. 
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U,<»—U,,, only the second phase 


(c’<c<e_ y) can exist. In these conditions 
therefore, both phases exist at the same time 
while the concentration of either of them may 
vary from c, to ¢, and from fo to ey. If, 
because of their smal] size, the sectors of 
the seccnd phase cannot be regarded as an 
independent phase, then the effect being 
studied will lead to a considerable increase 
in the mean concentration of atoms of the 
impurity in the distorted regions of the 
crystal, to the increased figures obtained in 
paper [2]. If on the other hand, the regions 


of the second phase are large, the effect 
being studied will be the first stage in the 


precipitation of the alloy. In favourable 
circumstances the influence of distortion of 
a crystal] lattice on the decomposition of 
supersaturated solid solution, may be 
decisive, 

The author wishes to extend his thanks to 
A.A. Smirnov for his discussion of the results 
of the work mentioned. 


Translated by V. Alford 
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1. In recent years the physical properties 
of the alloys Ni-Cr have been extremely care- 


fully investigated in a number of papers [1-9], 


mainly in connection with the discovery and 
attempts to explain the K state, as it is 
called. The information given in these 
papers compels a refutation cf the usually 
accepted constitution diagram for the system 
in the form of a simple diagram of the eutec- 
tic type without any intermediate phases and 
compounds. Besides this, this information 
provides yet another contradiction to the 
idea that it is possible to speak with any 
truth of the determination of the phase con- 


stitution of Ni-Cr alloys and of the type of 
constitution diagram itself, 

The X-ray investigations of the system 
which have been carried out in recent years 
point to the existence of an ordered alloy 


with a rhombic wnit cell. Superlattice 
lines which confirm this assumption were 
revealed in paper [8] in an alloy with 29.2 
weight percent Cr and in paper [1] for alloys 
with 28 and 35 at.% Cr. Investigations of 
the relationship between the lattice para- 
meter and concentration produced highly dis- 
similar results. 

According to paper [3] the relationship a(c) 
is in general not monochromatic. An extremely 
careful investigation [9] of alloys annealed 


at 1200°, revealed the presence of a Y solution 


with a face-centred cubic lattice where the 
chromium content was almost up to 50% (rela- 
tionship a(c) in this field is shown in the 
illustration); and of an a-solution with a 
cubic body-centred lattice with concentrations 
of nickel of up to 11%, and a mixture of a+ 
+ ¥Y-solutions in intermediate concentrations, 
There is thus qualitative agreement with the 
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existing constitution diagram. Besides this, it 
was found in papers [6,7], that even the 
alloys with 65, 68, 70 and 72% Cr are homo- 
geneous and have a cubic face-centred lattice 
(8 -chromium), while their disintegration 
occurs as a result of additional] annealing at 
a very low temperature, The field of solu- 
bility of chromium in nickel seemed consider- 
ably wider. 

In this paper Ni-Cr alloys are investigated 
in a wide range of concentrations, mainly for 
the purpose of establishing the relationship 
between the lattice parameter of the alloys 
and concentration, and also of explaining the 
phase constitution of the alloys, 

2. Specimens were made from very carefully 
mixed powders of chromium and nickel, The 
powder mixture was pressed and fused in a 
cryptol furnace under a layer of boron 
anhydride and was quenched from the liquid 
phase in oil. For the subsequent heat treat- 
ment and X-ray examination disks 6 mm in 
diameter and 4-5 mm in height were cut out 
of the central portion, The chromium content 
in the alloys was, according to chemical 
analysis; 3, 20.6, 27.2, 44.5, 56,3 and 
62.8 at.% 

X-ray photographs were made with a sharp 
focus X-ray tube with a chromium anode, Two 
photographs were generally taken of each 
piece, -— in the automatically focusing camera 
for the reverse picture in which tne lines 
at large angles @ were obtained (for precise 
determination of the lattice parameter) and 
in a powder camera at an acute angle, to get 
all (possible with this illumination) lines 
and to discover any new phases, 

3. The following results were obtained 
from the measurements, 

a) Specimens with a smal] chromium content 
(3, 20.6 and 27.2%) have a cubic face-centred 
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lattice in the quenched state with a parameter 
which changes monochromatically with concen- 
tration. With subsequent annealing at 600, 
700 and 800° the type of lattice and para- 
meter (within the limits of precision of the 
measurement) remain constant, It can be 
assumed that these alloys are a homogeneous 
solid solution on the basis of nickel and 
conform completely to the appropriate con- 
stitution diagrams, 

b) The alloy with 44.5% Cr also has a 
face-centred cubic lattice in the quenched 
state. However, after annealing at 600° 
further lines were revealed on the X-ray 
photographs, For example, on a powder photo- 
graph made with considerable over-exposure 
(about 8 hr), up to 20, mainly very weak, lines 
were disclosed, 

It was possible to calculate these lines 
allowing for Bagaryatskii’s hypothesis [1] 
that these are superstructure lines from a 
rhombic lattice with axes: 


Qc —— 4eup, b= 34 cub, C= 
2 


for the calculation lattice parameter Soub 
was determined from an X-ray photograph made 
in a back-reflection camera, 

c) In the quenched state alloys with 56.3 
and 62.8% Cr also had cubic face-centred 
lattices. With subsequent annealing, however, 
the solutions decomposed into two phases with 
face-centred and body-centred cubic lattices; 
the parameter of the latter was close to that 
for pure chromium, 

In the quenched state therefore, the con-— 
stitution of the alloy is single-phase at all 
concentrations: the relationsnip a(c) for 
them is shown in the illustration, With a 
chromium concentration of less than 45% agree- 
ment was found with the data in paper [9]; at 
higher concentration of chromium however, 
where paper [9] found a mixture of phases and 
the change in the parameter of the Y-phase 
was found to cease, with us the monochromatic 
growth of the lattice parameter continued in 
the single-phase alloy (found for similar 
concentrations of chromium by the writers of 
paper [6,7]. From an analysis of the experi- 
mental conditions the answer to this contra- 
diction may be found, 

It is obvious that in the field of tempera- 


tures just below melting point a single-phase 
solid solution will exist with high concen- 
trations of chromium, as found in papers 
6,u and by us, At 1200° however (the tem- 
perature from which the alloys were quenched 
in (9]) this Y-solution will already have 
broken up into the two phases ¥ + a; this 
is the state which is retained in quenching. 


50 
at. % Cr 
The relationship between the lattice parameter and 
concentration of Cr in the system Ni-Cr: 
A according to paper [9], 0 according to our 
measurements. 


The form of the relationship a(c) is quite 
simple; deviations from Vegard’s law are not 
very great and are negative, which is in 
agreement with the considerations developed 
in [10]. Actually, the nature of the devia- 
tion should, according to [10], be determined 
by the product (R,-R,) (5-21), where Ry 2 
are the atomic radii of the components; 
are their coefficients of compressibility. 


° 
.28 A. x, = 0.53% 


Re) — < O- 


It can thus be concluded that Ni-Cr alloys 
with a chromium content of up to 62.8 at.% 
are homogeneous Y solutions at temperatures 
just below melting point; the existing 
constitution diagrams are therefore inaccur- 
ate and should be reviewed, 
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the work and discussion of results and to 
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Translated by V. Alford 
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